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Sunday, November 3: 7:00 pom.~9:00 p.m. Registration and Rsception,

Riverside Motor Lodge

Monday, November 4:

(1)

(11)

8:00 a.m. Registration

WELCOME AND OPENING LECTURE: 5. M. Ohr, Chairman

8§:30 Welcome: M. C. Wittels, U.S5. Department of Energy

8:45 Opening lLecture: "Fracture Fundamentals: An Overview”
Robb Thomson, National Bureau of Standards
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ATOMIC THEORY: Robb Thomson, Chairman

9:45 "Modern Atomistic Theories of Fracture” {Keynote)
M. S. Daw, Sandia National Laboratories

10:15 “Interatomic Potential Description of Atomic Processes
in Metals”
A. E. Carlgson, Washington Uniwversity

10:35 "structural Prediction with the Tight Biunding Bond Model”
D. G. Pettifor, Imperial College

10:55 “Electronic Theory for Hydrogen Embrittlement of BCC
Transition Metals”
K. Masuda-Jindo, Tokyo Institute of Technology

11:15 "The Energetics of Structural Relaxations, Dynamics
and Transport at Interfaces”
U. Landman, Georgia Institute of Technology

11:35 “Dependence of Crack Velocity on the Interatomic

Potential”
G. J. Dienes, Brookhaven National Laboratory



(1I1D)

(Iv)

11:55

12:15 p.m.

12:35
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M. Doyama, University of Tokyo

"A Computer Simulation Study on the Propagation of a
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D. M. Cooper, NASA Ames Research Center
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CONTINUUM THEORY I: A. S. Argon, Chairmaa

2:00 p.m.,

2:30

2:50

3:10
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"Plasticity at Crack Tips: Dislocation and Continuum
Scales” (Keynote)
Je R. Rice, Harvard University

"Crack Propagation Mechanisms aand Local Crack Driving
Force"
E. W. Hart; Cornell University

"The Analytical Solution of a Growing Steady-State
Mode 11T Crack in an Elastic Perfectly-Plastic Solid
through an Electrical Analogy”

J. Weertman, Northwesterm University

"Finite DFZ Cracks: An Approximate Treatment"
N. Louat, Naval Research Laboratory

Break

CONTINUUM THEORY I1: J. R. Rice, Chairman
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4:05

4:45
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5:25

6:30

"The Eigenstrain Method Applied to Fracture and Fatigue"
T. Mura, Northwestern University

"A Simple Method of Analysis of Crack Interactions”
M. Kachanov, Tufts University

"Dynamic Cleavage in Ductile Materials”
I.-H. Lin, National Bureau of Standards

"Universal Weight Functions for Loadings and
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H. 0. K. Kirchner, University of Vienna
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J. C. Bilello, State University of New York at
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S. Weissmann, Rutgers University

10:20 "Influence of a Plastic Zone on the Static and
Dynamic Toughness of Silicon”
G. Champier, Institut National Polytechnigue
de Lorraine
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v EXPERIMENTAL STUDIES I1: A. W. Thompson, Chairman

10:55 "Crack Tip Shielding by Dislocation Deformation
in Tonic and Diamond Cubic Solids”
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11:15 "Dislocation Distribution around a Crack Tip and the
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N. Narita, Kyoto University
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G. T. Hahn, Vanderbilt University
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W. W. Gerberich, University of Minnesota

12:15 p.n. "Propagation of Cleavage Crack in Iron and LiF Single
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K. Kitajima, Kyushu University
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2:00 Tour of the Great Smoky Mountains National Park
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30 a.m.

00

20
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20

"Enviroomental Cell HVEM Studies of Hydrogen Effects
on Peformation and Fracture” (Keynote)
H. K. Birobaum, University of Illinois

"Effects of Hydrogen on Deformation and Fracture of
Iron"
M. Meshii, Northwestern University

"Hydrogen Assisted Crack Growth in Single and
Bicrystals of FeSi and Ni”
H. Vehoff, Max~Planck-~Institut fuir Eisenforschung

"Calculations of Two-Dimensional Transient
Concentration Profiles during Hydrogen—Assisted
Sustained-Load Cracking”

J. E. Hack, Los Alamos National ILaboratory

"Chemistry and Fracture”
R. M. Latanision, Massachusetts Institute of

Technology

Break

ENVIRONMENTAL EFFECTS II: P, Neumann, Chairman

10:
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11:
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11:

12:

35

55

15

35

55

15 pome

"Electrochemical Reactions and Corrosion Fatigue
of Ferrous Alloys”
R. P. Wei, Lehigh University

"Stress Corrosion Cracking of High-Strength Steel
under Mode III Loading”
W. Y. Chu, Beijing University

"Evidence for an Adsorption~Induced Localised-Slip
Mechanism of Euvirommentally Assisted Cracking”
S. P. Lynch, Aeronautical Research Labs—Australia

"The Restraining Effect of Cleavage Ligaments in
Transgranular Stress Corrosion Cracking of FCC Alloys”

E. N. Pugh, Naticnal Bureau of Standards

“Transgranular Stress~—Corrosion Cracking”
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FATIGUE I: J. Weertman, Chairman

2:00 p.m. "Mechanisms of Long-Life Fatigue"” (Kevnote)
C. Laird, University of Pennsylvania

2:30 "A Mechanistic Model of Fatigue Crack Growth”
J. E. Sinclair, AERE Havrwell

2:50 “Crack Tip Shielding in Fracture and Fatigue:
Intrinsic vs. Extrinsic Toughening”
R. O. Ritchie, University of California
3:10 “Mechanisms of Fatigue Crack Growth through Aluminum
Alloys”™
D. L. Davidson, Scuthwest Research Institute

3:30 Break

FATIGUE II: W. W. Gerberich, Chairman

3:45 "Microstructure and Closure Related Growth
Characteristics of Short Fatigue Crack Growth at
Constant AK”
M. E. Fine, Northwestern University

4:05 "High Temperature Fatigue Behavior of Ferritic
Stainless Steels”
J. R. Weertman, Northwestern University

4:25 "Low Cycle Fatigue Behavior of Alloy 800H at 800°C"
V. Gerold, Max-Planck-Institut fur Metallforschung

4:45 “The Growth of Persistent Slip Bands during Fatigue”
W. J. Baxter, General Motors Research Laboratories

5:05 Poster Session Discussion

6:00 Adjourn

7:00 Banquet, Riverside Motor Lodge

“Three Mile Island and Bhopal”
A. W. Weinberg
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(X1) CERAMICS: B. R. Lawn, Chairman

8:30 a.m. “Chemistry of Fracture in Glass" (Keynote)
S. M. Wiederhorn, National Bureau of Standards

9:00 "Transformation and Dispersion Toughening”
J. Co Mo Li, University of Rochester

9:20 "TEM Studies of the Formation of Microcracks in
Zirconia-Containing Ceramics™
M. Rihle, Max-Planck-Institut fur Metallforschung

9:40 "O0n the Apparent Toughening at High Temperatures
Exhibited by Ceramics Containing an Intergranular
Glass Phase”
D. R. Clarke, T. J. Watson Research Center, IBM

10:00 "The Role of Steric Hindrance in Stress Corrosion
Fracture of Vitreous Silica"

T. A. Michalske, Sandia National Laboratories

10:20 Break

(XI1) HIGH TEMPERATURE PHENOMENA: J. R. Weertman, Chairman

10:35 "Micromechanical Modeling of Microstructural Damage
in Creeping Alloys" (Keynote)
A. S. Argon, Massachusetts Institute of Technology

11:05 "Nucleation of Intergranular Creep Cavities”
M. H. Yoo, Oazk Ridge National Laboratory

11:25 “Intergranular Cavitation at High Temperatures”
H. Riedel, Max-Planck-Institut fur Eisenforschung

11:45 "Creep Fracture of Polycrystalline Ceramics”
R. A. Page, Southwest Research Institute

12:05 p.m. "The Effects of Impurities on the Hot Tensile
Ductility of Iron”

D. P. Pope, University of Pennsylvania

12:25 Lunch



(XIII) INTERFACIAL FRACTURE: M. H. Yoo, Chairman

2:00 p.m. "Intergranular Fracture due to Impurity Segregation in
Iron” (Keynote)
H. Kimura, Tohoku University

2:30 “Interfacial Forces and the Fundamental Nature of
Brittle Cracks”
B. R. Lawn, National Bureau of Standards

2:50 “"Atomistic Studies of Segregation, Crack Initiation
and Crack Propagation”
Je K. Lee, Michigan Technological University

3:10 “"Dislocation Pile~Up -~ Grain Boundary Interaction at
Elevated Temperature”
A. A. Rubinstein, State University of New York at
Stony Brook

3:30 "Structure~Dependent Intergranular Fracture Induced
by Liquid Metal”
T. Watanabe, Tohoku University
3:50 "Beneficial versus Harmful Grain Boundary Segregants:
Boron and Sulfur in NijAl”
C. L. White, Oak Ridge National Laboratecry

4:10 Conference Adjourn
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1. "Microcrack-Microdefect Interaction”
A. A. Rubinstein

2. "Relativistic Dislocation Shielding of Cracks"”
I.~H. Lin and R. Thomson

3. "The Size Effect of Crack on Mode I1I Plastic Deformation”
S. Lee and S. T. Shiue

4, "Elastic Solution of an Edge Dislocation near a Wedge Crack”
S.-J. Chang, S. M. Ohr, and R. Thomson

5. "Dislocation-Free Zone Model of Fracture under Cyclic Loading"
S.~J. Chang and S. M. Our

6. "The Stability of Cracks following Extensive Stable Growth"
P. F. Thomason

7. “The Probablistic Physical Theory of Thermally Activated Fracture"
A. S. Krausz and K. Krausz

8. "Stress Driven Migration of Point Defects around Crack-Tips"
J. E. Sinclair and C. A. Hippsley

9. "Computer Simulation of Fracture in a Spatially Varying
Anisotropic Glass"”
D. W. Berreman, S. Meiboom, J. A. Zasadzinski, and M. J. Sammon

10. "Effect of Surface Tension on the Toughness of Glass”
T.~J. Chuang

11. "The Role of Plastic Work in the Cleavage of BCC Metals™
J. E, Hack and D. F. Stein

12. "The Brittle~Ductile Transition in Silicon with Particular Regards
to Doping”

M. Brede and P. Haasen

13. "Mode T Crack Tip Shielding Applied to Warm Prestressing”
B, S. Majumdar and S. J. Burns

14. "Direct Observation of Crack Tip Propagation in Brittle Materials”
R. B. Tait and G. G. Garrett

15. "Dislocation Structures at Crack Tips”
I. M. Robertson, G. M. Bond, and H. K. Birmbaum
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23,

24.

26.

27’

28.

29.

30.

“"TEM Studies of Crack Tip Dislocations in BCC Metals”
C. G. Park and §. M. Ohr

"Modeling of Crack Growth and Fracture in Thin Specimens”
K. V., Jata, T. Hanamura, and W. A. Jesser

"Insights into the Fracture Toughness of Martensitic Stainless
Steels using Stereoscopic Fractographic Measurements”
D. S. Gelles

“The Application of Statistical Model of Cleavage Kj. to Hot-Work
Die Steel and Its Toughening by Double Quenching Treatment”
M. Zheng, 8. Chen, and Q. Cai

"Delayed Fracture under Mode II Loading”
T. Y. Zhang, W. Y. Chu, Y. Li, and C. M. Hsiao

"Fracto-Emission: Particles from the Fracture of Solids”
J. T. Dickinson, L. C. Jensen, and M. R. McKay

"The Influence of Hydrogen on Deformation and Fracture Processes
in High~Strength Aluminum Alloys®
G. M. Bond, I. M. Robertson, and H. XK. Birnbaum

"Mechanism of Hydrogen Induced Softening”
T. Y. Zhang, W. Y. Chu, and C. M. Hsiao

“"Hydrogen and Impurity Segregation Induced Subcritical Crack Growth
of Fe and Ni“ ‘
R. H. Jones

"Stress Corrosion Cracking of an Aluminum Alloy under Compressive
Stress”
W. Y. Chu, C. M. Hsiao, and J. W. Wang

"Observations of Creep Cavitation in Type 304 Stainless Steel”
To—So Liu, YI_WO Wl.l, Ro J- Fields, Du Ga HarlOW, and T- J. Delph

"The Effect of Sulphur Segregation and ALN Precipitation on the
Hot Fracture of Ultra High Purity Iron Base Alloys”
M. Tacikowski, G. A. Dsinkolu, and A. Kobylanski

"Rare Earth Effects in Intergranular Fracture”
F. Cosandey

"Intergranular Cracking in Hydrogenated Alloy Steels”
J. Kameda

"Temperature Variations around the Crack Tip during a Fracture Test”
M. Beghi, C. E. Bottani, and G. Caglioti




OPENING LECTURE
10

FRACTURE FUNDAMENTALS: AN OVERVIEW

Robb Thomson
National Bureau of Standards
Gaithersburg, MD, 20899

The general theme of this conference is the attempt to
understand and describe the basic¢ events in a material which
occur at the time of fracture. Much of the time, we shall
be concerned with problems not eagily viewed in terms of the
continuum approximation. But since one cannot gain an
adequate view of fracture without incorporating the average
and collective properties of aggregates of atoms and even
dislocations, one of the languages to be spoken
extensively here will be thalt of continuum mechanics. Thus
the subject matter will span the entire spectrum from the
bonding of atoms in highly distorted crystals to continuum
descriptions of plastic instability.

It is my purpose in this paper to preview a few of the
new ideas and problems you have presented in your abstracts.
It will not be possible or desirable to cover every
interesting such idea or problem, but rather, a personal
check 1list will e attempted which may help to identify
important themes which will emerge over the next three davs.

One of the important propositions a number of us have
made, and which should get some "air time" here for
discussion, 1s that the structure of the c¢rack tip is
crucial for determining the ultimate material behavior
during failure. For this reason, the progress in
theoretical physics to be reported here in providing insight
into the bonding of metal atoms in the region of a crack tip
is essential for further progress in atomic modeling of
cracks. We will also hear a report of some early success in
combining fundamental theory with actual structure modeling.
In addition, we shall also hear examples of what one can do
with simple force laws in suggesting some of the kinds of
phenomena which might be taking place at a crack tip.

The simplest fractures occur in brittle materials like
glass, and these materials provide convenient models where
the chemistry taking place at c¢racks can be studied without
the additional complexities caused by dislocations. 1t has
been found that a whole class of molecules exists which act
like water in the silicate glasses. On the one hand, it is
possible to model how these molecules lead to slow crack
growth in such materials. But on the other, it is also
found that very interesting subtleties exist associated with
the threshold region, where steric hindrance and long range
molecular interactions appear to play a surprising vole.

A number of papers will deal with both thecoretical and
experimental aspects of crack-dislocation effects. Past
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theory and model experiments have suggested that not only
are cracks in some cases sources of dislocations, but that
the dislocations act to shield the crack from the external
stress, and that in both cases, the idea of a dislocation
free zone near the crack tip is important. A counterpart of
these 1ideas has developed in ceramics where toughening due
to stress induced martensite is described in terms of
shielding. However, these general ideas are considered by
some to be still controversial. In particular, it is not
clear how to apply these ideas fruitfully to ductile
fracture, where micro void formation and coalescence occur,
and where current fracture c¢riteria are based on the
critical strain near the crack tip. For ductile fracture,
the most successful modeling so far proceeds from a
combination of metallurgical micro structure observations
and continuum mechanics concepts.

A number of papers will deal with the classic problem
of chemical effects on fracture in otherwise ductile
materials. To some extent, the interpretation of these
experiments 1is deeply entangled with the issues of the last
two paragraphs. The case of hydrogen still resists full
understanding, in part because of the complicating factors
of dislocations, but also Dbecause of the ability of the
hydrogen +to penetrate the bulk, so it is still difficult to
sort out the extent of the relative importance ¢of the role
of hydrogen at the crack tip (or an incipient internal
crack tip), and at the internal dislocations. Some
important new experimental studies will be reported in this
field.

Descriptions of new stress corrosion experiments will
lead us to entirely new ground, because it seems clear now
from these experiments that c¢leavage can be induced intoc
underlving ductile material by local corrosion embrittlement
at the surface. (These experiments are only the most clear
cut example of the ability of ductile materials to cleave
under dynamic conditions.) Based on this early work, one
gains the impression that some fundamental issues are here
being raised in a new way which may lead ultimately new
insight into a wide range of ductile/brittle phenomena in
materials.

High temperature fracture, fatigue and intergranular
effects are extensions of the forgoing subjects becauss of
the additional variables introduced. A particular challange
at this stage 1is see Just how far one can go in
incorporating the more basic ideas which may apply to simple
model materials into the more complex situations. Generally
also, 1in these areas, continuum mechanics concepts are the
most useful theoretical tools used. In each case, it will
be shown both what possibilities exist and what remains for
the future.
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How one builds an effective Dbridge across the
disciplines comprising the field of fracture from continuum
mechanics to atomic structure is a background issue which
will be visible in many of our discussions. In part, we
will see the direct involvement of the practitioners of one
discipline in another, and in part we will see
interdiscipinary collaboration. In whatever way these
bridges are built, however, it 1is an essential activity
because it provides a needed perspective which can highlight
the crucial problems which most need solution.



13 ATOMIC THEORY

MODERN ATOMISTIC THEORIES OF FRACTURE *

MURRAY S. DAW & MICHAEL 1. BASKES
Sandia National Laboratories, Livermore, CA 94550

Two fundamental problems currently prevent atomistic calculations of
fracture from becoming the powerful tool that it could be. The first
difficulty is in describing the internal forces in a realistic way. The second
lies with the boundary conditions imposed on the calculation.

In the past, the internal forces have been determined from two-body
interatomic potentials. There are serious questions and also difficulties with
the use of pair potentials, however. Pair potentials are on dubious theoretical
grounds. One can derive pair potentials from pseudopotential theory in a
perturbative way, leading to a succession of n-body terms (n=1,2,3,...). The
1-body term (or the so-called "volume-dependent term™), is required in
addition to the 2-body interactions in order to describe the elastic properties
of the solid. In practice, this requires a knowledge of the volume of an
arrangement of atoms. How does one define the volume when the solid is
plastically deforming, cracking, or forming internal voids? This volume
dependent term is often ignored, thus leaving the serious question as to the
elastic properties of the model; in a sense, such calculations are describing an
unknown solid with unphysical elastic constants. Pair potential calculations
by definition neglect all interactions among more than two bodies. These
many-body interactions may in fact play an important role in such interesting
processes as hydrogen embrittlement. In fact, fundamental cluster
calculations show that hydrogen in metals cannot be represented by simple
pair interactions. One does not want to berate pair potential calculations,
because they have lead to significant understanding of atomistic processes.
However, several weaknesses in such calculations are apparent.

The problem of realistic internal forces has been overcome largely by the
recent development of the Embedded Atom Method (EAM). The EAM
provides a new framework for calculating the energetics of transition metals.
In this approach, the dominant energy of the metal is viewed as the energy to
embed an atom into the local electron density as provided by the remaining
atoms of the system. This is supplemented by a short-range core-core
repulsion. The resulting approach combines the computational simplicity
needed for defects and amorphous systems with a physical picture which
includes many-body effects and avoids the ambiguities of the pair potential
schemes. This method has been applied to such problems as phonons, liquid
metals, defects, alloys, impurities, fracture, surface structure, surface
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adsorbate ordering, and surface segregation. The required computer time is
not significantly more than that required for pair potential calculations. The
FAM should replace pair potentials in atomistic calculations.

The second fundamental difficulty facing atomistic calculations is that of
boundary conditions for the calculation. Various schemes have been
proposed for how to divide the real solid into an atomistic region surrounded
by a boundary of some kind intended to simulate the properties of the
extended crystal. Examples include the fixed boundary, the flexible
boundary, and the fixed stress schemes. Even within these schemes, care must
be taken as to how external stresses are applied; transients due to switching
the external forces on too quickly may dominate the results. The schemes
themselves of course do not model exactly the fully dynamical response of
the extended crystal. (In fact, no local continuum can have the full dynaimical
properties of a real crystal!) The effects of boundary conditions and possible
solutions to the problem should be at the focus of future efforts in improving
atomistic simulations.

The two fundamental difficulties will be reviewed in depth. The EAM will be

explored as an alternative to pair potentials. The effects of boundary
conditions and possible solutions will be investigated.

“This work is supported by the U.S. Department of Energy.
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INTERATOMIC POTENTIAL DESCRIPTIONS OF ATOMIC PROCESSES IN METALS*

A. E. Carlsson
Department of Physics, Washington University, St. Louis, Missouri 63130

Attempts to model the bonding energy in metallic media with inter-
atomic potentials have ied to the use of a bewildering variety of potentials,
depending on both the type of problem under consideration and the proper-
ties of the local atomic enuviromment. The talk will focus on the "problem"
dependence of the potentials. The types of problems under consideration
may be represented by two extreme varieties:

1) "Bond-Breaking" Problems. These problems include vacancy, void,
and surface formation, and to a lesser extent, dislocation and grain
boundary formation. The loss in bonding energy is associated with the
reduced Tocal bandwidth. Pair potentials for treating these types of
problems can be generated!™ by analysis of the low-order moments" of the
electronic density of states. These potentials (cf. Fig. 1) have a deep
minimum and short range, and decay monotonically bevond the minimum. The
relevant expansion parameter for use of the potentials is the change in
coordination number. Thus vacancy and surface formation, which typically
involve coordination number changes of 10-30%, can be well treated by this
type of potential, while the whole cohesive energy of the crystal cannot.
“Bond-breaking" potentials depend on the local density of atoms and co-
ordination number through the local bandwidth, Empirical and semi-
empirical realizations of the "bond-breaking" potential include a many-
atom cluster formalism based on the cohesive energy,> the "embedded-atom"
scheme,® and the "Johnson"-type potential.”

4 i r.=3
‘| Constant ~ volume s Figure 1
= ol Effective pair potentials for
o g-atom clusters model metal with Gaussian
= \ j/Jgi\\ interatomic hopping terms.
< o} - ro is electron gas spacing
g?’ | e parameter,
> l\ ; a—6-atom clusters
~2 1 /
2 \ / ’
\u/‘\Bond—breaking
-4 | | I ! ! 5
4 de 8 Fi0 12 14 T8

r (a.u.)

*Supported by the Department of Energy under grant No. DE-FG0Z-84ER45139.
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2) "Constant-VYolume" Problems. These include, for example, crystal
structure energy differences, phonon dispersion curves, vacancy and grain
boundary relaxation energies, and liquid structure factors. Little free
volume is created on a local scale, although atoms may rearrange themselves
around voids. The atomic rearrangements lead to a change in band-shape
rather than band-width. The appropriate pair potentials for treating these
problems are obtained by expansion3:8:2 of the total energy in powers of the
weak electron-ion pseudopotential. They generally have first minima shal-
lower than in "bond-breaking" potentials and display long-ranged oscilla-
tions. (cf. Fig. 1) Their range of applicability excludes problems involving
large changes in the tong-wavelength part of the static structure factor,
such as vacancy formation. On the other hand, relaxafion around a vacancy
can be treated fairly accurately. Like the "bond-breaking" potentials, the
"constant-volume" potentials are sensitive to the local environment, through
changes in the electron gas response function. Empirical "constant-volume"
potentials can be obtained, for example, from measured phonon dispersion
relations!® and liquid structure factors.ll

Although the limits described under 1) and 2) are physically qu1te
distinct, they can be understood within a common theoretical framework?
based on explicit many-atom cluster interactions. Provided the geometry of
the system is well enough understood, the cluster terms can be resummed into
an effective pair potential, valid for a restricted set of atomic configura-
tions. In the constant-volume 1imit, for example, one assumes that all the
atoms except one pair are uniformly distributed. Resumming the higher-
order potentials on this assumption one obtains a potential very similar
to the "constant-volume" potential described above. The oscillations in
this potential are directly associated with the alternating signs of the
cluster interactions, with oscillations at large distances arising from
progressively larger clusters. (Cf. Fig. 1) It hoped that similar-analyses
can be used to generate a variety of potentials for problems which cannot
at present be treated with pair potentials.
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STRUCTURAL PREDICTION WITH THE TIGHT BINDING BOND MODEL

D. G. PETTIFOR
Department of Mathematics, Imperial College, London SW7 2BZ.

The atomic structure of a crack tip is crucial for determining
whether a material is brittle or ductile and how the crack behaves in the
presence of external chemical species [1]. Unfortunately, however, the
computer simulation of structure is very sensitive to the particular
choice of interatomic interaction, so that a theoretical model must be
chosen which is compatible with the system under consideration. In this
talk a microscopic, quantum-mechanical tight-binding model is presented
which is accurate enough to predict trends in structural behaviour amongst
the binary compounds of transition metals with metalloid elements, yet
simple enough to offer the possibility of simulating defects and their
interaction with impurity elements.

Recently all binary compounds with a given stoichiometry A B  have
been separated successfully into different domaing within a single two-
dimensional structure map (XA,X ), where x is a phenomenological chemical
scale [2]. The upper panel of Tig. 1 shows the structural domains of the
seven most common pd bonded AB structure types, namely NaCl, CsCl, NiAs,
MnP, FeB, CrB, and feS5i. The lower panel shows the predictions of tight-
binding (TB) bond model [3] which writes the total energy as

U = U U (1M

rep * “bond °

The repulsive energy is represented by pair potentials, whereas the quantum
mechanical bonding energy may be expressed [4] as a sum over the individual
bonds, namely

€f

1
Yoo = ) hij{-ig.mj 6,5 (e) del (2)
i]
i7)

where hjj is the TB hopping integral between neighbouring atoms i and j,

¢ is the Fermi energy, Gjj is the inter-site Green function, and the
expression inside the curly brackets is the bond order. We see from fig. 1
that the simple pd bonded TB theory predicts the broad topological features
of the observed structure map, the main failure being the inability to
predict the FeSi domain.

The preliminary results of extending this TB model to the structure
of grain boundaries [5] are presented.
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respectively. The 2p elements are not included in the present
figure.
Lower panel: The theoretical structure map (N ,Nd) where N_ and
Nd are the number of p and d valence electronB respectivel?.
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ELECTRONIC THEORY FOR HYDROGEN EMBRITTLEMENT OF BCC TRANSITION METALS
K. MASUDA-JINDO

Department of Materials Science and Engineering, Tokyo Institute of
Technology, Nagatsuta, Midori-ku, Yokohama 227, Japan

INTRODUCTION

The study of hydrogen enhanced fracture of metals and alloys has
received a great deal of interest in recent years [1]. The purpose of
the present papey is to investigate the interaction between the solute
hydrogen and crack tips in bcec transition metals using a microscopic
electronic theory. We will show that the electronic interaction energies
Ebin between the hydrogen and the crack are guite important: Epin depends
strongly on the applied stress as well as on the geometry of the crack.
We also estimate the energy Ep, required to break the metallic bonding
near the crack tips in the presence (and absence) of hydrogen atoms.

PRINCIPLE OF CALCULATIONS

We calculate the binding energies Eyin between the solute hydrogen
and cracks in bee transition metals taking into account three contribu-
tions, i.e., the d~band energy term which is treated in the tight-binding
(TB) approximation, an electronic correlation contribution within the
Hubbard model (second order perturbation theory) and a pairwise repulsive
potential of the Born~Mayer type:

Ebin - AEband * AEcorr * AErep ) (1)

The band energy term AEband are evaluated by using the Gaussian density
of states (DOS) fitted to the first and second moments 34 and Upj,
and using the self~consistent Hartree approximation for the defect per-
turturbing potential [2].

The correlation terms can be calculated on each site i by assuming
a rect-angular DOS of effective d-bandwidth Weff' fitted to give the
exact second moment on atom i [3]. For the sclute hydrogen, we also use a
second order perturbation theory for the Coulomb repulsion UH (for sim-
plicity, U/W = Uy/W = 0.25 are used in the present calculations, W (=
6.16 eV) being the d-bandwidth).

The short~range repulsive energies AEre between atomic¢ sites 1 and
j are calculated using a two-body potential Of the Born-Mayer type:
Carexp(~ pR . The parameter values Cy and p are determined, together

with those %or the d-band, so as to satisfy the equilibrium condition
and so as to reproduce well the experimental bulk modulus and elastic
constants. Specifically, p = 5.157 £ 1 ana Co = 9.243x10% eV are used
for a~Fe.

The hopping matrix elements V, between the solute hydrogen and
host metal atoms are estimated from the atomic sphere approximation

[vda}z = (2/5)° by b, ﬁd - Eaf6 (2)
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where A_ and Aa are constants describing the d-states and hydrogen
state, respectively. The atomic level €a of the solute hydrogen is
determined using the condition of the local charge neutrality.

RESULTS

Using the above mentioned theoreatical scheme and direct total energy
minimization procedure [2]; we have calculated atomic configurations
around the cracks in bcc transition metals: To simulate the (micro)
cracks, we introduced lines of vacancies (I0V) along <001> direction
in the crystallite. In Fig.l, we present the calculated local DOS on
atoms around a microcrack composed of three LOV in O-Fe. One can see
that the detailed electronic structures around the microcrack are consid-
erably different from those of the cleaved surfaces and of the bulk crys-
tal. This indicates that crack behaviors in transition metals should be
investigated using a microscopic electronic theory.

Epin values for hydrogen sclute in 0-Fe are shown in Fig.2 (three
LOV crack model). One can see in Fig.2 that ¥Ep;, depends strongly on the
applied stress as well as on the geometrxry of the crack: In general,
stronger (attractive) Ep;, values are obtained for the higher tensile
stresses.

Using the criterion for the decohesion proposed by Sayers [4], we
have also calculated the changes in the metallic bonding near the crack
tips. We have found that energy required to break the bond Ep,. in the
presence of hydrogen becomes considerably smaller (~80%) than that of
the hydrogen free crystal. We have alsoc performed similar calculations
for other types of cracks such as those introduced from cleaved surfaces,
and obtained the similar results. In conclusion, the present thecretical
findings are in good agreement with the experimental results on the hy-
drogen Sﬁ?anced fracture of iron and high strength steels [5].
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THE ENERGETICS OF STRUCTURAL RELAXATIONS, DYNAMICS AND TRANSPORT AT
INTERFACES*

UZI LANDMAN
School of Physics, Georgia Institute of Technology, Atlanta, GA 30332

Bxtended defects such as external surfaces, grain boundaries, cracks
and other interfaces modify electronic, crystallographical, dynamical
and mechanical properties of solid materials. The energetics underlying
structural relaxations, dynamical properties and transport at the
vicinity of interfaces will be discussed in the light of recent theories
based on total energy minimization methods and molecular dynamics simu-
lations.

*Work supported by U. S. DOE contract No. EG-5-05-5489



22

DEPENDENCE OF CRACK VELOCITY ON THE INTERATOMIC POTENTIAL

G. J. DIENES*, A. PASKIN**, K, SIERADZKI*, B. MASSOUMZADEH**, AND
K. SHUKLA**

*Brookhaven National Laboratory, Upton, New York 11973

**Queens College of C.U.N.Y., Flushing, New York 11367

The dynamic properties of moving cracks were studied by means of
molecular dynamic simulations on two-dimensional triangular lat-
tices.|1-2] The interatomic potential was found to be the most
important factor in leading to ductility (dislocation generation) or
to brittle crack propagation. Care was taken to compare the different
potentials under similar initial conditions (e.g., rate of load appli-
cation). Under carefully controlled conditions, the Johnson, J,
empirical potential (originally designed for simulating iron) results
in a considerably more brittle behavior than the 6-12 Lennard~Jones,
L.-J., potential and reaches a higher limiting crack velocity.| 3]

Even in the J. solid there is evidence of dislocation generation after
considerable crack growth.

“Covalent" potentials were also investigated. These potentials
were constructed by adding an angular resistance term to the L.-J. and
J. potentials. The lattice rigidity was varied over a very wide range
by varying the intensity, agy, of the angular resistance. For these
potentials the crack propagation is brittie and the crack velocity in-
creases very markedly with increasing ag. The data are summarized in
table I where the terminal crack velocities, vct, are given for a
set of ag values normalized with respect to vy, the longitudinal
sound velocity. The crack velocity increases by a factor of two to
four with increasing ag but this increase saturates at veg/vi
=0.42. It is to be noted that while the longitudinal sound velocities
have increased only by a factor of 1.5 the crack velocities changed by
almost a factor of 6.

Table 1. Crack velocity data as a function of ag, the angular
resistance amplitude.

lLennard-Jones, L.-J. Johnson, dJ.
potential potential
%0 Vet Vi Ver/Vy
0.00 0.12 0.24
0.30 0.28
0.50 0.28
0.75 0.35
1.00 0.32 0.40
3.00 0.42 0.41
5.00 0.42
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ATOMIC CONPUTER SIMULATION OF FRACTURE OF METALS

MASAO DOYAMA AND RYOICHI YAMAMOTO

Department of Metallurgy and Materials Science
Faculty of Engineering, The University of Tokyo
7-3-1 Hongo, Bunkyo-ku Tokyo 113 JAPAN

Body centered iron and face centered copper whiskers were pulled
until broaken into two pieces in a super computer Hitachi §-810.

A needle shape whisker consisting of 2886 atoms was created in a
computer. The axis was [001] direction. This axis is taken as z axis.
The size was 8a x 8a x l4a atoms, where a is the lattice parameter, but
truncated at the edges. This specimen 1is called Specimen A. Another
needle shape whisker consisting of 2632 atoms were also created.The axis
was [110] direction. The sides faces were (110) and (001).This specimen
is called Specimen B.

The method of molecular dynamics was used. Two atomic layers at the
both ends, "holder" region, were specially treated, extended and held at
these positions. The tensile deformation of 0.004 was uniformly given in
a tensile direction then the atoms were relaxed by the mothod of molecu-
lar dynamics. After each temnsion, atoms were relaxed by the molecular
dynamics for 100 steps. Then uniform exteunsion was again given. One
hundred steps of relazation was performed. This procedure was repeated.
The atount of tension in each step was 0.004.

The interatomic potential between the i-th and j—-th atoms was re-
presented by

(r,.) = -0.188917(r,, - 1.82709) + 1.70192(r. .~ 2.50849) + 0.198294 eV.
for 1ton which was detdrmined by Pak and Doyam%il] and smoothly truncat-
ed at 3.44 A.

(r,.) = ~1.53233 (r., —-2.251664)(xr,, —-3.139365)
for copper. * +J I

The total force in the axis direction of all the atoms in the
"holder" region were calculated. This can be taken as the tensile stress.
This tensile stress-strain curves for Specimen B is plotted in Fig.l.
After the yield point, a phase tramsition was observed.

Specimen B was pulled in [111] direction. In the specimen, the
resolved shear stress to [111] on 111 plane is the higheést for one of
the slip systems. A easier glide is expected. The slip started at the
corner of the tip of the crack, 1i. e. the place where the crack ends at
the surface. Slip started from the (001) surface. Up to 6.8%, the spec-

imen was very uniformly extended except very near the crack. After 6.8%,
the specimen was suddenly transformed. Inside the crystal six-fold sym-
metrical configuration was observed. This intermediate six fold symmetry
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configuration suddenly changed to a twin at about 10% eleongation. Twin
region was expanded as the deformation progressed. The six fold symmetry
region was also expanded. Above 17%, very severe deformation was ob~-
served.

The "necking" was started above 22% elongation [Fig. 2]}. At 287
elongation, the specimen was brokgn into two pieces[Fig.3]. After frac-
ture, the region of six~fold symmetry configuration decreased under no
stress and the original body centred cubic lattice of alpha-iron was ob-
tained.

The results of copper whiskers will be reported at the conference.
REFERENCES

1. H. M, Pak apnd M. Doyama, J. of the Faculty of Engineering, Univerxsity
of Tokyo (B) 30, 111 (19869).

Elongation ..
10 20 30 AT
! T i LI A DR
W TEtae S e 0 e 2t
T T LSS S
:..:l" - . = L LY -...-.:
e - e
X iTaiisioe, b RS
PIaiazaianiyy 313l
::'.:':.:’;.'.‘:::'.":‘\:':s .l:a‘o‘;'......:::.-"..
oLl Nem It et
::a":’: I ESY B -
fewiruimsd
taemec il L0l
Fig. 2. HNecking was observed at the
elongation of 227 .
A 2 "
2 4 6 ]mei

Steps ( x 1000 )

Fig. 1. Stress~-strain curve for
Specimen B pulled in [111] direction.

e
"..Q‘..C.-'.
e * 2 ."’l.-"-‘-.v.o‘::::
.o #® 0 ko measssevvesesn
wn ® % e rmsewesonvees Ll
e 00 * e emsveeceveerasan
s see D '~..-o-¢oo---o:“.
ce s e * b..o‘ﬂl.c":-'.‘
e wee ¥ “momawveoenymnD
L F IR SermramesoiLill
eow> anmmpeas b
.. * TR EEE RS

o . $iiis:

th e e P > » % ..-"‘": -.ol':::::.“.

b S el il Y - PeTeten,a L. aweee . cass PRI

- - - — - - - Rl - cam ® x saneswre

vt e AN Y v e M e R L AR T LA

PR SO GPIR FaiA 2 P LA R R g mheeen . -

ev Wt L am e t PR e e w ma¥ Do, h

PR LR A A PR 4 P P R T I I T PO Y

- - - - B —Tate -

e = e %4 . moles e vt

-‘.'~.~..2~‘ ThiR e, o

e et aw sl pindd OB L I

LRI o -] P A

- » v - -
STl TS somzzznixvt

Fig.3. Specimen B is almost Fig.4, Specimen B is completely

brocken intc two pieces. brocken into two pieces. Six-fold
symmetrical structure is also dis-
appeared.

Sl ereaNRIBES Y

(TR R Y NYFREERN A



26
A Computer Simulation Study on the Propagation of a Surface Crack

David M. Cooper™ and Timur Halicioglu**

*Thermo- and Gas-Dynamics Division, NASA. Ames Research Center,
Mofiett Field. California 94035

**Department of Materials Science and Engineering. Stanford University,
Stanford, California 94305

Introduction

A molecular dynamics technique based on a pair interaction model was em-
ploved to <imulate the propagation of surface cracks in a two-dimensional triangular
Jattice. Calculations are aimed at investigating atomistic nature of the crack tip
processes. Analvses include an investigation of the effect of the initial crack length
as well a~ the distributions of the high stress regions in the system and their associ-
ations with the crack tip. The relationship between the stress distribution and the
plastic deformation around the crack tip was also anlyzed. Calculated results were
found to be consistent with existing continuum theories.

Method of Calculation

In this investigation simulation calculations were carried out by a molecular
dynamics nwethod using the fifth order Nordsieck-Gear algorithm 1. This method
is based on well established statistical mechanical considerations and, in general,
employs a semiempirical potential function to estiinate forces among the particles
in the system. For instance. for particles interacting via pair interactions the total
potential energy of a system of N particles can be expressed as:

hY
1 <=
<I>w2}__‘o, (1)

where, ¢; represents the potential energy of the 7'th particle which is given by:

.\1_‘
b, — L u(ru] (2)

J

where, M is the total number of neighbors of the atom 1 confined in a sphere of radius
R.,: which is used as the cut-ofl radius in numerical evaluations. The distance
between the particles 7 and j is denoted by r,,. To represent pair interactions.
u(r;;), in this study, we emploved the Lennard-Jones function. For each particle,
stress components were also calculated considering Lagrange strain parameters.
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In all energy, force and stress calculations the R.,; was assume to be equal to
3r,. Furthermore, in the calculations all values were normalized with respect to
¢ and r,. In all cases, a dimensionless time step was taken to be equal to 0.0075
and the simulation calculations were performed under isothermal conditions. The
model employed in this study consisted of a two-dimensional triangular lattice i.e.,
the basal plane of an hcp crystal containing 2400 - 5000 particles . First, the
perfect lattice was brought to a static equilibrium condition. This system displays
an almost elastic behavior and resists plastic deformations up to relatively high
strain values (see reference 2'). Then. a surface crack in the {011} direction (which
was taken as the y-direction of the cartesian coordinates in this study) was created
by removing several of atoms from the surface region. This system, now, bearing
a surface crack was elongated in a stepwise fashion by imposing a uniaxial load in
small increaments in the close-packed direction (ie., the x-direction). A periodic
boundary condition was applied in the x-direction to provide continuity. In the
v-direction. however. two exposed surfaces. one bearing the initial crack. were left
intact. After each incremental elongation. with Ae = 0.005 (where, Ae denotes the
imposed incremental strain), the system was allowed to fully equilibrate under the
molecular dynamics code.

Several separate tests were conducted on the model with an initial crack of
varying lengths. In these tests, the systemn was prestressed to e = 0.040. The
relaxation behavior of these prestressed systems was examined under the molecu-
lar dynamics code. Al the calculated values for the energies, forces stresses and
their fluctuations due to the thermal effect were monitored during the equilibration
process.

Conclusions

A novelty introduced in the present simulation is the calculation of the indi-
vidual stresses. As anticipated, in all cases. the high stress regions were found to be
associated with the crack tip. Simulations also revealed the existence of dislocations
radiating from the tip of the crack. In general. the present results agree well with
other reported calculations, as well as with existing theories based on macroscopic
approaches.
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PLASTICITY AT CRACK TIPS: DISLOCATION AND CONTINUUM SCALES

JAMES R. RICE
Division of Applied Sciences, Harvard University, Cambridge, MA 02138

SYNOPSIS

The presentation reviews various approaches to evaluating plasticity
effects al crack tips.

One fundamental issue is that of whether an atomistically sharp
crack remains so up to conditions for cleavage decohession at its tip or
whether, instead, a dislocation first nucleates from the tip and thereby
makes impossible, or at least delays, the occurrence of cleavage. Recent
extensions of the Rice-Thomson formulation for crack tip dislocation
nucleation are reviewed and examined for consistency with the occurrence
of cleavage in different materials and with dislocation emission observa-
tions by electron microscope studies of the Ohr type for cracks in thin
films.

An important problem is that of if and how dislocation emission
occurs in the dynamic situation when a rapidly moving crack leaves a brit-
tle phase in which it nucleated and continues into a normally ductile Tat-
tice ge.g., crack nucleated in cementite inclusion continuing into ferrite
grain).

To understand cracking processes in generality it is necessary to
understand the kinematics and dynamics of large groups of dislocations
near a crack tip. Such groups may include dislocations that have been nu-
cleated from the tip or may instead be dominated by dislocations moving
from non-tip sources activated by the crack stress concentration., Exten-
sive dislocation activity 1is obviously necessary for operation of micro-
scopically ductile (but, possibly, macroscopically brittle) fracture me-
chanisms involving cavity growth by flow processes, often terminated by lo-
calized shearing-off of ligaments between voids and a crack tip. However,
surprisingly large amounts of plastic flow often accompany brittle, appar-
ently cleavage~-like fracture processes in metals, and there have been sug-
gestions that environment or solute effects (e.g., hydrogen) may embrittle
in a macroscopic sense by greatly increasing local plastic flow in the im-
mediate vicinity of the crack tip. Cleavage decohesion and shear processes
of fracture have been regarded traditionally as being mutually exclusive
(although it is understood that both can operate simultaneously at differ-
ent sites, e.g., by cavity nucleation at inclusions through cleavage or in-
terface decohesion and growth to coalescence by plastic shear processes).
Various observations suggest, however, the importance of determining if
and in what circumstances decohesion and shear can act in unison at the
same crack tip, thus allowing more-or-less continuous transitions from lo-
cally brittle to locally ductile crack opening modes with change of load-
ing rate, temperature or environment.
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There is now a vast literature on the treatment of multi-dislocation
processes at crack tips by continuum plasticity. Most progress has been
made with the classical Prandtl-Reuss-Mises type of theory which is intend-
ed to address response at a macroscopic scale, averaging over individual
crystallites. This theory has had many successes, sometimes outside its
expected range of validity., These include characterizing the overall
crack tip stress field within which microscopic cleavage or rupture events
nucleate at heterogeneities, explaining the effects of triaxial stress con-
straint and its loss in ductile-brittle transitions, describing crack tip
opening and large strain development near the tip at onset of ductile rup-
ture, and explaining the origins of potentially stable ductile crack
growth and toughness increase with crack speed in dynamic fracturing. Re-
cent extensions of such studies to modelling materials with nonlinear vis-
cous response, representing elevated temperature creep, have provided a
basis for understanding load history and hold-time effects on time depend-
ent crack tip stressing, and suggested parameters for correlation of crack
growth in the creep range. Also, extensions to modelling viscoplastic re-
sponse at high strain rates show promise for explaining various aspects of
ductile to brittle transitions in cleavable solids.

In the presentation I intend to focus on some recent continuum stud-
ies aimed at an intermediate scale between that for conventional macro-
plasticity and for discrete dislocations. These studies analyze crack tip
stress and deformation fields according to the continuum plasticity of sin-
gle crystals {limited set of crystal slip systems, critical shear stress
to activate each) and interpret results in terms of dislocation processes
necessary to accommodate the predicted deformations. The crystal plastic-
ity solutions predict that, to the neglect of hardening, crack tip re-
sponse is dominated by discontinuity surfaces emanating from the tip (dis-
continuity of stress and displacement for stat1onary cracks, but of parti-
cle velocity only for quasistatically growing cracks).

As an example, for cracks growing along [011] on a (100) plane in
cubic lattices, the discontinuities coincide with {111} type slip planes
for the f.c.c. case. However, for a hypothetical b.c.c. case in which
(for illustration) s1ip occurs only on planes of {211} type, the predicted
discontinuities are kink-like in that they lie perpendicular to the active
{211} s1ip systems. Further, in examining the dislocation interpretation
of deformations predicted for these two examples, plastic relaxation for
the f.c.c. case can be effected by dislocations swept out from the crack
tip, whereas for the hypothesized b.c.c. case {for which comparable plas-
tic stress relaxation is predicted at the tip) none of the flow can be ef-
fected by dislocations swept out from the tip, but must involve pre-exist-
ing sources. These results have some experimental support and may have
important implications for cleavage versus ductile response: They suggest
that there is no requirement that dislocation emission from a crack tip ac-
company plastic relaxation of stresses, and also suggest that significant
changes in crack tip stress fields will result, for certain crack orienta-
tions in crystals, when appropriate pre-existing sources are either not
present or do not have time to operate.
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CRACK PROPAGATION MECHANISMS AND LOCAL CRACK DRIVING FORCE

EDWARD W. HART
Cornell University, Ithaca, NY 14853

When a micro-mechanism for crack propagation is investigated, it is
most commonly described as though the crack is embedded in a material
medium that is otherwise elastic in its respounse to stress loading. The
loading that is then acting on the crack is described in terms of the
remote loading applied to the medium. In this "small scale yielding"
description the loading can be characterized by an "apparent" stress
intensity factor that we shall designate by K, , where the mode of
loading is understood to be that appropriate to the problem comsidered.
In the context of the Barenblatt theory, any discrete cracking mechanics
that is restricted to a single active plane extending from the actual
crack tip can be fully characterized by the stress intensity factor «
that would be operative at the sharp crack tip that would be present in
the absence of the detailed cracking mechanism. If the material is
otherwise linear elastic, the "local crack tip stress intensity factor"
K is equal to KA .

A theory has been developed [1,2] that extends this description to
inelastic materials for which (a) the inelastic deformation is described
by a real-time deformation rate, and (b) the crack tip is propagating at
a steady, non-zero velocity v. For this case it has been shown that
the local stress intensity factor K 1is well defined and that it differs
from Ky by the amount of a term Kp that depends on the inelastic flow
law and on v, and that describes the effect of the inelastic deformation
in screening the crack tip.

The importance of this result for micro-mechanics is that comparison
of micro-mechanical theory with experiment must also take account of the
plastic effect Xp . New results extend the earlier work to all crack
modes.
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THE ANALYTICAL SOLUTION OF A GROWING STEADY-STATE MODE III CRACK IN AN
ELASTIC PERFECTLY~PLASTIC SOLID THROUGH AN ELECTRICAL ANALOGY

J. WEERTMAN

Department of Materials Science & Enpgineering, Materials Research Center
and Department of Geological Sciences, Northwestern University, Evanston,
I1linois 60201

No analytical solution has been found up to now for the important
theoretical problem of a growing crack in an elastic plastic solid.

Only partial solutions have obtained for quasi-static growing steady
state growth of mode III cracks in an elastic perfectly-plastic solid.
Chitaley and McClintock [1] found the asymptotic analytical solution
which is valid very close to the crack tip. Their (computer) solution
at larger distances from the tip is not correct. The actual plastic
zone, as shown with a computer calculation by Dean and Hutchinson [2],
is much larger than the plastic zone which presumably is valid except
very close to the crack tip. The DH computer solution did not approach
the CM asymptotic solution at a distance from the crack tip equal to
their smallest mesh length.

This paper presents an analytical sclution of the growing, steady
state mode III c¢rack in an elastic perfectly-plastic solid which was
started by the work of McClintock [3] and Chitaley and MeClintock [1]
and which was greatly enlightened by the computer calculations of Dean
and Hutchinson [2]. This paper is built on the work of all of these
investigators. The essential and new ingredient of the present work is
the introduction of Eshelby's screw dislocation electrical line charge
analogy. Attacking the problem through use of (non-redundant) disloca-
tions enables the focus of the analysis to remain very physical. The
physical picture leads the way and the mathematics tags along, rather
than the other way around. Although the analysis is long the final
answer is not too complicated.

Plastic strain is calculated from the motion of nou-redundant
infinitesimal screw dislocations. Calculation of the dislocation crack
tip shielding can be used as an approximate check of the analysis. (For
the stationary crack it is simple to show that the dislocations of the
plastic zone shield the crack tip perfectly.) The sclution contains the
Chitaley and McClintock asymptotic solution near the crack tip, the
Chitaley and MeClintock plastic zone sector of a crack tip focused fan,
and the Dean and Hutchinson unfocused fan plastic zone sector.

Digslocations can move when the magnitude of the stress vector equals
the flow stress. Dislocations can only enter the solid from the crack
tip. The stress trajectories are tangent to the direction of dislocation
motion. In the secondary plastic zone the non-radundant dislocation
density is zero. The non-redundant dislocation density at any place in
a solid is equal to Y.p/G where p is the stress vector and ¢ is the shear
modulus. At a crack tip the stress trajectories are a fan of radial
stress trajectories. Dislocations enter the plastic zone in this fan.
This is the CM plastic sector. If the fan is non~focused, dislocations
cannot enter into it from a free surface because the trajectories neither
converge to a point at a crack tip nor are they perpendicular to a free
surface., However, if the crack moves, dislocations from a focused fan
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region move into a non-focused region. This is the DH plastic sector.
The straight trajectory, constant magnitude stress vectors p in the
plastic zone satisfy the equations of static equilibrium which is

Vxp = 0. But V.p # 0 and dislocations must exist within the plastic
sector.

In the plastic wake a mixed assortment of stress vectors describe
the stress field. The stress vector intvoduced in the asymptotic crack
tip region by Chitaely and McClintock is used. This stress vector by
itself is satisfactory only in the limit of vanishingly small distance
from the crack tip. The problem with the CM vector is "fixed" in this
solution by introducing a displaced CM vector of opposite sign, making
a dipole CM vector. When present as a dipole it is a dislocation source
free stress suitable for any elastic region. One other stress in the
wake is not dislocation source free and it carries the information about
the dislocations that enter the wake. By the way it is defined it is
automatically equal to zero at the elastic-wake boundary.

The plastic zone boundary was determined in the paper primarily,
but not entirely, by setting the distance separating the two major CM
stress vectors of opposite sign by an arbitrary distance and then
attempting to calculate a boundary by finding where the magnitude of the
total stress vector is equal to the yield stress. It turned out the
success of such a calculation is very sensitive to the choice of the
separation distance. The conservation of dislocation Burgers vectors
is also used as a condition in deterwmining the plastic wake boundary.
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Finite D.F.Z. Cracks - An Approximate Treatment
N. Louat
Crystal Growth and Materials Testing Associates™
Lanham, MD 20801

Mathematical complexities make it improbable that analytical
solutions for finite D.F.Z. cracks with plastic zones skewed to the main
crack will be achieved in the near future. Furthermore, such solutions,
if and when they are achieved, are likely to be in an indigestible form.
Accordingly, it is germane to endeavour to develop approximations which
are reasonably accurate and which can be represented in terms of simple
functions,

Such an approach is considered here. To illustrate the method
employed we first consider this, now familiar, case where crack and
plastic zone are colinear and then successively skewed zones when the
dislocations are of screw and edge type.

(1) Plastic Zones Colinear with Crack

We suppose a crack to lie in the range -c<x<c and that each end of
this region there are plastic zones b<|x|<a. To obyiate the
complexities involved in following Chang and Ohr and using
Muskhelishvili's formulation we calculate:

(a) the dislocation distribution g{x), which vanished at |x]=b and
a, and which is developed fn the regions b<|x|<a by a dislocat%on dipole
with elements of strength + f(«) located at x=+u.

(b) the magnitude of a uniform stress at{a) which must also be
supposed present in order that the dislocation distributions exist;

*Work perforhed under contract N0O0014-84-C-2321 with the Naval Research
Laboratory, Washington, DC 20375-5000
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(c) The stresses developed in the region -c<x<c¢ by the distribution
g{x).

We then solve an approximation to the resulting singular integral
equation for the dislocation distribution function f(x) representing the
crack, with the constraint that the implied sum over the elements f(x)
gives zAt{a) = t, where v is the resistance to dislocation motion. The

result is

f(x) =2 X . F(a,b,c)

For F=1 this represents the familiar form for a crack of length 2c under
a load 1. The effect of the foregoing calculations is to provide an

expression for F(a,b,c), thus

B
F(a,b,c) = 158

1k ,© o 2dx
where B = /

Tl v (c2-a?)(a%a?) (b2 ?)

- 4o (a-b)c _ T ~C (a-b)c

7w L K o Y 3o Y aeE?

and K = ab—/(az-cz)(bz—cz)

C2
Here K and Il are elliptic integrals of the first and third kinds. This

result is subject to the constraint that

v (a%+b?)

/(a2+b2~2c2)

1 =oF ( - 1).
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(2) Plastic Zones Skew with the Crack

The analyses in these cases differ from that outlined above only
through the additional complications which result from the form of the
interactions between dislocations in the plastic zones and the main
crack,

In the case of screw dislocations (mode 3) these are dealt with by
using approximations such as

gty CoSsy . Lty cox y
y2+c 2+2yc cosy (y+z )2

where v is the angle between the skewed planes. This introduces an
error certainly less than 25% provided y<60°.
Similar approximations are involved for mode 1.

Results obtained using this method will be discussed.



THE EIGENSTRAIN METHOD APPLIED TO FRACTURE AND FATIGUE
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The eigenstrain method has been applied to several problems in
fracture and fatigue mechanics., The eigenstrain e¥*. is a generic name
given by the author to represent a class of nonelaldic strains such as
thermal expansion, phase transformation, initial strains, pilastic,
misfit strains. Eshelby (1957) referred to the eigenstrains as the
stress-free transformation strains in his celebrated paper on
inclusions and dislocations.

The eigenstrain method is a method to solve defect problems after
defects in solids are simulated by a proper choice of eigenstrains in
the homogeneous media. The defects include cracks, dislocations,
inhomogeneities and inclusions, precipitates, vacancies, interstitiais
etc,

The first part of this paper is a summary of the fracture and
fatigue problems and results which were obtained by the eigenstrain
method. The second part of the paper is a new adventure aimed at
extending the concept of eigenstrains to the atomic lattice theory and
the quantum mechanical aspects of the defect theory.

The fundamental equations of the eigenstrain method are the
equations of motion in elastic continua under a given distribution of
eigenstrain e$j. They are

- s
o U = Cigig (e eg ~ ®k,5) o (1)
where p is the density of material, Ci‘k the elastic moduli, and uy
is the displacement. JkL

For a stationary crack 1§ under applied stress o?- at infinity,
the total potential energy change Al caused by the introduction
of © can be expressed by the following three equivalent equations,

1 0

AW = §~fy Oijnj[uij ds (2a)
1 o
= -5 o;5ef; dD (2b)
9]
-k aer dd - o2 e dD (2¢)
27, 1371 o 13513 7

where [Ui] is the displacement jump across g, n, the normal to %, dS
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the surface element of 5, g the infinitesimally thin ellipsoid where
the eigenstrain 5?. is defined, and .. is the eigenstress caused
by syj . For an e41ipt1c plane crack,Jthe volume element of 9 is

dD = 2h dS, (3)
. _ 2,.2 2,.2\1/2
with h = ay (1 - xl/a1 - x2/a2) . (4)
where a; and a, are the two principal axes of the elliptic crack and
a, is the third principal axis. In the above equation a, E?J is kept

finite while a3 + 0.
The crack opening displacement [uij can be derived from the

equation (2a) = (2b) with (3) and (4).

he stress field caused by o.. and ¢ is c?. + g.. in the matrix

and g.. + 05 % 0 in . The propéﬂ e*. to simidate {he crack is

obtaihdd by the minimization conditiodYof (2c) with respect to

e¥., where o.. in ia a linear function of e;.. The minimization

coddition sihply is oo, + 0., = 0. J

ij ij
The Griffith fracture criterion has the form 3(AW+2ra,a,y)/3a,=0

or a(AW+2na1azy)/aa2=0, where (2b) is used for AW, and vy 1& ghe su}face

enerqy.

¢

The stress intensity factor K along the boundary of © is calculated
by applying the equation

1/2

(0,3 = 4 K (1) (r/2n0) %y (5)

where r is the distance from the crack edge.

It will be shown that the crack stress intensity factor in a fiber
composite material saturates and tends to a constant value with
increasing crack size,.

Under certain appropriate assumptions it can be shown that a
smaller crack has a larger stress intensity factor.

In fatigue cyclic loading causes inhomogeneous deformation. The
eigenstrain generated as a result of cyclic loading will be discussed in
terms of numbers of cycles and applied strain amplitudes.

The stress corrosion and corrosion fatigue will be discussed., The
area of discussion is limited to hydrogen atoms including interaction
with a dislocation array.

Finally the eigenstrain method is extended to the atomic scales.
The eigenstrain caused by hydrogen atoms in a cluster consisting of six
Fe atoms will be evaluated by the first-principle Hartree-Fock-Slater
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model., The discrete variational xo method is used. 1In this model, the
one electron Hamiltonian is given by

H(r) = - (1/2) 72 + v (n) (6)
where V(r) is the cluster potential and it is the sum of the Coulomb
term V. 3and the exchange - correlation term Vax In a non-spin-
polarized calculation,

3 1/3 :

Vor = - 62 T p (o)} (7)

where p(r) is the electron density and o is a parameter. The
eigenstrain is defined by the displacement of atoms caused by the
hydrogen atoms in the cluster divided by the original lattice
parameter. The atomic displacement will be determined by the minimum
condition of the energy

x *
= i [ w, Hw, dD/ [ py,dD (8)

where is the wave function of the Schrud1nger equation. The hydrogen
embr1tt}ement may be explained by the bond order.

For the atomic lattice dynamics theory, the eigenstrain or
eigendistortion B?j becomes

(22') e:j(zz') x, (22')

M [1'1.(1) = - n s (a0') ui(e') 1 ¢
(9)

AEIRAN J . iJ

, where M is the mass of the atom, u.(g) the displacement component from
the perfect lattice state of atnm g . (gz ) the forre constants
between g and 2'atoms, and x ') is the
coordinate component of g at%m 1r the Berfect ]5tf1ce s%aue.

The interaction of a hydrogen atom and a dislocation will be
evaluated by this new lattice theory, As an appiication, the diffusion
of hydrogen along the dislocation array is solved. The crack initiation
under the environment of stress corrosion or corrosion fatigue will be
discussed in terms of hydrogen content accumulated at the dislocation
pile-up tip.
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A SIMPLE METHOD OF ANALYSIS OF CRACK INTERACTIONS

Mark KACHANOV
Department of Mechanical Engineering
Tufts University, Medford, MA 02155, USA

It is well known that the problem of a linear elastic solid with N
cracks can be represented as a superposition of N problems, each involv-
ing only one crack but Toaded by unknown tractions. These tractions can
be interrelated through a system of integral equations. Approximate
methods of solution of the mentioned system constitute a possible approach
to the crack problem. A simpler method of analysis is proposed. It is
applicable to both 2-D and 3-D crack arrays of arbitrary geometry. The
accuracy remains good even when the distances between cracks are one order
of magnitude smaller than the crack sizes. In the case of weak inter-
actions, the method becomes asymptotically exact.

The key idea is to take the tractions induced on a given crack line
by the other cracks as "responses" of the latter to the uniform average
tractions on them; the influence of traction non-uniformities having zero
average is neglected. The averages are interrelated through “transmission
factors" (characterizing attenuation of averages in transmission of stress
from one crack onto the other crack lines). Thus, the traction averages
are found from a system of linear algebraic eguations, with the matrix
("crack interaction matrix") composed of transmission factors and re-
flecting the intrinsic geometry of the crack array; the right-hand parts
of the equations reflect the external loading conditions. After the
averages are found, the stress intensity factors {SIF's) on a given crack
are readily found as generated by "responses" of the other cracks to
average tractions on them and by the external loading.

Consider, as a test problem having exact solution [ ], the 2-D
problem of two collinear cracks of equal Tength (-1, -k) and (k, 1),
along the x-axis, loaded by uniform normal traction pp; dimensionless
parameter k characterizes the ratio of the distance between cracks to
the crack length. By superposition, the problem reduces to two problems
(identical, in this case) involving only one isolated crack each. Crack 1,
(-1, -k) is Toaded by a sum py + p, where p, = pp(x) denotes the traction
oyy generated by crack 2 (loaged by pg + P1 where pl(x) is the crack 1 -
generated traction). Simple calculation yields the value of a single
transmission factor A {characterizing the average <p;> along the interval
(k, 1), as generated by crack 1 loaded by uniform normal traction of unit
intensity): A = /2(T#K)/(1+/k) -1. Observing that <p;> = A (py + <py>)
and making use of symmetry of the configuration (<py>"= <p2>) we obtdin
<pp> = po/(l - A)}. The SIF's at the crack 2 tips, } and k, are readily
found now as induced by p, plus "response” of crack 1 to <p,>; Table 1
compares them with the exact ones (normalized to KU = p /W%l-ki/Z),
The agreement is very good; even at k = .05 (distaﬁce bgtween cracks is
one order of magnitude smaller than the crack length) the error is only
1.4% for K. (k) and .2% for K.(1). [Note that this simple configuration
represents a difficult situa%ion for the proposed method: at k = .05,
actual traction along crack varies from 1.94 Po to 1.07 Po deviating
considerably from the average <p> = 1.23 pd},
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Table 1. Comparison with the exact solution (two collinear cracks)

0 0

KI(l)/KI KI(k)/KI
Exact Exact
k = .2 1.052 1.052 1.112 1.112
k= .1 1.086 1.087 1.251 1.255
k = .05 1.118 1.120 1.453 1.473

Comparison with the exact solutions for periodic crack arrays yields simi-
lar results: accuracy remains very good when distances between cracks are
one order of magnitude smaller than the crack lengths.

In the general case, since normal (shear) traction on a crack gener-
ates both normal and shear tractions on the other crack lines, the trans-
mission factors are second rank tensors. The average tractions on cracks
are found from 2N Tinear algebraic equations (N is a number of cracks).
Thus, the method operates with “standard" stress fields (generated by cracks
lToaded by uniform tractions) and requires integration of these fields along
the other cracks and solving a system of linear algebraic equations.

The method is asymptotically exact in the case of weak crack inter-
actions when the average tractions induced on a given crack by the other
cracks are much smaller than the ones due to remote loading. This condi-
tion can be satisfied for relatively closely located cracks, particularly
in 3-D. If the additional conditions (distances between cracks) >> (crack
sizes) is assumed (approximation of remotely located cracks), major sim-
plifications result: the "standard" stress fields can be taken as their
remote asymptotics. Moreover, since the stress gradients attenuate faster
than the stress themselves, the traction averages can be substituted by the
values of the remote fields at the crack centers. In this case the first
orders corrections to SIF's on a given crack S will depend on the other
cracks' sizes but not on the size of S. In this approximation, solutions
for various crack arrays (in both 2-D and 3-D) are obtained practically
without any calculations.

More detailed presentation and examples are given in [2,3].
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DYNAMIC CLEAVAGE IN DUCTILE MATERIALS

I.-H. Lin and R. Thomson
National Bureau of Standards
Boulder, CO and Gaithersburg, MD, USA

Experiments in a variety of materials indicate that
fully brittle c¢racks {in the atomic sense) are possible
under dynamic conditions in normally completely ductile
materials. Probably the most clear-cut evidence of this
fact is found in the experiT§?ts described at this
conference by Kaufman and Pugh ., This result poses a
considerable problem to conventional treatments of the
competition between dislocation emission and crack cleavage,
which we believe is at the heart of the ductile or brittle
response of the material. The reason 1is that 1f a
dislocation is emitted from a fast moving crack, it creates
a shielding K-field at the crack of the form

Ky = (1)
y2mr

U is the shear modulus, b the Burgers vector and r is the
distance from the dislocation to the c¢rack tip. This
shielding field is singular at the crack tip, and means that
a strong impulse is giY§n3§o the crack on emission. Current
theories of cracks r have shown that cracks have zero
inertia, and respond instantaneously to local stresses.
Thus, the expectation is that the crack is stopped when the
dislocation 1is emitted, and continuous emission can then
take place, thereby blunting the crack.

In this paper, we investigate this paradox, and show
that there 1is a critical velocity near that of sound above
which the crack can propagate by cleavage. We shall do this
in two different approximations. In the first, we assume
the crack-dislocation system move at a constant uniform
velocity with only small accelerations, and rederive the
dislocgtion emission/cleavage crossover point. This
approximation yields the result that both emission and
cleavage critical K-values increase with velocity. In pure
mode ITI, there is therefore no tendency to shift to more
brltﬁle behavior as the velocity is increased. However., in
a2 mixed mode case, where the cleavage condition is se% by
the mode I loading, and emission is achieved in additional
mo@e IIX loading, increasing the velocity decreases the
emission capability. This result is shown by the equation

for the c¢ritical K for emission K (v),i
direction, , e( ),in the forward
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ko(V) = k(o) VITV/C (2)

v is the velocity of the crack, and ¢ is the velocity of
sound.

The approximation of constant velocity is a poor one
for the dislocation emission event for the reason mentioned
that the interactions and accelerations are large. For
this reason, we have estimated the shielding k on the c¢rack
during the emission, taking account of time retardation
effects. It turns out that the crack experiences a maximum
dislocation induced shielding k-field during emission. Thus
a criterion can be written such that the crack is not
stopped by the emission in terms of the external K-field
which is required to drive the crack at the velocity, v.
This criterion is

1/4 3
_1_+v/c> b [>T (3)
{"V/C i vy \E

A critical velocity 1is therefore predicted above which
cleavage occurs, but the reader is reminded that (3) is a
very rough estimate. v, is the average dislocation velocity
after emission and may simply be set to v=¢ for estimation
purposes.
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UNIVERSAL WEIGHT FUNCTIONS FOR LOADINGS AND SCREENINGS OF CRACKS
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The stress intensity vector K, is defined as the limiting
behaviour of stress or displacemen% near the tip of a crack, these being
proportional to ~1/2 and rl/z, respectively, for any type of external
loading. Internal stresses caused by dislocations show the same power
dependence at the crack tip; the stress intensity associated with a
loading can thus be screened (or amplified) by a plastic zone.

Since for any particular specimen or crack geometry the stress
intensity vector must be a functional of the loading or screening which
are of vectorial character, it is possible to define two tensorial weight
functions, one for screenings, Dg;(x,a), and one for forces, Fsi(x,a),
so that the stress intensity can be found by integration over the product
of weight functions and dislocation or force density. With bg being the
Burgers vector of the dislocation and £ being the strength of the line
force, '

" 2
K, = jﬁ Lbsti(x,a) + fSFsi(x,ai] d %

where a is the crack length. The elastic energy of a distribution of
dislocations and line forces is

1 ~ 2
G = §J[bs(x)¢s(x) + fs(x)us(x)} d4"x

where ¢S is the vectcr Airy stress function and u is the displacement.

Even for elastically anisotropic media the energy release rate is
a gquadratic form in the stress intensity vector [I]

k. (8% . .k, = -8 dc/da
i i3

If the cross terms between two elastic states under mixed mode loading or
screening are considered, the product of the stress intensity vectors for
the two states is related to the derivative of the interaction energy
petween the two states with respect to the crack length. With Betti’s
theorem for the interaction between two elastic states, the stress
intensity for any state becomes proportional to the derivative of the
Airy stress function or displacement field with respect to the crack
length, the proportionality factor being the force and dislocation
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densities. With the three stress intensity vectors for the three reference
states z=1,2,3 written as a matrix K?, and its inverse

xMZ% K = s,
i u ju

the universal weight functions ares,with Bi being known from dislocation

t
theory [1]
- -1,z z
Fsi(x,a) = =87 Bit(K )t dus/da
-1 2z Z
= -87 B
Dsi(x,a) i it(K )t d¢s/da

Although the displacements uf and stress functions ¢i are taken for
three specific reference states, ” the tensorial welght function con-
structed from their derivatives with respect to the crack length are
universal; the particular choice being compensated for by the stress
intensities for the reference configurations chosen. The universal weight
functions depend only on the crack geometry, but are independent of
loading or screening.

If the two states in the quadratic form for the energy release rate
are chosen as loaded (and unscreened) and screened (but without loads)
it is possible to find the stress intensity for a screening from the stress
function of the loaded crack. Knowledge of the stress function or dis-
placement field for the screened crack are not necessary. Vice versa, it
is possible to find the stress intensity for a loading from the displace-
ment field around a screened, but loadless crack by integration. Since the
stress function of a loaded crack is essentially known once the displace-
ment field is known, computation of the screening effect of a plastic zone
is reduced to straightforward integration.

This work presents an extension of the scalar universal weight function
defined by Bueckner [2} for loadings to plastic zones and elastic
anisotropy.
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RESPONSE OF A DISLOCATION TO AN EXTERNAL STRESS

FERNANDO LUND
Departamento de Fisica, Facultad de Ciencias Fisicas y Matemidticas, Uni-
versidad de Chile, Casilla 5487, Santiago, Chile.

Dislocation dynamics in an elastic continuum is studied in the con
text of classical field theory. The idea is to have a theory of sources
(dislocation loops) interacting with a field (particle displacement) in
the same sense that classical electrodynamics is a theory of point char-
ged particles interacting with the electromagnetic field.

Although the particle displacement generated by a moving disloca-
tion involves an integration over the whole slip plane, it was shown by
Mura |1]| that both particle velocity and strain can be expressed in terms
of line integrals along the dislocation loop. If u(x,t) is the displace-
ment at point x at time t, the Mura expressions are

.

Py ) G (X-X',t-tOf (X',t")dx"dt’ 1
»)4

8Ll]'ﬂ()c’t) (* g*__‘—)‘! t_ti y '*v t' &ld

m’g_)'(—;l-w: Jmk(x X, )ék.l'l(x » ) t .

Namely, strain and veloclty are given as convolutions of the elastodyna-
mic Green function Gpy with functionals fy and gy, of the dislocation
loop that vanish everywhere except along the loop itself. The slip pla-
ne does not appear. Since physical quantities carried by the field such
as energy and momentum depend only on strain and velocity and not on dis
placement, this justifies the identification of the dislocation loop as
the source of the field and (1) gives the value of the field for a pres-
cribed motion of the source, analogously to what the Lienard-Wichert po-
tentials do in electrodynamics.

We have a source, the dislocation loop, which can be mathematical-
ly described as a time-dependent curve X;(o,t) with o a parameter along
the curve. Is it possible to determine the response of this source to a
prescribed, externally applied, elastic field? Yes. To see this, con-
sider the actlon integral whose extrema give the equations of classical
dynamic elasticity:

oy S
ijkR axj sz

o .
s = ] | aedkod? - ¢ ). @
Since the medium is linear, displacements at any point in the presence
of a dislocation loop will be the sum u=u+U of the displacements u due
to the loop, given by (1) and a displacement U due to externally applied
stresses, which may be time dependent. Substitution of this sum into (2)
giyes an action that depends functionally both on the external field
U(x,t) and the dislocation loop X(o,t}). Extrema of this action with res
pect to variations of U give the displacements generated by the loop
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X(o,t) undergoing prescribed motion, in the form of a differential equa-

tion whose solutions are (1). Ixtrema of S with respect to variations

of the loop X select the trajectory that will be followed by the disloca

tion loop under prescribed external stresses. More precisely, the action
(2) will become the sum of three terms:

S=8 +§5 +8§
m

& 5

> (3)

an external action S, that depends only on the external U, a mixed action
S, depending both on U and X, and a self action S_ involving only the
loop X. The last one is divergent and must be regularized with a cut-off
procedure.

The evolution of the loop will be governed in general by an integral
(both in o and t) equation. It is possible to get a differential equation
in the following approximation: a) The work done on the dislocation by ex-
ternal stresses is much larger than the radiation emitted and b) The mo-
tion of any point on the loop is affected only by those other loop points
in its immediate neighborhood. In the case of a screw dislocation of
Burgers vector b moving with velocity vy (a=1,2) in a medium of density

p,|shear modulus p and shear wave velocity g the differential equation 1s
|2

d Va . U U
M dt ((1‘V2/82)1/2) B ubgac BXC * pbeacvc ot 4)

where €11 =€22=0, €12=€51 =1 and M= (pb?/41r)an(8/e),in which § >> ¢ are
two cut-offs. The first term on the right of (4) is the usual Peach-
Koehler force while the second is a velocity dependent force proposed by
Eshelby |3].

It is hoped to apply these results to study the interaction of dis-
locations and cracks, a problem whose relevance to fracture has been par-
ticularly emphasized by Thomson |4].

Part of this research was done at the ITP in Santa Barbara. Re-
search there was supported in part by the National Science Foundation un-
der Grant N° PHY82-17853, supplemented by funds from the National Aero-
nautics and Space Administration. The support of DIB Grant E 1963-8522
and Fondo Nacional de Ciencias Grant 1147-1984 is also gratefully acknow
ledged.
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EXPERIMENTAL STUDIES OF CRACK TIP PROCESSES

PETER NEUMANN
Max-Planck-Institut fiir Eisenforschung, Max-Planck-Str. 1,
4000 Diisseldorf, FRG

There are to different separation modes at crack tips by which the
crack can grow: tearing bonds by over-stretching ("brittle fracture")
or shearing bonds by dislocation egress or emission ("ductile fracture”
or “rupture"). Both processes usually depend strongly on the gaseous
environment in the crack and/or on layers on the crack surface. The
experimental studies reviewed in the following are those, which allow
local measurements of these processes.

Fracture mechanics characterises the external loading and the
resulting driving force for the crack. These parameters should be
measured whenever possible as part of the characterization of the
experimental situation.

The environment at the crack tip can be readily characterized only
under equlibrium conditions. Then the activities of relevant components
(e.g.hydregen), which are measured externally are a good approximation
to the wvalues at the crack tip. Therefore, K c measured as a function
of these activities yield valuable information without explicitly Tocal
measurements,

A more Tocal crack tip quantity is the size of the plastic zone
and the amount of strain in it. The knowledge of these parameters
allows an estimate of the plasic work beeing done during fracture in
the framework of a modified Griffitn fracture criterion. There are
various classical methods of measurements on the side faces of a
cracking specimen: Distortion of surface grids (scratched or etched)
and broadening of electron channeling patterns,

Higher sensitivity for small amounts of plasticity is obtained by
etching of individual dislocations or by examination of the fracture
surface. Two methods are wused to determine the plastic strain
underneath the fracture surfaces: broadening of electron channeling
patterns and X-ray topography (mostly using synchrotron radiation).
Both methods can be wused to measure depth profiles by intermittent
polishing.

Detailed information about the structure near crack tips is
obtained by TEM studies. Foils containing crack tips were prepared from
bulk specimens. In ductile metals very high dislocation densities are
usually reported but also atomically sharp brittie crack with small
disiocation densities were observed 1in ceramics. The measured
quantities are the geometrical shape of the crack tip and the
dislocation density in the vicinity.
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In situ TEM observation of cracking foils is the most powerful
tool to study the crack tip. Cracks in all three modes of loading were
observed 1in such studies, The resulting crack geometry and the
processes of dislocation emission can be followed in all details. The
most important result is the observation of a dislocation free zone at
the crack tip under these circumstances, which can be rationalized in
terms of dislocation crack interactions, These results have led to an
extension of the Dugdale model allowing for a dislocation free zone and
non-zero local stress intensity at the crack tip, The differences
between fracture experiments in foils and those in bulk material have
been recognized and will be discussed,

Plasticity 1is often considered only as an energy consuming
pertubation of brittle fracture as defined above. In ductile metals
this is not always justified because slide aff on two alternating slip
planes may contribute significantly to the crack growth process. The
best parameter to measure the relative abundance of both fracture
processes is the crack tip angle, because slide off produces a
characteristic crack tip angle of the order of 90°. Thus intimate
mixtures between slide off and brittle fracture (zero crack angle)
produce intermediate angles depending on the relativ amounts of both
processes. In monocrystals large amounts of plasticity can be
accommodated if slip extends through the whole ligament. Thus crack tip
plasticity can be studied in bulk specimens without the confinement of
an elastic surrounding. Such experiments were performed to study the
embrittlement due to temperature, strain rate, gaseous hydrogen and
aqueous stress corrosion conditions.

The crack tip angle of intergranular cracks was studied 1in a
corresponding way 1in bicrystals as a function of disorientation,
segregation and SCC conditions., By deliberate changes in the loading,
markings can be produced on the fracture surface which indicate the
position of th crack tips at given intervals., In this way preferred
crack front directions could be studied and correlated with the
crystallography of slip intersecting various types of grain boundaries.

If inhomogeneities are absent, crack initiation is a highly
undefined process., In fatigque cracks initiate over a period of many
cycles in a rather well defined way at slip loalization ("persistemt
slip bands"). Recently progress has been made in observing early crack
nuclei by high resolution sections made at right angle with the surface
thus revealing the surface profile,
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MODELING OF DUCTILE FRACTURE

ANTHONY W. THOMPSON
Department of Metallurgy and Materials Science, Carnegie-~Mellon
University, Pittsburgh, PA 15213

The process of ductile fracture, which is well established to
proceed by nucleation, growth and coalescence of microvoids, is a
complex phenomenon from the perspective of physics, but is fairly well
characterized in mechanics terms, Moreover, extensive metallurgical
knowledge of microvoid nuclei and matrix plastic flow properties provides
eszential input to overall understanding of the fracture process. There
is, however, no comprehensive mechanics analysis which encompasses all
the important variables of stress state, strain localization tendency,
and microvoid nucleation parameters, nor is there a complete metallurgi-
cal model which incorporates details of the micromechanical processes
which accompany nucleation, growth and coalegcence of the microvoids.
Accordingly, it is not surprising that at present it is not possible to
predict fracture strains accurately, using either mechanics or
metallurgical approaches. These problems are perhaps most evident in
considering ductile fracture events at sharp crack tips, although other
mechanical conditions also pose challenges to existing viewpoints,
Recent work from a materials perspective has addressed this problem by
combining a general metallurgical model with current mechanics work
which incorporates "microscale” parameters., This permits an integrated
treatment of "micromechanisms", i.e. fracture processes which take place
on the scale of the microstructure. Fractographic information appears
essential to experimental testing of this approach, and has in fact been
incorporated into the model directly. One outcome is that a direct
experimental value of the local fracture strain can be obtained under
any state of stress or strain, rather than obtaining such a value by
back-calculation or estimation, as is otherwise the procedure, For this
and other reasons, the present modeling approach appears to have promise
in extending understanding of ductile fracture.
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FRACTURE OF AMORPHOUS METALS IN TENSILE TEST AND FATIGUE TEST

T. TMURA*, M.DOT#%*, Y. MASUO*** AND H. TOKUDA%*

* Department of Metallurgy, Faculty of Engineering, Nagoya University,
Chikusa-ku, Nagoya 464; ** Department of Materials Engineering, Nagoya
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INTRODUCTION

A number of studies on mechanical properties of amorphous metals
have been reported to date and the static strength of amorphous metals is
found to be usually higher than that of ordinary metals. On fatigue be-
havior of amorphous metals, however, only a few studies have been report-
ed so farl=3), Furthermore, in such cases, all the fatigue tests were
conducted in tepnsion~tension mode except ours®). 1In this study, a cyclic
bending apparatus, which can alternately apply tension and compression to
a ribbon specimen of 20-30 ym thick, was constructed. By using this appa~
ratus, fractographic investigation and preparation of strain-lifetime dia-
gram of amorphous ribbons as well as reference metal ribbons were made.
In addition, fracture in tensile tests and compression tests of amorphous
blocks prepared by the author's group was studied for comparison.

EXPERIMENTAL PROCEDURE

Amorphous ribbons and powders ( Fe-B-Si, Co-B~-Si, Ni-B-Si ) were
prepared by rapid quenching from the melt, using twin~roll method and
modified in-rotating~liquid quenching method, respectively. Amorphous
blocks of FeygBi3Sig alloy were prepared by explosive consolidation at
about 10GPa and also by high-pressure-high-temperature sintering at 450°C
in the pressure range of 1-5 GPa. A cyclic bending apparatus was newly
designed and constructed for fatigue test of thin ribbons. Tensile
test or compression test of amorphous blocks was conducted up te fracture
by ordinary testing machine. X-ray diffraction and high resolution elec~
tron microscopy were used for identification of amorphous state. Obser-
vations of fracture surface were made by SEM and optical wicroscope.

RESULTS AND DISCUSSTIONS

Fig.l illustrates strain-lifetime diagrams; (a) for fatigue tests
of different frequencies ( 1-8 Hz ), and (b) for those im vacuum, Ar-gas
and the air. Even in the case of amorphous metals which usually have
high corrosion resistivity , effects of environment are conspicuous in
room temperature fatigue tests., Fracture surface cbservations support
this view as is illustrated in Fig.2 (a) and (b). Vein structure can be
seen on the fracture surface of the specimen tested in Ar-gas and vacuum
but not so for the specimen tested in the air. The specimen showed brit-
tle material-like behavior in the latter case. Fig.3 indicates fracture
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surfaces; (a) those of the amorphous block prepared by explosive consoli-
dation and (b) those of the central part of the same block where high
concentration of shock waves was expected. Effects of oxide film of the

surface will be discussed.
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SXRF STUDIES OF BULK CRACK-TIP PLASTIC RELAXATION®

JOHN C. BILELLO
Department of Materials Science and Engineering, State
University of New York at Stony Brook, Stony Brook, NY 11794

INTRODUCTION

Synchrotron x-ray fractography (SXRF) has been developed
as a non-destructive probe of the plastic relaxation zone
accompanying bulk fracture in semi-brittle crystals. [1]
This method uses white beam synchrotron x-radiation imping-
ing on the cleavage surface of a fractured sample at grazing
angle incidence. Topographs are collected in the 20 = 90°©
with information obtained about the bulk microstructure down
to the first extinction depth, i.e. approximately 5-10
micrometers below the surface. In comparison with other
fractography methods such as, Berg-Barrett topography, opti-
cal and Scanning Electron Microscopy, SXRF offers some
uniqgue advantages. These include the ability to assess the
bulk microstructure associated with crack initiation and
propagation coupled with extremely high data collection
rates. SXRF data taken at Daresbury, U. K., Stanford SSRL
and Brookhaven NSLS will be compared with the more conven-
tional fractography methods.

RESULTS AND DISCUSSION

Investigations on crack-tip plasticity using SXRF have
been performed on a wide variety of crystals including Mo,
Nb, Mo-Nb alloys, Zn, and Zn-Cd solid solution alloys. [2,
3] The extent of the plastic zone can be mapped out using
level polishing techniques. A Mo crystal, with a precursor
crack having a radius of a few micrometers, had a measured
plastic zone approximately 10 times larger. White beam
radiation is also sensitive to local lattice rotations with
the diffracted beam being broadened when reflected from such
a region. Data for such a Mo crystal is shown in Table 1.

Table 1. Crack-tip lattice rotations in the plastic relaxa-
tion zone of a Mo crystal measured by SXRF.

. ————————— — T — — o ——— — 4 — _ — ——— —— Y — T — G ——— v - —  — — — —— —— = v —— v —

Reflection Image Width (20 -90°) Lattice Rotation
(hk1l) (mm) (degs.) (rads)
051 0.246 67.38 0.0012
031 0.194 53.14 0.0023
042 0.144 36.88 0.0031
011 0.102 0.0 0.0034

024 0.208 36.88 0.0044

o —— o ————— ——————————— — A . S D D P YAE D N D W S Y D D D = = A T T - . ————— T ——— ——



53

The nature of the 1local
distortion can also be
studied by taking advan-
tage of the crystal sym-
metry properties. Figure
1 shows two SXRF
topographs taken on a Mo
crystal with the incident
on vector S, rotated 180°
between each topograph as
shown by arrows on the
figure; the image con-
trast is not equivalent.
The contrast is thus not
due to the strain tensor,
where of necessity ij
components must equal ji,
rather the contrast is
attributed to the 1local .
rigid body rotation at Fig. 1 SXRF for 5, = -5,

the crack-tip given by the curvature tensor Kiji. This ob-
servation may be re-lated to the dislocgtion tensor
described by Nye [4] to find that the excess density of edge
di?locations segments at the crack-tip is of the order of
101l cpm=2,

SUMMARY

The dislocation density and plastic zone size has been
determined for fine scale cracks in bulk crystals of a num-
ber of elastic-plastic cracks using a new non-destructive
synchrotron x-radiation imaging technique.
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X-RAY ANALYSIS OF PREFRACTURE ELASTIC AND PLASTIC STRAIN GRADIENTS

SIGMUND WEISSMANN
Department of Mechanics and Materials Science, College of Engineering,
Rutgers University, Piscataway, NJ 08854, USA.

INTRODUCTION

To characterize and to determine quantitatively elastic strains and
microplasticity in a material induced by deformation, it is most desir-
able that prior to deformation the material should contain none of them.
Silicon crystals fulfill this requirement because they can be obtained
free of elastic strains and of dislocations. At room temperature the
fracture characteristics are those of an ideal brittle material and
above 60% of Ty the crystals become ductile and behave like metal
crystals [1]. Comnsequently, silicon crystals were used as model mater-
ials for the elucidation of the strain gradients.

ANALYSIS OF ELASTIC STRAINS

The integrated X-ray reflectivity of elastically bent, perfect
Si crystals was calculated for Laue type of reflections covering the
entire curvature range. Anomalous transmission and elastic anisotropy
were taken into account, and it is shown that both these effects have
a substantial influence on the reflected intensities of weakly and
strongly bent crystals [2]. The validity of the reflectivity-versus-
curvature relation thus obtained was experimentally confirmed for a num-
ber of reflections as shown in Fig. 1; the solid curves representing
calculated values. The data acquisition from many (hkl) reflections
leads directly to the construction of a strain ellipsoid for every de-
formation stage. If stress raisers are present such as notches, holes
and inclusions, and if an external bending moment is applied, the lattice
curvature associated with stress raisers become locally enhanced, mani-
fested by local intensity enhancement. This enhancement was experimen-
tally determined for a variety of stress raisers by measuring on X-ray
topographs the reflected intensities from point-to-point along the path
of the strain gradient. Good agreement was obtained between experiment
and theoretical calculations based on continuum mechanics [3,4]. Elastic
strain interactions emanating from several stress raisers have also
been determined experimentally and the results are being compared to
those of finite element analysis. It is well known that in anisotropic
materials the triaxial, elastic strain distribution near a stress raiser
cannot be calculated theoretically. The preliminary X-ray studies, how-
ever, indicate that such determination can be achieved by X-ray intensity
measurements of several (hkl) reflections; the data acquisition being
greatly facilitated by using a white beam synchrotron source.

ANALYSIS OF PLASTIC STRAIN DISTRIBUTION
A computer-aided X-ray double crystal diffractometer method (CARCA)

was developed [5] to analyze the distribution of micro-plasticity induced
in single and doubly-notched silicon crystals deformed in mode I under
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plane~strain condition at 800°C. It was shown that at a very early
deformation stage the direction of the maximum plastic strain trajectory
in the plastic zone, manifested by maxima of measured lattice misalign-
ment, outlined the future zigzag fracture path (Fig. 2). The results
are complementary to the TEM studies of Gardner and Wilsdorf [6] and
particularly to those of Ohr and Narayan [7] and Horton and Ohr [8],
showing the assistance which cell and subgrain walls in the plastic zone
offer to crack propagation.
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Fig. 1 Dependence of calculated and
observed X-ray reflectivity on Impressed : 8 >2mn
curvature T YT %,

L]

Fig. 2 CARCA mapping of lattice misalign-
ment by plastic zone interaction; induced by tensile deformation of
doubly-notched silicon crystal (0=27.5 MPa, €=1.04%; MCA, multichannel
analyzer)
SUMMARY

Elastic strain gradients and strain interactions in 8i crystals,
induced by stress railsers, are determined by local measurements of re-
flected X~ray intensities. Microplastic strain gradients and inter~
actions are determined by X-ray double crystal diffractometry.
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INFLUENCE OF A PLASTIC ZONE ON THE STATIC AND DYNAMIC TOUGHNESS OF SILICON

G. MICHOT, G. CHAMPIER
Institut National Polytechnique de Lorraine - ENSMIM - Parc de Saurupt
54042 NANCY Cedex - FRANCE

I - EXPERIMENTAL RESULTS
A Timited {111} brittle cleavage crack has been introduced at 300 K

in dislocation free single crystals. Creep tests at high temperature
(T > 900 K) show a development

ST T T of a plastic zone for a stress
95 sk 3 1%tensity factor Ky higher than
< - Ki = 0.25 MPaym. After freezing-
o a5t el : in of the dislocations by cooling
: Pl down, the toughness increase of
er T e 1 the material has been measured
—_ w7 4 via fracture tests carried out
f . ¥ at 300 K (Fig.1) [1].
x.sL o Vo 4
? E 4 High temperature dynamic
251 . Pigure 1 7 tests have been performeg under
1L -------- e ; a constant opening rate § on pure

l crystals (FZ) and crystals with
t ‘ . : : P — oxygen (CZ). Under a critical
oo s e e s b temperature Tg, fracture occurs
for a low stress level, upper
Tc a strong plastic opening of the crack is observed (Fig.2). T¢ is clear-
1y higher for CZ crystals than for FZ crystals [2].
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IT - DISCUSSION

It can be shown that blunting is negligible [1,2,4]. The toughness
increase must be related essentially to a shielding effect. During a
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dynamic tensile test the applied stress field op aheadof the crack tip in-
creases. The shielding of the developing plastic zone corresponds to an
opposite stress field - gp depending on the ductility of the material and
Timited by the nucleation rate and mobility of dislocations. The mobility
beeing thermally activated, the higher the temperature, the more effective
will be the shielding. For a critical temperature T; a stationnary stress
field can be obtajned for dop/dt = dop/dt. The Arrhenius plot of the plas-
tic opening rate §, of the crack versus the brittle to ductile transition
temperature T¢ givgs the same value of the activation energy for disloca-
tion movement for FZ and CZ crystals as mentionned in the litterature [5].
This point could not be explained by a blunting model [6,2].

For this reason creep results have been interpreted with the help of
a mode 111 model : the equilibrium of a dislocation distribution submitted
to a K/v/r applied stress and -A/r image stress is solved using singular
integral equations methods [7]. Following Chang and Ohr [8] a DFZ has been
introduced. A complete solution needs one more additionnal information than
in the BCS model. This is obtained in our experiments in measuring
the shielding [aK| = K - Kig (Fig.1).

The threshold value KY is related to a barrier for inhomogeneous
nucleation. Numerical application of the model gives satisfying agreement
with the measured extension of the plastic zone [9] and number of disloca-
tions inside this plastic zone [4]. A reasonnable value of the friction
stress is also obtained.
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CRACR TIP SHIELDING BY DISLOCATION DEFORMATION IN IONIC AND DIAMOND CUBIC
SOLIDS

K.Y. CHIA AND S.J. BURNS

Materials Science Program
Department of Mechanical Engineering
University of Rochester

Rochegter, New York 14627

INTRODUCTION

Dislocations when emitted by a crack relax the crack tip stresses and
shield the true crack tip from the applied stress intensity factor, K.

The shielding of cracks by dislocations [1,2]1 and dislocation dipole {3}
arrangements, with the dislocation lines parallel to the crack front, have
been analyzed and are in the literature (the above references are not
intended to be complete).

Shielding and blunting phenomena have now been observed using etching
techniques for mode I and mode II cracks introduced into {100} surfaces of
LiF crystal slabs and {111} surfaces of Si crystals. Microhardness
indents, crack the LiF crystals on {110} planes and subseguently on
{100} planes. Both crack systems contain crack tip dislocations - the
{110} plane cracks have dislocations with Burgers' vectors perpendicular
to the crack plane when loaded in mode I. These cracks are very strongly
shielded and blunted. When loaded in mode II the dislocations have
Burgers' vectors that are parallel to the crack plane and the cracks are
shielded but not blunted. The {100} plane cracks are jogged by unigque
crack tip dislocations structures and are only partially shielded. These
cracks subsequently propagate and break the sample. Observations of
additional deformation and crack propagation after unloading will be
presented (see Figure 1).

Silicon crystals indented and cracked at elevated temperatures
produce crack tip deformation as observed by etching when subsequently
cooled, under load, to room temperature. The indents initially produce
cracks on three {112} planes. These cracks are shielded and blunted by
slip on {111} planes. At higher loads three additional {112} planes crack
with little or no shielding dislocations.
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Figure 1 - A crack tip deformation zone in LiF for a [100] plane crack.
The half dozen or so very large pits are from a pre=etch to show grown-in
dislocations. The larger pits are from etching while held under load.
The smallest pits are from etching after the load was removed. The crack
is on the left side of the photo. Note the symmetry of each slip system
about the crack plane.
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DISLOCATION DISTRIBUTION AROUND A CRACK TIP AND THE FRACTURE TOUGHNESS
IN NaCl CRYSTALS
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INTRODUCTION

Modification of the stress intensity factor for a mode I crack by dis-
locations introduced at the crack tip has been theoretically treated in
terms of crack tip shielding [1,2]. However, little observation has been
made on the actual configuration of dislocations in connection with frac-
ture toughness. The purpose of the present work is to obtain the quantita-
tive evidence for the crack tip shielding due to dislocations by the obser-
vation of dislocation etch-pits and the fracture toughness.

EXPERIMENTAL PROCEDURE

Single crystals of NaCl (99.95% purity) grown by Bridgman technique
were used. The crystals were cleaved along {100} plane into pieces for ten-
sile and fracture toughness tests. The fracture toughness tests were made
by using two kinds of loading methods, i.e., tensile loading on edge-cracked
specimens (ECT) having the <100> axis, and wedge opening loading of double
cantilever-beam type (DCB). The dimensions of tensile and ECT specimens are
3X3x%x40 mm, and of DCB specimens are 6 X 3 X 50 mm. To observe the disloca-
tion distribution, etch-pit tests were made by using an etchant developed
by Argon et al.[3]. The location of each dislocation etch-pit was read
from the photograph by use of a graphic digitizer, in order to calculate
the contribution to the local stress-intensity factor.

RESULTS AND DISCUSSION

NaCl crystals studied are easily deformed in tension at room tempera-
ture but are very brittle at 77 K. In specimens fractured at 77 K, the dis-
location density near the crack surface was only
about 106/cm2 or less. ECT and DCB specimens were
deformed at room temperature to introduce dislo-
cations of density about 107/cm2 near the crack
tip. In ECT specimens, dislocations were observ-
ed mostly in front of the crack tip along oblique
{110} slip planes. In DCB specimens, however,
dislocation clusters tend to appear behind the
crack tip. Such dislocation distribution in DCB
specimens may not give a large effect to the
stress intensity factor, as predicted from the
theory(1]. A half of ECT and DCB specimens were
directly subjected to fracture toughness tests

at 77 K. The others were annealed for 1 hr at Fig.l Dislocation
1033 K to remove the dislocations, and subse- distribution near
quently subject to the fracture toughness test crack tip in a DCB

at 77 K. The results for ECT and DCB specimens specimen deformed.
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are listed in Table 1; the increase of K¢ value - _ﬁg&'.i%
due to dislocations introduced is more pronounc- NG " "W
ed for ECT specimens than that for DCB specimens.

This implies that the method of loading affects
the value of Ki¢ through the configuration of
dislocations.

When a dislocation is located at (X,Y) on an
oblique {110} slip plane near the tip of crack
existing along the negative X-axis, the change
of stress intensity factor due to dislocations,
kd , can be expressed as [1l],

e HD = . -
kd == =Ty 53 PHE {q]¥] (2x-p) +(3p-2x)(p+X)}

Fig.2 The distribution
of dislocations intro-
duced around a crack
tip in a ECT specimen.

where L 1s the shear modulus, V the Poisson's
ratio, b the Burgers vector, p the distance be-
tween the dislocation and the crack tip (=vX2+Y2)
and q the parameter relating to the direction of the Burgers vector. In the
calculation, we assumed the parameter, ¢q , to be 1 for ECT and -1 for DCB
specimens by keeping in mind the slip direction of dislocation. The overall
value of kd arisen from dislocations was computed by using the etch-pit data
(Fig.2). The results show that the average kd values for ECT and DCB spec-
imens are about -0.4 and -0.3 MPa/m, respectively ; the values of |kd| are
somewhat larger than the actual increase of fracture toughness Kyc by the
introduction of dislocations, but the tendency is similar. The discrepancy
is ascribable to the presence of anti-shielding dislocations, i.e., dislo-
cations having the opposite Burgers vector.

To sum up, dislocations introduced around a crack tip really raise the
value of Kjc , and their configuration also has a substantial effect on the
fracture toughness.

Table 1 Values of Kic for NaCl crystals tested at 77K.

ECT type DCB type
Specimen Kic @a/m Kie (wparm)
a/W Average| @ (mm) Average |
0.257 0.211 17.32 | 0.245
0.320 | 0.225 13.00 | 0.236
As deformed at R.T. 0.320 | 0.241 0.224 | 9.88 | 0.159 0-20°
(with dislocations) 0.363 | 0.214 6.66 | 0.179
0.441 0.229
0.330 | 0.166 18.44 | 0.182
Annealed after deform. 0.348 | 0.163 0.168 15.?% 8.};; 0.170
. dislocations) 0.386 0.178 0. .
bl Shou 0.280 | 0.165 7.36 | 0.157
W : Width of specimen a : Crack length
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ON FAST FRACTURE AND CRACK ARREST

A. M. KUMAR*, N. XU**, G. T. HAHN***

*Graduate Student, Vanderbilt University, Nashville, TN; **Research
Engineer, Ministry of Nuclear Industry, Beijing, Peoples Republic of
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INTRODUCTION

The existing method for measuring crack arrest toughness, K1z [1],
does not produce enough crack driving force and is not suitable for
tough, arrester grade steels like HY-80, HY-100, and HY-130. Analytical
methods based on LEFM are not applicable for these toughness levels [2].
There is need for increasing the measuring capacity and for newer
approaches for characterizing arrest toughness. This paper describes a
"fast fracture loading device" designed to increase the elastic strain
energy release rate produced in conventional compact crack arrest test
specimens, and early test results obtained with this device for tough
aluminum and steel.

el
ooii i e 6N = 6y (d)
A= o
[ o::
© e:c 8
——ed )
L]
—
o 2419
c O
6| F—i& =
: o |
2 dp 34
Crack Length, a
Figure 1. Figure 2.

Figure 1 schematically describes the operation of the device. The
design provides more measuring capacity by attaching reusable, hardened
steel arms (B) to a small, precracked, and deeply face grooved test
specimen (A). The arms attached to the specimen are wedged open until
the notched bolt (C) breaks. The system then behaves as if a very
brittle crack were propagating from C to E. When this hypothetical crack
arrives at E, the energy release rate, GDYN, increases rapidly as shown
in FigurB 2. The pre-existing crack extends when thS Rropagating con-
dition G-¥Y" = Gy(4 ) is satisfied and arrests when 6Y" < Gy (a3 = 0)
= G3. The remaining kinetic energy is dissipated and the system
approaches the static configuration characterized by GStat, the static
energy release rate.

The average value of the propagating crack fracture energy, Gp,
expressed as an equivalent stress intensity parameter, Kip, was esti-



63

ma ted assuming all the energy is conserved or converted to fracture

energy. The energy values U{a = ag) and U{a = aj) were calculated from
the compliance of the device, just before the rupture of the notched

bolt and after crack arrest derived from a finite element model. A

Tower bound value of Ga, eégg%ssed as a strain intensity parameter,

K was obtained from G- evaluated at arrest. The above calcu-
{a,LB . .

1ations are summarized in Table I,

RESULTS

Table I. Summary of compliance analysis using energy balance.

Specimen  B,/B* Ula=a,) ula=aj) G Xip Ca K

(J) W wIm2y e el (B
HY-80 802 712.8 416.0 5499 1099.3 259 >172
Steel
;$75- 25% 808.0 357.0 2439 430.0 226 >156

*By = Notched thickness, B = Full thickness, **From Dantam L3].

It is to be observed that Kyp is very large due to the combined
effect of rising R-Curve and further increase due to high crack velocity.
Kgr values determined from ordinary J-test are for zero crack velocity,
and due to the effect of velocity the Kgr values seem to approximately
double, This observation is qualitatively consistent with the calcula-
tions of Hoff [4] and experimental measurements {5]1. The value of Kgja,
an estimate of arrest toughness derived from the static Jp-curve: Kgz =
Kgg (42 = 1.5 mm), is consistent with Ky, | p, the lower bound estimate.

CONCLUSIONS

Tough materials are very resistant to rapidily propagating crack,
and can absorb the kinetic energy released. J-resistance curve can
provide an estimate of arrest capability.
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STATICS AND DYNAMICS OF SINGLE CRYSTAL CLEAVAGE

WILLIAM W. GERBERICH
Chemical Engineering and Materials Science, University of Minnesota,

Minneapolis, MN 55455

A combination of continuum fracture mechanics and dislocation-
micromechanics is being applied to the understanding of cleavage
fracture in Fe-4 at,.% Si. For measured velocities up to 800 m/s, the
surface plasticity is being measured with an electron channeling tech-
nique which will be described in some detail. The plasticity is shown
to account for much of the energy dissipation at initiation. 1Is this
fortuitous? Related to this question are some surprising features of
the fracture surface, ligaments and ledges, which form at cleavage steps
between parallel {100} fracture planes. The importance of these to the
surface plasticity as well as to the effective stress intensity and
hence the effective surface energy is giwven.
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PROPAGATION OF CLEAVAGE CRACK IN IRON AND LIF SINGLE CRYSTALS

K. KITAJIMA
Research Institute for Applied Mechanics, Kyusyu University,
¥Kasuga-koen 6, Xasuga-shi, Pukuocka 816, Japan

Characteristic mechanisms of cleavage fracture of semi-brittle and
brittle materials are discussed based on the experimental evidences
obtained using iron and LiF single crystals.

The evidences of thermally activated nucleation of dislocation loops
observed at the tip of fast propagating cleavage crack suggest the
condition at the tip of the crack, (tth/gth) 2 {rmax/omax), where T th
and oth are the critical stresses of slip and separation of lattice, and
Tmax and omax the maximum shear and tensile stresses operating at the
tip of crack. ’

On the other hand, the evidences of athermal nucleation of disloca-
tion loops produced by indentation in LiF suggest that some type of
dislocation sources with various sizes present even in high purity
crystals, and this explain the production of dislocation loops at the
tip of propagating crack under condition of (tth/gGth) > (Tmax/omax) in
the crystals.

Calculations are then presented for the plastic work depending on
temperature and velocity of crack, and applied to the explanations for
various experimental evidences observed.

An explanation was suggested on the increase or decrease of
ductitily of iron by alloying of Ni or $i, which is known to be
austenite stabilizing or destabilizing element respectively,
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ENVIRONMENTAL CELL HVEM STUDIES OF HYDROGEN EFFECTS ON DEFORMATION AND
FRACTURE

H.K. BIRNBAUM, I.M. ROBERTSON, D. SHIH, AND G,M. BOND
Department of Metallurgy and Mining Engineering and Materials Research
Laboratory, University of I11inois, Urbana, IL 61801, USA

The deformation and fracture of a number of metallic systems have
been studied using environmental cell techniques in the Argonne National
Laboratory HVEM. In situ dynamic studies have been performed as the
specimens were stressed in vacuum and in atmospheres of H, or Hy
saturated with Ho0. The responses of the materials were recorded
dynamically using video techniques. While the pressures in the
environmental cell were limited to about 300 torr by electron scattering
from the gas, the fugacity of the hydrogen was very much greater. This
fugacity was estimated from studies of the bubble formation under the
aluminum oxide to be in excess of about 400 atmospheres. The high
hydrogen fugacity probably results from dissociation and possibly
jonization of the hydrogen under the electron beam.

The specimen behavior was studied during slow strain rate tensile
deformation, during constant displacement relaxation and during constant
lToad relaxations. In broad outline, the behavior of the material was
consistent for these three modes of loading. The deformation mode was
tension and the general fracture mode cbserved was primarily Mode I
transgranular fracture. In a few cases, Mode II fracture was observed
and a few cases of intergranular fracture were studied.

A number of systems have been examined with these technigues. These
include hydride formers such as alpha and beta Ti, non-hydride formers
such as Fe and Ni alloys, possible hydride formers such as Al and Al
based alloys, and high strength alloys such as gamma prime strengthened
Ni superalloys. These were chosen to illucidate the various mechanisms
of hydrogen embrittiement which have heen suggested in the literature.

While relatively "thick" specimens could be used in the HVEM, the
stress state of the crack tips was still plane stress. The question of
whether the behavior observed in the electron microscope was
characteristic of thick specimens is of concern. This issue was
addressed by a parallel series of experiment which used relatively thick
specimens; the behavior of which was studied by in situ SEM deformation
and fracture studies as well as slow strain rate deformation and fracture
studies. It will be demonstrated that the results observed in the HVEM
are characteristic of those observed in more macroscopic specimens and
that while the details of some of the observations may be affected by the
plane stress nature of the HVEM observations, the general conclusions
drawn are not unique to thin specimens.

Two mechanisms of "hydrogen embrittlement" have been observed;
stress induced hydride formation and fracture and hydrogen enhanced local
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plasticity. The former mechanism had been well established in the group
Vb metals and the present work extends these observations to alpha Ti
alloys. Dynamic observations of the growth of the hydrides at the crack
tips and the subsequent fracture of the hydrides have been made. The
conditions for the growth of the hydrides will be discussed.

In the case of the non-hydride forming systems, "hydrogen embrittle-
ment" was caused by hydrogen enhanced dislocation mobility and the
Tocalization of the deformation in the vicinity of the crack tips.
Introduction of hydrogen into the specimens or into the environmental
cell resulted in an increase of dislocation velocities for both screw and
mixed disloctions. Crack propagation occurred as a result of the
enhanced plastic deformation at the crack tip when hydrogen was added to
the environment. Thus a crack which was stable in vacuum at constant
stress could be started or stopped by the addition or removal of hydrogen
from the environment. The fracture mechanism in vacuum and in hydrogen
atmospheres were essentially the same; a failure due to local plastic
processes. The significant differences were that these processes
occurred at much lower stresses in hydrogen atmospheres and appeared to
be more localized than in specimens stressed in vacuum. Hydrogen related
fracture occurred along slip planes and appeared to be "brittle" when
viewed at relatively low resolution, as the plasticity was localized to
regions close the fracture surfaces. Careful observations of the
fracture surfaces of macroscopic specimens revealed features which could
be directly associated with the microscopic observations. These support
our contention that the microscopic obhservations are not gqualitatively
different than those which characterize fracture of large sections.

This work was supported by the Department of Energy through contract
DE ACOZ 76 ERQ1198,
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EFFECTS OF HYDROGEN ON DEFORMATION AND FRACTURE OF ITRON*

M. MESHII

Materials Research Center and Department of Materials Science
and Engineering, Northwestern University, 2145 Sheridan Rd.,
Evanston, 1L 60201, USA

The multiplicity of effects of hydrogen on mechanical properties of
metals has been the difficulty in understanding hydrogen embrittlement,
but can be rationalized by examining the states of hydrogen in metals
and relating each state to various observations of mechanical effects.
The state of hydrogen was examined by measuring hydrogen evolution in a
UHV system during isochronal and isothermal annealing. It was found
that the method of hydrogen charging into a specimen and the structure
of the specimen strongly influenced the state of hydrogen. For example,
the electro-chemical charging produces a large quantity of molecular
hydrogen strongly trapped in micro-cavities, while the hydrogen intro-
duced into a specimen by quenching from a high temperature in the hydro-
gen atmosphere is highly mobile and is thought to be in solution in
iron. The presence of grain boundaries promotes the gaseous precipita-
tion of hydrogen by forming microcracks at the boundaries.

A softening effect has been observed in iron single crystals to
which hydrogen is introduced by the high temperature quenching technique
1n the temperature range between 77 and 200 K. Therefore, the softening
effect must be caused by the interaction of solute hydrogen with dislo-
cations, proving the presence of the intrinsic softening effect of
hydrogen. The presence of hydrogen also lowers the twinning stress.
The formation of micro-cavities due to the precipitation of gaseous
hydrogen causes a hardening effect which persists after the complete
evolution of hydrogen at elevated temperatures. It also has been shown
that hydrogen—-solute atom complexes also cause a hardening effect.

Hydrogen-induced fracture takes place in a number of different
ways. The lowering of twinning stress promotes cleavage fracture in
iron. Hydrogen also induces quasi-cleavage fracture: this mode of
fracture is caused by the severe localization of plastic deformation.
Therefore, the fracture is dominated by shear in spite of the implica-~
tion of this terminology. The presence of hydrogen in a highly mobile
form is required for this fracture mode to take place.

Hydrogen also promotes the intergranular fracture by two different
mechanisms. The segregation of hydrogen as solutes onto grain boundaries
lowers the cohesion across the boundaries. The magnitude of the reduc-
tion in the fracture stress per atomic fraction has been estimated for
hydrogen and is significantly higher than those of other grain boundary
weakening elements such as sulfur. Since this fracture is caused by
hydrogen as solutes which are highly mdbile, the effect can be complete-

*Based on research projects sponsored by the NSF-MRL program through the
Northwestern University Materials Research Center and the Department of
Energy.
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ly removed by aging at room temperature when the supersaturation of
hydrogen is relatively low. On the other hand, hydrogen preferentially
precipitates along grain boundaries and forms microcracks when the
supersaturation becomes high. These microcracks lower the intergranular
fracture stress, thus, the intergranular fracture is promoted even after
hydrogen diffuses out of a specimen. Since the sintering of the micro-
cracks is considerably slower than the hydrogen evolution out of the
specimen, the effect can be considered as permanent.
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BYDROGHN ASSTSTED CRACK GROANTH IN SINGLE AND BICRYSTALS
OF FEST AND NI

Horst Vehoff
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INTRODUCTION

Liquid metal embrittlement (IMB), hydrogen embrittlement (HE) and
temper anbrittlement (TE), have many properties in camoon, which can be
explained by similar mechanisms. The necessary requirements for environ—
mental assisted brittle crack growth are a local stress concentration
together with a local enrichment of the embrittling agent. On stressed
interfaces, concentrations in the order of unity are nseded to odbtain a
significant mean reduction of the cochesive forces. Therefore, interfaces
which are sensitive to embrittlement must be effective sinks but not vice
versa,

It is now assumed that the stressed bonds at the crack tip as well
as the dense dislocation structure at the tip are effective traps. These
traps are continuously praduced during straining. The bonds break if a
critical concentration and a critical stress is reached locally. A contin-
uwous transport of the envirooment to the stressed region is needed in
order to fill the newly produced traps.

RESULTS AND DISCUSSION

In pure metallic single and bicrystals, bond breaking and dislo~
cation amission must occur simultanecusly, since the local stress ampli-
tude at the tip of a sharp crack is large enough to activate dislocation
sources, We now postulate that, for a given stress, the mwbher of bonds
which cleave per emitted dislocation is simply proportional to the atamic
fraction of hydrogen in the defect field.

Crack growth tests in oriented single and bicrystals have shown that
the crack tip opening angle decreases with increasing hydrogen pressure
for cracks, which grow with a constant rate. For the typical V-shaped
cracks dbtained in these tests, a simple geometric consideration shows,
that the increase in the cotangent of the crack tip opening angle, a_, ,
is linearly related to the rumber of bonds which break per anitted dislo-
cation. This angle change is measured as a function of the hydrogen pres—
Sure, Dyo, temperature, T and frequency. If a, is linearly related
to x, thé hydrogen coverage, as postulated above, a Langmiir-McLean plot
of the pressure and temperature dependence of 3. should give a
straigth line.
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log (TP * (1-X/X) [Pa"2)
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22KY 100HM 79. 064

Fig. 1l: Mclean plot of x = anh/kl Fig. 2. Fracture and side surface
vs. 1/T of a Ni bicrystal after crack-
growth in hydrogen and in vacuum.

Results obtained from tests on Ni and FeSi single crystals are shown
in Fig.l [1,2]. This plot supports the assumption that for a nearly con-
stant stress state, which can be realized in fully plastic specimens, the
number of bonds which break per emitted dislocation is simply proportion-
al to the atomic fraction of hydrogen in the defect field. In addition,
the strong frequency and temperature dependence of a_,, observed in Ni
single crystals, can be only explained if fracture occurs within a zone
of less than 10 nm from the crack tip [2].

On the other hand, under otherwise identical conditions, Ni bicrys-
tals show increasing embrittlement with increasing sulphur coverage on
the grain boundary . For the severest heat treatment, clear Kikuchi pat-
terns can be observed on_&he fracture surface. But, if the hydrogen pres-
sure is reduced below 10 ° Pa, ductile crack growth is observed again
as can be seen on Fig.2. FeSi bicrystals, however, which are found to be
strongly sensitive to stress corrosion cracking, show no intergranular
cracking in hydrogen gas. Therefore, HE strongly depends on the chemical
nature of the stressed bonds. In order to understand the role of hydrogen
and of impurities in reducing the cohesive strength, cluster calculations
are needed, which simulate the actual conditions at the crack tip.
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CALCULATIONS OF TWO-DIMENSIONAL TRANSIENT CONCENTRATION PROFILES DURING
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Mat. Sci. and Engrg., University of Texas at Austin, Austin, TX 78712,

The tendency for solute atoms to redistribute due to a stress-induced
chemical potential gradient has long been accepted. Such redistribution
in the hydrostatic stress field at the tip of a loaded crack has been pro-
posed as the rate controlling step in hydrogen-assisted sustained load
cracking of metals in inert atmospheres, where the bulk hydrogen content
is too low to cause embrittlement if randomly distributed. Calculation of
the kinetics and degree of the redistribution of hydrogen about a loaded
crack tip have been hindered by the lack of a suitable crack tip stress
field.

In the present study, a closed~-form crack tip hydrostatic stress
field was developed based upon the approach of Baremblatt [1]. The solu-
tion 1is unique in that the stresses are finite and continuous at all
points. Although an analytical solution to the governing partial differ-
ential equation was not possible, a numerical procedure was established,
which incorporates the desired stress field., 1In the calculations, the
maximum hydrostatic stress was assumed to occur at the elastic-plastic
boundary directly ahead of the crack or notch, Calculated concentration
profiles at observed incubation times for cracking in 4340 steel and
Ti-6A1 have been obtained. These profiles have been rationalized with
respect to the various fracture mechanisms proposed for these materials,

Table I gives a comparison of calculated maximum concentration en-
hancement ratios for times equivalent to those observed by Page and
Gerberich [2] in 4340 steel as a function of notch roof radius (and,
therefore, maximum hydrostatic stress).

Table I. Maximum hydrogen concentration enhancement ratios calculated for
4340 steel.

Calculated
Maximum
Calclulated Maximum Equilibrium
Applied Stress Plastic Zone Concentration En- Concentra-
Intensity Length Ahead Incubation hanacement Ratio at tion En-
(mPa vm) of Notch(um) Time (sec) Incubation Time hancement
Ratio
54.9 175 120 1.74 14.34
54.9 325 370 1.59 6.86

54.9 475 920 1.70 4,82
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As can be seen from the table, although the equilibrium concentration en-
hancement ratios at the elastic-plastic boundary ahead of the notch varied
by a factor of 3 the maximum value achieved before fracture was essential-
ly constant. The full two-dimensional distributions were also equiva-~
lent. Thus, in the case of 4340 steel, the results support the conten-
tions of Troiano [1] that a critical distribution of hydrogen is required
for embrittliement and that the distribution is not dependent on the stress
level. The results are also qualitatively in agreement with general
trends observed im crack velocity as a function of applied stress inten~
sity and yield strength [3].

The results of calculations in Ti-6A1 suggest that there iz no cor-
relation between cracking and solute redistribution due to stress-assisted
diffusion. Cracking was not observed in specimens which were predicted to
have significant enhancement of hydrogen above the stress-free solvus
value. On the other hand, significant cracking was observed in specimens
tested below room temperature where the predicted redistribution Is trivi-
al, The data in this case support the conclusions of Pardee and Paton [4]
which suggest that the nucleation kinetics for hydride formation control
sustained-load crack growth kinetics In titanium alloys,
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CHEMISTRY AND FRACTURE

M. E. Eberhart and R. M. Latanision
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INTRODUCTION

In the final analysis fracture, regardless of origin, is the macro-
scapic manifestation of the breaking of chemical bonds. Consequently, a
complete view of fracture, and certainly an atomistic understanding,
requires a description of what it means to break a chemical bond. Despite
the fact that there has been much recent attention directed toward
gaining a first principles understanding of the origin and mechanisms of
environmentally induced intergranular embrittlement (1-5), an electronic
description of a broken bond has not been forthcoming. This is almost
certainly because the idea of a broken bond is treated as a fundamental
concept, not requiring further definition, within the metallurgical
community. However, an electronic understanding of bond breaking is
fundamental to the study of chemical reaction thecry. Here we exploit
chemical reaction theory to describe the electronic process leading to
bond breaking. It will be shown that a broken bond is characterized
by a unique feature of the electronic structure which allows one to
utilize molecular orbital theovy to suggest possible mechanisms for
embrittiement.

BOND FORMATION AND BOND BREAKING

In order to understand the electronic origins of bond breaking it is
first necessary to describe the process of bond formation. Therefore,
consider that the products of a cleavage process are to be brought
together so as to form a single system (as if the fracture is to be
healed). Each of the cleavage products is characterized by an electronic
charge distribution which is fully determined by the wavefunction. The
wavefunction derives its name from the fact that it behaves mathematically
as a wave, that is, the tails of the wavefunctions corresponding to
each of tne cleavage products can interfere when they are brought near
each other., Just as waves can interefere constructively or destructively,
so too do the tails of the wavefunctions of the cleavage products.
Therefore, when the cleavage products are brought together, two new
wavefunctions will be formed; one in which the tails of the original
wavefunctions add constructively, and another where they add destructively.
The new wavefunction resulting from constructive interference generally
is of lower energy than the wavefunction resulting from destructive
interference. For a system which s to be bound all of the electrons will
occupy the wavefunction of lowest energy (pictured in Fig. 1). The impor-
tant point is that the process can be reversed, that a material can be
strained and the wavefunction resulting from destructive interference will
move down in energy, while the wavefunction corresponding to constructive
interference will begin to move up in energy. When both of these wave-
functions are of egual energy, i.e. degenerate, the bond between the two
products of the cleavage process is broken.
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Figure 1. The process of bond formation. The two wavefunctions of the
cleavage products are shown to the right and left. When brought together
these wavefunctions overlap constructively and destructively to form the
two new wavefunctions shown in the center. Fracture is just the reverse
of this process and must be characterized by a degenerate pair of wave-
functions.

What we are suggesting is that a broken bond must be characterized
by degenerate wavefunctions. There is a good deal of experimental
support for this view. For example, an EPR experiment detects unpaired
electrons, which can oniy be unpaired when a degeneracy of the type
discussed above exists. EPR experiments performed on polymeric systems
broken in tension reveal the existence of unpaired electrons that
accompany the fracture of the system.

The simplifying point to the above comments is that degeneracies
and the underlying causes of degeneracies are easily identifiable
through first principle quantum mechanical calculations. While on the
other hand, there is currently no feasible way to determine the energy
differences that are responsible for brittle failure. As a result, it is
possible to ascertain information regarding the mechanism of hydrogen
embrittlement (6,7), for example, without the necessity to calculate
thermodynamic data (as will be demonstrated in the oral presentation
accompanying this extended abstract).
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SLECTROCHEMICAL. REACTICNS AND CORROSION FATIGUE OF FERROUS ALLOYS

R. P. Wei
Department of Mechanical Engineering and Mechanics,
Lehigh University, Bethlehem, PA 18015 USA

Corrosion fatigue crack growth of ferrous alloys in aqueous envi-
ronments is an important technological problem in terms of the durabil-
ity and reliability of engineering systems. Accumulating evidence now
clearly shows a strong dependence of corrosion fatigue crack growth rate
on the cyclic-load frequency and temperature, Crack growth rates tend
to increase with decreases in frequency. The overall crack growth
response tends to shift to higher frequencies (or shorter times per
cycle) with increases in temperature, and exhibits "structure". The
evidence strongly indicates electrochemical reaction rate control of
corrosion fatigue crack growth, with the frequency dependent structure
corresponding to specific electrochemical reactions with the eaviron-
ment. To provide a better understanding of the relationship between the
kinetics of electrochemical reactions and corrosion fatigue crack growth
response, coordinated electrochemical and fatigue crack growth experi-
ments on high strength steels have been and are being carried out. A
review of the background and the data is given to illustrate the current
state of understanding. The need for cooperative research by chemists,
solid-state physicists and materials scientists tc further advance the
understanding of this important problem is discussed.

Fatigue crack growth experiments have been and are being carried
out, under prescribed mechanical driving force (constant stress inten-—
sity range), over a range of frequencies (0.03 to 10 Hz) and tempera-
tures (275 to 363 K) on a number of steels in distilled water, and
acetate buffer, carbonate-bicarbonate, sodium chloride and sodium sul-
fate solutions. The results show consistent increase of corrosion
fatigue crack growth rate with decreasing frequency, and a shift in
response to higher frequencies (or shorter exposure times per cycle)
with increasing temperature. The dependence on frequency and tempera-
ture is consistent with electrochemical reaction control, and the pres-
ence of specific ions appears principally to moderate (or retard) the
kinetics of the electrochemical reactions.

To establish the relationship between electrochemical reactions and
corrosion fatigue crack growth in high strength steels, a special tech-
nique was developed to measure the galvanic current transient between a
"clean" surface and a surface (of the same material) that had been
"oxidized" in the electrolyte. The technique is intended to simulate
reactions at the crack tip under freely corroding conditions, and the
galvanic current transients are expected to provide information on the
kinetics of these reactions. Based on experimental simplicity and on
the rapid production of a relatively large area of fresh surfaces, the
"clean" surface is obtained by in-situ fracture of a sharply notched
round tension specimen., Counter electrodes made from the same material
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are placed concentrically around the working electrode. The ratio of
geometric surface areas between the counter electrodes and the fracture
surfaces is greater than 250:1.

In the experiment, the counter electrodes are first "cathodically
cleaned" in the electrolyte, and are allowed to equilibrate under open
circuitconditions to establish a surface condition that would simulate
that of the "oxidized" crack flank. The electrolyte is flushed out and
is replaced with a fresh solution, and the test specimen (working elec-
trode) is then loaded to failure to exposure new surfaces. The result-
ing galvanic current transient and the mixed potential are measured with
a potentiostat operated as a zero-impedance ammeter, and are recorded
digitally for further analyses. Although the technique is designed to
measure the galvanic current transient, because of the large ratio
between the surface areas of the counter and working electrodes, the
measurements would correspond to those of a potentiostatic experiment
at the free corrosion potential, It is expected that the technique can
be adapted for measuring the kinetics of reactions under potentiostatic
conditions.

Experiments have been carried out at several temperatures on high
strength steels in several deaerated solutions used in the crack growth
experiments. The current transients indicate the operation of several
processes, and show clearly the influence of temperature. The very fast
initial decay may be associated with the initial chemisorption of water
or with the formation of the double layer. The slower portions are
tentatively identified with anodic reactions that control corrosion
fatigue crack growth response. Preliminary estimates of "time con-
stants" and apparent activation energy associated with these reactions
are consistent with that obtained from available fatigue crack growth
data, and tend to confirm electrochemical reaction control of corrosion
fatigue crack growth.

The need for more detailed studies of the mechanisms and kinetics
of electrochemical reactions, however, is indicated and is discussed.
The relevance of this finding to reliable service life prediction is
considered.
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STRERR CORGZOSION CRACKTING OF HIGH-STRENGTH STELL UNDER MODE III LOADING

Wu~Yang Chu, Chi-Mei Hsiazo and Bai~Ji Xux
Dept. of Metal thysics, Beijing Univ. of Iron and Steel Technology,
Beijing CHINA

The 30Cr¥n3iNiz Stecl with tensile strength 1750MPa was used. The
circular notched specimen was of gauge diameter 14mm and the radius of
the notch was about 0.3 mm. Hydrogen induced cracking under lode 11T
loading can occur during dynamic caarging in 1N HpSOy + 2.25g/L As203
golution and the cracks initiate and propagate intergranularly along the
planes inclined at 45° to the original notch plane. For a precharged
ITT type specimen loaded in alr undsr constant toque, hydrogen induced
cracking can also occur along the 45° planes. However, if the precharged
11T type specimen was twisted ~to Tailure immediately, a flat fracutire
surface will be obtained, which is composed of torsional dimples (1,2)
The threshold stress intensity of hydrogen induced fracture during dy-
namic charging under Mode III and Liode I loading were KIIIH/KIIIX?O-17
and KIH/KIX?O.O4S, respectively.

Stress corrosion cracking of the high-strength steel in 3.5% NaCl
solution can also occur under lode 111 loading. The stress corrosion
cracking initiate and grow iutergranularly along the planes inclined at
459, similar to hydrogen induced cracking under liode III loading. If 1g/L

thiourea as a poison is added into the 3.5% NaCl solution, the similaxr
result will be obtained. The threshold stress intensity of stress corro-
sion cracking undcr liode IIT and Mode I loading were KIIISCC/KIIIX‘ 0.73
and. KISCC/KIX=O.42, respectively. If there wes a poison in the solution,
the corresponding values were KIIISCC/KIIIXEO°4O and KISCC/KIX?O-129 re—
spectively.

The strain field of hydrogen in G-Fe is non-spherical symmetxy,
Le@ey £, >Eé2=533 (3). Therefore, there is an interaction between hy-
drogen ~toms and the torsional stress field and a minimum interactive
energy on the planes inclined at 45%; i.e.,

U . = ~0.53 a(

min &4 - E50)T (1)

22

where ‘¥ =K117/(* @)%, which is a torsional stress at the notch tip in
the IIT type specimen. Hydrogen will enrich toward these planes and the
equilibrium hydrogen concentration on these planes is

1
C=C, exp(0.53 a3( 811”%2) KHI/RT('H 27y (2)

when the hydrogen concentration reaches a critical value C¢p, the hydyo-
gen induced cracking will occur. In this case, KIiTr=iryry-
Therefore, we can get
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For I type crack, we obtain similarly

N
K = RI(™ A7 In 525 / 2 (1,488 ,+ 1.028,)  (4)

0

Our work showed that £41=0.177, 522=833=0-026 (3). ‘Therefore

Kiron/Koy = (1.408, + 1.068,,)/ 0.53(&,-§,,) =2.3

which is close to the experimental result, i.e., KTTTH/Kig=3.2.

Since K111y is larger than Kyy, though Kirrsce is larger then KI3CC»
we still consider that treﬁw corrosion cracking of high*strength steel
under liode IIT loading is a kind of hydrogen induced cracking. The rea—
song are below.

i. Stress corrosion cracking under uode IIT loading initiate and propa-
gate along the planes inclined at 45 s similar to hydrogen induced
cracking and both have the same fractograph.

2. The addition of a poison decreased the threshold value for stress
corrosion cracking under Mode IIT and lode I loading.

3. The influence of loading mode on sitress corrosion oracking was con-
sistent with that on hydrogen induced cracking.

(1) W.Y.Chu, C.M.Hsico, S.7.Ju and C.Wang, Corrosion 38 446-452(1982).
(2) W.Y.Chu, T.Y.Zhang, C.l.Hsiao, Corrosion 40 197- 199(1984).
(3) T.Y.Zhang, W.7.Chu, C.lLHsieo, Scri. Metall. 19 271-274(1985).
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EVIDENCE FOR AN ADSORPTION-INDUCED LOCALISED-SLIP  MECHANISM  OF
ENVIRONMENTALLY ASSISTED CRACKING

*

g. P. LYNCH

Aeronautical Research Laboratories, Defence Science and Technology
Organisation, Dept. of Defence, Melbourne, Australia

INTRODUCTION

Detailed metallographic and fractographic comparisons of hydrogen-
assisted cracking (HAC) and stress-corrosion cracking (SCC) with
adsorption—induced liquid-metal embrittlement (LME) 1in a number of
materials suggest that HAC and SCC are commonly caused by adsorbed
hydrogen rather than by dissolved hydrogen, hydrides, or dissolution [1-
3]. These observations also suggest that crack growth is accomplished by
localised slip rather than by decohesion. Results for single crystals of
nickel (fcec), iron-silicon (bcc), and magnesium (cph) are outlined below.

RESULTS

Nickel Single Crystals [1,2]: Crack growth in specimens, with a <100>
axis, 1in gaseous hydrogen and in liquid mercury at 25°C produced
cleavage~like fractures approximately parallel to {100} planes (on a
macroscopic scale) with crack froants parallel to <110> directions;

extensive slip was observed on 111} planes intersecting cracks. For
crystal orientations such that {100} planes were at large angles to the
specimen axis, deviations of fracture planes of up to 253° from

{100} planes were often observed in both environments. The detailed
appearance of fracture surfaces, e.g. numbers of serrated steps, tear
ridges, dimples, slip lines, varied with crystal orientation but was the
same 1in mevrcury and hydrogen for each orientation. Fracture surface
characteristics were not wmarkedly affected by strain rate and
embrittlement was observed at crack velocities as high as Imm/s in
hydrogen and 10mm/s in mercury.

Fe 2.67 Si Single Crystals [3,4]: Slow crack growth (~0.002mm/s) in
specimens, with a <100> axis, in gaseous hydrogen (at 25°C) and rapid
crack growth (~I10mm/s) in liquid lithium (at 220°C) produced cleavage-
like fracture surfaces parallel to {100} planes with crack fronts
parallel to <110> directions; significant slip was observed on

ﬂlZ} planes 1intersecting cracks. Fine details on fracture surfaces,
e.g. river lines, tear ridges, were similar in both environments.

Magnesium Single Crystals [3]: Crack growth in specimens, with a wide
variety of orientations, in an aqueous NaCl+K,Cr0, eunvironment at 25°C,
liquid sodium at 120°c, and dry air at 25°c-120°C produced fluted
fracture surfaces which were macroscopically parallel to {YTOZ} planes;
crack growth generally occurred in an overall <1101> direction with slip
predominantly on pyramidal planes intersecting cracks. Flutes produced
in aqueous and sodium environments were mwmuch shallower than those
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produced in dry air (Fig. 1). Fracture surface characteristics were not
markedly affected by strain rate and embrittlement was observed at crack
velocities as high as ~10mm/s in both sodium and aqueous environments.

FIG. 1 SEM of fracture surfaces of magnesium produced by crack growth
in (a) liquid sodium, (b) NaCl+K,Cr0,, and (c) dry air environments.

DISCUSSION

The observations that fracture planes and directions, active slip
planes, and fine details on fracture surfaces are the same for HAC/SCC
fractures as for LME fractures strongly suggest that the mechanism of
embrittlement 1is the same 1in all the environments. Observations of
embrittlement under conditions where hydrogen does not have time to
diffuse ahead of cracks, e.g. at high crack velocities for HAC of nickel
and SCC of magnesium, HAC of nickel at 77K [5), support this suggestion.

The metallographic and fractographic observations, e.g. large
localised strains beneath fractures, slip on planes intersecting cracks,
dimples, flutes, tear ridges on fracture surfaces, suggest that HAC, SCC
and LME occur by a plastic-flow/microvoid-coalescence process that 1is
more localised than that which occurs in 1inert environments.
Specifically, it has been proposed that adsorption reduces the strength
of interatomic bonds at crack tips thereby facilitating the nucleation of
dislocations and promoting the coalescence of cracks with small voids
ahead of cracks, as described in detail elsewhere [1,2].
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THE RESTRAINING EFFECT OF CLEAVAGE LIGAMENTS IN TRANSGRANULAR STRESS
CORROSION CRACKING OF FCC ALLOYS

M. J. KAUFMAN,* E. N. PUGH,* AND A. J. FORTY ¥*
¥National Bureau of Standards, Gaithersburg, MD 20899, USA
¥*Dept. of Physics, University of Warwick, Coventry CV4 T7AL, UK

It is characteristic of transgranular stress corrosion cracking
(T-SCC) in FCC alloys that the fracture resembles cleavage of brittle
solids although these metals are normally ductile. The crack surfaces
show extensive faceting and cleavage steps [1]. Furthermore, measure-
ments of the crack velocity obtained by periodically pulsing the load
on a test plece have shown that the fracture proceeds by short steps of
fast cleavage between periods of natural crack arrest [2]. It is sup-
posed that re-initiation of the brittle cleavage after each arrest
follows chemical embrittlement of the material at the tip of the crack
by the corrosive environment [3]. This phenomenological description of
the stress corrosion crack raises the important question of whether it
is possible for a brittle crack to propagate in a ductile material, and
the equally important question of why the cleavage occurs discontinu-
ously. This paper is concerned only with the latter question.

It has been suggested [U4] that the work done in forming cleavage
steps may be an important contribution to the work of fracture in quasi-
brittle cleavage. Cleavage steps may be considered to be formed by the
breakdown of the ligaments arising from the overlap of neighboring cleav=~
age facets as the fracture is propagated. 1If, as seems likely for a
ductile metal, this breakdown occurs by shearing of the ligaments, which
presumably occurs at a lower velocity than the overall cleavage, then
the length of unfractured ligaments should increase during a crack pro-
pagation event and thereby increase in load bearing capacity. It is
possible that crack arrest, and hence the discontinuous nature of T-SCC,
is a direct consequence of this. This would explain why the propagation
of T-SCC is favored in the case of a-brass since the shearing of the
ligaments by planar slip absorbs relatively little energy whereas for
pure copper the ligaments rupture less readily making propagation more
difficult.

We have investigated this possibility considering two modes of step
formation. The first of these envisages step formation to be a simultan-
eous shear of a ligament which shows that for ligament thickness, h,
and yield stress, t,, the work to create unit length of step is _approxi-
mately 1 h2 and the energy absorption for n such steps is nt,h=., 1In
practice a cleavage surface has a distribution n(h) of step heights but
we assume this simplified model for the purpose of an estimate. The
energy for step formation is supplied by the release of potential energy
which otherwise, for a brittle crack, is used to create new crack sur-
face of energy density Y, satisfying the Griffith condition. The energy
absorbed during crack _advance by the shearing of 10- ligaments m"1 of
crack front, each 10 'm thick, under a yield stress of 10 Nm"2 is
about 1Jm_2 which is comparable with Y. Step densities of this kind
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are commonly found on T-SCC fracture surfaces in brasses and stainless
steels.

The second estimate considers the ligament to be deforming in anti-
plane strain so that the cleavage step is formed by a highly localized
progressive shear which propagates along the ligament under an applied
stress well below the yield stress. The tearing of the ligament can
therefore be modelled by the motion of a distribution of dislocations in
the manner first suggested by Bilby, Cottrell and Swinden [5]. Accord-
ing to this model the work done in forming unit length of cleavage step
is again approximately =t h2. This is not surprising because, for large
h, the plastic zone within which the shear takes place becomes compar-—
able with the length of the ligament and this second model approximates
to the former model of uniform shear. The dependence on h“ means that
only the larger cleavage steps have & significant effect on c¢rack pro=
pagation and the estimates based on step heights of 0.1 um are probably
realistic.

These simple estimates demonstrate the feasibility of crack arrest
by ligament formation. The crack advance distance between arrests
should therefore be related to the length of the ligaments at which the
restraining effect is sufficient to reduce the stress intensity at the
tip of the cleavage crack to below the critical value Kopjty for propa-
gation. Since the maximum length attainable by a ligament must be the
crack length it can be shown that the maximum restraining effect is
about one~tenth of Kcrit for a cleavage in which there are 1/10 um
steps spaced 1 um apart. Shorter ligaments will have a smaller effect;
for example, for a similar cleavage topography but ligaments extending
only one-hundredth of the crack length the average restraining effect
is one~hundredth of Kcrit' This would correspond to a crack arrest
distance of 10 um for an overall crack length of 1 mm which is compara~
ble with the observed T~SCC behavior in brass., Thus it seems possible
that ligament formation can have a significant influence on brittle
crack propagation, especially near the critical condition where a rela-
tively small change in crack tip stress intensity might reduce the
crack velocity to a level at which plastic blunting occurs.
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TRANSGRANULAR STRESS~CORROSION CRACKING

K. SIERADZKI
Brookhaven National Laboratory, Upton, New York 11973

We discuss the phenomenon of transgraunular stress-corrosion crack-
ing. Experimental evidence is presented which indicates that during
this process ductile metals such as a-brass and copper fail by the
propagation of cracks whose microscopic features are consistent with
the occurrence of cleavage fracture [l1]. Simultaneous electrochemical
and acoustic emission measurements indicate that the failure is actu-
ally the result of intermittent microcleavage events [2].

The interaction of the aqueous environment and the metal results
in the formation of a thin surface film which facilitates cleavage
crack nucleation, We discuss how the presence of a film surrounding a
crack tip can modify the local deformation in such a way as to initilate
cleavage. 1In this respect we are concerned with the films effec-
tiveness in changing the balance between cleavage and dislocation emis-
sion. The important parameters determining the effectiveness of films
in initlating cleavage include the film-substrate misfit, the strength
of the bonding across the film-substrate Interface, the film thickness
and the film ductility. Suitable combinations of these parameters
which can lead to microcleavage are determined by the state of coher-
ency of the interface and the fracture toughness of the substrate,

For example, if a ductile de-alloyed layer in o brass remains coherent
with the substrate and has a misfit of 0.02 (equivalent to complete de-
alloying of a 70-30 brass), it must be ~200 monolayers thick in order
to initiate a microcleavage event [3].

Experiments [3] and molecular dynamic simulations [4] indicate
that under appropriate circumstances once a cleavage crack 1Is nucleated
in the film it continues on Into the substrate in a brittle mode owing
to dynamic effects. Once in the substrate the crack fimally arrests.
We shall cousider various processes which may be responsible for crack
arrest.
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MECHANISMS OF LONG-LIFE FATIGUE

CAMPBELL LAIRD

Department of Materials Science and Engineering
Univeristy of Pennsylvania

3231 Walnut Street

Philadelphia, PA 19104

INTRODUCTTION

Since cracks are widely, and usually correctly, believed to
nucleate early in the fatigue life of most metals and structures prone
to fatigue, wmwost research effort in the last 20 years has been devoted
to crack propagation. Because of the methods of linear elastic fracture
mechanics, the emphasis has been on the growth of long cracks. Much
progress has been made and rather secure deterministic methods have
been developed for large structures. lHowever, the great majority of
fatigue critical components are not of the type in which lives can be
predicted by long crack methods. Recent emphasis has therefore turned
to the short crack. In this talk then, emphasis will be placed on the
behavior of short cracks and its relatiom to cyclic deformation.

CYCLIC DEFORMATION

The conventional view is that pure metals have a two-phase struc-
ture in the range of strain amplitudes where fatigue lives are finite.
These structures are "matrix structure", or dislocation loop patches
separated by channels reasonably free of dislocations, and "persistent
slip bands (PSB7s)" consisting of the well known ladder structure. It
is shown that this view of dislocation structure is oversimplistic and
results on PSB nucleation are inconsistent with it. Moreover, the
feeling that the average strain localized in the PSB"s is constant at
around 0.0l can be misleading for understanding Stage I crack propaga-
tion. The distributions of slip offsets at PSB"s for copper single
crystals cycled at strains in the plateau of the cyclic stress—strain
curve are shown in Fig. 1. These offsets reflect the local strain
and can be used to measure it precisely. Since the PSB widiths also
vary widely, the range of local strains is considerable. The magnitude
of these strains is even larger in alloys, depending on the nature of
the hardening mechanism. For much of the fatigue life, the local
strains remain constant (assuming constant applied cyclic strain), but
for large numbers of cycles the local strain diminishes and new PSB”s
are created. The reasons for this behavior and its implication for
life are discussed.

STAGE I CRACK PROPAGATION

The recent results of the Basinskis”™ [1] and Hunsche & Neumann [2]
have provided excellent data on Stage I crack growth in identifying the
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locations of Stage I cracks for various types of PSB“s. Extensions of
their work, using the newly-developed "corper" technique for measuring
the growth of Stage T cracks, have been carried out in our laboratory.
A typical crack size distribution, again for a copper single crystal,
is shown in Fig., 2. Note the similarity of the distribution to that
in Fig. 1, showing the local strain to control the growth kinetics.
The implications of these results for life behavior in pure metals and
alloys are explored.

L4 T T
—y~~ C35

—0- 03T
Ypgei2xio™3
o 70t M g
m -~ i
@« ¢ 60~ b
o S
< 50 [ b
g (a) % CRACKS
i1
03 08 )] u  40p 1
@ SLIP OFFSETS | © 2
& jo- ) e 300 &
e g 20l 2
@ 3 .
5 Tog™ 331073 2 =
z 10 = ~
5~ , R |
l 0 3 5 Y 9T 13 15 17 19 21 23 25
ll Hﬂ ) CRACK DEPTH (/,Lrn)
L nlalnil
[¢] 0.8 1.2 1.8

STEP HEIGHT (um)

Fig. 1 Distribution curves of PSB Fig. 2 Histogram of crack

slip offsets and step heights for population in a copper single
copper single crystals (single slip) ecrystal cycled at y_ = 2 x 1073
cycled at the indicated plastic for 30,000 cycles (~ 15% life).
shear strain amplitudes. Taken Taken from [4].

from [3].

SUMMARY

Fatigue mechanisms are dominated by the occurrence of localized
strain and 1ts magnitude. New research has quantified this strain and
has identified its dependence on microstructure, enviromment, applied
amplitude and history. This information is most encouraging for
understanding short crack behavior.
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A MECHANISTIC MODEL OF FATIGUE CRACK GROWTH

J.E. SINCLAIR
AERE Harwell, Oxfordshire, U.K. 0X11 ORA

As with non~cyclic fracture, fatigue cracking depends upoo an
interaction between mechanics on a large scale, for which some kind of
elastic-plastic analysis can be used, and the microscopic processes of
material separation producing crack extension. Concerning the
large~scale mechanics, the chief novelty of the present approach is to
allow for the formation of a wake of dislocations as crack propagation
proceeds. Former models without such allowance estimated crack opening
displacement and plastic zone size as if only one loading and unloading
had occurred. The results for these quantities was then much the same
using, for instance, the idealised co-planar yield representation of
Dugdale or Bilby Cottrell & Swinden (DBCS) as with a more realistic
continuum elastic—plastic model, But of course that part of the plastic
zone which is not reversed at each unloading must get left behind as the
crack propagates, and will need to be replenished, To allow for this,
the one-dimensional DBCS model is inadequate, and the simplest related
model is to use inclined bands through the tip. It can then be argued
that a wake of slip-band fragments of the type illustrated below should
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Form of the steady—-state wake of dislocations generated by many cycles
of load variation on a crack.
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develop. In the talk I will describe solutions of the mechanics of this
model when a friction stress and a crack propagation rate are given.

The numbers of dislocations in the different sections of the inclined
bands at high and low load relate quantitatively to the horizontal wake
density and to the cyclic crack-tip plastic displacements.

To make these quantitites consistent with the propagation rate, a
microscopic model is necessary. Initially, I have assumed that
propagation is by plastic sliding off and re-sharpening only. This
makes the crack length increment proportional to the cyclic crack-tip
plastic displacement, and thus a (AK)“ dependence is obtained.
However, it is intended to incorporate more complex propagation models.
Modification of the effective AK by crack face closure (possibly
enhanced by surface roughness) would be particularly easy to
incorporate., 1In addition, the amount of sliding off should be reduced
in accordance with the fraction of yielding which intersects the crack
planes other than at the tip.
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CRACK TIP SHIELDING IN FRACTURE AND FATIGUE: INTRINSIC vs. EXTRINSIC
TOUGHERING

R. 0. RITCHIE
Department of Materials Science and Mineral Engineering,
University of California, Berkeley, CA 94720, U.S.A.

INTRODUCTION

Crack tip shielding phenomena, whereby the "effective crack
driving force" actually experienced in the near-tip region is reduced
compared to the applied (far-field) value, are examined with reference
to the fracture toughness and fatigue crack growth behavior in metals,
ceramics and composites. Examples are taken from the extrinsic
toughening of brittle materials, by mechanisms involving phase
transformations, microcracking and fiber toughening, and from the crack
closure and deflection of fatigue cracks, by mechanisms involving
cyclic pltasticity, corrosion deposits, meandering crack paths and
fluids inside cracks.

FRACTURE TOUGHNESS

Extrinsic toughening of metallic alloys generally is not very
important because of the high applied stresses involved in the fracture
of ductile materials with their inherent toughness. Brittle materials
such as ceramics and rocks, conversely, rarely can be toughened
intrinsically, e.g., attempts to promote ductility in ceramics nave
been largely unsuccessful. As is now well known [1], extrinsic
toughening utilizing crack tip shielding mechanisms, such as crack
deflection, microcracking, and phase transformation, has been very
successful in raising Kie values in ceramics from almost zero to above
20 MPaym (Fig. la). Similar effects are seen with deflection and fiber
or ligament toughening mechanisms in composites. In all cases, the
material is not inherently tougher, i.e., the local ductility or strain
to failure is unchanged: simply the crack tip has been shielded from
the full applied "driving force" such that the effective stress
intensity actually experienced at the crack tip becomes less than the
nominally applied value.

FATIGUE CRACK PROPAGATION

Extrinsic toughening can be utilized in metallic materials where
applied stresses are not large, e.g., during sub-critical crack growth.
The most notable example has been for fatigue crack propagation,
particularly when cracks are growing at low (near-threshold) growth
rates, where crack tip shielding from crack deflection and particularly
crack closure can provide extremely potent mechanisms for retarding
crack growth rates [2]. Whereas deflection can be promoted by such
microstructural factors as coarse planar slip or the presence of a
dispersed hard phase, closure is promoted by various mechanical,
micraostructural and environmental mechanisms (Fig. 1b).
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EXTRINSIC TOUGHENING: CRACK TIP SHIELDING MECHANISMS
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Fig. 1. Crack tip shielding mechanisms under a) monotonic
and b) cyclic loading conditions.

DISCUSSION

Such extrinsic mechanisms are potentially far more potent in
reducing crack extension rates than with intrinsic mechanisms whieh
attempt to enhance the inherent resistance of the microstructure. The
common phenomena here are related primarily to processes which occur in
the wake of the crack tip, whether associated with an enclave of
previously deformed (e.g., plastic or transformed) zones, the formation
of fracture surface asperities to yield an interlocking zone behind the
tip, or the presence of fluid or debris within the crack. Such
processes effectively shield the crack from the full (far-field)
applied loading, yet since they act on the wake of the crack, their
influence must diminish with decreasing crack length and increasing
applied stresses. There are specific implications of this which
distinguish the intrinsic and extrinsic mechanisms, namely the
existence of a resistance curve in fracture toughness measurements [3],
the mean stress and "short crack” effects in fatigue [2], and in
general the widely differing microstructural factors which control
crack initiation as opposed to crack growth.
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MECHANISMS OF FATIGUE CRACK GROWTH THROUGH ALUMINUM ALLOYS

DAVID L. DAVIDSON

Southwest Research Institute
6220 Culebra Road

San Antonio, Texas 78284

The objective of this paper will be to summarize recent observa-
tions of fatigue crack growth and measurements of crack tip mechanics,
and to hypothesize a mechanism of crack growth which is consistent with
the observations.

Fatigue crack growth has been observed dynamically in thick speci-
mens through the use of a cyclic loading stage which fits into the scan-
ning electron microscope [1]. Measurements of cyclic displacements
within the near field of the crack tip were made using the stereoimaging
technique [2]. Crack opening loads and displacements and strains were
derived from these measurements. By combining these crack tip analyses
with dynamic observations and measurements from fractography and guanti-
tative metallography, a conceptual description of the mechanism of
fatiqgue crack growth has emerged.

Dynamic observations of fatigue crack growth have shown that cracks
do not grow on each cycle; rather, a number of cycles is required before
the crack advances incrementally, with the number of cycles being depen-
dent on the level of the crack driving force, the cyclic stress inten-
sity factor [3,4]. These observations have been videotaped and will be
shown to illustrate the process. Crack tip opening displacement and
strain also follow this non-uniform but repetitive pattern.

[t is a rather curious fact that Stage Il fatigue crack growth
rates through aluminum alloys are relatively independent of microstruc-
ture, while in the near threshold region they are not. Crack closure is
often invoked fo explain the near-threshold behavior. Recent, high
resolution measurements of crack closure which have helped to bring some
understanding to this issue will be reported.

Fractographic measurements of striations [5] have shown them to be
independent of crack opening displacement for cracks grown in vacuum,
but of proportional magnitude for cracks grown in moist air.

Models derived to explain fatigue crack growth must incorporate
these multiple, and sometimes seemingly incompatible findings. A model
has been developed which accounts for these various observations and
measurements and incorporates microstructure as well [6]. An example of
the crack tip slip line field produced using the model is shown in Fig.
1, where the length of the slip line is set by the microstructure and
the number of slip lines is dependent on the cyclic stress intensity
factor [7].
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FIG. 1. Slip line field predicted by
modei of fatigue crack growth through
7091 aluminum alloy at oK = 10 and
AKeff = 6.5 MN/m3/2.

The mechanism of crack growth envisioned is glide plane decohesion,
assisted by environment when the crack is grown in moist air. Exactly
how this decohesion occurs is still being investigated.

Through this process of observation and modeling, a mechanism by
which cracks lengthen has been postulated. But, as with descriptions of
many complex phenomena, a number of assumptions and simplifications have
been made to produce a workable model, and these will be reviewed and
critiqued with the purpose of determining the weaknesses in both mecha-
nistic understanding and modeling of the fatigue crack lengthening
process.
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MICROSTRUCTURE AND CLOSURE RELATED GROWTH CHARACTERISTICS OF SHORT
FATIGUE CRACK GROWTH AT CONSTANT AK

F. H. HEUBAUM}, M, E, FINE*, AND R, P. GANGLOFF*

*Dept. of Materials Science and Engineering, Northwestern University,
Evanston, IL 60201; *Corporate Regearch Science Laboratory, Exxon
Regsearch & Engineering Company, Annandale, NJ 08301

The propagation kinetics of short fatigue cracks (<500 uym) are often
substantially higher than those of long cracks (>10 mm). Proposed mech-
anisms for this behavior are based on excess plasticity [1], reduced
crack closure [2-47, microstructural [5], or chemical environment effects
[6]. Short cracks were cycled at less than 50% of the yield strength neaxr
threshold in air. Large scale plasticity effects or extraordinary environ-
mental interactions are not expected. The experimental evidence presented
suggests that the development of increasing crack closure stresses at
constant AK is a major factor for short crack behavior in gpecimens in
which the crack front simultaneously intersects several grains.

A537 steel (0.23C, 1.28Mn, 0,23Si) quenched and tempered at 400°C to
a constant hardness and yield strength of 36 Rc and 930 MPa was investi-
gated. The austenitizing temperature was varied to give martensite sub-
unit cell sizes of 10, 120, and 600 ym. Single edge and corner cracked
specimens with gauge dimensions 10 mm X 3 wn X 20 mm were tested in uni-
axial tension under load control at a sinusoidal frequency of 5 Hz and an
R ratio of 0.05. Notches nominally 100 ym in depth were prepared using
electro~-discharge wachining. Crack depths were continuously monitored
using a d.c. potential drop technique which provided constant applied AK
control through computer interfacing and feedback. Crack closure loads
were measured using an LVDT spanning the notch,

The variation of crack length with cycles is shown in Fig., 1 for a
short single edge crack propagating through a 120 uym grain size specimen
cycled at constant AK = 7.7 MPa/m. The declining growth rate with in-
creasing crack length is apparent. Approximately constant growth rate is
achieved after one average grain diameter of growth. About 25 grains
constitute the crack front, For this same specimen, the decreases in
growth rate and the correspouding change in relative crack opening load,
Pop/Pmax’ or equivalently Kop/Kmax since AK is constant, are shown in
Fig. 2. The decline in growth rate from 3 x 107° to 1.1 X 107 mm/cycle
as crack length increases from 130 to 250 pm (10 to 130 wm plus 120 um
notch depth) is accompanied by an increase in closure stress intensity
ratio from Kop/Kmax = 0.22 to 0.35. Between 275 and 400 um the growth
rate is constant, as expected for long cracks at constant AK, The crack
closure level is also essentially constant, When these data are analyzed
in terms of AKgff(Kpax- Kop) correlation exists with constant load long
crack data. The 600 ym grain size specimens show comparable behavior to
the above. The 10 uym grain size specimens show linear behavior from initi-
ation to a = 1 mm. The grain size dependence for long and short crack
growth rates may be understood based on surface roughness contributions
to closure [3]. At 1 mm of growth at AK = 7.7 MPa/m the growth rates,
POP/Pmax ratio, and the peak to peak fracture surface roughness as wmeasured
with a profilometer for the three grain sizes are given in Table 1.
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Table I. Grain size and closure data for 1 mm short crack growth at

7.7 MPa/m,
Grain Size Growth Rate Pop/ Prax Fracture Roughness
(ium) (mm/cycle) ()
10 2.4 x 1078 0.26 2.5
120 1.1 x 10°% 0.35 28
600 1.5 x 1078 0.32 >100

The 10 um grain sized specimens showed the highest overall growth rates
due to lower Pop/Pmax levels resulting from lower fracture surface rough-
ness. The 600 ym specimens showed slightly higher 1 mm growth rates than
the 120 ym specimens possibly due to the larger roughness wavelength,
Note the POP/Pmax values in Table I gave rise to essentially the same
da/dN values as measured for the small crack in Fig. 2. Thus crack clo-
sure development provides a reascnable rationale for the short crack

effect in physically small (100-500 ym) fatigue cracks extending over
several grains.
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REFERENCES

1. S. Usami and S. Shida, Fat. Engr. Matl, Struc. 1, 471 (1979).

J. C. Newman in: Behavior of Short Cracks in Airframe Components,
AGARD-CP-328 (1983).

8. Suresh and R. 0. Ritchie, Intl, Metals Reviews 29, 445 (1984).

K. Tanaka and Y. Nakai, Fat. Engr. Matl. Struc. 6, 315 (1983).

J. Lankford, Fat. Engr. Matl., Struc. 5, 233 (1982).

R. P, Gangloff and R. 0. Ritchie in: Fundamentals of Deformation and
Fracture, Cambridge Univergity Press, in press.

3]
s

N U W
®



96

HIGH TEMPERATURE FATIGUE BEHAVIOR OF FERRITIC STAINLESS STEELS

S. KIM* AND J. R. WEERTMAN¥
*Department of Materials Science & Engineering, Northwestern University,
Evanston, Illinois 60201

INTRODUCTION

The relationship between high temperature fatigue behavior and micro-
structural changes has been investigated for several ferritic stainless
steels., These steels are used in power generation and therefore they must
exhibit microstructural stability over long periods of high temperature
service. Much of the present work has been carried out on the alloy
Fe9CrlMo modified by the addition of small amounts of the strong carbide
formers, V and Nb. This alloy was developed as part of the Advanced Alloy
Program of Oak Ridge National Laboratory. Modified Fe9CrlMo is used in
the fully martensitic state, produced by normalizing at 1038 C 1 hour
(air cool) then tempering 1 hour at 760" (air cool). The resultant micro-
structure consists of a highly dislocated lath structure. Carbides are
present as fine MC (Vbel-xC) and larger M73C6 particles.

EXPERIMENTAL DETAILS AND RESULTS

Specimens were tested in total strain control, in vacuum and in air,
at several temperatures. For all steels tested, and for all the test
conditions used, continual softening was observed throughout the specimen
life. As can be seen from Fig. 1, the softening produced by aging
modified Fe9CrlMo 5000 hours at 593°C is considerably less than the
softening which takes place during some 15-20 hours of fatiguing at the
same temperature (~ 70 MPa in the stress amplitude as compared to ~ 150
MPa). The aged material undergoes about the same softening during
fatiguing as does the material which has been only normalized and tempered.
Loss of strength with cyeling was observed at all temperatures tested
(Fig. 2). Note that the number of cycles to failure, N,., is very similar
throughout the temperature range 482 - 704 C. The temperature independence
of N. (for a fixed total strain range) applies only to tests run in vacuum.
Fatiguing in air greatly shortens N_., which now is a strong function of
temperature. The ratio of fatigue life in vacuum to that in air depends on
the strain range, becoming very large at small strain ranges, i.e., long
fatigue lives. HVEM studies indicate that fatigue at high temperatures
(1) drastically reduces the dislocation density; (2) changes the sub-
structure from a lath morphology to large equiaxed subgrains; (3) changes
the carbide population. The technique of small angle neutron scattering
has been used to study the change in carbide populations produced by aging
and by high temperature deformation. While quantitative interpretation
of the results is complicated by the presence of several types of carbides
it appears that the total number of carbides decreases as aging proceeds.
Such a drop would contribute to the observed softening.
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LCF BEHAVIOR OF ALLOY 800H AT 800°C

B. LERCH, B. KEMPF, K. BOTHE, AND V., GEROLD
Max-Planck-Institut £lir Metallforschung, Institut fur Werkstoff-
wissenschaften, Seestrasse 92, D-7000 Stuttgart 1, FRG

INTRODUCTION

In connection with a European research project the low cycle fatigue
behavior of Alloy 800H was investigated with the aim of improving the
insight into the damage mechanisms controlling fatigue life., During air
tests at 800°C the total strain rate ¢ and the plastic strain amplitude
Ae, /2 were kept constant. The strain rate ét was varied between 2+107°
and 2.1072s"! and the strain range Ae, from 0.035 to 1%. In order to
check the influence of the shape of the hysteresis loop asymmetrical
tests (so-called slow-fast tests) with lower strain rates in the tensile
than in the compressive part of the cycle were undertaken. The life time
was in all cases defined as the point where the stress amplitude has de-
creased to 80% of the maximum amplitude. To study the influence of cycle
shape and strain rate on the life time a large number of Lests were per-
formed at Ae =0.3%. The broken specimens were investigated using SEM
and TEM.

EXPERIMENTAL RESULTS

From all tests the relationship between the strain range Asp, strain
rate ét, stress amplitude o, cycle number to failure, Ng, and life tiae
tf were investigated. The tests at Aep=o.3% showed a relatively small
dependence of Ng on the deformation rate and cycle shape. For 13 tests
Ng varied only between 650 and 4 O00. The lower strain rates usually
resulted in a lower value of Ng. For the slow-fast tests Ny was controlled
by the tensile strain rate and was found to be slightly smaller in com-
parison to the corresponding symmetrical test (up to a factor 2).

The major influence of time dependent processes is clearly shown by
the strong strain rate dependence of the stress response. For Ae_=0.3%
the peak stresses vary from 90 to 170 MPa depending on the strain rate.
Thus, if Ng is only discussed in terms of the controlled strain ampli-
tude (Coffin~Manson curve), the time dependence of the fajlure is strong-
ly masked by this behavior of the peak stress. A totally different pic-
ture is obtained if N¢ is plotted as a function of the stress amplitude
0. In that case the data scatter widely but come closer to each other
if the life time tf is used as a variable. Only the data with high
strain rates ét=2~10“25“1 are an exception with smaller tg values con-
pared to the others. This is not surprising since the rate dependence
of ¢ decreases considerably for strain rates above 2.1073s"1, The re-
maining log o-log te data fit quite well with life time data from creep
tests on the same alloy.
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Another possibility to represent life time data is to correlate
the area of the hysteresis loop with the cycle number to failure. If the
product Ae,-0 is plotted versus Ny the data follow a single curve for
each applied tensile strain rate. The data with ét=2-10"3 and 2-10~2g~1
fall on the same line demonstrating that there is only a minor time
dependence in this velocity range. The data for ét=2-10'45"1 follow a
parallel line with N¢ being smaller by a factor of 3. A similar shift
is shown by the data for ét:2'1o*5s_1. This factor may decrease for
smaller plastic strain amplitudes (As:p s 0.1%).

METALLOGRAPHIC INVESTIGATIONS

Metallographic lnvestigations show that in all cases the damage
can only be observed as cracks nucleating on the surface and propagating
into the interior of the specimen. For higher strain amplitudes a high
density of cracks develop with one crack leading to final failure. With
decreasing strain amplitude this density decreases and finally only one
crack can be observed, which indicates the increasing difficulty of
crack initiation. The cracks are often initiated at grain boundaries
but penetrate inte the interior in a mixed mode. Heavy coxidation of the
crack surface indicates a strong stress enhanced oxidation mechanism.
The preference for intercrystalline crack propagation changes gradually
and increases with decreasing strain rate. A similar failure mechanism
is also observed in creep tests, Because of the low strain rates the
creep failure can be observed as an intercrystalline crack penetrating
into the interior from all sides until final overload rupture of the
central part occurs.

CONCLUSIONS

In light of these results the life time for creep and LCF experi-
ments is contrclled by crack nucleation and propagation. Probably most
of the life time is spent in crack propagation. The propagation rate is
controlled by the applied stress in the case of creep experiments. For
LCF the crack propagation per cycle depends on both the applied stress
and the strain amplitude. Because crack propagation is also a time
dependent process the cycle time also has an influence. Thus, as a
first approximation it is sugygested that cyclic life time is best
described using two variables, the area of the hysteresis loop and the
strain rate in tension. The first variable can be approximated by the
product Ag,0. This description may fail at lower strain amplitudes
A ¢ O0.1% gecause an increasing amount of the life time is spent by
crack initiation which may depend only on the loop but no longer on
the cycle time.
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THE GROWTH OF PERSISTENT SLIP BANDS DURING FATIGUE

W. J. BAXTER
Physics Department, General Motors Research Laboratories,
Warren, MI 48090~-9055

One of the earliest manifestations of fatigue deformation is the
development on the surface of so-called persistent slip bands (psb).
These slip bands have long been known to play an important role in, and
even becomes sites for, the initiation of fatigue cracks. Two distinc-
tive features of psb are 1) the extrusion of thin lamella of material,
and ?2) the generation of dislocation structures known as ladders and
cells, particularly in the near surface regions. These two features
appear to be manifestations of the same process and are fundamental to
the understanding of metal fatigue [1].

But despite the importance of psb, relatively little attention has
been given to the kinetics of their development. One reason for this is
that conventional techniques of surface examination are post-mortem in
nature, so do not provide sequential information at intervals during a
fatigue experiment., This paper describes the application of photoelec-
tron microscopy to measure the early stages of the emergence of persis-
tent slip bands in 6061-T6 aluminum. The specimens are coated with a
14 nm anodic oxide film, During fatigue cycling in the microscope this
film is ruptured by emerging slip bands, which appear in the image as
sources of strong electron emission known as exoelectrons [2]. These
observations have revealed that:

1. The persistent slip bands in 6061-T6 aluminum appear on the surface
as a linear array of individual extrusions with a periodicity of
~1-2 um,

2. Initially a single extrusion is formed. Then the length of the slip
band increases incrementally by the addition of further extrusions,
while the initial ones continue to become more pronounced.

3. During the early stages of growth, the length of an individual slip
band increases as the square root of the number of fatigue cycles
(Fig. 1).

A model is proposed based upon a psb consisting of a periodic dislo-
cation cell structure, the elongation of the psb being controlled by the
cyclic strain (e ) within the cells. A comparison of the model with the
experimental obsérvations shows that under the condition of constant
cyclic displacement:

1. €s decreases as the psb elongates, and

2. the values of € are very large, -encompassing a range of 10 to 100
times greater than the applied macroscopic strain.
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CHEMISTRY OF FRACTURE IN GLASS

SHELDON M. WIEDERHCEN
National Bureau of Standards
Gaithersburg, MD 20899

ABSTRACT

Subcritical crack growth in glass is usually attributed to a stress
enhanced chemical reactf.ion between water or other corroding species in
the environment and the stressed bonds at the tips of cracks 1in the
glass. As with most chemical reactions, the reaction rate depends on
the chemical activity of the corroding species in the environment, the
forces applied to the crack and the traasport of the corroding species
from the external environment to the crack tip. However, because of the
particular geometiry of the reaction site, special considerations are
required to quantify the rate at crack tips compared to that obtained
from normal reaction rate theory. In this paper, we discuss these
considerations with regard to subecritical crack growth in several
glasses, for which abundant crack growth data is available.

Because of the geometry of the crack, the reaction site is remote
from the ambient environment that causes crack growth. Assuming the
applicability of linear elastic fracture mecnanics theory, the crack
opening displacement is only 10 nm at a distance of 1 um from the crack
tip, and 0.5 nm at a distance of 0.5 nm (the approximate distance
between bonds in silica glass) from the crack tip. Because of this
restriction in the geometry, chemically active species traveling towards
the crack tip will react with the surfaces of the crack. This reaction
modifies the chemical environment so that the environment at the crack
tip will differ substantially from the ambient environment. Thus,
transport and chemical reaction with the crack walls are both important
in establishing the composition of the environment at the crack tip in
Zlass.

A second effect of the restricted nature of the crack geometry is
the occurrence of stearic hinderance of the chemical reaction at the
crack tip. Although water is the main reacting species for glasses,
others such as ammonia, hydrazine and methyl alcohcl can alsc cause
crack growth. The species that are active may be identified by their
chemical structure. Strong nucleophilic and electrophilic reaction
sites on adjacent atoms of the reactant and a transferable hydrogen ion
are needed to couple with the strained silicon-oxygen bonds of the glass
at the crack tip. Although there are many such compounds, few cause
crack growth because of stearic constraints. The active portion of the
corroding species must be small enough to penetrate to the reaction site
to promote bond breakage. Thus water and ammonia are strong crack
growth agents, methanol and other normal alcohols are weaker crack
growth agents, and aniline does not cause crack growth at all because it
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is too large to penetrate to the crack tip. Strong adsorption of
species from solution may also poison the reaction site. This is
believed to happen with lithium hydroxide in highly concentrated
electrolytes. Adsorption of lithium complexes at the reaction site
essentially blocks the crack tip and prevents water from penetrating to
the reaction site, thus slowing the reaction rate. The importance of
stearic hinderance to crack growth is currently an active area of
research.

The third effect of crack geometry on the reaction rate is the
leverage the crack applies to any forces that arise from physical or
chemical processes that occur during crack growth. Normally only the
external loads are considered as driving the crack, however, other
forces are also important in establishing crack growth behavior, The
close proximity of the surfaces result in long range surface forces that
either wedge the surfaces apart or draw them together depending on the
magnitude and sign of these forces. Ion exchange near the crack tip may
set up a volume of stressed material around the crack tip that also
influences crack growth, and finally, if charges are created or
destroyved during the bond breaking reaction, electrostriction becomes an
important factor in controlling crack growth. The effect of these
forces vis~a-vis crack motion are discussed with specific examples glven
for each of these processes. In order to estimate the effect of forces
on crack growth, it 1s necessary to express these forees in terms of
classical reactlion rate theory, for which the parameter relevant to
stress is the activation volume for the chemical reaction. It is shown
that the activation volume for crack growth can be obtained directly
from the slope of the crack growth curve.
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TRANSFORMATION AND DISPERSION TOUGHENING

Je Coe Mo LT
Department of Mechanical Engineering, University of Rochester,
Rochester, NY 14627 U.S.A

INTRODUCTION

Transformation toughening is the increase of toughness due to a
phase change induced by the crack tip stress field., It is different
from dispersion toughening in which a crack propagates in a matrix
distributed with existing inclusions. TIn the latter case, no new
inclusions are formed and the existing inclusions do not disappear
when the crack passes by. To understand transformation toughening by
examining the effect of an inclusion on the stress intensity factor is
obviously incomplete. A part of the stress intensity factor must be
used for the transformation. Both toughening mechanisms are discussed
here.

TRANSFORMATION TOUGHENING

As an example consider that the new phase has a dilatational
expansion of the old phase. Under the mode I crack tip stress field, a
volume of the material within which the hydrostatic stress exceeds a
certain critical value will transform into the new phase. However as
shown by McMeeking and Evans [1] and by Budiansky, et al. [2] the crack
tip stress intensity factor is not affected by this transformation,

Yet, like plastic flow, the transformation must relax the crack tip
stresses. BAlso like plastic flow, the surface energy in the Giffith
relation should include a term for the work of transformation. To see
the relation between this effect and the stress intensity factor, Li and
Sanday [3] used a dislocation model and found that the crack must enter
the transformation zone before it can cause continuous transformation or
maintain steady state propagation. As a result, the transformation zone
does not coincide with the zone of critical hydrostatic stress. Then
the stress intensity factor is given by

where Ka is the applied stress intensity factor, i is shear modulus,
v is Poisson ratio and Aw/Al is the work of transformation per unit
length of crack extension.
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DISPERSION TOUGHENING

The foregoing work of transformation is not required in dispersion
toughening in which the crack propagates through the stress field of
dispersed inclusions. Consider for example a square lattice of
cylindrical inclusions of dilational misfit eT (positive if the inclu-
sion 1is bigger than the hole it occupies) and lattice spacing A. Along
a midplane, the tensile stress [4] is

20

T52 2 2
- - - EeTal Z sech (g_;_ + o)y (2)
302(1-2y) N = -

where a is the radius of the cylinder and E is Young's modulus.
Eg. (2) can be appoximated by a sinusoidal function (with image stress):

o= 05 cos (2rx/)) {3)
where 0o = 0.3571 E eTve/3(1~2v) (4)

with Vg (=1a2/)2) being the volume fraction of inclusions.

In this midplane let a finite crack of length 21 appear at the
origin, the effect on the crack tip stress intensity factor is found to
be

2nl om
AK = K~Ky = 0.318 ogfth cos ¢ & - 1) . (5)
It is seen that the maximum AK is independent of crack length, It
increases with the volume fraction of inclusions and also the square
root of inclusion spacing. Since the effect is more important for small
cracks than large cracks, dispersion toughening is more effective for
crack nucleation than crack growth.
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TEM STUDIES ON THE FORMATION OF MICROCRACKS IN ZIRCONYIA-CONTAINING
CERAMICS

M. RUHLE
Max~-Planck—Institut fir Metallforschung, Institut fur Werkstoff-
wissenschaften, Seestrasse 92, 7000 Stuttgart 1, West-Germany.

INTRODUCTION

The tetragonal (&) to monoclinic (m) martenmsitic transformation of
confined zircomnia particles (diameter (Zpm) embedded in 2 cerawic matrix
can be wutilized for toughening ceramics (Evans and Heuwer /1/, Claussen
et al. /[2/). The concentration of t-Zxr0_, particles or precipitates is
wsually £20vol.%. The M temperature of bulk Zsr0, is ~1200K, whereas M
is substantially less for confined paerticles. For example, M is below
room temperature for facetted t-ZxC particles embedded in an Al.O
matrix, if the diaweter is <0.6um (Hewer et al. /3/). The trausformation
of confined particles can be induced by the stresses in fromt of a crack
tip ( "stress—induced transformation®), and the volume and shape change
connected with the t3¥m transformation alters the stress distribution at
the crack tip; this hinders the c¢rack from further propagation
(McMeeking and Evans /[4/, Budiassky et al. /5/). In this paper, we
report the transformation of confined ¢-2r0, particles during crack
propagation indoced by ipn situ straining experiments. Special attention
will be put on microcrack formatiom. It is expected that microcracks
form when a certain stress level is reached in the enviroament of
transformed m-Zxr0 inclusions. The formatiom of radial microcracks
should also lead” to am inmecrease in toughmess (Evamns /6/, Evans and
Cannon /7/, Hutchinson /8/).

EXPERIMENTAL DETAILS

Specimens of Al,0_.-Zr0 dispersion ceramics (zirconia-toughened
slumina or ZTA) were studied. The specimens contained 15 vol.% Z:r0_, The
amount of ¢~Zx0 depends on the processing conditions and it varied
between 23% and 86% t-Zr0.,. The sizes and size distribution of the
A120 grains as well as of the t—Zr0_ particles were deterwmined by
stanaard techniques of quantitative stereofogy. The mezn diameter of the

Al 03 matrix grains was 4 a =0.25um and of the {~%x0, varied between
0.%1pm and 0.45pm, for the specimen containing 23% t~-Z10, and 86%
1-Zx0, , respectively. The diameter of the intercrystalline Zrx0

inclusions ranged from O0.06 to 2Zpm. All Zr0Q_ inclusions which were
larger than ~0.6um were momoclinic at room temperature. The m-Z1r0, were
twinned, No tsangential microcracks counld be observed if fdomains of
closure' /9/ were formed at the end of the twins.

Specimens suitable for straining experiments and with a
cross—section of 3x5mm were mechanically polished carefully to a
thickness of 50-80um. The specimens were ionm-thinned using a special
technique so that 2 slightly elongated holes were formed. The specimen
was transparent for 1 MeV electrons nearly in the entire region of the
ridge between the two holes. The specimens were glued into deformation
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holders which were inserted in the deformation stage and subsequently
deformed in dopble tilting straining stage. The relative velocity 92 the
speciTen holders against one other was variable — between 15%0,1 and
1x10 gm/s, which results in a straining srate of ~4x10 s to
~4x10 s 7, SggoiTens were usually strained with a constant straining
rate of 3x10 s ', The stresses applied to the specimen could not be
measured. TEM specimens were also prepared out of the bulk from aresas
close to crack surfaces. The depth of the specimen from the crack
surface could be adjusted by a special thianing procedure.

OBSERVATIONS

Micrographs of the nunstrained specimens were taken of the entire
transparent part of the ridge. No m~Zr0, particles or precipitates could
be observed in either type of specimen. The beginning of elastic
deformation of the specimens could be observed by the movement of bend
contours in different grains. A crack started to propagate from the
regions of highest stress concentrations at the thinnest area of one
hole. The 1-Zxr0, oparticles in the specimen containing 86% t-Zr0
transformed in fzxont of the crack tip, the distance of the transforming
particles from the crack tip depending on the size of the particle, the
deptkh of the particle inside the foil and on the foil thickness. The
transformed m-Zr0, particles could easily be identified by the formation
of mechanical twins inside the particles. Only few £-Zr0, particles
transformed in front of a propagating crack in a thin foill Alsc only
few microcracks formed after crack propagation could be observed.

Therefore, TEM f{foils were prepared out of abulk specimen. The
distance of the specimen from the cracked surface was either 0.5, 3 or
Sum. A high density of migcrocracks could be observed. The density of
microcracks could be determined quantitatively.

INTERPREYATION AND DISCUSSION

The in situ straining experiments show that £-Zr0, particles or
precipitates indeed transform din fromt of a crack %ip and allow
determination of the width of the transformation zone. However, caution
is mandated in applying the results obtained in a thin foil to bulk
ceramics. At best, 2 thin foil can be described by a plane stress
situation, whereas the transformation 2zome in the bulk can best be
represented by plane straim., Microcracks around preexisting m—Zr0
particles formed only if the m-ZrQ, particles were completely confineﬁ
in the surrounding Al_0,. The nucleation of radial microcracks requires
a2 zvather high stress level at the site of the nucleation. The critical
stress level can be calculated from the experiments.
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ON THE APPARENT TOUGHENING AT HIGH TEMPERATURES EXHIB-
ITED BY CERAMICS CONTAINING AN INTERGRANUILAR GLASS PHASE.

D. R. CLARKE
Thomas J. Watson Research Center, IBM, Yorktown Heights, NY 10598

INTRODUCTION.

An intriguing characteristic feature of the strength of ceramics containing an inter-
granular glass phase, and one not shared by their counterparts without the phase, is
that at elevated temperatures there is a temperature regime in which the strength
appears to increase with increasing temperature until a temperature is reached when
wholescale failure occurs. This behavior has been noted in a number of experiments
in the last twenty years, but without supporting microstructural evidence of what the
mechanisms of fracture might be. Recent observations by the author indicate that
deformation in this regime is accompanied by extensive cavitation, particularly
around cracks. Using the concept of a cavitational process zone, a description in
terms of materials parameters will be developed for the apparent toughening.

BACKGROUND.

At low temperatures the strength of ceramics is controlled by brittle fracture con-
siderations and is independent of the loading rate. As the temperature of testing is
increased the strength is relatively unaffected until the above mentioned regime.
Whilst the macroscopic stress-strain curve remains essentially linear examination of
the fracture surfaces reveals evidence for localized non-brittle behavior. The flexural
strength in this regime is strain-rate dependent and also exhibits a peak in strength
as a function of temperature. More recently it has been found that extensive
cavitation in the intergranular glass phase occurs (fig. 1), and that the cavitation has
a propensity to form in a zone around the crack itself (fig. 2). In fact, in this strain-
rate temperature regime the behavior exhibits many of the features characteristic of
polymer fracture in cases where crazing is important.

PRESENTATION.

After a description of the observed high temperature fracture behavior, an explana-
tion for the apparent toughening, in terms of the formation of a constrained,
cavitational process zone at the propagating crack with accompanying viscous flow
of intergranular material, will be presented.
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Figure 1. Part of the zone of cavities surrounding the high temperature
fracturc of a debased alumina.
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Figure 2. (Left). Size of the
cavitated zone (normalized
to the alumina grain sizc) as
a function of deformation
temperature for the same
debased alumina.
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THE ROLE OF STERIC HINDRANCE IN
STRESS CORROSION FRACTURE OF VITREQOUS SILICA¥*

T. A. MICHALSKE, B. C. BUNKER,
W. L. SMITH, and D. M. HAALAND

Sandia National Laboratories,
Albuquerque, New Mexico

17

A dissociative chemisorption mechanism has been postulated
describe the bond rupture reactions occurring at strained crack tip
bonds during stress corrosion cracking of vitreous silica. The
incorporation of this chemical bond rupture model into a kink nucleation
and growth model for fracture enables one to correlate experimentally
measured fracture rates with the rate of dissociative chemisorption on
strained siloxane bonds. To check the validity of this atomistic model
for slow crack growth, a comparison has been made between the kinetics
of dissociative chemisorption reactions on strained edge-shared silicate
tetrahedra and the kinetics of stress corrosion of silica in the
presence of chemicals such as water, methanol, and formamide. The
strained edge-shared defects were produced by dehydroxylating high
surface area silica powder (Cab-0-Sil S-17). The kinetics of reactions
between the strained defects and chemicals such as methanol were
monitored using Fourier transform infrared spectroscopy (FTIR).

The IR spectra indicate that all chemical species which cause
stress corrosion in vitreous silica also participate in dissociative

chemisorption reactions on strained surface defects. 1In addition, the

rate of dissociative chemisorption on edge-shared surface defects scales

¥*This work performed at Sandia National Laboratories supported by the U.
S. Department of Energy under contract number DE-ACOL4-76DP00789.
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with the rate of crack propagation in vitreous silica exposed to

chemical environments having similar molecular size (e.g., H. O, NH3).

2
However, crack growth rates in the presence of larger molecular species

(e.g., CH_OH, CH3NH2) are much slower than predicted by the measured

3
surface reaction rate. This result suggests that steric effects due to
the atomistically sharp nature of the crack tip contribute strongly to
the overall reaction rate by affecting the rate at which molecular
species may adsorb at the strain activated crack tip bonds. Since
vitreous silica is comprised of cages of linked Siou— tetrahedra, we
correlated crack tip steric hindrance effects with measured steric
effects obtained for adsorption within zeolite cage structures. We
found that zeolite adsorption data can be used to quantitatively predict
the crack tip steric hindrance effects measured for environmental

molecules ranging in size from water (0.15 nm) to tert-butylamine (0.43

nm).
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1 HIGH TEMPERATURE PHENOMENA

MICROMECHANICAL MODELING OF MICROSTRUCTURAL DAMAGE IN CREEPING ALLOYS

A.S5. Argon
Massachusetts Institute of Technology, Cambridge, MA 02139

ABSTRACT

Fracture under service conditions at high temperatures in struc-
tures undergoing creep deformation is intergranular. Cavities on grain
boundaries are produced on interfaces of hard particles during transient
sliding of grain boundaries. The growth of grain boundary cavities by a
combination of continuum creep and diffusional flow is often constrained
by the creep deformation of the surrounding grain matrix. The con-
strained growth and linking of grain boundary cavities produces iso-
lated cracked grain boundary facets which continue to grow by continuum
creep and in the process accelerate overall creep flow. Cracked grain
boundary facets are the principal form of creep damage, and their den-
sity per unit volume can be taken as the parameter characterizing creep
damage. This damage parameter can be incorporated into three dimension-
al constitutive relations of creep deformation, and these relations can
be used in large strain finite element programs to solve complex en-
gineering problems of creeping structures.

All the microstructural mechanics that enter into the above de-
scription have heen verified in a selection of key experiments on
cavitation and crack growth.
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NUCLEATION OF INTERGRANULAR CREEP CAVITIEST

ﬁ. H. Yoo* and H. Trinkaus**

Metals and Ceramics Division, Oak Ridge National Laboratory, Oak Ridge,
TN 37831; **Kernforschungsanlage Julich, Institut fur
Festkorperforschung, D-5170 Julich, FRG

INTRODUCTION

Creep experiments on metals and alloys at temperatures between 0.4
and 0.7 of the absolute melting point have shown that cavity formation
occurs under surprisingly low applied stresses, even down to 10 MPa [1],
in striking contrast to simple theoretical predictions [2]. Such a strong
tendency for cavity formation under creep conditions has been attributed to
(a) the effects of grain boundaries and interfaces [2], enhanced by micro-
scale inhomogeneities and solute segregation [3,4]; and (b) the effect of
microscale stress concentrations [4,5,6] on cavity formation.

In this paper, intergranular cavity nucleation under creep-induced
microscale stress concentrations is discussed within the framework of a
recently developed formal theory of nucleation under time-dependent super-
saturation [7]. The spatial and temporal evolution of the stress concen-
tration resulting from grain boundary sliding or slip-grain boundary
interaction [8] is modelled by using a linear elasto-~diffusion approach
[9,10].

RESULTS

The quasi-steady-state analysis shows that significant cavity
nucleation is possible only under the condition that the characteristic
time for the stress evolution is large compared with the incubation time
for nucleation. This condition is satisfied when the spatial range of the
stress concentration is large compared with the size of the critical
cavity embryo. In this case, it also ensures that, once nucleated, stable
clusters will remain stably growing permanently.

The t-1/6 type of relaxation characteristics is expected for a sud-
denly activated slip-interface interaction. Application of the quasi-
steady-state condition to this case gives a Hall-Petch type relationship
for the stress, oc, above which cavitation can occur

1/6F 1/3 -1/2

oc = (w/kT) " Fy " yg 2 (1)

where 2 is the effective slip length, y_ is the specific surface free
energy, Fy is the geometrical factor acCounting for interfacial effects
[2], u is the shear modulus, and kT has the usual meaning.

TResearch sponsored by the Division of Materials Sciences, U.S.
Department of Energy under Contract No. DE-AC(05-840R21400 with Martin
Marietta Energy Systems, Inc.
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Integration of the quasi-steady-state nucleation rate over time
gives the total cavity number density nucleated during a single stress
pulse. If the kinetics of stress and cavity evolutions are controlled by
the same diffusion process, they simply scale with each other. In this
case, the cavity density yield per stress pulse is independent of the
corresponding diffusivity. The average cavity nucleation rate associated
with a stochastic sequence of stress pulses will, however, depend on the
diffusivity controlling the frequency of the stress pulses, which is
expected to increase with strain rate.

Since cavity nucleation can occur only under stress levels far above
typical applied stress values, it is controlled by the extreme tail of the
probability distribution of the internal stresses. Integration of the
quasi-steady-state nucleation over appropriate probability distributions
shows that the average nucleation rate depends much less strongly upon the
average of a microscopically fluctuating (macroscopically constant) stress
than on a microscopically constant stress. This result provides a
possible expianation of the so-far unexpected mild stress dependence of
intergranular cavitation observed in some creep experiments. [f the pro-
bability of high stress concentrations is proportional to the strain rate,
the overall cavity nucleation rate will appear to be strain-controlled
although the individual nucleation event is actually stress-controlled.

SUMMARY

Time-dependent nucleation of intergranular creep cavities is discussed
on the basis of a guasi-steady-state classical nucleation model. The cri-
tical stress for cavity nucleation is evaluated. An explanation is given
for experimentally observed modest stress dependence and apparent strain
dependence of cavity formation.
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INTERGRANULAR CAVITATION AT HIGH TEMPERATURES

HERMANN RIEDEL
Max—~Planck—-Institut fir Eisenforschung, Max~Planck~Str, 1,
4000 Diisseldorf, FRG

When loaded for prolonged times at elevated temperatures, metallic
materials often fail by cavity formation on grain boundaries. Despite
the expenditure of considerable effort, the nucleation behavior of cav-
ities can not yet be understood quantitatively on the basis of classi-
cal nucleation theory combined with local stress concentrations [1].
However, metallographic studies have lead to a useful empirical descri-
ption of nucleation kineties [2]. In many cases, the cavity nucleation
rate, J*, is found to be proportional to the strain rate:

J* - q & (1)

The cavity growth rate, R. on the other hand, seems to be explicable by
diffusive and constrained growth models [3]. This is suggested by a
comparison of rupture lifetimes calculated for a constant number of
cavities with measured lifetimes of pre~cavitated material (where the
nucleation stage 1s by-passed by an appropriate pre-treatment).

Usually, however, nucleation occurs continously during creep which
renders the calculation of the lifetime more complicated. The problem
can be formulated in terms of the continuity equation

N + 3(NR)/3R = 0 (2)

for the cavity size distribution function N(R,t), where R is cavity
radius and the dot denotes the time derivative. This partial different~
ial equation is solved for special nucleation and growth kinetics.
Failure occurs once the area coverage of grain boundaries with
cavities, which follows from the distribution function, reaches a
critical value. If diffusive cavity growth is modeled as fully creep
constrained (on isolated cavitating grain facets), while nucleation is
described by eq. (1), the rupture lifetime is obtained as

tp = 0.52 (d%a)71/3/¢, (3)

where d is grain size. The solid line in Fig. 1 represents this result
in comparison with measured lifetimes [4] of a CrMo steel. Note that
the theoretical curve contains no adjustable parameters. The degree of
agreement shown in Fig. 1 1is typical for several other materials
examined.

The results are also applied to fatigue failure when cavitation is
the predominant failure mode. The fatigue lifetimes of copper, nickel
and an austenitic steel can then be understood, at least partly, by
assuming that cavity growth occurs by unconstrained diffusion and that
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the nucleation rate obeys eq. (1).

Creep crack growth in steels generally occurs Dby grain boundary
cavitation ahead of the main crack. By combining the stress fields of a
crack with the laws for cavity nucleation and growth, creep crack
growth rates can be predicted which are in good agreement with observed
rates [5] as demonstrated by Fig. 2.
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CREEP FRACTURE OF POLYCRYSTALLINE CERAMICS

R. A. PAGE AND J. LANKFORD
Southwest Research Institute, Department of Materials
Sciences, 6220 Culebra Road, San Antonio, TX 78284

A detailed characterization of cavity evolution during compressive
creep has been accomplished using small-angle neutron scattering [1-3].
Samples of Coors AD-99 alumina (1300°C, 26 MPa, and 1150°C, 220 MPa),
which contained a relatively thick continuous grain boundary phase,
Lucalox alumina (1600°C, 140 MPa), which contained no continuous grain
boundary phase, and Norton NC-203 silicon carbide (1600°C, 600 MPa),
which contained a relatively thin continuous grain boundary phase, have
been characterized. The neutron scattering measurements, which provide
a means of characterizing both the nucleation rates and the growth rates
of grain boundary cavities during the early stages of creep, have shown
unequivocally that cavity nucleation does occur and have also identified
some very significant differences in the cavity nucleation and growth
phenomena of these three ceramic systems.

In both aluminas cavity nucleation occurred throughout creep. The
nucleation rate in Lucalox alumina was independent of time, while the
nucleation rates in AD-99 alumina were proportional to t=0.69 and t-0.81
at 1300°C and 1150°C, respectively. In contrast to the aluminas, cavity
nucleation in the silicon carbide was limited to the very early stages
of creep. In all three materials the cavities were closely spaced, with
multiple cavities present on each cavitated two grain facet.

Steady-state cavity growth was not observed in any of the systems
studied. Rather, transient growth with the individual cavity growth
rate proportional to t=C-77 and t-0.38 was observed in AD-99 alumina at
1150°C and NC-203 silicon carbide at 1600°C, respectively. In AD-99 at
1300°C and Lucalox at 1600°C a zero or near zero growth rate was
observed.

For the systems in which significant cavity growth occurred, the
neutron scattering results, in accord with viscous hole growth models
[4], indicate that nucleation strongly influences subseguent cavity
growth morphology. Cavity growth in a crack-like manner occurs only
when the cavities are nucleated fairly large distances apart. For more
closely spaced cavities, such as observed in each of the materials of
this study, a relatively equiaxed growth occurs. The formation of
crack-1like full facet cavities must then occur through coalescence of
multiple equiaxed cavities rather than through the growth of individual
cavities.

In terms of creep damage modeling, the implications of the neutron
scattering results are threefold. First, cavity nucleation is a
critical process; it dominates the early stage of creep in some systems
(Lucalox and AD-99 at 1300°C) and it strongly influences subsequent
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cavity morphology. Second, the relevance of cavity growth varies; it is
of major importance in growth dominated systems, such as NC-203, it is
of egual importance with nucleaticn in "classical” systems, such as AD-
99 at 1150°C, in which nucleation and growth occur simultanecusly, and
it is of only minor importance in nucleation dominated systems, such as
Lucalox and AD-99 at 1300°C. Third, cavity coalescence is of critical
jmportance since it is this process, not individual cavity growth, which
is responsible for the formation of full facet cavities.
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THE EFFECTS OF IMPURITIES ON THE HOT TENSILE DUCTILITY OF IRON

E.P. GEORGE and D.P. POPE, Department of Materials Science and Engineer—
ing, University of Pennsylvania, 3231 Walnut Street, Philadelphia, PA
19104

INTRODUCTION

Grain boundary particles are very important in the nucleation of
creep cavities. Restricting ourselves to ferrous alloys we find that
carbides, oxides amd sulphides have been suggested as cavitg nucleation
sites in the past. This study uses slow strain rate (4x107°/sec),
elevated temperature (500-800°C) tensile tests to evaluate the relative
importance of these particles in iron and to investigate the effects of
phosphorus and cerium on hot ductility.

RESULTS

1) Carbides : High purity Japanese electrolytic iron, supplied by Showa
Denko K.K., (SD irom), containing only about 1 ppm S, was used to melt
alloys countaining carbon levels between 670 and 780 ppm. This ensured
that the grain boundaries of these alloys contained carbides (but no
sulphides) during the tensile test at 700°C, since the solubility limits
of sulphur aund carbon are ~ 35 and 200 ppm respectively at 700°C.
Furthermore, because of the low level of sulphur in the SD iron, signi-
ficant amounts of segregated sulphur are also absent from the grain
boundaries of these alloys. Under these conditions, all the alloys fail
in a completely transcrystalline manner, with ductilities approaching
100% Reduction in Area (RA). No grain boundary cavitation was detected
in any of these alloys.

2) Oxides : Grain boundary oxides are evaluated in a similar manner. SD
iron was used to melt alloys containing greater than 470 ppm oxygen
(c.f. gsolubility limit of ~ 2 ppm oxygen in iron at 800°C). Again, it
is seen that the alloys fail tramsgranularly, with no evidence of grain
boundary cavitation. In slightly more impure forms of iron, containing
20-30 ppm sulphur, cerium can be used to getter the sulphur. When this
is done, it is once again seen that oxides do not nucleate cavities.
However, when cerium is not used to getter the sulphur in alloys contain-
ing 20-30 ppm sulphur, oxides are seen to mucleate cavities in some
instances. Ductility depends on the C:S or P:S ratio of the alloys;
increasing either increases ductility and decreases the amount of grain
boundary fracture.

3) Sulphides : When irons containing greater than the solubility limit
of sulphur (~ 35 ppm at 700°C) are tensile tested, it is seen that cavi-
ties nucleate profusely on grain boundary sulphides, resulting in com-
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pletely intergranular fracture. Ductility may be improved by dissolving/
coarsening the grain boundary sulphides.

CONCLUSIONS

There appears to be a definite heirarchy of grain boundary particles
with respect to the ease with which they nucleate cavities in iron.
Sulphides are the worst of fenders : when present in sufficient numbers
on the grain boundaries of iron, cavities nucleate very easily on them.
Oxides come next: by themselves they are quite harmless, but in the
presence of segregated sulphur they become effective nucleants. Carbides,
at least for the experimental conditions used in this study, are comple-
tely ineffective as cavity nucleation sites in irom.
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INTERGRANULAR FRACTURE DUE TO IMPURITY SEGREGATION IN IRON

H. KIMURA
Research Institute for Iron, Steel and Other Metals,
Tohoku University, Sendai, Japan

INTRODUCTION

High purity iron (the residual resistivity ratio more than 3000) is
not susceptible to the intergranular fracture (IGF) even at 4.2K under slow
tensile test[1]. Less pure iron (the resistivity ratio less than 2000)
shows IGF at 77K by tensile test[2]. IGF is caused by the segregation of
impurities at grain boundaries or by the grain boundary precipitates of
impurities. The present research has been planned to clarify the effects
of selected solutes on IGF of iron and to discuss the mechanism of the
effects.

EXPERIMENTAL

In order to reveal the effect of each solute on IGF and the effect of
interaction between two kinds of solutes, high purity iron alloys with
controlled addition of desired elements should be used. Only limited kinds
of elements can be added to the above mentioned high purity iron (the
resistivity ratio more than 3000) without contamination. A sufficient
amount of alloys for toughness test is difficult to prepare from the high
purity iron. Therefore, a high purity electrolytic iron was used as the
base metal and high purity mother alloys were used. Alloys were melted
under vacuum in a special crucible. These alloys are not as pure as the
high purity iron, but considered to be pure encugh to discuss the effect of
an element (I) on IGF and the effect of the other element (X) on the IGF
caused by I. Concentrations of other impurities are much Tess than those
of I and M, and the effect of other impurities on IGF is considered to be
constant. Here, phosphorus was chosen as I, and carbon, nicke! and
molybdenum as X. Charpy impact test, AES and XPS, Mossbauer spectroscopy
and tensile or hardness test at low temperatures were performed.

RESULTS AND DISCUSSION

Phosphorus is known to cause IGF in iron. It has been proposed that
a phosphorus atom forms a covaient-like bond with surrounding iron atoms
and reduces the electron density around the iron atoms. Thus, the bond
between iron atoms neighboring the phosphorus atom is weaken and so the
cohesion of the grain boundary enriched with phosphorus[3]. XPS of the
seqgregated phosphorus shows that its electronic state is similar to Fe3P,
a covalent compound[4]. Mbssbauer spectroscopy shows that dissolved
phosphorus atoms reduces the density of s-electrons at iron atoms
neighboring the phosphorus[5].

Carbon prevents IGF caused by phosphorus and by other elements.
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Carbon and phosphorus compete with each other for the sites at grain
boundaries (the site competition); the degree of phosphorus segregation
decreases with increasing the carbon segregation[6]. This is onemechanism
of the effect of carbon preventing IGF. An experiment, however, clearly
shows that the segregation of carbon itself increases the grain boundary
cohesion without changing the degree of phosphorus segregation[7]. In this
experiment, the aging temperature was chosen so that the degree of carbon
segregation was changed but that of phosphorus remained constant. The
ductile-brittle transition temperature decreased with increasing the carbon
segregation. The effect of carbon preventing IGF has been found regardless
the kind of the element causing IGF{8]. These results shows that the
segregation of carbon increases the grain boundary cohesion in iron. The
mechanism of this effect of carbon is not known as yet.

Nickel is considered to promote the temper embrittlement in low alloy
steels. However, nickel does not promote IGF in Fe-P-Ni alloys quenched
from the o-phase region. The degree of phosphorus segregation is not
affected, and the addition of nickel reduces the tendency of IGF.[9]
Nickel is known to cause the solution softening effect, which may be a
mechanism of preventing IGF. Interaction between nickel and phosphorus is
not very appreciable, hence it is unlikely that nickel reduces the
detrimental effect of phosphorus at grain boundaries. Nickel would
increase the grain boundary cohesion by itself. This point should be
examined further,

Molybdenum also prevents IGF induced by phosphorus without affecting
the degree of phosphorus segregation[9]. Molybdenum is known to have an
attractive interaction with phosphorus[5]. MH#ssbauer spectroscopy shows
that molybdenum increases the density of s-electrons at iron atoms
surrounding it, and that the decrease in the electron density by phosphorus
is recovered by the addition of molybdenum[5]. It is likely that
molybdenum reduces the detrimental effect of phosphorus at grain boundaries
through this interaction. Again, this point needs further investigations.
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INTERFACIAL FORCES AND THE FUNDAMENTAL NATURE OF BRITTLE CRACKS

BRIAN R. LAWN AND DAVID H. ROACH

National Bureau of Standards

Institute for Materials Science and Engineering
Inorganic Materials Division

Gaithersburg, MD 20899

In addition to the covalent and ionic cohesive forces that hold
brittle materials together, there are weaker (but longer-ranged)
adhesive forces which come into play when new surfaces are created,
particularly in the presence of interactive environments: dispersion
(van der Waals), electric double layer, solvation and cation-site forces
are examples, These weaker forces give rise to so~called "disjoining"
pressures, which are of such great importance in colloidal chemistry.

It 1s shown in this presentation that forces of this type are important
also in fracture and strength properties of ceramies. They bear on the
reversible nature of crack growth (i.e. crack healing), and hence on the
existence of a "fatigue limit," i.e, an applied stress level below which
propagation ceases, This interrelation between surface closure forces
and crack properties is leading to a fundamentally new conception of
fracture, whereby the underlyling processes of bond rupture at the crack
tip operate independently of the adhesive processes behind the tip.
Scientifically, the decoupling of the two processes provides impetus for
study on crack-tip structures at the atomic level. More importantly, it
offers a possible new technique to measure surface forces using
fracture. Results of recent crack opening and closing experiments on
molecularly smooth mica will be presented in this context.
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ATOMISTIC STUDIES OF SEGREGATION, CRACK INITIATION AND CRACK PROPAGATION

JONG K. LEE

Department of Metallurgical Engineering
Michigan Technological University
Houghton, MI 49931

We first discuss equilibrium segregation of substitutional solute
atoms at both surface and grain boundaries. The emphasis is placed on
the recent Monte Carlo simulations in which (100), (110) and (111) fcc
surfaces and Z = 5 (310) fcc tilt grain boundaries are studied. The
atomic interactions are represented by the Johnson-type potential
functions. For the Cu-Ni system, the Cu segregation predicted by the
Monte Carlo method is found to be in good agreement with recent
experimental data. The Cu segregation significantly decreases the
surface free energy of the Cu-~Ni alloy at low temperatures. While the
concentration profile of the Cu segregation in a Cu~Ni alloy decreases
monotonically, the Zn concentration profile in a a-brass shows an
oscillatory behavior. 1In the second part, the embrittling effects of
impurity atoms are examined with simulation results in which metal-
maetal bond weakening due to impurity segregation is modeled. Modeling a
Cu-Sb alloy system, the preferred sites for the Sb atoms at a I = 5 (310)
tilt grain boundary are first found through a Monte Carxlo simulation.
Through a bond weakening effect, the boundary atoms are rearranged to
form new boundary structural units. When a tensile strain is applied
in the direction perpendicular to the grain boundary plane, the weakened
metal- metal bonds become the source of microcracks, thus enhancing
brittle fracture along the Sb-segregated grain boundary. Lastly, crack
propagation along a coherent interface in a two-dimensional bicyystal is
discussed. Under a uniaxial-strain loading a crack lying in the inter-
face is found to be stable until the applied strain reaches a critical
value. Although the overall nature of the crack is brittle, dislocation
nucleation intrcduces some degree of ductile fracture behavior.
Dislocations nucleate first at the soft crystal side of the interface
and glide away. As the crack grows, dislocations also nucleate in the

hard crystal.
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DISLOCATIONAL PILE-UP —-— GRAIN BOUNDARY INTERACTION AT ELEVATED TEMPER-
ATURE

ASHER A, RUBINSTEIN
Department of Mechanical Engineering, State University of New York at
Stony Brook, Stony Brook, NY 11794-2300

INTRODUCTION

The nucleation and growth of grain boundary voids cn the grain
boundary facets transverse to the direction of applied load, is one of
widely accepted mechanisms of damage development and material failure
at high temperature. The diffusive material redistribution is driven
by chemical potential gradieat; the chemical potential, in turn, is
related to a normal stress acting on the grain boundary. Therefore,
the nucleation of voids as well as their growth process strongly depend
on the stress field along the grain boundary.

The aim of this work is the analysis of certain sources of stress
concentration on the grain boundary which leads to time dependent high
stress gradients.

Specifically the interaction of a dislocation and dislocational
pile~up with the grain boundary at high temperature are studied,
Aiming analysis to a short term after load application, transient
period, the problem is formulated in terms of boundary value problem
for a linear elastic grain (upper half plane y » 0) bounded by grain
boundary. So grain boundary equation

Do (x) + 8(x) = 0

is satisfied on y = 0. (Here D is diffusivity coefficient, o is a
normal stress on y 0 (0. ) and 8 = 2u_ is a grain boundary "thick~
eniag"). yy y

Single dislocation solution is obtained in closed form for the
general case of position and orientation of dislocation. Time depen~
dent stress field and grain boundary "thickening" along y = 0 demon-
strate the effectiveness of the diffusive process and give quantitative
data for estimation of possible grain boundary void nucleation.

The interaction of dislocational pile—~up with a grain boundary is
studied in order to model a variety of practically possible grain
defects which can be approached on the basis of the theory of continu-~
ously distributed dislocations. Assuming the existence of the pile-up
before the temperature rise, one investigates the time dependent sttress
field along the grainm boundary, stress relaxation parameters and crit-
ical time. The diffusive absorption of the dislocations from the
pile—-up as well as the dislocation redistribution in the pile~up versus
time are represented.

il
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RESULTS AND CONCLUSIONS

The results demonstrate that even relatively remote from the
grain boundary, dislocations can create significant diffusive material
flow along the grain boundary.

The stress field due to dislocational pile-up located at the grain
boundary and orieuted perpendicular to it has been investigated. The
analysis indicated that the grain boundary diffusion leads to partial
absorption of the dislocations from the pile-up. This process is
relatively fast (in terms of characteristic material time). However,
as the final state (asymptotic case for t » =) demonstrates, the sigoi-
ficant portion of the dislocational pile-up will never be absorbed by
diffusive mechanism, since the normal to grain boundary stress 1is
decaying very fast.

As diffusional flow is progressing, the normal stress acting
parallel to the grain boundary and directed against the material f£lux
is activated. At the final state, this stress becomes singular (loga-
rithmical singularity) at the base of the pile-up. The ouly visible
mechanism of relaxations of this stress can be the void nucleation.
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STRUCTURE-DEPENDENT INTERGRANULAR FRACTURE INDUCED BY LIQUID
METAL

TADAO WATANABE
Department of Materials Science, Faculty of Engineering,
Tohoku University, Sendai, Japan

INTRODUCTION

The effects of the type and structure of grain boundaries
on liquid metal-induced intergranular fracture and mechanism of
the fracture have been studied in detail experimentally with
use of bicrystals of zinc and aluminium, and polycrystals of
beta brass. The present paper gives an overview of grain
boundary structure-dependent intergranular fracture induced
by liguid metal, which severely embrittles polycrystals of
normally ductile metals and alloys. The electron channelling
pattern (ECP) technique was applied to characterize a large
number of grain boundaries contained in polycrystals.

RESULTS AND DISCUSSION

Misorientation dependence of fracture_stress and strain
was determined on zinc bicrystals with <1010>tilt or twist
boundaries and other types of boundaries. Liguid gallium
was coated at a grain boundary on specimen surface.

It was found that the fracture stress is larger for low angle
boundaries and high angle boundaries of near $9/56.6° coinci-
dence orientation than that for high angle random boundaries,
as shown in Fig.l. Those boundaries which have large fracture
stress showed large fracture strain.

The anisotropy of fracture was found on <1120>tilt zinc
bicrystals, depending on whether liqguid gallium was coated at
the grain boundary on the surface perpendicular or parallel
to the rotation axis of the boundary. SEM observations on
fracture surfaces have revealed an important role of crystal
deformation to this type of intergranular fracture.

A mechanism of liquid metal-induced intergranular fracture
is proposed which considers the role of deformation ledge as
penetration path of liquid metal at the grain boundary [1].

Liquid gallium-induced fracture processes in beta brass
polycrystals were observed optically and by SEM. Grain bounda-
ries contained in test specimens were characterized by ECP
technique. An example of the characterization is shown in Fig.Z.
Low-angle boundaries are denoted by I, coincidence boundaries
by £ and numerals, and random boundaries by R.

It was found that liquid gallium~induced intergranular fracture
occurs and propagates preferentially at random boundaries.
Low—angle boundaries and coincidence boundaries were found to
be strongly resistent to fracture. It was also found that the
change in fracture mode from intergranular to trangranular
fracture or vise versa occurs depending on the type of grain



boundary existing in front
of a propagating crack.

When random boundaries are
connected to each other, a
typical intergranular frac-
ture appears to occur show-
ing more significant embri-
ttlement. Accordingly, high
density of random boundaries
are considered to lead to
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The possibility of deve-
lopment of strong and ductile
polycrystals by grain bound-
ary design has been pointed
out by the present author [3].
It is expected that an increase
in the frequency of special low
energy boundaries such as low-
angle boundaries and coinci-
dence boundaries will enhance
the ductility of polvcrystals.
Experimental supports for this
have been obtained.
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FIG.1l. Misorientation dependence
of fracture stress for <1010>tilt
and twist boundaries in zinc bi-
crystals embrittled by liquid
gallium.[1].
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FIG.2. An example of the charac-
terization of grain boundaries
in a tensile fracture test
specimen of beta brass [2].
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BENEFICIAL VERSUS HARMFUL GRAIN BOUNDARY SEGREGANTS: BORON AND SULFUR IN
Ni3Al

C. L. White and C. T. Liu
Metals and Ceramics Division
Oak Ridge National Laboratory
Oak Ridge, TN 37831

Trace element segregation at grain boundaries has historically been
associated with embrittlement of those boundaries [l]. Recent obser—
vations that certain segregating elements actually improve graim bouandary
cohesion have, therefore; led to speculation concernlng the factors that
may cause one segregant to strengthen grain boundaries and another to
weaken them. Solute interactions with grain boundaries must ultimately
reflect the chemical interaction of the solute with the solvent specles in
the host lattice, as well as in the structure of the graln boundary.

These lnteractions may manifest themselves as modifications in the bound-
ary structure, or as changes in the strength of interatomic bonding at the
boundary, or both. There do not yet seem to be any direct observatiouns
comparing the effects of bemeficial and harmful segregants on grain bound-~
ary structure, but some limited results relevant to the effects of such
segregants on grain boundary strength are summarized here.

Perhaps the best characterized beneficial grainm boundary segregant 1s
boron in substoichiometric NizAl. The intermetallic compound NizAl nor-
mally fails intergranularly with practically zero ductility. Although the
weakness of grain boundaries in W13Al can be further aggravated by certain
segregating impurities such as sulfur [2], removal of impurities does not
ductilize Ni3Al, and the compound appears to be intrimsically brittle.
Aokl and Izumi [3], and later Liu and coworkers {4], found that small
addirions of boron to NijAl dramatically improve its ductility [Fig. 1],
and inhibits intergranular failure. Liu and coworkers found that the
boron had its waximum effect when the alloy was slighitly aluminum poor
(24 at.%Z Al), and by careful control of stoichiometry and thermomechanical
treatment they achieved tensi{le elongations greaker than 50%. Auger
electron spectroscopy (AES) studies of intergranular and partially
intergranular fracture surfaces indicated that graln boundaries In the
boron doped alloys were enriched in boron. This supported the conclusion
that grain boundaries Iin Ni3Al are intrinsically brittle, and that boron
segregation strengthens thenm.

A clue to the contrasting effects of boron and sulfur was discovered
when both Liu and coworkers [4] and White and coworkers [5] found that
boron, unlike sulfur and many other embrittling segregants, does not
segregate strougly to free surfaces. Boron's unusual segregation behavior
in NizAl, and its streugtheniog effect on grain boundaries are in substan-
tial agreement with a thermodynamic analysis of effects of segregation on
graln boundary cohesion by Rice [6]. These observations and their rele-
vance to the general problems of grain boundary failure are discussed.
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MACROCRACK-MICRODEFECT INTERACTION

ASHER A, RUBINSTEIN
Department of Mechanical Engineering, State University of New York at
Stony Brook, Stony Brook, NY 11794-2300

ABSTRACT

Elastic interactions (in terms of the stress intensity factor
variation) of the macrocrack (represented as semi-infinite crack) with
microdefects such as finite size, arbitrarily positioned crack, circu-
lar hole or inclusion are considered. Solution for the problem of the
interaction with dilatiounal inclusion is given as well. The influence
of the crack tip geometry on surrounding stress field is studied by
analyzing the case of crack-hole coalescence.

Problems are considered in terms of complex stress potentials for
linear elasticity and formulated as a singular integral equation on the
semi~infinite interval. A stable numerical technique is developed for
solution of such equations. In a special case, in order to evaluate
the accuracy of the numerical procedure, the results are compared with
analytically obtained ones and found to be in excellent agreement,
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RELATIVISTIC DISLOCATION SHIELDING OF CRACKS

I.-H. Lin and R. Thomson
National Bureau of Standards
Boulder, €O and Gaithersburg, MD, USA

In other work reported at this conference,[1] we have
analyzed the basic elastic theory of dislocations and cracks
moving near sonic speeds. This analysls can be applied to
the classic case of a modified BCS crack with shielding
dislocations [ghﬂ }eavage plane, but with a dislocation
free zone (DFZ) For the analv51s, we assume mode
ITI, with a c¢rack sxtuated at the origin of a uniformly
moving coordinate system with velocity v, and a set of N
dislocations in a "plastic zone" distributed from position w
to R relative to this same moving coordinate system. Thus,
w 1is the size of the DFZ and R is the limit of the plastic
Zone. The dislocations will be assumed to be subject to a
constant friction stress, sf(v), which wmay be velocity
dependent.

Using expressions for the forces and stresses derived
for the moving singularities, we obtain the basic equation
for the force on a dislocation located at x

Nf ub fi Y
. 70‘] X"Xj

KA-B

se(v) = ==
f VX

— 1

K(v) = KVI-8 5 B=v/c ; vy=y1-82 (1)
b 1is the Burgers vector, u is the shear modulus, and K is
the velocity independent externally applied stress intensity
factor. K(v) 1is the velocity dependent stress intensity
factor. The prime on the summation means that the sum is
not taken over the reference point at x. We have neglected
the image terms in this eguation for reasons given in Ref.
4, With the definition of the local stress intensity given
by

k(v)==K(v)~»Kd(v)

N
Kd(v) = 3 uby 1
j (2)
2K Vi-

™=

the total force on the crack-dislocation distribution is
given by
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N

K2 = 2uA(v) (3 sp(v) by + 2v)
J

A(v) = \[(1+8)/(1-8)
(3)

We have used the Griffith condition at the crack tip,

k(z:(v) = 4UYSY (4)

Standard methods for solving the continuum ?E?roximation of
(1) give in first order in the parameter w/R

Zﬂpyys aK2(1-8
W= = 3 R =
sf(v)(zn 8R/w) 8sf2§vg

Equations (3)-(5) can now be combined to yield toughness
relations for the dynamic crack system, but to obtain useful
results, the rate dependence of s, and of N must be known.
Various forms of constitutive relgtions will be discussed.
One simple such relation 1is a work hardening relation
connecting Sg and N,

(5)

s¢ = s, (NbyB) /™ (6)
Then
m+1
k2o, ZBAB | 2muyy, 2
S? wn? (8R/w) (7)
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THE SIZE EFFECT OF CRACK ON MODE III PLASTIC DEFORMATION

SANBOH LEE AND SHAM TSONG SHIUE
Department of Materials Science and Engineering,
National Tsing Hua University, Hsinchu, Taiwan, R.0.C.

ABSTRACT

The interaction between a finite crack and pile-up screw disloca-
tions has been studied by computer simulation. The crack length plays
an important role in determining the sizes of both the dislocation-
free zone and the plastic zone. If the crack length is shorter than a
critical length, there will be no equilibrium positions for emitted
dislocations. A crack as large as ten times of critical crack length is
large enough to be considered as a semi-infinite crack.

INTRODUCTION

The dislocation emitted from the crack tip were observed recently
by in-situ electron microscopic experiments [1-5]. Some experiments [2]
found the dislocation-free zone, however sometimes it was not observed
[4~6]. Dai and Li [7] found that the existence of the free zone is due
to the presence of a barrier at the crack tip for the emission of
dislocations as well as the image forces exerted on the dislocations by
the crack. They considered that the crack length is much larger than
the size of the plastic zone and hence the crack size was not observed.

In the preseant work, the effect of crack size on the mode TII
plastic zone behavior is studied. The surface crack, double-tip crack
and single-tip crack inside the material are included. The effects of
crack size on the plastic and dislocation-free zone are also discussed.

ANALYSIS

Firstly, we consider the finite surface crack, let it be subjected
to an applied stress ¢ (mode I1I) and emit n screw dislocations. The
dislocations with the same Burgers vector bg are located at X; (i=1,2,
..yn). The shear stress T; at the ith dislocation and stress intensity
factor at the crack tip K are [8]

. X3 ubg [ X;2 +L2 . g JXj2~L2 2X5 ] (1)
1 =0 - [
in2~L2 2m 2% (X3 2-L%) ;;1 'Xiz—L2 (ij—Xiz)
—_— Wb, D
R=of 2% ¢ 22 (2)
2 2 i:] Xiz"'Lz
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In static equilibrium, K and each 7t; are equal to the barrier Kp
(or stress intensity factor to generate dislocations) at the crack tip
and lattice friction Tt. Thus if K, T anmd L are known, the (n+l1)
variables X; (i = 1, 2,..., n), and o can be solved from the (n+1)
nonlinear equations by the iterative technique.

For the double-tip crack inside the material, one tip of the crack
emits a positive screw dislocation and the other tip does the negative
one because of the nature of geometry. This kind of problem can be
solved by using the dislocation modeling [8] and the result is the same
as that of surface crack. If the left-hand side tip is blunt, so that
the dislocation can only be mitted from the right-hand side tip of the
crack, t; and K become [9]

X3 ubg X 0 /ij-»L2 1

T] = 0 =t ~ [ R ] (3)
R FE 2n " oxezopz 3=1 /X 2-L2 X5Kg
it
f ubg n YX;+L
K= g/t w > T — (4)
2 2n i=1 J/2L(X;-L)

RESULTS AND DISCUSSTION

The relation between the space (¥,-L) and crack length L is shown
in fig. 1. For each n, one finds that the crack length L exists a
minimum value L ~1. Below this value, the maximum number of disloca-
tions pile-up 1o the vicinity of crack tip would reduce to n-1. It is
interesting to see the curve n=1 in fig. 1. When the crack length is
1800 bg, the distance (X~L) become infinity, which can be argued from
eqs (2) or (4). The value 1800 is obtained from the following equation,

L =2 (K/1)?2 . (5)

Because K and t are constants depending on the materials, the Lg in eq
(5) is also a constant depending on the material. It is called the
critical length. For the case of crack size shorter than the value Lg,
the crack tip emits a dislocation if the stress intensity factor can
overcome the barrier at the crack tip. But the movement of this
dislocation will not stop until reaching infinity.

The region covered by pile-up dislocations is called plastic zone
size. It is found that the plastic zone size increases with the barrier
K at the crack tip, but decreases with increasing of frictional force T .

The dislocation-free zone factor F is defined as the ratio of (X3~
L) to (X,-X,), where F is larger than one, the free zone appears in the
vicinity of the crack tip, otherwise no free zone exists. The line F=]
in determining the existence of the free zone with different crack
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length L. is shown in fig. 2. The parameters Lg and Lg indicate the
crack lengths of double-tip (or surface crack) and single-tip crack
inside the material, respectively. The line goes lower when the crack
length becomes longer. When the crack length is beyond the ten times of
critical crack length Lg, it can be considered as a semi~infinite crack
[(71. The existance of the free zone becomes more difficult with
lowering of barrier K at the crack tip, increasing of frictional force
T, and shortening of the crack size.

In conclusion, the phenomena of dislocations emitted from the above
three types of cracks are significantly different when the crack size is
close to the critical length but show difference if crack length is long
enough. When crack length is as long as ten times of critical length,
thse three cases will reduce to that of the semi-infinite cack.
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ELASTIC SOLUTION OF AN EDGE DISLOCATION NEAR A WEDGE CRACK

S.-J. CHANG™, S. M. OHR™, AND R. THOMSON**
*Qak Ridge National Laboratory,t Oak Ridge, Tennessee 37831
**National Bureau of Standards, Gaithersburg, MD 20899

Dislocation pileup along an inclined direction from the tip of a
Sharp or wedge crack has been observed in metals during tensile defor-
mation in an electron microscope [1]. The dislocations are primarily of
edge type when mode I tensile load is applied. In the present work, we
have examined the elasticity problem of an edge dislocation near a wedge
crack by applying the method of complex variables. The problem of an
edge dislocation near a wedge crack of an arbitrary wedge angle can be
represented by an integral equation. For a semi-infinite crack, a
simple analytical solution can be found.

In order to obtain a solution [2, 3], the wedge plane z is trans-
formed to a half-plane w by

z = g{w)

where g{w) = wP (1 < p < 2). Since p is in general not an integer, the
analytical continuation of g(w) induces a discontinuous displacement [D]
in the w-plane and its magnitude along the real axis is given by

2 WD) =k[&]- 3 [81- [¥1,

where § and ¥ are the stress functions. A fictitious distribution of
dislocations f(u) is assumed along the real axis of the w-plane in order
to remove the discontinuous displacement [D]. The resulting integral
equation for f(u) is

oD
‘S D (u, u')I b f(u') du' = -~ [D(u)] .
0

In this equation, [Dp] is the discontinuous displacement at u along

v = 0 due to the presence of a dislocation of unit Burgers vector at u'.
In order to obtain the solution for an edge dislocation near a wedge
crack, this integral equation must be solved for f(u). The complete
solution is then obtained by superposition.
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DISLOCATION-FREE ZONE MODEL OF FRACTURE UNDER CYCLIC LOADING

S.-J. CHANG AND S. M. OHR
Oak Ridge National Laboratory,* Oak Ridge, Tennessee 37831

The dislocation~free zone (DFZ) model of fracture [1, 2] has been
proposed recently as an extension of the Bilby, Cottrell, and Swinden
(BCS) model [3] but containing a DFZ between the crack tip and its
plastic zone. It is shown that the presence of the DFZ is closely
related to the condition for dislocation emission from the crack tip.

In the absence of the DFZ, the crack tip is completely shielded from the
applied stress and the local stress intensity factor becomes zero.

In the present work, we have examined the effect of cyclic loading
on the size of the DFZ and the distribution of dislocations near the
crack tip. It is shown that during reverse loading two distinct
equilibrium distributions of dislocations are possible. In one of these
distributions a small number of dislocations have returned to the crack
tip during unloading. The distribution is very similar to the original
distribution that was present before unloading and consists only of
positive dislocations in the plastic zone,

The second distribution, which is also in egquilibrium with the
reduced applied Toad, is a superposition of the original distribution
and a distribution of negative dislocations in the unloaded region.
These two distributions give rise to distinctly different local stress
intensity factors. The true distribution can be found if we assume that
the local stress intensity factor is equal to the critical stress
intensity factor for dislocation emission.
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THE STABILITY OF CRACKS FOLLOWING EXTENSIVE STABLE GROWTH

P. F. THOMASON
Department of Aercnautical and Mechanical Engineering
University of 8Salford, Salford, M5 4WT, England

INTRODUCTION

Many engineering structures are made from materials of such high
fracture-toughness that any crack-like defect will exhibit large amounts of
stable crack-growth before catastrophic fracture intervenes. Under these
conditions the established methods of elastic-plastic fracture mechanics
become 1invalid as a result of extensive non-proportional loading and
elastic unloading. In an attempt to extend elastic-plastic fracture
mechanics into the large stable-growth regime a new 'incremental' criterion
of crack stability is developed, from the fundamental Kelvin-Dirichlet
condition [1], for the case of a workhardening incremental-plastic/elastic
solid.

THE CRACK-STABILITY PROBLEM FOR AN INCREMENTAL~PLASTIC/ELASTIC SOLID

In formulating the crack stability problem we consider the case where a
crack has already undergone extensive sub-critical growth following the
application of prescribed tractions Fij over the surface Sy and prescribed
displacements uj; over the remaining surface S;; Fig.l. We now set out to
establish a sufficient condition for the stability of +the current
equilibrium state in the cracked body V, with dead loading (dFj=0 on Sp)
and rigid constraints (duj=0 on Sy).

The current equilibrium state can be regarded as definitely stable if
it satisfies the Kelvin-Dirichlet criterion of stability [1] for the set of
virtual displacement-increment fields corresponding to the formation of
incipient fracture damage in a fracture pracess zZone ahead of the crack tip
(Fig.1). The sufficient condition for stability has the form 6(I-E)>0 for

all virtwval displacement - increment fields satisfying the boundary
conditions; where 81 is the intermal energy stored or dissipated and 6E is
the work done by the external dead loading. Appropriate second-order

expressions for 61 and 6E can be obtained [2] by an imaginary cutting and
rewelding operation in the vicinity of the crack tip to separate the total
volume V into a global volume VG, where the incremental response will be
primarily influenced by the geometry of the body, and a local volume vk
where the incremental response will be primarily influenced by the plastic
flow and fracture characteristics of the material; Fig.1. The 'separate'
volumes vL and 1526 are now subjected to prescribed virtual
displacement-increments fields, giving the displacement-increments du; on
the common surfaces ASy; of the two volumes (Fig.1); thus the common
surfaces remain in perfect contact when the virtual displacement-increment
field is applled Now the equilibrium stress field in VG will change from
0;30 to (ol + dol-G) and the tractions on_ A4S, from Flg to (Fi{8+dF;®); on
ASu of vL t%@ trqrtlon% will change from Fil to (Fijl+dF;l). Hence, we can
write the Kelvin-Dirichlet stability criterion (8I-8E>0) for the complete
cracked body (V6+vl) in the following form [2]:~
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, dE=0
SF
<7
“\ Tdu: Ig‘«»dg‘
) e n e & 3 P 3 'E
. dy=o

5
v

Fi1G.1. The imaginary cutting process ahead of a cgack tip and the effect
of a virtual displacement~increment field giving dujy on 43;.

G G G L L L G G
Jbg(oij+%dcij)deijdv + jVL(oij+%doij)dzjj dv - JSFFi’ du; ¥ds>0. (1)

Using the virtual work relations for the separate equilibrium stress fields
in V6 and vL the volume integrals in (1) can be transformed to give the
following sufficient condition for stability of the current equilibrium
state of a cracked body [2]:-

¥fag (dF;L + dF;8) duj ds > o0; )
3}

where FiL + Fi® = 0 on ASy. It is important to note here that at the
stability limit, where (2) just fails to be satisfied, there is no
implication that dFil + dFiC = 0 at all points on ASy; i.e. the stability
limit is not identified as an adjacent position of equilibrium.

DISCUSSION

In order to develop a method for applying the crack-stability criterion
(2) in practical problems we rewrite the inequality‘jn the form M + § > 0,
where M = %jag, dP;L duj ds and § = ¥fasy dFiC¢ duj ds. The M integral
represents a component of the total energy increment applied to aSy of VL
and is related to the gradient of an effective R-curve for the material; it
can therefore be regarded as an autonomous material response. On the other
hand the S integral represents a component of the total energy jincrement
applied to 88y of vG and this will be primarily dependent on the particular
geometry of the cracked body, [2]. It should be noted that the M and S
integrals are not path independent and the size and shape of VI must
therefore be fixed for a given problenm.

The proposed 'incremental' criterion of crack-stability will of course
require extensive experimental development, and a preliminary experimental
procedure for measuring the M integral and evaluating the § integral in
practical problems will be described in a subsequent paper [2].
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THE PROBABILISTIC PHYSICAL THEORY OF THERMALLY ACTIVATED FRACTURE

A.S. Krausz*, K. Krausz
Faculty of Science and Engineering
*University of Ottawa, Ottawa, Ont.

The fundamental physical processes of time dependent, thermally
activated crack propagation consists of consecutive bond breaking steps
and is described appropriately by the Fokker-Planck type stochastic
equation [1,2].

Because the process is of random walk character the crack velocity
(and the crack size) is not a deterministic quantity; the physical
process always results in a crack size (and therefore, crack velocity)
distribution defined by the probability density function W(a,t), where
a 1is the crack size at time t. It is shown that for the transition
probability distribution of ¥ (aa,At)

+oo

W(a,t)==5 Wla - aa, t - at) v (aa, at) daa .

= XD

Rigorous development leads to the differential equation

aW 32W 5W
st TR G D

where «; and «k, 1is related to the first and second moment respec-
tively and are expressed fully in terms of rigorously determined physi-
cal quantities (activation free energy, stress intensity factor, tempe-
rature, etc.) explicitly [3,4]. The equation is immediately recognizable
as the Fokker-Planck type differential equation of stochastic processes;
its relation to Brownian motion, the Langevin equation, the Liouville
theorem, and transport processes is expressed in terms of crack propa-
gation.

Applications to threshold stress intensity determination in cor-
rosion fatigue and high temperature fracture is discussed. The deter-
ministic theory of the atomistic, discrete concepts of the revised
Griffith-theory are further developed in the probabilistic framework [5].

Previous studies have shown the significance of the behavior
described by Equation (1); these were based on a derivation of an ap-
proximate character. The present paper reports the full mathematical
treatment and provides the theoretically rigorous definitions of the
physical conditions: it is expected that the extended abstract will
make the mathematical treatment and physical meaning accessible to the
expert reader.
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COMPUTER SIMULATION OF FRACTURE IN A
SPATIALLY VARYING ANISOTROPIC GLASS

D.W BERREMAN, S MEIBOOM, JAZASADZINSKT AND M. ISAMMON
AT&T Bell La‘bo;auox‘ies

600 Maountain Ave.

Murray Hill, NJ 07974

Cholesteric liquid crystals can be quick-frozen with a jet of cold tiquid propane
to form a glass that retains the periodic molecular orientation of the eriginal
liquid crystal phase. These frozm: samples can be {ractured, and the contour of
the fracture surface c¢an be studied with electron mlciogmaphs of platinum
shadow replicas.

In order to interpret these micrographs, we have developed a very simple theory
fracture 1 spatially varyiung anisotropic materiais that seems to give resuits
consistent with our observations.

We suppose that the crack progresses so slowly that inertial effects inay be
ignored. We set up an x, y, z coordinate system with stress in the z-direction
We suvpoese that the crack front 1s at all times parallel to the x-z plane and
propagates in the y-direction. We further suppose that at each incremental
advance of the crack the energy released 1s minimal. We use a simple Landau
expansion to estimate the relative energy per unit area released, dU:

dU = n'Rn

B

where it 18 a unit vector that 1s locally normal to the crack and

R« 1+ bQ
is a symmetric, tracnless tensor c‘l-.'imt‘ erizing the liquid crystal anisotropy.}
Approximate expressions for the spatial variation of Q m tie Grandjean texture

and m the blue phiases | and II of cholesteric hamd crystals have been obtained

TN 2 - N
from optical diffraction 3 and from theory ' Correspondence between results of
mputations and experiments will give further imformation about the

present oo
detetls of the structure of these phases

-

We ha e written a computer program that minumnzes the quantity

w R néydx

U= ::fil:.:é,,_u__,
0 2

for cach wneremental advance, 8y, of the crack. The term e, 15 a unit vector

poaradel to the stress The factor
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by dx

n-e,
is the area of crack produced when the area projected on the x, y plane is §y-dx.
Periodic boundaries in the x-direction are optional. We arbitrarily start with a
straight line at y=0. The crack generally progresses to a form that does not
depend on the straight-line start after a distance approximately equal to the

crack width, w.

We find that we get contours similar to those observed when b is on the order
of -0.6 to -0.8, meaning that the glass breaks much more easily parallel to the
long axis of the liquid crystal molecules than normal to them.

When b 1s zero, this theory gives a plane crack normal to the stress which
minimizes the area that is represented by the constant term in R.
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EFFECT OF SURFACE TENSION ON THE TOUGHNESS OF GLASS

TZE-JER CHUANG

Institute for Materials Science and Engineering
National Bureau of Standards

Gaithersburg, MD 20899

INTRODUCTION

The paper is concerned with fracture toughness of glass. Special
attention is given to studying the effect of surface stress on the
apparent toughness as observed on a typical glass specimen, for
mechanical forces must exist in the fracture surfaces.

At the crack tip where surface curvature Kas is highly
concentrated, the residual bulk stresses 0; 5 are generated by surface
tension Tag @8 03 055 N3 = 1 K resulting from the requirements of
mechanical equilibrium.  These residual stresses in term alter the tip
geometry leading to the following integral equation governing the

crack~tip shape:

B1-v2) o, BY(=Y)

u(x) = E V21 Ta wE

ém m(x, x') u"(x')dx’ (1)

where X is the distance away from the crack tip and m = log [vx +
/x'"/1/%x - ¥Yx'1] is the kernal. First order approximation for u results
in the following residual X

K = drf" S

res dx = - XA Y /a/ptip (2)

where Y is surface energy, a is characteristiec crack tip zone size,
Ptip is the root radius of the tip and A is of order unity.

As an example, we calculate the case of a particular crack
observed in high silica glass where Prip = 1.5 nm and a = 100 nm, The
materials properties of that glass are well~determined: E = 70 GPa
v = 0,22, Y =7 J/m? corresonding to KIC = 1 MPa/m. Using these values,
the amount of toughening is computed to be Kreg = 1.5 MPavm from
eqn. (2). This means that this crack can sustain an applied K as high
as 2.7 MPaym, a factor of 2.25 times Kic resulting in geowmetry-induced
toughening phenomenon.



149

SUMMARY

Mechanical stresses {(i.e. surface tension) inherently exist on a
general free surface because its atomic structure differ from its bulk
counterpart. The effect of surface tension is amplified at a crack tip
because of curvature concentration. Integral equation describing this
effect on the toughness of glass is derived and first order approxima-
tions using weight function technique were made for evaluations. The
qualitative results indicated that the geometry-induced toughening is
linearly proportional to surface tension and crack tip curvature and to
square root of crack tip zone size. An illustrative example of
recently observed crack tip in 5102 glass is given which shows that
toughness is enhanced two and quarter timeg the original KIC value.
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THE ROLE OF PLASTIC WORK IN THE CLEAVAGE OF BCC METALS

J. E, HACK® AND D, F. STEIN™

*Center for Materials Science, Los Alamos National Laboratory, Los
Alamos, MM 87545;**Michigan Technological University, Houghton, MI
49931

Cleavage, the separation of atoms across a single atomic plane, is
one of the simplest concepts in brittle fracture. However; serlous gaps
still remain in the reconciliation of observed behavior with theoretical
predictions. One technologically important example is the persistent lack
of a satisfactory predictive capability for the choice of cleavage plane
in the body~centered-cubic metals. Although surface energy avrguments
predict (110) cleavage in most bece systems, (100) cleavage is generally
observed.

The current investigatlon was aimed at calculating the plastlc work
associated with various crack planes and directlons for Internally
pressurized cracks in single cvrystals of tungsten at ambient temperature.
The cracks were assumed to bs moving at a velocity of 10 m/sec. The
plastic work was calculated using a combination of the standard linear
elastic crack tip stress field solution [2] and the Orowan equation
relating strain rate to the average dislocation velocity and average [3].
For the purpose of the calculations, only the most highly stressed slip
system was assumed to operate for each crack~plane -~ crack direction
pair. Increases in dislocation density were assumed to be offset by an
increase in weork hardening parameter [4]. The crack system which induced
the lowest combination of surface arid plastic strain energy per unlt crack
advance was considered to be the preferred cleavage plane.

The results of the calculations are given in the table below:

Table I, ‘Surface (ys), Plastic (yp), and Fracture (yF) energles for the
various crack systems considered.

Crack Plane Crack Direction Zys(J/mz)a yp(J/mz) yF(sz)b
(001) [100] 3.8 26.8 30.6
(013) {100] 4.1 53.7 57.8
(103) [301} hol 39,7 43,8
(012) [100] 4.1 116.4 120,5
(102) [201] 4,1 52,7 56.8
(023) [100] 4,0 417.7 421,7
(203) [302] 4,0 81.1 85.1
(011) [100] 3.7 2274.,1 2277.8
(101) [101] 3.7 231.5 2335.2

a) Estimated b) vF = 2ys + yp



The results show several points worth noting, including: 1) The
plastic work term dominates the total work to fracture; 2} The plastic
and fracture energles are minimum on the (100) plane and rise to a maximum
as the (110) plane is approached; 3) the absolute value of approximately
30 J/m“ for the fracture energy of annealed tungsten at room temperature
and a crack velocity of 10 m/sec agrees well with experimental data for
zone refined single crystals under similar conditions [5].
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THE BRITTLE-DUCTILE TRANSITION IN SILICON WITH PARTICULAR REGARD TO
DOPING

Markus Brede, Peter Haasen
Institut fir Metallphysik der Universitdt Gottingen
Hospitalstrasse 3-5, 3400 Gottingen, FRG

INTRODUCTION

An article by St. John [ 1] on the measurement of the brittle-ductile
transition in undoped silicon reported an Arrhenius relation between
crack opening velocity d and the respective transition temperature Tc,
with an activation energy of 1.9 eV. With regard to conditions at the
crack tip, Haasen [2] considers the possibility of thermally activated
formation of a stable partial dislocation loop at the crack tip.

St. John's results can be interpreted using this postulate, if crack

tip blunting due to dislocation motion in the stress field of the crack
tip is assumed. The motion of the dislocation is hereby described by the
thermally activated formation and movement of double kinks on the
partials of the dissociated dislocations. Analogous to the doping -
dependence of dislocation motion, a reduction of the activation energy
for the crack tip blunting is to be expected, and hence a lowering

of the transition temperatures.

EXPERIMENTAL

To measure the brittle-ductile transitions, dynamic tensile tests were
carried out on pre-cleaved monocrystalline samples between 800 K and
1300 K with crack opening velocities between 5 um/min and 1000 um/min.

RESULTS

Results are presented, which were obtained from Z crystals doped with
phosphorus at levels of 1.6 x 10 8 and 6.5 x 10" atoms per cm® (FIG.1).
The diagram ln d vs. 1/T. does not show the expected doping dependence

of brittle-ductile transitions (see FIG.2). For the weakly doped silicon
( 1) open symbols) an activation energy of 1.8 eV is calculated at
temperatures greater than 1000 K. Towards lower temperatures the plot
shows a deviation of the Arrhenius line. In the more heavily doped
material ( 2) closed symbols) this deviation takes place at higher
temperatures and crack opening velocities. Therefore the brittle-ductile
transition temperatures T, are higher than in material 1) for small d.
At T>1050 K, however, the transition temperatures for a given crack
opening velocity are as we have expected lower in the more heavily

doped samples. If T raises above 1150 K, the curve 2) approaches an
Arrhenius line with Uy> U,,. When compared with St.John”s measurements
(17, the brittle-ductile {ransitions are distinctly shifted towards
lower temperatures.
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MODE I CRACK TIP SHIELDING APPLIED TO WARM PRESTRESSING

B.S. MAJUMDAR AND S.J. BURNS
Materials Science Program

Department of Mechanical Engineering
University of Rochester

Rochester, New York 14627

INTRODUCTION

Some recent work [1-5] on fracture considers problems of cracking
from a conceptually different viewpcint than conventional continuum
plasticity theories. Individual discontinuities such as dislocations,
voids or phase transforming precipitates are considered to be interacting
with the crack tip, and local crack tip stress intensities are chanaged
relative to externally applied stress intensities. The dislocations that
become geometrically necessary for mechanical equilibrium shields [1-5]1
the crack tip from the external crack driving force.

The approach described above becomes especially important in the
transition regime of brittle to ductile fracture, where concepts of
dislocation generation and mobility are involved. Experimental results
relating to shielding concepts are obtained from some in-situ straining of
TEM gspecimens as well as bulk LiF crystals.

The present work is a continuation of shielding concepts to Mode 1
cleavage fracture of bulk polycrystalline 4340 steel samples. The
technigue of warm prestressing, whereby a precracked specimen is preloaded
above the ductile to brittle transition temperature, and fractured at a
low temperature (usually 77°K), allows a way to partially separate out the
processes of plasticity (and attendant shielding) and cleavage cracking.
Earlier work on warm prestressing (6-8], has concentrated on unloading
samples at preload temperatures prior to cooling and subsequent fracture
at liquid nitrogen temperature. Since some reversed plasticity may occur
at the low temperature, it is desirable to unload samples only at the low
temperature. This has been given special attention in the present series
of experiments.

Bend bar specimens of 4340 steel have been subjected to the following
two load cycles. 1In one case (LUCF), the specimens have been preloaded to
a desired K value at a given temperature, unloaded completely, cooled to
liguid nitrogen temperature, and finally fractured at 77°K. In the second
case (LCUF), the cooling has been conducted with the preload held
constant. For the purpose of baseline data, unpreloaded samples were
fractured at 77°K, as well as at room temperature. Following fracture
special fractographic features were observed in a SEM.

In an attempt to separate the effects of shielding and blunting,
three approaches were taken. First, the K at fracture of LCUF specimens
at 77°K were compared with corresponding values for unpreloaded machined
blunt specimens. The other twc approaches relied on the fact that the COD
at preload at a given K varies inversely as the flow stress. Identifying
COD as a parameter for blunting, it is obvious that the degree of blunting
of a preloaded sample for a given K can be altered by either changing the
preload temperature (since flow stress is sensitive to temperature), or by
changing the microstructure. In the former approach, the temperature of
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preloads has been varied between -100°C and 200°C. 1In the latter case,
the as received rolled and annealed pearlitic strucure has been changed to
a tempered martensitic structure. The tempering temperature was chosen so
that at 77°K the fracture toughness of unpreloaded samples were
essentially the same for both microstructures. Such a technigue also
allowed for the evaluation of the role of microstructure in warm
prestressing effects.

Both LUCF and LCUF specimens showed increasing K at fracture with
increasing preloads. However, there were two important differences.
First, there was a significant scatter in the results of LUCF specimens
compared to LCUF specimens. More importantly, there were marginal effects
of preload for LUCF specimens (especially at higher preloads) compared to
LCUF specimens. For these latter specimens, almost 90% of the effect of
preload was retained at fracture. The data for LCUF specimens showed a
linear increase in K of fracture with increasing preloads. Also, the plot
seems to be independent of the temperature of preload or the
microstructure. Considering that the flow stress for the tempered
martensitic structure is almost double that of the pearlitic structure,
the data clearly suggests that the effect of blunting is much smaller than
that of attendant shielding. The data for blunt saw cut samples fell in
the range of K values for LCUF specimens. However, considering that saw
cut samples had a crack tip radius, an order of magnitude larger than LCUF
specimens, the data suggests that the effect of blunting may be small.

The present results are compared with similar data from other
investigations. It appears that on a normalized scale, where the stress
intensity factors at preload and fracture are normalized with respect to
the fracture toughness at 77°K of unpreloaded specimens, the data trend is
independent of microstructure and composition within reasonable limits of
preload. This seems to be an important result, and an attempt is made to
understand this in terms of crack tip shielding concepts.

SEM micrographs show that cleavage fracture is essentially similar
for unpreloaded; as well as LUCF and LCUF specimens. The major difference
lies in the much larger frequency of secondary cracking of LCUF samples.
Also for these latter specimens there are large macroscopic ridges formed
on the fracture surface. Presumably, these secondary cracks and ridges
are formed to dissipate the excess energy stored in LCUF specimens.
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DIRECT OBSERVATION OF CRACK TIP PROPAGATION BRITTLE MATERIALS

R. B. TAIT AND G. G. GARRETT
Department of Metallurgy, University of the Witwatersrand, 1 Jan Smuts
Avenue, Johannesburg, 2001, South Africa

INTRODUCTION

In complex, multiphase, brittle materials the continuum approach to
describing the mechanics of fracture, although widely used, must be
interfaced with a consideration of the prevailing fracture mechanisms,
particularly where there is a doubt - as there often is in such systems
- of the general applicability of conventional fracture mechanics.
Although  scanning electron microscopy (SEM) is widely used to
investigate such micromechanisms of fracture, post fracture surfaces
have generally been examined and it is only relatively recently that
real time "in situ" observations of slowly propagating cracks and
defects have been undertaken [1,2,3]. This paper describes the details
of, and typical results achieved with, a constant K double torsion (DT)
loading facility operating inside the specimen chamber of a conventional
SEM used 1in the investigation of crack tip propagation in brittle
materials.

EXPERIMENTAL METHODS AND OBSERVATIONS

Small specimens (33 x 11 x 1,1 mm) of brittle materials, including
cement paste, mortar, tungsten carbide-cobalt, cast iron and ceramics
were readily loaded in double torsion using the facility illustrated in
Fig. 1. Using a 1loading system comprising a micrometer screw drive,
helical washer and retracting pins, pivotting of the upper loading plate
resulted 1in application of four point loading to tne DT specimen. The
whole system was mounted on a goniometer stage so that the main crack
region was on or close to the microscope axis thus facilitating easy
following of the microcrack system.

The degree of control of crack tip advance, using the DT system, is,
at close to 0,1 micron, exceptional for brittle materials, and
comparable with the resolution of the microscope. FEvidence of the
control of such crack advance is shown in Figs. 2 (a) and (b) for cement
paste, both immediately before (a) and after (b) a small increment of
loading. The crack is seen to have extended by one or two microns in
this pair of micrograpns. 1In addition this in situ DT SEM testing
facility enabled "process zones" of microcracking in the vicinity of the
main propagating crack tip to be observed in cementitious materials but

not in WC-Co or cast idron systems. Relaxation behaviour of this
microcracked process zone subsequent to the passage of the main crack in
cement systems was also observed. Some plastic fracture behaviour,

consistent with microvoid coalescence, was also observable in the cobalt
phase of the ostensibly brittle WC-Co particulate composites.
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SUMMARY

An in situ double torsion SEM Jloading system has been used to
investigate real time fracture mechanisms of brittle materials and is
particularly useful because of the fine control of crack advance (at
less than a micron) that can be achieved.
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DISLOCATION STRUCTURES AT CRACK TIPS®

I.M. ROBERTSON, G.M. BOND and H.K. BIRNBAUM
University of I1linois, Dept. of Metallurgy and Mining Engineering,
Urbana, IL 61801

In a recent series of papers, Ohr and coworkers have presented
observations on the dislocation structure at crack tips in a number of
materials deformed in mode III [1-3]. They report that the plastic zone
is frequently comprised of a dislocation-free zone immediately ahead of
the crack tip followed by a linear array of dislocations. The disloca-
tion array takes the form of an inverse pile-up with the dislocation
spacing decreasing as the crack tip is approached. These observations
tend to be limited to crack tips that are produced in the early stages
of deformation or are produced by the TEM specimen preparation process.

The existence of the dislocation-free zone has been predicted by
modifying the continuous dislocation plastic-zone model of Bilby et al
[4] to include a barrier to dislocation emission from the crack tip.
This modification removes the singularity at the crack tip. The size of
the dislocation-free zone varies inversely with the number of disloca-
tions in the array, but is still of the order of hundreds of nanometers
for 100 dislocations when a value for the lattice friction stress that
is characteristic of dislocations in a metal is substituted into the
theoretical models [5].

The presence of the dislocation-free zone is thought to be an
anomalous result since as shown in figs. 1 and 2 dislocations extend to
within a few tens of nanometers of the crack tip even when the number of
dislocations is small. The micrograph in fig. 1 shows a crack tip in
copper with the stress released, dislocations extend to within 20
nanometers of the crack tip. Indeed, where the crack path changes
direction (A on figure), a single dislocation exists within 30
nanometers of the crack tip; the theory predicts that a single
dislocation should move several microns from the crack tip. The lack of
dislocations within 20 nanometers of the crack tip can be attributed to
the thinness of the material; the material is too thin to support
dislocations because of surface image forces. Furthermore, it is
difficult to keep dislocations close to the crack tip since they require
only small increases in stress to induce motion and can frequently be
made to move under the electron beam. The micrographs in fig. 2 were
taken from an A1-7075 alloy that has been deformed in-situ in the
aelectron microscope and held at constant stress. Immediately ahead of
the crack tip in the deformation zone, an intense tangle of dislocations
exists with the dislocations approaching the crack tip. The area that
appears to be free of dislocations in fig. 2a can, by tilting, be shown
to contain dislocations, fig. 2b.

*This work was supported by the DOE through contract DE-AC02-76ER01198.
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These observations indicate that no dislocation-free zone exists at
crack tips in materials with low (Cu) and high (A1-7075 alloy) values of
the lattice friction stress. Similar observations have been made in a
number of other materials.
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Fig. 1 Dislocation structure at a crack tip in copper.

Fig. 2 Dislocation structure in an AL-7075 alloy after a significant
amount of deformation. The crack tip is surrounded by a dense tangle of
dislocations. The difference between (a) and (b) is in the diffraction
conditions.
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TEM STUDIES OF CRACK TIP DISLOCATIONS IN BCC METALS

C. G. PARK AND S. M. OHR
Solid State Division, Oak Ridge National Laboratory,*
Oak Ridge, Tennessee 37831

Crack tip deformation on a microscopic scale has been the subject of
considerable interest recently because of its implication on the
understanding of the fracture toughness and the overall fracture
process. From a series of TEM observations [1-4] it is now well
established that, when plastic deformation occurs ahead of propagating
cracks, dislocations are emitted from the crack tip, rapidly driven out
of the area, and piled-up in a plastic zone creating a dislocation-free
zone (DFZ). The existence of the DFZ, which is a manifestation of the
difficulty associated with dislocation emission from the crack tip, has
contributed significantly to the understanding of the mechanism of duc-
tile and brittle crack propagations. The relationship between the mode
of crack propagation and the behavior of crack tip dislocations depends
on the crack geometry and the loading conditions. However, it is not
clear at present which of the material parameters are responsible in
determining the geometry of crack tip deformation and its relationship
to the onset of crack propagation. In the present work, we have studied
the effects of unloading and hydrogen environment on the distribution of
dislocations, on the DFZ, and on the crack tip slip systems during
in situ TEM deformation of bcc metals.

Depending on the loading geometry, all three modes of crack tip
deformation have been observed. In all of the cases studied the
presence of the DFZ immediately ahead of crack tip was confirmed by
imaging through 45 different diffraction conditions. The size of the
DFZ, however, varied (1-20 um) depending on the number of dislocations
in the plastic zone, the grain size and the loading conditions, as
predicted by the dislocation model of fracture [5, 6]. Figure 1 shows
the variation of the size of the DFZ in two different stages of crack
propagation in molybdenum. Between (a) and (b), the applied stress was
increased and the crack propagated. The total number of dislocations
emitted from the crack tip increased from 70 to 280 and the length of
the DFZ decreased from 5.5 to 1.5 um. During this process the grain
boundary appears to have acted as a barrier to dislocation motion.

More detailed examinations, however, revealed that some of the disloca-
tions in the pile-up entered, moved along, and emerged out of the grain
boundary into the same grain. When the stress was removed, some of the
dislocations in the plastic zone moved backward to the crack tip and
were annihilated. The dislocations left in the plastic zone redistri-
buted themselves during the unloading. Generally, the DFZ ahead of

shear cracks of mode IIl was shorter than DFZ's of mode I and II cracks.
This indicates that the emission of screw dislocations from the crack tip
is easier under the mode III loading condition.
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In all of the crack tip geometries analyzed, the choice of the crack
tip slip system was dictated by two factors: the dislocation emission
condition from the crack tip [5] for each mode of loading and the crack
tip Schmid Factor. That is, the type of crack tip deformation is deter-
mined by the ratio of the component of applied stress to the critical
stress intensity factor for dislocation emission for each mode. It is
found that the mode III crack tip deformation is statistically favored
over modes I and II. Within each mode of deformation, the slip system
possessing the maximum crack tip Schmid factor is activated from the tip
of propagating cracks. The results presented here are in good agreement
with the DFZ theory of fracture [5].
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Fig. 1. Distribution of dislocations ahead of propagating cracks in
molybdenum. As the applied stress increased from (a) to (b), the crack
propagated and the size of the DFZ decreased.
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MODELING OF CRACK GROWTH AND FRACTURE IN THIN SPECIMENS

by K. Vv, Jata, T. Hanamura*, and W. A. Jesser
Department of Materials Science, School of Engineering and Applied
Science, University of Virginia, Charlottesville, VA 22901

INTRODUCTION

Microstructure and crack tip micro-plasticity largely affect the
crack growth mode and toughness of notched components. Linear elastic
fracture mechanisms, LEFM, can be conveniently employed to rationalize
the crack growth behavior under small scale yielding conditions in
front of the crack tip under plane-strain conditions. The maximum
stress and minimum strain energy criteria can often correctly predict
the crack growth direction and many existing fracture models toughness
models can be used to understand the toughness behavior. However, when
the component is under a plane stress condition, the large scale micro-
plasticity in front of the crack tip does not permit the use of LEFM
analysis with ease. In such conditions crack tip opening displacement,
grain orientation and slip processes occurring in front of the crack
tip would be more useful concepts to rationalize crack growth and
toughness behavior. In this paper we present the models successful in
bulk specimens as applied to the thin film case.

MATERIALS AND EXPERIMENTAL

Ribbons of type 304 and 316 stainless steel 12mm by 2.3mm 40um
thick were electropolished so that a thin bowl shaped region formed in
the center of the specimen. The specimen was mounted in a quantitative
load elongation stage of a high voltage electron microscope and pulled
to failure while recording the crack propagation behavior with a video
camera. From these recordings the following microscopic characteris-
tics of the crack propagation were determined: direction with respect
to grain orientation, crack tip opening displacement, deformation zone
ahead of the crack tip, crack length, mode of opening and the concur-
rent load, elongation and elongation rate. BAll of these variables
combine to permit a detailed analysis of the crack propagation and to
model its behavior.

SUMMARY

Several models have been developed and tested against the experi-
mental data. Fracture toughness models can account for the experi-
mental values of toughness. Minimum strain energy release and maximum
stress criteria are applied to the system in order to account for the
direction of crack propagation. Only limited success was found with
these two approaches. The relationship between models successful in
bulk cases to those models successful in this thin film case is ex-
plored. The values of specimen thickness employed here is several
micrometers, i.e. a thickness intermediate between bulk and very thin
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films. This intermediate region of thickness shows behavior not seen
in thin films but approaching that in bulk specimens.

*Present address: Nippon Steel Corp., Kosugi Ryo 412, Imainaka~Cho
317-2, Xawasaki, Japan 211.
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INSIGHTS INTO THE FRACTURE TOUGHNESS OF MARTENSITIC STAINLESS STEELS
USING STEREDSCOPIC FRACTOGRAPHIC MEASUREMENTS

D. S. GELLES
Westingnouse Hanford Company, W/A-65, P. 0. Box 1970, Richland, WA

Stereoscopic fractographs of precracked compact tension and
precracked miniature Charpy impact test specimens can provide critical
crack opening displacement (COD) measurements (8.) on a microstructural
scale [1]. Based on a relationship proposed by Wells [2] which compares
the critical crack extension force (G.) and critical COD (8.) and
involves the yield strengtha,, G. =no, 6. ...(1) wheren is aplastic
stress intensity factor expectéé to vary %etween 1 for plane stress and 2
for piane strain, one can show Jyj. =mo, 8. ....... (2) with m varying
between 1 and 2. A technique for measuriﬁ% 6. using fractographic
information can be envisioned from Figure 1 such that §. is the sum of Al
+ A2, If one measures the height of a feature above the fatigue surface
for a feature which can be identified on both halves of a fracture
surface, then COD as a function of Aa can be determined and &_. can be
estimated. Similar techniques have been developed elsewhere [3-5].

This approach to fractographic analysis has been applied to two
martensitic stainless steels, Sandvik HT-9 (Fe-12Cr-0.2C~1Mo-0.5W-0.3V-
0.5Ni-0.4S1-0.64n) and ASTH Grade T91 (Fe-9Cr-0.1C-1M0-0.2V-0.1Nb-0.3Si-
0.5Mn). Miniature compact tension specimens were tested to provide Jy.
measurements [6~8], heat tinted prior to fracture of the remaining
ligament and then examined by scanning electron microscopy. Examnles of
three such specimens are provided in Figure 2. Figure 2a shows a
specimen of fully heat treated HT-9 tested at room temperature. The
figure is arranged as a stereo pair to show both halves of the fracture
surface with the fatigue surface at the center. Folding the sterec model
along the vertical center line would allow the two surfaces to match. The
fracture surface appears corregated with the axis of the corregation
parallel to the original fatigue crack. Where a protrusion appears on
one half of the specimen, a depression matches it on the other half. The
corregation arises from the presence of delta ferrite stringers which
provide crack nucleation sites. Figure 2b shows a specimen of fully heat
treated T91 tested at 2309C. The fatigue surfaces, stretch zone and
dimple rupture regions are more easily identified. However, several
examples of dimple rupture can be found in regions close to the fatigue
surface and therefore dimple rupture did occur during stretch zone
formation. A third example is given in Figure 2¢ which shows a weld
specimen of T91 which was tested at 2059C. Dimple rupture is on a much
finer scale and the transition from stretch zone to dimple rupture is
more clearly defined. However, even in this case examples of dimple
rupture can be found on stretch zone surfaces.

Evaluation of the parameter m confirms this conclusion. "m" is
found to vary from 1.7 to 2.7 with large uncertainties found in a given
specimen as a result of area to area variations. It appears that crack
growth is a result of non-uniform crack propagation which is averaged by
bulk measurements. Therefore, Figure 1 is highly idealized. Cavity
nucleation, growth and fracture of the remaining ligament can occur prior
to reaching . and Jj. or & only represents a fracture energy where
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failure is almost exclusively by dimple rupture failure. The concept of
a blunting line is a simplification in complex martensitic steels.
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FIGURE 1. Schematic Diagram of the Seguence of Events which Occur at a
Sharp Crack Tip in Comparison with Behavior on a Corresponding
J-R Curve.
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THE APPLICATION OF STATISTICAL MODEL OF CLEAVAGE K1 TO
HOT-WORK DIE STEEL AND ITS TOUGHENING BY ¢
DOUBLE QUENCHING TREATMENT

Zheng Mingxin, Chen Baoluo and Cai Qi-gong
Department of Mechanical Engineering,
Tsinghua University, China

INTRODUCTION

In many cases, the premature brittle fracture of hot-work dies
is induced by the unstable propagation of thermal fatigue
cracks. However, it was found that the life of hot-work dies
could be increased greatly, if the fracture toughness of die
steel was improved. Using a double quenching treatment with

a higher temperature of the first quenching [1] instead of the
conventional one (spheroidize annealing and quenching), an in-
crease in fracture toughness at the same level of strength had
been obtained, and, consequently, it should have been beneficial
to the die life.

EXPERIMENTAL

The material was available from two heats (A,B) of the same

steel grade 3Cr2w8V, the composition (in wt%s of which is as

follows:

heat A C-0,38, Cr-2,90, W-8.25, V-0.47, Si-0.20, Mn-0.22,
p-0,027, S-0.008

heat B 0.0.33’ cr—2o38, W—8.26, V—0.38, Si"0017, Mn-0.20,
P-0,005, 5-0.005

Specimens of the fracture toughness (13X26X190mm) and tensile

tests (@Smm) were cut both along the rolling direction and

perpendicular, and the tests were conducted in an Instron

testing machine at a cross head speed of 1mm/mm. After testing

machanical properties the specimens were examined by light and

scanning electron microscopes.

The heat treatment of specimens carried cut was sShown by lines

in Fig.1.
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Fig.1 Heat treatment conditions for sSpecimens
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RESULTS AND DISCUSSION

Results of fracture toughness testing are presented graphically
in Fig.2, which indicates that Ky ¢ increases with increase in
quenching and tempering temperatures, while the values measured
for double quenching treatment are always higher than that for
the conventional one under the same temperature conditions.
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Fig.2 Variations of fracture toughness with
quenching (a) and tempering temperatures (b)

SEM examinations of the fractures near the crack tip region
shows that the fracture occurs by quasi-cleavage mechanism and
is initiated by cracked residual carbides MsC retained after
quenching. The size distribution of residual carbide particles
was determined by quantitative metallographic techniques, as
shown in Fig.3. The result shows that for those largest

(2r >2mm) residual carbides that might initiate cleavage frac-
ture, the probability density function f£(r) of the particle
radius (r) can be approximated by

£(r)=(n-1)r,*"'r?, (1)

wvhere r_ is a parameter associated
with th® size distribution of
particles and n an experimental
coefficient.

Based on the size distribution func-
tion of cracked carbides and the
local Griffith fracture criterion,
the cleavage fracture toughness K1c
can be formulated as [2]

function fm

Probability density

Particle radiusY

Fig.3 f(r) versus r

4

m K m 1
B 6;3 (6';,: )'F(m,n)=6u Vuh(:;> (2)
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where V  is the mean volume of c¢racks and P the probability of
fractur% initiated by carbide cracks under the normal stressé}.
Or in the mean value form,

_ B m !
Ko * Gys 4 xr(w%) [6‘1 vu/BF(m,njz (3)
o~ el
ith m=2(n- (u,0 )/ Glo " ng Y
with m=2(n-1), and F(m,n){fé’s }T“ Zo) ududs also Gu:[?(ﬁ)? )

Because carbides WeC can form during tempering only at an
elevated temperature[3,4], it may be possible to consider that
the size and distribution of the large residual carbide parti-
cles are not substantially changed at tempering in the range
used. 4nd, at this time the matrix of the steel must have got
a structure with an approximately definite dislocation density,
and hence the effective surface energy of cleavage fracture must
8lso abtain an approximately definite value. Based on these, it
can _be made an assumption that in the tempering range of 560~
670°C the characteristic .1 V_ of the Weibull statistical
model keeps a relatively cotlstait value. Therefore, under the
condition of guasi-cleavage fracture the relationship given by
equation (3), can be approximately written in the following form

-1

Kie® 6;s

Testing results (Tab.1) indicate that the assumption can be con-
sidered valid, and the agreement between experimental results
and predicted values is satisfactory with 2 scatter band of
clegvage K1c expressed by

Tab.1 Testing results

Heat treatment X, .~6~ , relationship Corelation m
1e7Y0,2 >
e . coefficient
Convent ional treatment % _ 1.006_,.06.72 2.66
(quenched from 11000¢) B4¢ 60,2 =107°“(MPa®™"/m) 0,95 10.64

g

= eonst (4)

Double quenching -
treatment (quenched K 1,9

T T2 e 2,96
from 1100°C 1cbolo =107 1°(MPa®"P/m) 0.98 11.84
' 1
ol
Blog =B Ky s (5)
F(1+ l)

from which the X, - gb curves are obtained, shown in Fig.4.
Obviously, the ségtter bgnd lies entirely in the range of pro-
babilities from p = 0.1 to p = 0.9.

Besides, the effective surface energy'yé of cleavage fracture
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4o Axial
8 Perpendicular

a-heat A for double quenching
. el T treatment; b-heat A for con-
900 1100 6_0"320?” mx,soo 1700 200 1100 G; 1.32057%1)500 1700 Vent iona'l treat ment

propagation was calculated by using the measured cleavage
stress 5} , Some values of which are given in Tab.2.

Tab.2 Some values of cleavage stress 6‘;

Heat treatment Yield stress Oleavage stress
conditions (©C) 6ys (MPa) 6 (MPa)
Quenched from 1100 1660 3776 3460 3847

Tempered at 610

rqugzggg g:oréxaémo 1750 3591 3847 3796

According to the size distribution of carbides MgC in the steel
(Fig.3) tempered at 580°C, the largest residual carbides that
might initiate cleavage fracture are as follows:

the size of carbide particle with a probability density higher
than 10%, or (2r)sss = 1.40mm; the size of carbide particle with
a probability density high than 20%, or (2r)soy. = 1.12mm.
Substituting these data into Y =(1-/?)d6;/ME , ve have y,=24.6,
19,7 J/m for (2r)=4=1.40, 1.12um, respectively.

Similarly, for the steel tempered at 640°C Y =25,8, 20.6 J/m.
Therefore, the effective surface energy of cletavage fracture
propagation in steel 3Cr2W8V ¥, =20~25 J/m . This value is
somewhat higher than that of tﬁe ferrite matrix and it may be
explained by the higher dislocation density in the tempered
martensite matrix of the die steel. It is obvious, as can be
seen in Fig.5, that the mean distance between carbide particles
gradually increases with increasing quenching temperature, and
the law of variation is similar to that of fracture toughness
of the steel tempered at temperatures near and higher than the
secondary hardening peak. The analysis of our quantitative
metallographic determination reveals that this variation is
associated with the dissolution of carbides in matrix in
appreciable quantities. The same type of relationship and
similar consideration had also been presented by V.F.Zackay[5].
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CONCLUSIONS

1. When the hot-work die steel
3Cr2w8V is tempered at tem-—
peratures higher than the
secondary hardening pesak, its
yield strength increases and
the fracture toughness decreases.
Under the same guenching temperar
ture conditions, there is an
approximate relationship bvetween
yield strength and fracture
toughnesa, as described by

LU

Kigt 56.éz- = const ,

wvhich well adapts for the Weibull
statistical model of quasi-
cleavage fracture toughness.

2. When the steel is tempered
near the secondary hardening peak

temperature, its fracture toughness increases with increasing o
gquenching temperature, and as the temperature approaches to 1250 C,

the fracture toughness may get a

imach higher value.

3. The replacement of the connventional heat treatment by the druble
quenching one with higher temperature of the Tirst quenching must
be beneficial to improving the hot~work die lifa.

Cao Wei-Di et al, Heat Treatment of Metals, 10, 30(1981).

T.5ato, T.HNishizawa and X.Murai,Tetsuto-Hagane, 44, 1378(1958)
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DELAYED FRACTURE UNDER NODE IT LOADING

Tong-Yi Zhang, Wu~Yang Chu, Ying Li and Chi-Mei Heiao
Dept. of lietal Ihysics, Beijing University of Iron and Steel Technology
CHINA

Hydrogen induced cracking (HIC) and stress corrosion cracking (SCC)
of a higb-strength steel 34CrNijMo (T.S.=1700MPa) under Mode IT loading
were investigated with notched specimens. The stress field around the
notch tip was analysed by means of finite element method. The origin of
coordinate system (xoy) is selected in the interior of the notch and at
distance fVZ from the notech tip, where @ is curvature redius of the
notch tip. The site of each point on the notch surface and the direc~
tion of stress components at the points are denoted by angle @ and =,
respectively, as shown in Fig.1. The maxinmum shear stress on the whole
notch surface T .. is located at 6=80°, i.e. the point 4 in Fig.1, and
ite direction is ef=5°. The maximum bhydrostatic stress o'hmax and the
maximum principal stress @Fpay on whole notch surface is located at
6= -110°, i.e. the p01nt B in Figel. The directions of @ oy and T¥*
are o=10° and e}= -35°, respectively, as shown in Fig.1, where T* de-
notes the maximum shear stress at the point B, i.e. at 8= -110°.

The initiation and propogstion of HIC under Mode II loading were
traced with a metallozrapn. The specimen would be unloaded as soon as
the initiation of HIC was found. Therefore, the site and the direction
of HIC during initiation could be determined certainly. A typical pho-
tograph of HIC initiation is illustrated in Fig.2. The cracking initiated
at site B in the back of notch tip, i.e. 8= ~110°, where the hydrostatic
stresg had the maximum value. The HIC was along the maximum shear stress
T* at site By, i.e. o= -35°, not nomal to the direcction of 61max_ at the
same site. The average measured value of s{and & for 7 specimens were
-38° and -107°, respectively, which were basely consitent with the cal-
culation values ef= -35° and @§= ~110%. It can be concluded that HIC
initiates at the maximum hydrostatic stress site and is along the maximum
shear stress direction at that site. The initiation of SCC in 3.5% NaCl
golution under Mode II loading is the same as SIC.

On the contrary, if the specimens are loaded to fracture in air
under Mode II loading the cracking is in the maximum shear stress site
around the notch tip and the cracking direction coincides with the direc-—
tion coincides with the direction of the maximum shear stress, as shown
in Fig.3. Above facts indicate that hydrogen induced delayed plastic
deformation is a necessary condition for HIC and the nature of 5CC for
high-strength stecl in 3.5% NaCl solution is HIC.
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Figel. The sites and directions of the maximum hydrostatic
stress Oppmaxs maximum principal stress Oqpax,
maximum shear stress Tpsy on the whole notch sur—

face,

Fig.2. The site and direction of Fig.3. Mode II specimens over—
HIC under lNode II loading. loaded in air.
A B for crack, B C for
plastic zone. (dark field
x160)
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FRACTO-EMISSION: PARTICLES FROM THE FRACTURE OF SOLIDS¥*

J. THOMAS DICKINSON, LES C. JENSEN, AND M. RANDY MCKAY
Department of Physics, Washington State University, Pullman, WA 99164

INTRODUCTION

We have been investigating the emission of particles due to
deformation and fracture of materials [1-3 and references therein]. We
observe the emission of electrons, ions, neutral species, photons
(triboluminesence), as well as long wavelength electromagnetic radiation;
collectively we refer to these emissions as fracto-emission (FE). The
goals of our research are to characterize the properties of FE, determine
the mechanisms for each emission component, and relate the FE behavior to
the physics and chemistry of deformation and fracture of interesting
materials and systems. The properties of the emission we measure include
identification of the emitted species, total intensities, time
distributions relative to crack growth, energies, and correlations in time
between various FE components. The dependence of these characteristics on
the material properties, locus of fracture, crack velocity, and
temperature have also been investigated. The emission effects can be
observed over a wide range of materials. We have made a number of FE
measurements on inorganic single crystals, ceramics, organic molecular
cyrstals, polymers, composites, and interfaces. As we continue to gain
understanding of the mechanisms of FE, we hope to provide detailed
information about crack propagation and failure mechanisms. In this
presentation, we show recent results on specific FE components
accompanying the fracture of inorganic single crystals, in particular,
neutral species.

RESULTS ON NEUTRAL EMISSION FROM INORGANIC SINGLE CRYSTALS.

We have been investigating the emission of neutral species from
oriented single crystals of pure alkali halides, and metal oxides. A
quadrupole mass spectrometer is used to mass select ions created by
electron impact. Fracture was produced by three point bend. For the
first time we have observed the emission of atomic species accompanying
the fracture of such materials. Figures 1 and 2 show the mass 23 (Na)
and 35 (Cl) signals from two different specimens of NaCl. No significant

MASS 23 FROM NaCl
: MASS 35 FROM NaCt
]
o 3
LA o
~ ]
[} 0
2 Lol
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. g %
T e : i e dnepisal o S A A
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0 T 3 6 O T 8 16
FRACTURE TIME (S5) FRACTURE TIME (S)
Fig. 1. The emission of atomic Fig. 2. The emission of atomic

sodium from fracture of NaCl. clorine from fracture of NaCl.
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mass 58 (and 60) from molecular NaCl is observed; thus, these signals are
from the emission of atoms. An additional intense mass peak from NaCl is
mass 36 (HCl). Similarly, from LiF we observe Li, F, and HF from LiF. We
have evidence that the HF and HCl observed are a result of fracturing LiF
and NaCl crystals that contain dissociated water molecules. Fracture

drives a chemical reaction that favors HX evolution over Hzo {gas)
formation.
1 Q0 - r '
A A MASS |6 FROM MgO
> -d -
= 80}- L -~
%] Z 0 .
& S .
£ 80l £ 5
S !
l‘I 40 = 2} x It
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x f s 00D . - & J ~
20 - I 1”1¢gaﬁw
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1o 20 ass  © 40 TIME (ms)
Fig. 3. Difference mass spectrum Fig. 4. Fmission of mass 16
of neutral emission from MgO. from fracture of Mgo.

Fig. 3 shows a difference curve between two mass scans taken
immediately before and after fracture of single crystal MgO (total
time/scan = 80 ms). Frequently observed emission peaks were masses 44,
32, 28, 24, 16, 15, and 2. Figure 4 shows the mass 16 emission from MgO
vs time. Tentative assigmment to the parent species released are coz, ;
C0, atomic Mg, CH4 and H.,. Other hydrocarbons were frequently detecteé.
Mass 16 is due to cont%ibutions from O,, CH,, and perhaps some atomic O,
MgO contains a wealth of impurities whicg contribute to these emissions.
The carbon containing compounds observed are due to chemical reactions
accompanying and following fracture with bulk (impurity) carbon with O
type defects (e.g., O, a positive hole) and dissolved hydrogen. It is
important to note that these compounds do not exist in the crystal prior
to fracture. The fracture surface 1is acting as a catalyst for
recombination reactions of the reactive species in the crystal. The
atomic Mg is more likely a product inherent to bond breaking of the
crystalline MgO itself,
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THE INFLUENCE OF HYDROGEN ON DEFORMATION AND FRACTURE PROCESSES IN HIGH-
STRENGTH ALUMINUM ALLOYS

G.M. BOND, I.M, ROBERTSON AND H.X. BIRNBAUM
University of I1linois, Dept., of Metallurgy and Mining Engineering and
the Materials Research Laboratory, Urbana, IL 61801

The effects that hydrogen in solid solution and in the environment
has on the dislocation mobility and fracture of age-hardened 7050 and
7075 Al1-ZIn-Mg alloys have been investigated by the in-situ TEM
deformation technique. The in-situ environmental cell studies were
performed in the HVEM environmental cell facility at Argonne National
Laboratory. Both peak-aged and over-aged materials were examined, some
samples being cathodically charged prior to testing.

The large silicon- and iron-rich constituent precipitates
influenced crack initiation and propagation in charged samples from both
alloys in both tempers. Microcracks initiated at these precipitates,
Figure 1, and the path of propagating cracks deviated towards the
precipitates. Cracks tended to pass through the matrix near the
precipitates rather than cutting through them or causing decohesion
along the matrix-precipitate interface. This type of interaction
between the crack and precipitate was only observed when hydrogen was
present. A simliar association between cracks and coarse precipitates
was found by Pickens et al. [1] for stress-corrosion cracks in Al-
7075, They attributed this association to greater hydrogen penetration
of the oxide at surface precipitates. This mechanism may account for a
high hydrogen intake into the sample but cannot account for the present
observations since the particles observed by TEM were not near the
surface during charging.

The distribution of hydrogen in the sample was investigated by
examination of deuterium-charged samples in the SIMS. A step-scan
profile of the deuterium distribution in an A1-7050 sample is shown in
Figure 2. From the figure, it can be seen that the deuterium
concentration is significantly higher in the vicinity of iron- and
silicon-containing particles., The profile also shows that the deuterium
distribution follows closely that of carbon, even in the matrix; this
can be attributed to the association of deuterium with interstitial
carbon. These observations suggest that hydrogen accumulates around the
precipitates. The initiation of microcracks and the deviation of
propagating cracks can then be explained in terms of hydrogen causing a
local softening around the precipitates.

The introduction of either dry or water-saturated hydrogen
atmospheres during in-situ HVEM deformation experiments increased the
dislocation mobility and crack propagation rate in both alloys; similar

*Work supported by DOE, Division of Materials Science through contract
DE AC02 76ER01198.
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results were obtained in pure aluminum samples [2].

(The effectiveness

of dry hydrogen results from the increased fugacity caused by the

dissociation of molecular hydrogen in the electron beam).

Irrespective

of the crack path (intergranular or transgranular), the presence of
hydrogen reduced the stress required to cause crack propagation and
tended to localize the deformation ahead of the crack; this is similar

to the effect of hydrogen on other materials (Ni [3], Fe [4]).

There

was no evidence that the presence of hydrogen caused decohesion. When
intergranular fracture occurred, the crack propagated in the vicinity of
the boundary rather than along the boundary interface, as has been

observed previously in nickel [3].

FIG. 1.

Microcracks and plastic

thinning near coarse precipitates
in hydrogen-charged A1-7075 under
tension.
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FIG. 2. SIMS step-scan profile
along Tine of coarse precipitates

in deuterium-charged A1-7050.
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MECHAIISM OF HYD..OGEN INDUC.D SOPTLNING

Tong—~Yi Zhang, Wu—-Yang Chu, Chi-liei Hsiao
Department of letal Fhysics, Beijing University of Iron and 3teel
Technology, Beijing, CHINA

The calculation based Boltzmann distribution shows that the strain
field of hydrogen inel-Fe is of intensive tetragonal symmetry, e.g.,
&;1=0.1772, 822=633=O.0026. Therefore, there is an elastic interaction
between hydrogen and a screw dislocation and the minimum of the interac—
tion energy is about 28KJ/mol. '

The equilibrium hydrogen concentrations around the screw dislocation
under Boltzmamm distribution and Fermi-Dirac distribution can be represented
as follows, respectively:

*
c,=C, exp(—ui/kT), ¢,=C, exp(—ui/kT)/(1+Co exp(-ui/kT)) (1)
where i=1,2,3 stands for that the largest strain component 811 is along
(100), {010} and {001) direction respectively. The Cj or C has the
trigonal symmetry around the screw dislocation. When an external stress
0 is ap_led along the [OO1J direction, the active slip system will be
(11 (112), i.e., the direction of the external force acting on the
screw dislocation should be the (110].

The interaction energies between the stress @ along the [001] direc—
tion and the strain field of hydrogen with £11 in the {100}, (010} and
(001] directions are as follows, respectively:

B =R = -8-38 g, E-= —a3a g (2)
1772 227? 3 11

Then, the interaction energy u! between hydrogen and the resuliant
stress field, which equals to the eiternal stress plus the stress field
of the screw dislocation, is given by u} = uj+Ej. Ej does not have the
trigonal symmetry around the screw dislocation , so does uj. Under the
resultant stress field, the hydrogen atoms in the atmosphere have to be
rearranged, because the rate of hydrogen diffusion is faster than the
motion speed of dislocation, only if the temperature is not very low.

The equilibrium hydrogen concentrations vnder the resultant stress
field for the Boltzmann and Fermi~Dirac distribution are, respectivelys:

' 1 xt 1 1
C;=C, exp(—ui/kT) ¢; =C, exp(-ui/xT)/(1+Coexp(—ui/kT)) (3)
] 'y ]
Both of C. and C. are not of the trigonal symmetry around the screw
. - i ) - ; ) -

dislocation. %herefore, where the interaction energy uj has the minimum
value there is the maximum concentration of hydrogen, and then the screw
dislocation will move towards the direction in order to reduce the energy
of the system. As a result, the asymmetrical atmosphere can produce an
additional stress Fyg on the screw dislociation.
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If the resistant force, i.e. the yield strength Tg, to the motion
of dislocation is not effected by the hydrogen atoms, the screw disloca~
tions in the samples containing hydrogen can multiply and move on a large
seale and lead to macroscopical deformation when the resultant force
of the external force and the additional force is equal to Tg.

The ‘Té/Té under various temperatures and initial concentraticns of
hydrogen has been calculated using the Fermi-Dirac distribution, as shown
in Table 1.

Table 1. T%/Ié under various conditions

T(K) 300 250 200
C, 10‘5 1077 10“8
'fcﬁ:s‘ 0. 37 0.53 0. 21

Table 1 shows that the apparent yield stress T, is less than half
of Ty at room temperature and Coa10"5 (about 0.18 wppm). Thus, hydrogen
induced plastic deformation may occur under a very low external stress.
If there exists a stress gradient, e.gz. ahead of a crack ox notch, the
Co should be the local concentration of hydorgen, which has a higher
value.

According to this model, the relationship between apparent yield
streas and various factors of temperature,strain rate, initial hydrogen
content was quantitatively analyzed. Besides this model predicts the
. change of slip plane in a charged specimen. All of the theoretical resulis
are consistent with the experimental observation.
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HYDROGEN AND IMPURITY SEGREGATION INDUCED SUBCRITICAL CRACK GROWTH OF FE
AND NI*

R. H. JONES
Pacific Northwest Laboratcry, P. 0. Box 999
Richland, Washington 99352

INTRODUCTION

Differences in crystal stiructure, dislocation dynamics and
hydrogen permeation would be expected to cause the fracture properties
Fe and Ni to respond differently to impurity segregation and hydrogen.
However, this is not the case as intergranular fracture of Fe and Ni has
been induced separately by H [1,2] and S segregation [3,4] as well by
combinations of S+H [4,5]. For the combined S+M case, the following
processes could account for this similarity: 1) equal grain boundary
permeation along S enriched grain boundaries, 2) equal bulk H transport
due to dislocation transport of H in Ni and lattice diffusion in Fe, and
3) Tocal (a few atom distances where bulk diffusion processes are not in
effect) crack tip interaction between S and H.

RESULTS

Intergranular subcritical crack growth rate measurements have been
made on Fe and Ni samples at cathodic potentials in 1N H,S0, at 25°C.
Samples with thicknesses of 2.5 mm, 5 mm and 10 mm were tested. Grain
boundary sulfur concentrations as measured by Auger Electron
Spectroscopy were about 0.2 monolayers in both. Plastic zone sizes were
determined by electron channeling pattern analysis and microhardness,
Fig. 1. Subcritical intergranular crack growth measurements at cathodic
potentials showed that Fe and Ni have similar values of K H and
comparable stage I and II crack growth rates, Fig. 2, whi{é the KTH for
Fe decreased with increasing thickness and the K H for Ni was
independent of thickness up to 10 mm, Fig. 3. Bgsed on calculations,
the plastic zone of both materials develops at a stress intensity equal
to or less than the KT'° This suggests that crack tip dislocations may
be important in the crgck growth process of both Fe and Ni.

SUMMARY

The subcritical crack growth behavior of Fe and Ni at cathodic
potentials has been shown to be very similar. This similarity is
thought to result from an equal H permeation rate along S enriched grain
boundaries in Fe and Ni.

*Research sponsored by the Division of Materials Sciences of U.S.
Department of Energy, under Contract DE-AC06-76RL0O 1830 with Battelle
Memorial Institute.
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STRESS CORROSTION CRACKING OF AN ALUMINUE ALIOY UBDER COMPRESSIVE STRESS

Wu~Yang Chu,* Chi-lMei Hsiao* and Jun~Wen Wang*
*Dept. of Metal Fhysics, Beijing Univ. of Iron and Steel Technology,
China.

Previous work showed that macroscopic compressive stress was able
to induce stress corrosion cracking (SCC) of Type 304 stainless steel
in a boiling 42 wt.% MgCl, solution (1). The incubation period of the
3CC under compressive stress, however, was one to twoe orders of magnitude
longer than that under tensile stress (1). Further work indicated that
SCC of mild steels in a boiling nitrate solution under compressive stress
could occur and the incubation period of SCC under compressive stress
wae also ten to hundred times longer than that under tensile stress (2).

A thimmed WOL notched specimen of 7075 aluminum alloy is used.
Thickness of the specimen is 2.5 mm but the loading part is thickened to
20 mm. The notch angle and the radius of the notch root are 60° and about
O.1mmy, respectively. If the specimen is loaded with a bolt and a spacer,
the notch open displacement V is pogsitive and there is tensile stresss at
the notch tip. If the specimen ic loaded in the opposite direction by
the bolt through a half of the specimen, the displacement V is negative
and there is coumpressive stress at the notch tip. This is confirmed
gualitatively by the needle-compression method of photoelastic experiment
and quantitatively via the finite~element computation.

A set of gpecimens with various K1 under compressive stress were
tested in 3.5% NaCl agueous solution and the times initiating 3CC with
0.1 to 0.2 mm length, designated t;, were recorded. The Ky vs t; curve
and. then the threshold value nucleating stress corrosion cracking from
the notch under compressive stress can be obtained, i.e., Klscc=27.6MPam§.
The corresponding th;eshold value under tensile stress is Kisep=8.3 WPams
and Ko is 43.2 MPam?, which corresponded to the opening displacement
V=0. 57 e

fixperiment showed that the incubation period for SCC under the com—
pressive stress was one order of magnitude longer than that under the
tensile stress in the game K1 and the threshold value for SCC under the
compressive stress was more than four times that under the tensile stress.
In addition, if the unleoading displacements after SCC under comPressive
gtress are larger than 0.57 mm which corresponds to Ki=43,2MPamz, the
mechanical cracking would occur in these specimen durjng unloading since
the Ky during unloading was larger than Kic=43.2 MPame. This again
proves that there exists compressive stress cloge to the noteh tip in
the compressive specimens throughout the 3CC.

Experiment indicated that a typical intergranilar fracture was ob-
tained for stress corrosion cracking caused by tensile stress. The frac—
ture surfaces of SCC under the compressive stress, however, were quite



183

different from those under the tensile stresse They were quasi-cleavage

and parallel striation pattern was often observed on the fracture sur—
face

1. W.Y.Chu, Y.Jao, and C.M.Hsiao, Corrosion 40, 302-306(1984).
2. W.¥.Chu, R.T.Ma, and C.M.Hsiao, scri. Metall. 18 579-582(1984).
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GBSERVATIONS OF CREEP CAVITATION IN TYPE 304 STAINLESS STEEL

T.-S. Liu™, Y.-W. W™, R.J. Fields™, D.G. Harlow™, and T.J. Delph™
*Dept. of Mech. Eng. & Mechanics, Lehigh Univ., Bethlehem, PA 18015;
**Fracture & Deformation Div., N.B.S., Washington, D.C. 20234

Reported herein are some recent measurements of creep cavities in type
304 stainiess steel. The data were obtained through the use eof an auto-
matic image analyzing computer, a device which is capable of making indi-
vidual measurements of large numbers of creep cavities. The techniques
use?,]as well as some preliminary results, are described in greater detail
in L1].

The test program utilized flat, plane stress tensile speacimens fabri-
cated from strip stock of a commercial heat of AISI type 304 stainiess
steal. A1l specimens were tested in air at 600°C under constant load cre-
ep conditions. Two series of tests were conducted. The first was a set of
replicate tests in which four groups of three specimens were tested under
conditions identical for each group. The second involved a group of spec-
imens tested at various loads and test durations, analyzed, retested at the
same load for an additional period of time, and then reanalyzed. In all
cases the central 3-4 cm. of the specimen test section was carefully pol-
ished prior to analyzis on the image analyzing computer. With the magni-
fication used in the present study (406x), this device is capable of mea-
suring cavity areas down to 1.7 um2. A sufficient number of fields were
examined so that at Teast 1000 cavities were measured per specimen. The
results were corrected for the presence of inclusions by measuring the in-
clusion size distribution on an uncavitated specimen, and subtracting this
distribution from the measured cross~-sectional area distribution.

Figure 1 is a histogram showing the measured distribution of cavity
cross~-sectional areas on a typical specimen. A well-defined peak in the
distribution may be seen in the neighborhood of 15 um2. Figure 2 shows
the same distribution plotted on Weibull probability paper. [t can be
seen that the probability distribution function for the measured cavity
cross-sectional area is reasonably well represented by a Weibull cumulative
distribution function over most of the range. Of interest is the fact that
the slope of the distribution flattens towards the upper end of the curve,
indicating a substantially greater degree of scatter in the size variations
of the largest cavities.

The results indicate that the mean measured cavity area varies with
time and applied stress according to the relation A = Cta®, where C and o
are constants. The mean cavity areas obtained from the replicate tests
are plotted according to this relation in Figure 3. The error bars indi-
cate the standard deviation of the measured values within each group of
tests. The correlation coefficient for the fit is greater than 0.99.
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THE EFFECT OF SULPHUR SEGREGATION AND ALN PRECIPITATION ON THE HOT
FRACTURE OF ULTRA HIGH PURITY IRON BASE ALLOYS.

M. TACTKOWSKI, G.A. OSINKOLU and A. KOBYLANSKI
Ecole Nationale Supérieure des Mines, Département Matériaux,
158 cours Fauriel, 42023 Saint-Ftienne Cadex 2, France.

Low alloy carbon steel can exhibit a loss of hot workability. To
understand this phenomenon alloys of ultra high purity iron containing
only selected additions of trace elements were prspared. Three kinds of

alloys were used iron-sulphur (0 to 100 ppm} ; iron-aluminium (150 to
nitrogen and

1000 ppm) -nitrogen (100 ppm), and diron with aluminium, g
sulphur. Hot ductility was examined hy tensil test in the temperature
range 800 to 1200°C at a strain rate &€ = 2 x 10°% s71.

In the iron-sulphur alloys (FS), sulphur contents greater than
50 ppm were nacessary to produce intergranular brittleness at high
temperatures (fig. 1). In the high sulphur alloys, failure occured at
the grain boundaries (G.B.] in spite of the onest of dynamic recrystal-
lisation (D.R.). At lower S content (S < 50 ppm) the fracturs was ductile
and the voids which formed at austenitic G.B. did not propagate rapidly.
The D.R. process ensured good ductility before final failure.
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No lack of hot ductility was found in high purity Fe-Al-N alloys.
is contrary to previous observations. In contrast, when AIN and S
both present, a pronounced loss of hot ductility was observed for
content as low as 10 ppm when combined with AIN contents (Al from
to 1000 ppm, fig. 2}. These results can be understood as a combine

This
wers
3
150
[

effect of strengthenning by AIN precipitation and of weakenning of the

£.B. by S segregations. The presence of AIN precipitates was confi

rmed

by electron microscopy. The prasence of 5 segregation was confirmed
Y ) p

metallographically and by autoradicgraphy of quenched samples.

The fracture mechanism can be explained on the basis of a shear

stress Tpp, reguired to iniciale G.B. cracking, Its value depends

on the intergranular concentration of S. The role of S will be to

the cohesion strength across the G.B., while the role of AIN is to
increase the resistance to deformation which results in greater st
concentration at the sustenitic grain boundary.

S segregation

Before frociure During  deformation

Fig. 3 : Mot fracture mechanis
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RARE EARTH EFFECTS IN INTERGRANULAR FRACTURE

Frederic Cosandey

Department of Mechanics and Materials Science

Rutgers University, P. O. Box 909, Piscataway, NJ 08854

The high temperature deformation and fracture behavior of poly-
crystalline alloys is greatly influenced by the presence of trace elements.
In nickel alloys minor concentrations of 0 and S promote high temperature
intergranular cracking with drastic reductions in ductility [1,2]. Such
embrittlement effects may be counteracted by additions of rare earth
elements, such as La and Ce, even at the ppm level [1,3]. 1In this paper
tensile results of Ni-Cr-Ce alloys and mechanisms by which rare earth
effects may be accounted for are presented.

Tensile tests as a function of strain-rate and temperature have been
performed on three Ni-Cr alloys containing respectively 0, 66 and 180 ppm
Ce. Results indicate [4] that Ce additions have little effects on either
yield or ultimate tensile strength. The maximum variations have been
observed for the ductilities as shown in Fig. 1 for a nominal test strain
rate of 4.6 x 107*s7!. The elongations of all three alloys remain the
same for test temperatures of up to 500°C, after which variations are
observed. Alloys with Ce additions show an increase in ductility with a
maximum at around 800 C while the one without Ce experiences a drastic
ductility loss. These variations are accompanied by changes in fracture
mode from transgranular to intergranular as shown in Fig. 2. 1In addition,
optical observations on transverse sections reveal extensive cavitation
and secondary cracks for specimens without Ce while very few cavities and
pronounced grain deformation are observed for Ce containing alloys. These
variations are the most pronounced for the slowest strain and for tempera~
ture between 700 to 850°C. These results indicate that Ce additions
prevent intergranular fracture with a resulting increase in ductility.

The beneficial effects of Ce additions on cavitation and fracture may
be the result of three basic processes. First, refining of grain boundary
embrittlement elements such as 0 and S during melting procedure as a result
of the low energy of formation of rare earth oxides and sulfides [5].
Second, prevention of environmental attacks as a result of the reduced
oxidation rate for rare earth containing alloys [6]. Third, modification
of intrinsic grain boundary properties such as an increase in interfacial
energy or a reduction in diffusivity resulting in a decrease in cavity
formation and growth. These intrinsic variations caused either directly
by Ce additions or from the reduction in O and 8 content have indeed
been observed [7], where a 20% increase in grain boundary energy have been
measured for alloys containing 500 ppm rare earth.
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INTERGRANULAR CRACKING IN HYDROGENATED ALLOY STEELS

JUN KAMEDA*
*Ames Laboratory, Jowa State University, Bmes IA 50011

In this study, by means of fracture mechanics analyses, acoustic
emission (AE) techniques, and fracture surface analyses by scanning
Auger microscopy (SAM) and x-rays, it has been determined how segregated
phosphorus (P), yield strength and grain size affect the equilibrium and
growth characteristics of hydrogen-induced intergranular cracking (HIIC)
in high strength steels. This work will be reported in detail elsewhere
[1]. The results. are briefly presented and discussed along with a
recently developed microscopic model for equilibrium [2] and steady
state [3] growth for HIIC.

The materials used in this study were P-doped and undoped I and II
alloy (3.5Ni-1.7Cr) steels with various austenite grain sizes. Pre-
cracked compact tension specimens of these steels were hydrogenated at
300°C for 0.5 hr using 1 atm of high purity hydrogen, water quenched and
then loaded. Hydrogenated specimens of the P-doped and undoped I steels,
and the undoped II steel showed yield strength of 1275 and 1450 MPa,
respectively. The relationships between the average crack growth rate,
da/dt, the average AE count rate N, and the applied stress intensity, K,
were established by means of compliance and AE measurements.

The. SAM analysis has indicated clear evidence of intergranular P
segregation in the P-doped steel and its negligible presence in the high
purity steels. The dependences of the threshold stress intensity, Kth'
and da/dt at X = 25 MPay m on grain size in the three types of steel are
shown in Fig. 1(a) and (b), respectively. The effect of yield strength
on K, was ‘found to be greater than those of P segregation and grain
size. ‘The intergranular P segregation greatly accelerated da/dt while
the .efifect of yield strength on da/dt was not observed in the high
purity-steels. Changing grain size substantially affected da/dt; da/dt
increased in the P-doped steel and decreased in the high purity steels
with increasing grain size.

The relationship between ﬁ and da/dt obtained from all the tests is
shown in Fig. 2 in order to demonstrate two different modes of the
microscopic growth of HICC: mode (i) associated with a large amount of
AE and mode (ii) accompanied by only occasional AE. It is clear that
increasing P segregation strongly affects the growth mode transition of
HIIC. Fracture surface analyses by scanning electron microscopy and
x-ray have indicated more featureless intergranular fracture facets and
higher levels of residual strain in the lattice adjacent to the fracture
surface in the P-doped steel than in the high purity steels. These
results are consistent with those obtained from the microscopic model
for equilibrium crack growth for HIIC [2]; while in steels with segre-
gated impurities the microcrack tends to grow by discretely rapid for-
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mation of intergranular microcracking (mode (i)) which gives rise to
dislocation emissions at the growing crack tip, in high purity steels
slow growth of intergranular microcracking (mode (i1)) proceeds which is
not accompanied by the generation of dislocations at the crack tip.

onflicting effects of grain size on da/dt between the tests on the
P-doped and high purity steels appear to he clogely related to the two
microscopic growth modes (i) and (ii) of HIIC. It is unequivocal that
mode (i) can proceed more favorably with increasing grain size because
of increasing growth unit size of microcracking. ©On the other hand,
mode (ii) controlled by the hydrogen flux presumably along grain bounda-
ries can be facilitated by decreasing grain size because a higher amount
of the hydrogen flux can be maintained at the steadily moving crack tip
region in the fine-grained steel than in the coarse~grained steel ([3].

This work was performed for the U.S. Department of Energy, by Iowa
State University, under contract no. W~7405~Eng-82.
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TEMPERATURE VARIATIONS AROUND THE CRACK TIP DURING A
FRACTURE TEST

M.G.BEGHI,* C.E.BOTTANI,*+ AND G.CAGLIOTI*+

#Istituto di Ingegneria Nucleare, CESNEF. Politecnico di
Milano, via Ponzio 34/3, I 20133 Milano, Italy;

+Gruppo Nazionale di Struttura della Materia, CNR, Unita’ di
Ricerca 7, Milano

INTRODUCTION

The obijective of this contribution is to offer indica-
tions on the possibility of obtaining relevant information
on the fracture process from temperature variations measured
on the sample surface during mechanical tests. Theoretical
analysis and experimental knowledge accumulated on tensile
specimens are exploited to interpret the temperature behavi-
our of a compact tension specimen during a fracture test.

THERMODYNAMICS OF STRAINED METALS AND FRACTURE TESTS

Elastic deformations of metals generate temperature var-
iations, which are negative when the relative volume varia-
tion is positive (thermoelastic effect). The associated
equivalent heat source 1is proportional, via the Gruneisen
parameter, to the rate of the elastic volume change [1].

Plastic deformations are always accompanied by signifi-
cant heat generation, due to mechanical energv degradation,
via e.qg. dislocation creation and motion. A plastically de-
formed metal absorbs irreversibly a mechanical power W; a
fraction £ of this power is at once converted into heat, re-
sulting in an equivalent positive heat source of strength W
("thermal emission")C2]1. £ is a function of the wicrostruc-
ture,., the stress, the strain rate and the temperature {[3].

The above effects are evident in tensile tests (Fig.l
reports results from an AISI 316 steel sample tested at con-
stant stress rate). The elastic deformation 1is accompanied
by a continuos coolinag; at the onset of plastic flow the
temperature exhibits a sudden rise. The temperature kink can
be wused to pinpoint the ’'physical’ vield point, or thermoe-
lastic-plastic instability [C21.

Preliminary results are reported (Fig.2) of measurements
performed on a fatigue pre-cracked compact tension specimen
of AISI 3le, loaded at constant cross-head speed [41. The
temperature variations in the regions surrounding the crack
tip are sensed by three point-like thermistors.

At the thermoelastic-plastic instability the load vs.
time characteristic exhibits a barely perceptible kink. Con-
versely, the initial thermoelastic cooling is followed by a
sudden temperature rise near the crack tip while at greater
distances., instead. the cooling rate increases. A smoother
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temperature rise is eventually reached everywhere.
CONCLUSIONS

In metals under stress, sites where cooling occurs are di-
lated elastically, while sites where thermal emission is
produced are plastically flowing. Thus the experimental pro-
cedure presented above allows to identify with precision the
nucleation of the plastic zone and, in principle, to map the
evolution of its dimensions and shape.

1. L.D.Landau and E.M.Lifshitz, Theory of Elasticity (Per-
gamon Press, 1960).

2. C.E.Bottani and G.Caglioti., Mechanical Instabilities of
Metals, Europhys. News 14, (12) 10 (1983), and refer-
ences therein.

3. M.G.Beghi, C.E.Bottani and G.Caglioti, to be published
in Res Mechanica (1985).

4, M.G.Beghi, C.E.Bottani and G.Caglioti, Metallurg. BSc.
and Tecnol.., 2, 102 (1984)
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