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SUMMARY 

This research program was undertaken to provide fundamental and basic 

·metallurgical information on the behavior of the heat affected zone (HAZ) 

in Gr-Mo steel welds as well as practical information on their relative 

weldability. The principal work was the evaluation of the post weld heat 

treatment (PWHT) cracking of Gr-Mo steels ranging in Gr content from 2 1/4% 

to 9%. Differences in observed cracking behavior were contrasted with 

composition, on cooling transformation behavior and HAZ microstructure. 

Hydrogen assisted cracking (HAG) studies using a large s'cale cracking test 

. were conducted on 2 1/4 Gr and 3Gr steels. Soft zone studies were 

conducted on 9Gr NKK steel to determine the reason for the development of a 

low hardness region ("Soft Zone") at the outer boundary of the HAZ. 

The literature review pr6~ides a concise historical review and the 

basis of theories for PUHT cracking and HAG in Gr-Mo steels which were 

employed to explain the ~eld cracking susceptibility of various Gr-Mo 

alloys. 

PWHT cracking susceptibility was investigated using Gleeble simulated 

heat affected zone (HAZ) specimens. A new test was developed at the 

University of Tennessee, the Coring test, to evaluate the PWHT cracking 

behavior. The G-ri~g test was found to be an extremely useful test for 

PW'HT cracking susceptibility and for verifying the results obtained from 

Gleeb1e testing. An excellent correlation was obtained for the two tests. 

The standard Y-groove test was selected for HAG susceptibility 

testing .. This test is very suitable for evaluating the HAG of the base 

metal and is defined in Japanese Industrial Standard JIS Z 3158. 
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The samples generated during testing provided test ~ata as well as 

metallograpllic specimens for examination by optical, scanning electron 

(SEM) and transmission electron (TEM) microscopy techniques. Evaluation of 

the metallographic specimen defined the effect of microstructure on the 

weld cracking susceptibility. The soft zone studies conducted on the 9Gr 

NKK steel used weldment and synthetically cycled samples to provide the 

metallographic specimen examined by using optical, SEM and STEM techniques. 

The Gleeble apparatus was employed to determine the continuous 

cooling transformation (GGT) behavior of the coarse grained heat affected 

zone in the 2 Ij4Gr, 3Gr and 9Gr steels of standard and modified 

composition. The result of GGT determination in 9Gr-IMo commercial heats 

shows that the primary microstructural constituents are martensite and 

autotempered martensite. 

the HAZ microstructure. 

Also, presence of delta ferrite .. was observed in 

Results of the GGT behavior determination for the 

coarse grained HAZ of 3Gr-l.SMo and 2 lj4Gr-lMo show that the on-cooling 

microstructure is dependent on the cooling rate. Over the range of cooling 

rate associated with commonly employed energy inputs the following type of 

HAZ microstructures may be observed: (1) for a fast cooling rate the 

microstructure is acicular martensite and lenticular martensite; (2) the 

microstructure at a slower cooling rate consists of lenticular martensite 

and bainite; (3) a further reduction in the cooling rate produces a 

microstructure which contains bainite or bainite plus ferrite. Although 

significant amounts of retained austenite have been reported as a' result of 

very slow cooling rates, in the present study with the cooling rates and 

materials employed, no retained austenite was observed. (Very slow cooling 

of 3er-I.SMo-Ni can result in upto 17% retained austenite.) 
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The PWHT cracking susceptibility of the Cr-Mo steels employed in this 

investigation is related to the extent of grain matrix strengthening which . 

occurs during PWHT. An increase in the grain matrix strength increases the 

susceptibility to PWHT cracking. During PWHT the matrix of 2 1/4Cr-lMo and 

3Cr-I.SMo is strengthened more than 9Cr-1Mo and as a result 2 1/4Cr and 3Cr 

materials are more susceptible to PWHT cracking. PWHT at a lower 

temperature (llS0oF) results in increased strengthening over PWHT at a 

higher temperature (l250oF), so the susceptibility to PWHT cracking is 

higher at lower PWHT temperature. 

The Climax composition 3Cr-I.SMo had the highest susceptibility to 

PWHT cracking. However, an experimental heat and a 50 ton commercial heat 

made to the same chemistry showed significantly better response, primarily 

due to a reduced P content. Matrix strengthening due to high C, Si content 

and grain boundary embrittlement due to the higher P content of the 3Cr­

I.SMo and 2 1/4Cr-IMo material appear to act synergistically resulting in 

greater susceptibility. An increase in the C or Si content in the nominal 

2 l/4Cr-lMo increases the likelihood of strengthening the matrix, thus 

increasing the PWHT cracking susceptibility. 

Five state-of-the-art commercial heats of modified 2 1/4Cr-lMo (Ti-V­

B) were also evaluated for PWHT potential using the Gleeble and Coring 

tests. These heats had a superior PWHT cracking resistance as compared to 

the JSW and Lukens 2 l/4Cr-IMo materials. One heat displayed outstanding 

PWHT cracking resistance, and this behavior is attributed to the addition 

of Ca during melting practice, which modifies the sulphide inclusion 

morphology and distribution. This indicates that sulphide inclusion 
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distribution and morphology may have a more pronounced effect than 

previously considered. 

Carbide morphology changes during weld HAZ thermal exposure and PWHT 

were determined utilizing STEM and TEM methods employing convergent beam 

and EDAX analysis techniques. The original carbides were completely 

dissolved in the coarse grained HAZ of the unmodified Berkeley ,alloy but 

were not completely dissolved in the V modified alloys during this thermal 

exposure, The precipitation of fine M2C type carbides took place rapidly 

upon PWHT for all materials after HAZ thermal cycle exposure. However, in 

the V modified material the M2C type carbide persisted for longer periods 

than for the Berkeley modified material. This gives rise to the matrix 

strengthening in the unmodified alloys and contributes to their higher PWHT 

cracking susceptibili ty. In general, the relative P~IT cracking 

susceptibility of Cr-Mo steels depends on the alloying elements, residual 

elements and the inclusion morphology and distribution. 

The limited Y-groove testing at different preheat temperatures and at 

various levels of diffusible hydrogen on 2 l/4Cr-lMo and 3Cr materials 

indicate that there is no decipherable difference in behavior between the 

modified and unmodified steels. 

The soft zone studies on 9Cr NKK steel showed that the soft zone was 

located in the region heated to just below the ACI during the weld thermal 

cycle. SEM and STEM studies revealed that the softening is related to the 

coarsening of carbides in this region (an overtempering effect). 

The basic metallurgical information derived from this investigation 

clarified the reasons for the relative cracking behavior of the different 

Cr-Mo materials. The practical data from this investigation provide a 
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basis for the determination of suitable welding conditions as well as a 

guide for the selection of materials from the standpoint of fabricability. 
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INTRODUCTION 

Ferritic steels alloyed with chromium and molybdenum are utilized in 

applications where creep behavior or corrosion/oxidation resistance are 

necessary factors in materials selection. The principle use of these 

alloys has been in the power generation and process industries. With the 

advent of the nuclear power industryl,2 and synfuels developmerit 

programs 3 ,4 a world wide effort was initiated to develop materials with 

improved properties. Further, those industries historically using Cr-Mo 

alloys seek to employ higher operating temperatures and pressures or larger 

pressure vessels which would result in increased economy and efficiency.5,6 

Development of modified alloys with 2 1/4Cr and 3Cr have had the 

following criteria of principal concern: 

1. resistance to high temperature hydrogen attack, 

2. minimum variation in hardenability with small changes in 

composition, 

3. a broad range of tempering conditions which will result in a 

fine bainitic microstructure possessing both strength and 

toughness, 

4. weldability must be as good as or superior to standard 2 1/4Cr­

IMo. 7 

In response to these criteria, Climax Molybdenum Company developed a 

3Cr-lMo-0.IVa110y,8,9 the University of California-Berkeley proposed a 

3Cr-l 1/2Mo alloy with 0.5% Ni added,IO Japan Steel Works (JSW) developed 

both 2 1/4Cr-lMo and 3Cr-IMo alloys with additions of 1/4% V, 0.02% Ti, and 

0.002% B,ll Nippon Kokan's modified 2 1/4Cr-IMo and 3Cr-IMo alloys have 



2 

additions of 0.5% Ni, O. 3%V, 0.009% Ti and, O. 007%B, 12 Kawasaki's modified 

3Cr-1Mo has additions of 0.02%Nb and 0.2%V,l3 while Kobe's modification was 

to add Ca during melting. 

Development of the 9Cr alloys was undertaken to eliminate ferritic to 

austenitic transition joints, to utilize the increased corrosion resistance 

compared to 2 l/4Cr and 3Cr materials, to obtain increased resistance to 

stress-corrosion cracking in caustic and chloride environments compared to 

type 304 stainless steel, and to reduce the use of strategic materials 

compared to 304 stainless steel, in particular chromium. The principle 

criteria for alloy modification were to achieve creep properties that 

equaled or exceeded those of type 304 austenitic stainless steel up to 

l1000F (590°C) and to maintain adequate weldability.2 These criteria have 

been addressed by the development of a V-Nb modified 9Cr-lMo at Oak Ridge 

National Laboratory (ORNL)1 and by Sumitomo Metal Industries' duplex, low C 

9Cr-2Mo material. 14 ,15 

The ~se of these modified alloys for pressure vessel applications 

requires that they be approved in the appropriate codes and standards. 

(9Cr-lMo-V-Nb has recently been approved for use by ASTM, A213-T91 for pipe 

and ASTM A387-Gr91 for plate.) Therefore the mechanical and fabrication 

properties must be fully documented. As can be seen from the foregoing 

criteria, weldability is a significant factor in the acceptance of the 

these materials for use in pressure vessel fabrication. 

Weldabifity has been defined as "the capacity of a material to be 

welded under fabrication conditions imposed into a specific, suitably 

designed structure and to perform satisfactorily in the intended 

service."16 In practice, weldability is mainly associated with a materials 
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resistance to various type's of cracking. 17 In Cr-Mo steels susceptibility 

to postweld heat treatment cracking and hydrogen assisted cracking are most 

often considered. 

Work undertaken in the following described research was primarily 

concerned with the evaluation of susceptibility to postweld heat treatment 

(stress-relief or reheat) cracking for the modified, enhanced properties, 

9Cr-lMo, 3Cr-Mo and 2 l/4Cr-lMo alloys. Work was also performed to 

determine the heat affected zone transformation temperatures and 

microstructures, HAC susceptibility of 2 l/4Cr-lMo and 3Cr-Mo alloys and 

soft zone studies on the 9Cr IMo modified NKK commercial heat are 

presented. 

3 
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LITERATURE REVIEW 

Phase Transformations 

The metallurgical transformations that occur during welding affect 

the final microstructure and therefore influence many of the potential 

problems that may develop during and after welding. The coarse grained 

heat affected zone (HAZ) is the location of maximum susceptibility for 

pos~weld heat treatment (PWHT) cracking. It is also the primary region for 

hydrogpn.assisted cracking. 

The discussion of hydrogen assisted cracking by Linnert17 indicates 

that susceptibility increases with increasing hardness of the 

micro~tructure. Therefore a martensitic microstructure is more susceptible 

to hydrogen assisted cracking than a mixed martensitic-bainitic one which, 

in turn, is more susceptible than an entirely bainitic microstructure. Ito 

and Nak~nishi18 showed in a study of ICr-l/2Mo alloys that a HAZ 

microstructure consisting of martensite or lower bainite was more 

susceptible to PWHT cracking than upper bainite. In temper embrittlement, 

a related materials problem, it was found that a martensitic microstructure 

is more prone to a loss of ductility and toughness than a bainitic 

microstructure.l9 ,20 Thus, the determination of (HAZ) transformation 

characteristics is a first step in determining the weldability of a 

material and which may, in turn, provide the key to reducing or eliminating 

weld HAZ problems. 

Easterling2l has compared the micr6structural regions of a weld with 

the equilibrium phase diagram (Figure 1). However, such a representation 

is overly simplistic in that it ignores major differences between the weld 
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Figure 1. Schemat.ic diagram of the various regions of the HAZ 
approximately corresponding to the O.lSw/o carbon indicated on 
the Fe-Fe3C equilibrium diagram. 

Source: Easterling, K., Introduction to the Physical Metallurgy of 
Welding, Butterworths, 1983. 
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thermal cycle and the conditions that are utilized in establishing the 

equilibrium phase diagram. Welding can induce rapid heating (3000Fo/sec) 

and cooling (SOOoF/sec) rates resulting in conditions far from equilibrium. 

Furthermore, complete homogenization, required for equilibrium, never 

exists during welding. Also equilibrium considerations do not include such 

non-equilibrium constituents such as martensite or bainite. 

Many of the objections to the use of the equilibrium diagram to 

predict weld HAZ transformations also extend to the use of standard 

continuous cooling transformation diagrams. These diagrams are developed 

starting with homogeneous austenite. However, in welding the inhomogeneity 

occurs due to the inability of alloying elements to diffuse uniformly 

throughout the austenitic microstructure and the incomplete solution of 

carbides or nitrides as a result of the rapidity of the welding thermal 

cycle and the concomitant short austenitizing times. In order to 

accurately predict the on-cooling transformation temperatures and 

microstructures, weld ~AZ continuous cooling transformation diagrams must 

be derived using the heating and cooling conditions attendant upon 

welding. 22 ,23,24 

Figure 2 shows a conventional continuous cooling transformation 

diagram for 2 1/4Cr-IMo and Figure 3 illustrates a diagram determined under 

simulated welding conditions for the coarse grained HAZ in 2 1/4Cr-IMo. 25 

As may be seen by comparing Figures 2 and 3 the depression of the 

on-cooling transformation temperatures (principally bainite), under welding 

conditions is approximately 900 F (SOoC) due to the rapid heating and 

cooling rates and short austenitizing times. 
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Figure 2. 

Source: 

CCT diagram for 2 l/4Cr-lMo. 

. .. , 
10 

"'''''t'$ 
, , Lim 
, , .'0 _., , 

JO 

Wada, T. and Eldis, Transformation Characteristics of 
2 l/4Cr~IMo Steel, ASTM~STP 755. Applications of 2 1/4Cr·lMo 
Steel for Thick Wall Pressure Vessels, Sangdahl and Semchyshen, 
eds., American Society for Testing and Materials, Philadelphia, 
1982. 
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Applications, M.S. Thesis - University of Tennessee, 1984. 
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The literature review by Richey25 reveals that only a few continuous 

cooling transfor.mation diagrams have been determined under welding 

conditions for the Cr-Mo materials. However, conventional continuous 

cooling transformation diagrams are available for many of the modified Cr­

Mo alloys. Continuous cooling transformation diagrams for various Cr-Mo 

steels are shown in Figures 4, 5, 6, and 7. The effects of the additions 

of vanadium, titanium, and boron to the 2 1/4Cr-IMo and 3Cr-IMo alloys on 

the continuous cooling transformation behavior are shown in Figures 4 and 5 

by the superposition of the continuous cooling transformation diagrams for 

the unmodified and modified materials. 

The 2 1/4Cr and 3Cr continuous cooling transformation diagrams, 

Figures 4, 5 and 6, give clues to the fact that the resulting 

microstructures under various w~lding conditions may be complex. 

on the degree of homogenization and cooling rate (related to the 

Depending 

heat 

input and preheat for a given process and material thickness), the on­

cooling transformation microstructures in the weld HAZ may consist of 

martensite, mixed martensite and bainite, or bainite coupled with retained 

austenite. However, the continuous cooling transformation diagram for the 

V-Nb modified 9Cr, Figure 7, indicates that the transformation 

microstructure will be primarily martensite, martensite + austenite, or 

martensite + austenite + carbide for cooling rates faster than IICo/min. 

(20Fo/min.) which is slower than that expected for the usual welding 

conditions employed in pressure vessel construction. 

The microstructure of the 2 1/4Cr and 3Cr steels may be further 

complicated by the formation of martensite-austenite islands (a martensite­

austenite constituent). The formation of a martensite-austenite 

9 
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Figure 6. CCT diagram for commerci81 heat of 3Cr-l.5Mo steel (Heat A9394) 
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Source: Wada, T. and Cox, r.B., A New 3Cr-1.5Mo Steel for Pressure 
Vessel Applications, MPC-2l Research on Chrome-Moly Steels, 
runerican Society of Mechanical Engineers, 1984, pp. 77-94. 
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Figure 7. GCT diagram of heat XA 3619, 9Cr-lMo-O.2V-O.lNb steel. 
Austenite grain size: ASTM No.9. 

Source: Wada, T., Climax Molybdenum Company Report J-4617. Climax 
Molybdenum Company, 1980. 
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constituent is due to the pa~titioning of carbon to the austenite during 

the bainite transformation reaction resulting in locking of dislocations 

which prevents the shear transformation from occurring26 or the 

'stabilization of the austenite. 27 ,28 The last austenite present can be 

highly enriched in carbon. Carbon contents of the martensite-austenite 

constituent have been reported by Biss and cryderman28 to exceed 0.5 wtlC 

in a nominal O.ISIC alloy and to be approximately 3 atlC (approximately 0.7 

wt%C) in a series of 0.3IC-1Cr-0.SMo as shown by Thomas et al. 28 

Biss and cryderman27 found that slow cooling r.ates enhanced formation 

of the martensite-austenite constituent by allowing carbon to diffuse away 

from the ferrite-austenite interface into the austenite. However rapid 

cooling rates resulted in higher ferrite-austenite interface carbon content 

due to carbon diffusion being slower than interface advancement. This 

results in enhanced cementite precipitation and suppression of the 

martensite-austenite constituent. Economopoulos and Habraken26 found that 

the presence of the martensite-austenite constituent was associated 

particularly with massive, or granular, bainitic structures formed at slow 

cooling rates. The cooling rate dependence of martensite-austenite 

~onstituent formation probably accounts for the inability of Richey25 to 

detect any martensite-austenite constituent in his study of the 

transformation characteristics of 2 l/4Cr-IMo steels under simulated 

welding conditions. However, it is to be noted that Thomas et a1. 28 

detected thin films of retained austenite along martensite laths by TEM 

examination. It was claimed that the retention of austenite was due to 

carbon redistribution during the martensite reaction and that this 
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diffusion of C was possible due to the high Ms temperature, 300°C (572°F) 

or higher, and the time to cool through the temperature range for 

martensite formation. 

The as-welded HAZ transformation microstructures may undergo 

significant changes during subsequent heat treatment. Baker and Nutting29 

have shown that the types of carbides present in 2 l/4Cr-lMo are dependent 

on starting microstructure, heat treatment and time at the heat treatment 

temperature. For bainite and martensite the general sequence for carbide 

precipitation was found to be: 

However, in proeutectoid (polygonal) ferrite, formed during slow cooling 

from the austenitizing temperature, the precipitation sequence during 

tempering was significantly different. The precipitation sequence in 

ferrite was found to be: 

Mo2C, the carbide conferring the greatest resistance to creep deformation, 

was found to be more stable in ferrite than in the initial microstructures 

consisting of martensite or bainite. In the martensitic and bainitic 

microstructures M23C6 grew at the expense of Mo2C resulting in a 

degradation of the creep properties with increasing tempering temperature 

or time at a tempering temperature. 
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Because of the stability of M0 2C within the ferrite. Baker and 

Nutting recommended the use of normalized and tempered 2 1/4Cr-lMo rather 

than quenched and tempered 2 1/4Cr-lMo. However, the presence of 

proeutectoid ferrite is generally regarde9 as unfavorable due to its low 

strength and poor toughness. Current alloy development reflects the need 

to avoid the formation of ferrite in the microstructure during cooling by 

making increased hardenability one of the principle criteria in alloy 

d . 3 eSlgn. 

Modification of the 2 1/4Cr and 3Cr alloys by the ~ddition of 

vanadium results in the precipitation of finely dispersed, slow growing 

V4C3 upon tempering or post weld heat treatment. 30 The precipitation of 

V4C3 occurs directly from the matrix and, unlike M0 2C, is not dependent on 

the formation of any other carbides. Vanadium has also been reported to be 

present in M0 2C with a metal atom ratio of up to 0.3 in alloys containing 

more than O.l%V. Vanadium in M0 2C results in stabilization of the M0 2C. 31 

The combined effects of precipitation and stabilization result in vanadium 

being one of the most potent elements in promoting creep resistance. 

The nature of carbide formation in the 9Cr-lMo alloys is 

substantially different. The general sequence of carbide formation is: 32 

The addition of niobium and vanadium m8Y alter the kinetics of 

precipitation and growth of carbides in the 9Cr-lMo alloys. The presence 

of niobium and vanadium results in the precipitation of both niobium and 

vanadium rich MC type carbides. 32 These MC type precipitates, present in a 

fine, dispersed, form may act as nucleation sites for the precipitation of 

M23C6 in a fine, dispersed form. 33 The presence of vanadium carbides of 
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the V4C3 or VC type was not found in 9%Cr-O.2%C steels with O.4XV and 

O.97%V by Seal and Honeycombe 34 , but it was shown that the presence of 

vanadium in the alloy restricts the diffusion of chromium in ferrite 

reducing th~ rate of carbide growth. This results in a lower rate of 

softening and minimizes the loss of strength upon tempering or post weld 

heat treatment. 

The effect of vanadium in restricting the mobility of chromium may be 

an important factor in HAZ softening that occurs in the vanadium-niobium 

modified 9Cr-IHo materials. If, during temperature exc~rsions into the 

intercritical range, chromium mobility in the austenite is restricted 

while carbon partitions to the austenite, a more rapid rate ~f tempering 

may occur during PWHT in the subseq\~ntly transformed martensite. 

Two factors should be evident from the above discussion of 

transformation characteristics and resulting microstructure. Since the 

continuous cooling transformation diagrams are important to the 

understanding of properties and potential cracking susceptibility, there 

exists a need to determine the continuous cooling transformation diagrams 

for welding conditions as the development of the Cr-Mo alloys continues. 

Also, since the possible role of partial austenite transformation, due to 

temperature excursions into the intercritical temperature region, on HAZ 

softening has not been previously addressed, a need exists to evaluate the 

effect of partial transformation on HAZ softening. 

Weldabili ty 

The ability of a material or c!,mbination of materials to be welded 

under fabrication conditions into a specific suitably designed structure 
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and to perform satisfactorily in intended service is defined as its 

weldability35. The concept of weldability requires the careful 

consideration a large number of variables including the composition and 

mechanical properties of base metal, welding consumables, energy input, 

welding sequence, joint design and ~tructure constraint36 . One of the most 

common considerations assessing the weldability of a material is whether or 

not it will be free from cracking under imposed design and fabrication 

conditions. Coe 37 has drawn a clear distinction between cracking which 

occurs during service and that which takes place during or shortly after 

the welding operations. The former is not dealt with in this review but 

the latter, which may be divided into five categories, is the prime focus 

in this work: 

1. Solidification cracking (weld metal hot cracking) 

2. Liquation cracking (HAZ hot tearing) 

3. Lamellar tearing 

4. Hydrogen induced cracking (HAZ delayed cold cracking) 

5. Reheat cracking (post weld heat treatment cracking) 

Solidification cracking occurs upon solidification when solute 

redistribution occurs and both impurities and intentional alloying elements 

are segregated in concert with the development of solidification 

substructure. The segregation of these elements lowers the effective 

solidus temperature of the material in the substructure and grain 

boundaries and may result in the formation of intergranular or 

interdendritic film of liquid. These films may not be capable of 

supporting contractional stresses induced by thermal contractions and a 

crack may form. 
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Liquation cracking occurs when partial melting (liquation) takes 

place near the fusion boundary of the weld. This liquated region is unable' 

to accommodate contractional stresses associated with the weld thermal 

cycle and a crack develops. 

Lamellar tearing occurs in the base metal of a weldment and is the' 

result of low base plate ductility combined with high localized stresses. 

This form of cracking is associated with restrained corner or "tee" joints, 

particularly in thick section plate where the fusion boundary of the weld 

is parallel to the plate surface. 

The postulated mechanisms responsible for the first three types of 

cracking are well accepted and have been confirmed by direct observation. 

In the case of -hydrogen assisted cracking and post weld heat treatment 

cracking. no single unifying theory has been postulated to explain the 

presence of 'cracks under various condition. Because HAC and PWHT cracking 

are currently not nor may well never be understood in a fundamental manner, 

this revie\oJ is aimed towards examining these two types of cracking on a 

pract~cal welding basis with emphasis on governing factors and necessary 

precautions. 

Hydrogen Assisted Crackin~ (HAC) 

Hydrogen assisted crackin~ is not confined to welding but may occur 

in steel during manufacturing, fabrication, or in service. ~len cracking 

occurs as a result of welding the cracks are situated either in the HAZ of 

the parent metal or in the weld metal itself. Cracks in the HAZ are 

usually situated at the weld toe, the weld root, or in the underbead 

position as shown schematically in Figure 8 for fillet welds and butt 
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(a) 

(br 

Figure 8. Heat-affected zone cracks. (a) Fillet weld, (b) Butt weld. 

Source: Cae, F. R., Welding Steels Without Crackin~, The Welding 
Institute, 1973. 
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welds. Usually in the fillet welds the HAZ cracks are oriented along the 

weld length, but in butt welds subsurface cracks can be transverse to the 

weld. Intergranular, quasicleavage. or microvoid coalescence fracture 

modes have all been observed in hydrogen cracks. Beachem38 has shown that 

the operating fracture mode depends upon microstructure, the crack-tip 

stress intensity and the concentration of hydrogen. 

As outlined by Coe 39 , HAC'occurs when the following four conditions 

occur simultaneously: 

1. Hydrogen is present; 

2. Tensile stress acts on the weld; 

3. A susceptible microstructure is present; 

4. A low temperature is reached. 

Hydrogen is absorbed by the weld metal from the arc during welding. 

Although much of the hydrogen may escape during cooling, some may diffuse 

into the HAZ and the parent metal. The amount diffused depends on the 

initial amount absorbed, size of the weld and decreasing solubility (Figure 

9). Hydrogen is dissociated into atomic hydrogen (H+) in the weld arc and 

is dissolved in the metal as an interstitial constituent or as recombined 

hydrogen gas located in traps. The interstitial solubility of hydrogen in 

molten steel is governed by Sievert's law40 : 

% [ III KJi\.2 
where %[H] is the percent of hydrogen dissolved in the molten steel, K is a 

constant and PH2 is the partial pressure of hydrogen in the atmosphere 

above the molten steel. In steel, hydrogen may also be trapped at grain 

boundaries, carbides, non-metallic inclusions, dislocations and microvoids. 

According to Lancaster4l , the total concentration of hydrogen in the traps 
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Figure 9. Solubility of hydrogen in weld metal. 

Source: Coe, F. R., Weldin& Steels Without Crackin&, The Welding 
Institute, 1973. 
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may be up to 104 times the interstitial value. The portion of hydrogen 

which diffuses out of the weld at room temperature is known as diffusible 

hydrogen and is expressed as ml/IOOg of deposited metal. Typical weld 

hydrogen levels range from 30ml/100g of deposited metal in shielded metal­

arc covered electrode welds to 2ml/100g of deposited metal in gas shielded 

metal-arc welds. 

Hydrogen is introduced into the arc atmosphere by hydrogen present in 

the consumables or hydrogen present on dIe surface of the material to be 

welded. Coe 39 described the principal sources of hydrogen in welding 

consumables as: 

1. Moisture in electrode coatings or in the fluxes; 

2. Any hydrogenous compound in the coating or flux; 

3. Oil, dirt, and grease on the surface or trapped in welding 

wires and electrode wires. 

Coe also described the principal sources of hydrogen from the material to 

be welded as: 

1. Oil, grease, dirt and paint on the weld surface; 

2. Degreasing liquids employed to clean welding surfaces. 

As the weld cools, stresses are developed as a result of thermal 

contraction and these stresses must be accommodated as strain in the weld. 

The stresses tend to be concentrated at the toe and root of the weld and at 

inclusions or any other defect which acts as a notch. Hydrogen appears to 

lower the stress level at which cracking at the notch occurs. 

The region of the HAZ adjacent to the fusion zone experiences a 

temperature sufficient to produce a coarsened grain size which is more 
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hardenable and less ductile than regions further away from the fusion 

boundary. The greatest risk of cracking is therefore in the coarsened 

region. 

As the temperature of the weld decreases after welding the rate of 

diffusion of hydrogen decreases, thus reducing the amount of hydrogen 

removed from the weld. As shown in Figure 10, this effect is particularly 

marked in the range of 68 to 300°F (20 to ISOoC). Preheat slows down the 

cooling rate and allows more time for the esc~pe of hydrogen. 

Theory of Hydro~en Assisted Cracking 

Although much research, time and effort has been devoted to determine 

the exact cause and nature of hydrogen assisted cracking in both welding 

and other metallurgical fields, there is presently no one unifying theory 

which explains precisely how the presence of hydrogen within a metal 

structure leads to the formation of cracks under some circumstances and not 

in others. According to Bernstein42 all the proposed theories of the role 

of hydrogen fall into one or more of four general categories: 

1. Pressure; 

2. Surface adsorption; 

3. Binding energy; 

4. Dislocation mobility modification. 

The oldest, and until recently, the most popular of these theories, 

has been the pressure theory which was first proposed by Zapffe and Sims43 . 

According to this theory molecular hydrogen precipitates into pre-existing 

mosaic rifts in the lattice r~sulting in high internal pressures and 

subsequent failure along mosaic boundaries. 
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Figure 10. 

Source: 

20 150 

Tamper.tura, ·C 
100 

Diffusion rate of hydrogen through ferritic steel. 

Coe, F. R., Weldini Steels Without Crackin&, The Welding 
Institute, 1973. 
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In the surface adsorption theory first proposed by Petch and 

Sables44 , hydrogen upon precipitation from the lattice is adsorbed on the 

surface of the internal lattice imperfections and microcracks. According 

to this theory the surfa~e energy at the crack nucleus would be reduced and 

a lower stress could extend the submicroscopic rift into a major 

catastro~hic crack. 

The pressure theory and the surface adsorption theory were advanced 

before the exact nature of hydrogen cracking was recognized. Both theories 

- were inadequate in explaining many observed details pf delayed brittle 

fracture. For example, in some cases the effect of hydrogen in steel can 

be completely removed by baking45 If the embrittlement of the steel by 

hydr6gen was the result of hydrogen trapped in the microscopic voids, it is 

difficult to explain how at low baking temperatures this mechanism could 

operate. 

Troian046 proposed a cracking theory based on the stress induced 

diffusion of hydrogen in an effort to more fully explain observed cracking 

behavior. In this theory, hydrogen distributed in a matrix will diffuse to 

the area of highest triaxial stress just ahead of a crack tip. When 

sufficient hydrogen is concentrated in this region a crack will initiate. 

The hydrogen is considered to reduce the cohesive strength of the lattice 

by interacting with. the electron structure in a way as to lower the binding 

energy. 

The modification of dislocation mobility model of HAC proposed by 

Beachem38 , unites parts of the previous cracking models to explain the 

observed decrease in microscopic plasticity and changes in fracture mode 

associated with some forms of HAC. This model suggests that the presence 
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of sufficiently concentrated dissolved hydrogen in the lattice just ahead 

of the crack tip unlocks dislocations, allowing them to multiply or move at 

reduced stresses. This process aids ~latever deformation process the 

microstructure will permit (intergranular, quasicleavage or microvoid 

coalescence) and thus explain various fracture features observed in HAC. 

Prevention of Hydrogen Assisted Cracking 

Crack avoidance in Cr-Mo steels must be accomplished by hydrogen and 

temperature control. Low hydrogen welding processes and procedures must be 

used in fabrication of Cr-Mo steels. Temperature control includes both 

preheat and post weld heating methods of preventing HAC. ~he general 

effects of preheating have been summal'ized by Coe 37 as follows: 

1. Reducing cooling rate in the HAZ to produce softer and less 

susceptible microstructures; 

2. Allows "self" tempering of martensite; 

3. Promote diffusion of hydrogen away from the HAZ after 

I welding. 

Because of the high hardenability of Cr-Mo steels, preheat has little 

I effect on their microstructure and hardness. Apb1ett et a1. 47 showed that 

I in the 2 1/4Cr-IMo material, softer transformation products could not be 

produced by increasing preheat temperature (within practical limits). 

I Preheats as high as 6000 F (3ISoC) resulted in only a minor decrease in the 

maximum HAZ hardness. 

I In Cr-Mo and other steels, preheat increases the rate of diffusion of 

I 
hydrogen and thus accelerates its removal from the weld. Preheat 

requirements are related to chemical composition and thickness (Table 1). 

I 
I 
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Table 1. Recommended minimum preheat temperatures for w~lding chromium 
-mo1ybdenwn steels. 

Thickness, In. (mm) 
SteelS Up to 0.5 (13) 0.5 to 1.0 (13 to25) Over 1.0 (25) 

1I2Cr-l/2Mo 
lCr-l/2Mo 1000F (380 C) 2000 P (930 C) 3000 p (l490 C) 
1-l/4Cr-l/2Mo 

2Cr-l/2Mo 
2-1/4Cr-lMo 150 (66) 200 (93) 300 (149) 

3Cr-lMo 250 (121) 300 (149) 400 (204) 

5Cr-l/2Mo 
,7Cr-l/2Mo 400 (204) 400 (204) 500 (260) 
9Cr-lMo 

aMaximum carbon content of 0.15%. For higher carbon content, the preheat 
temperature should be Increased 1000 to 2000 F. Lower preheat temperatures may be 
used with gas tungsten arc welding. 

Source: "Chromium-Molybdenum Steels," Weldin& Handbook, 7th Edition, 
Vol. 4, Chap. 1, American Welding Society, 1983. 
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As thickness and alloy content increases, the preheat temperature to guard 

against cracking also increases. Carbon content is the most important 

factor in establishing preheat temperatures. The presence or absence of 

free ferrite in the structure is a secondary consideration. To keep 

welding problems to a minimum, Cr-Mo steels are usually manufactured with a 

maximum carbon content of O.lS%. In addition to alloy content and material 

thickness, the mass of the joint and degree of restraint must also be 

considered when determining preheat temperatures. 

When preheat cannot remove sufficient hydrogen to prevent cracking, a 

weld interpass temperature or post heating temperature high enough to avoid 

cracking must be held for a sufficient length of time to allow hydrogen to 

diffuse out of the HAZ before the weld is allowed to cool to ambient 

temperature. The decision as to post heat temperature and time must be 

based on consideration of the hydrogen concentration at the end of welding 

and a critical concentration below which cracking will not occur when the 

weld cools to ambient 'temperature. There is presently little information 

on critical hydrogen concentrations for Cr-Mo steels and post heating 

procedures are generally based on practical experience48 . 

Sometimes, for various reasons, it is impossible to preheat or post 

heat Cr-Mo steels which are to be welded. Under these conditions the only 

alternative is to use a combination of welding process and consumable which 

produces a weld metal that is insensitive to hydrogen and has a high 

solubility for hydrogen, thus preventing the introduction of hydrogen into 

the crack sensitive HAZ. This can be best achieved by employing austenitic 

weld metal. At room temperature the austenitic weld metal has a higher 

solubility for hydrogen and a lower diffusivity than the Cr·Mo HAZ. Thus, 
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any hydrogen entering the HAZ from the weld can diffuse away faster than it 

is introduc~d and there is less chance of the hydrogen concentration 

reaching a critical level. 

Compositional and Microstructural Effects on Hydrogen Assisted Cracking 

The HAZ microstructure is one of the most important factors in 

determining the HAC susceptibility of any steel. Linnert45 has listed, in 

order of increasing propensity to HAC, six microstructures commonly found 

in the HAZ of steel welds: 

1. Ferrite and carbides (e.g. ,pearlite); 

2. Bainite; 

3. Bainite mixed with martensite; 

4. Martensite; 

5. Martensite with some ferrite; 

6~ Martensite with internal twinning. 

The microstructure produced in any steel weld is dE:'pendent upon the 

cooling rate through the transformation temperature range of austenite, the 

austenite grain size and composition (hardenability). The cooling rate is 

governed by energy input, plate thickness, joint geometry and preheat 

temperature. 

Cr-Mo steels are hardenable in the HAZ under normal welding 

conditions. The weld HAZ microstructure of a Cr-Mo steel is generally 

dependent on the alloy content. The weld HAZ of the more common types of 

Cr-Mo steels can be classified as follows:, 

1. Low alloy bainiLic and/or martensitic microstructures (0.5% 

to 5% Cr); 
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2. Martensitic-predominantly martensitic microstructure with 

some delta ferrite present (5% to 12% Cr); 

3. Duplex-martensitic-ferritic microstructure (9% to 12% Cr 

and 2% Mo). 

Smith and his associates49 have shown that the HAZ structure of 2 

l/4Cr-lMo steel can be classified as follows: 

1. Grain coarsened region; 

2. Grain refined region; 

3. Region of partial transformation; 

4. Subcritical region. 

The grain coarsened region was found to consist of bainite and/or 

autotempered martensite. 

As the Cr content of Cr-Mo steel increases, the HAZ microstructures 

change from a bainitic/ba~nitic-martensitic microstructure to a 

martensitic-ferritic or fully martensitic microstructure. When the 

microstructure becomes more martensitic, the HAC susceptibility also 

increases. The increase in cracking susceptibility of the hi~ler alloy Cr-

Mo steels is reflected in Table 1. 

Another important factor in determining the HAC sensitivity of Cr-Mo 

steels is the HAZ hardness. As the hardness of the HAZ increases the 

susceptibility to HAC- increases. In Cr-Mo steels the hardness of the HAZ 

is primarily dependent on the carbon contentSO . The reduction of C content 

in martensitic Cr-Mo steels in an effort to improve weldability results ill 

an increase in the amount of delta ferrite present in the normalized and 

tempered microstructure. The resulting ferritic/martensitic microstructure 

is characteristic of the duplex Cr-Mo materials. 
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In addition to affecting the microstructural characteristic of Cr-Mo 

steels, both Cr and C, as well as Mo and Ni, lower the temperature at which 

the transformation of austenite to martensite starts and is completed (Ms 

and Mf temperatures)45. From the'standpoint of HAC sensitivity it is 

undesirable to decrease martensitic transformation temperatures because as 

the martensite transforms the solubility of hydrogen in the matrix is 

decreased, and at the lower transformation temperatures there is little 

chance for the hydrogen to diffuse out of the HAZ. Higher transformation 

temperatures also permit some tempering of martensite to occur which 

reduces hardness and lowers residual stresses. 

Richly alloyed Cr-Mo steels may, on cooling, under welding conditions 

retain austenite. The retained austenite is able to absorb hydrogen and 

act as a sink to reduce the amount of hydrogen that can be absorbed by 

martensite and thus prevent hydrogen embritt1ement of the martensite. 

Weldability Testing of Chromium-Molybdenum Steels 

Although most of the applications of Cr-Mo steels require welding, 

there is little published work on the weldability of these steels prior to 

196951 . Smith et al. 49 were some of the first researchers to investigate 

the HAZ of both stabilized and standard composition 2 1/4Cr-lMo. The grain 

coarsened region of samples experiencing a welding thermal cycle were 

meta110graphically examined and it was found that the grain coarsened 

region of the standard material consisted of martensite, while the Nb 

stabilized material exhibited upper bainite in the HAZ and was less crack 

sensitive. Thus, the results of this investigation suggested that the 
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stabilized 2 1/4Cr-IMo material had improved weldability over the 

unstabilized material. 

Golombe 52 and his associates employed the implant test to compare the 

relative cracking susceptibilities of stabilized and standard composition 2 

1/4Cr-lMo. The implant test 53 is a weld cracking test that applies a 

controlled stress on the weld HAZ and evaluates the cracking susceptibility 

by means of mechanical test parameter. In this test, an actual weld is 

made over a notched cylindrical test specimen that is inserted into a hole 

in a test plate (Figure 11). Hydrogen is added to the weld by controlling 

the arc atmosphere. After the sample cools to a designated temperature 

(usually 3000 F (ISOoC», it is stressed to simulate the actual restraint 

that occurs in a weld during welding. If the specimen does not rupture 

within 24 hours the test is discontinued. The highest stress level for 

which no fracture occurs in 24 hours is called the critical stress level. 

The critical stress level is regarded as a relative measure of the HAC 

susceptibility of a given material. Materials with a low cracking 

susceptibility have higher critical stress levels than materials with a 

high cracking susceptibility. It was the conclusion of Colombe et al. that 

the risk of HAC in the stabilized 2 1/4Cr-lMo steel was less than that in 

the standard composition material. 

Terai et al. 54 investigated the HAC susceptibility of standard 

composition 2 1/4Cr-IMo-Nb employing both the Y-groove and U-groove 

restraint cracking tests. The Y-groove test and U-groove test are self 

restraint cracking tests used to determine the HAC susceptibility of welds. 

Both plate assemblies are shown in Figure 12. In these techniques, test 

welds are made at various preheats. The welds are allowed to cool to room 

33 



34 I 

I 
I 
I 
I 
I 
I 
I 
I 
I 
I 

IMPI-ANT SPECIMEN 

I 
I 

Figure 11. Implant test setup. II 
Source: Dickenson, D. W. and Ries, G. D.. "Implant Testing of Medium to I 

High Strength Steel - A Model for Predicting Delayed Cracking 
Susceptibility." Welding J .• 58(7), 1979, pp. 2055 - 2115. 
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Figure 12. Hydrogen-assisted cracking restraint tests. 
<a) U-groove, (b) Y-groove. 

Source: Linnert, G. E., Welding Metallurgy, Vol. 2, American Welding 
Society, 1967. 
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temperature and sectioned to observe the location and percentage of 

cracking. The Y-groove test is better suited to evaluate the cracking 

susceptibility of the base metal while the U-groove is better suited to 

evaluate the cracking sensitivity of weld metals. The Y-groove test 

results of Terai et a1. showed that the preheat temperature to prevent 

cracking in the stabilized 2 1/4Cr-lMo material was 400°F (225°C), 4SoF 

(25°C) higher than that of the standard composition 2 1/4Cr-IMo material. 

In contrast the results of the U-groove test showed that the preheat 

temperature to prevent cracking in the standard composition material was 

620°F (32SoC), 4SoF (2SoC) higher than that for the stabilized material. 

The preheat temperature differences between the two test metllods were 

considered to be small and it was concluded that the weldment crack 

sensitivity for the stabilized steel was equivalent to that of the standard 

composition material. 

In summary, review of the current literature reveals that a 

surprisingly limited amount of information exists on the relative HAC 

sensitivity of Cr-Mo steels, although these materials have been fabricated 

by welding for a number of years. Most of the studies to date have 

concentrated on establishing -the relative cracking sensitivity of only a 

few selected materials and little effort has been directed towards 

explaining the observed cracking behavior on the basis of compositional or 

microstructural differences. It is therefore apparent that a more broad 

based investigation of the relative HAC susceptibility of Cr-Mo steels is 

needed to more adequately address the effects of microstructure and 

composition on cracking sensitivity. 
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Postweld Heat Treatment Cracking 

Post weld heat treatment (PWHT) cracking, also referred to as reheat 

or stress·relief cracking, is a problem that occurs in Cr-Mo steels 

conta ining less than 3% ch·romium. 55,56 Cracking is manifested by low 

rupture ductility and intetgranular fracture along prior austenite grain 

boundaries, typically occurring in the coarse grained HAZ and occasionally 

in the weld metal, after an initially sound weldment has been subjected to 

a stress·relief heat treatment. 57 Heat-to-heat variations in stress-relief 

cracking, indicatin& a dependence on residual elements, add to the 

worrisome nature of this problem as bulk chemistry of an alloy may not bea 

reliable predictor of cracking susceptibility.58 This type of cracking, if 

undetected prior to servi~e, ~ay lead to failure of pressure vessels and 

piping in service. 59 

Through 1975 the mechanism of PWHT cracking was thought to be 

related solely to the precipitation of alloy carbides and the plastic flow 

due to stress relaxation at the post weld heat treatment temperature. 

Temperature excursions experienced in the HAZ above l2000C (2192°F) result 

in the rapid solution of carbides and grain growth. The rapid cooling 

associated with welding results in alloying elements and carbon being 

retained in martensitic or lower bainitic transformation products above the 

saturation limit. Subsequent reheating leads to precipitation of 

intragranular alloy carbides, particularly Mo2C and V4C3 ' causing an 

increase in grain matrix strength. Thus, the ratio of the grain matrix 

strength to the grain boundary strength increases. The relaxation of 

stress at the post weld heat treatment temperature is accomplished 

primarily by creep induced plastic flow involving grain boundary sliding 
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which must be accompanied by general grain deformation if grain boundary 

cavitation or cracking is be avoided. However, when the grain matrix 

strength is increased by precipitation, deformation is restricted to the 

grain boundaries, the area of which has been minimized by grain growth. 

Although the total strain is small, the locally high strain concentration 

in the grain boundaries exceeds the ductility of the grain boundaries 

resulting in cavitation and rupture. 57 ,59-63 

The typ~ and morphology of precipitates has been a topic of 

considerable research. Several investigators have contended that the most 

critical time in PWHT is during the formation of coherent or 

pre-precipitate clusters at about 500 to 5500 C (932 to 1022°F) which 

corresponds to the maximum in secondary hardening. 62 ,64-68 Orr et al. 67 

have noted that due, to the strong lattice correpondance of M02C with 

bainite or martensite, the nucleation energy is relatively low and 

therefore M02C forms quickly as a finely divided slow growing precipitate. 

Swift et al. 62 ,64-66 have proposed that coherent precipitates, M02C and/or 

V4C3 , nucleate in the matrix and at dislocation jogs and intersections. 

Coherent Mo2C yields a nonuniform, highly strained matrix with decreased 

dislocation mobility and dislocation locking and results in a reduction of 

the ability of the grain interiors in the coarse grained HAZ to plastically 

deform upon stress-relief. 

Temperature is an important factor in that M02e persists for more 

than 500 hours at 5900 C (llOOoF) without decomposition to more complex 

carbides and has a correspondingly long coherency duration. However, at 

6800 C (l2500 F) coherency is quickly lost as evidenced by the formation of 

visible M02C within one-half hour at temperature66 . Another factor is the 
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presence of notches, either surface irregularities or internal defects, at 

which "stress relief cracking is almost invariably initiated.,,60 The 

notches in the coarse grained HAZ are particularly detrimental, as they act 

as intense stress concentrators in the very region of the weld already 

under a high tensile stress and with a low ductility 

microstructure. 60,63,69,70 The notch acuity further inhibits deformation 

by the creation of a triaxial stress state. 66 

A carbide denuded zone has also been reported to exist adjacent to 

the grain boundarles. 31 ,60,63,71,72 These zones are apparently a result of 

depletion of alloying elements due to carbide precipitation in the grain 

boundaries. Several researchers have considered the carbide denuded zones 

to be detrimental as they provide a narrow soft region in which strain can 

accumulate preferentially.72,30 However, Meitzner and Pense 70 found the 

presence of denuded zones did not contribute to stress-relief cracking, and 

Swift66 found that although denuded zones Were present they formed only at 

times beyond those corresponding to the minimum in ductility. 

After 1975, interest in the heat-to-heat variability and the 

development of new techniques, particularly Auger spectroscopy, to study 

grain boundary compositions led to intense evaluation of residual element 

~ffects on stress-relief cracking. 60 ,61 Segregation of residual elements; 

phosphorous, sulfur, tin, and antimony, was found to playa critical role 

by causing embrittlement of grain boundaries. 73-75 The effects of grain 

boundary embrittlement due to impurity segregation and impurity 

interactions during precipitation are superposed on the matrix 

strengthening effects of coherent precipitation. 62 Hipps1ey et a1. 76 have 

noted that grain boundary segregation of impurities can be due·to 
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equilibrium segregation from the grain matrix or may be due to solute 

rejection from growing grain boundary carbides, the solubility of 

impurities being higher in the matrix material than in the carbides. 

Vinckier and Dhooge 73 ,75 state that loss of ductility caused by segregation 

during stress relief heat treatment is certainly a major factor in cracking 

but "that the true mechanism is almost certainly a combination of these two 

ideas (segregation and precipitation strengthening) and is more co~plex." 

Other researchers have proposed additional factors that increase the 

intricacy of the previous PWHT cracking mechanisms. Vinckier59 proposed 

that flthe decomposition of martensite needles" during heating creates high 

localized strairis at the grain boundary interfaces. These strains plus 

external restraint can result in the formation of microcavities, 

particularly when the matrix-is strengthened by intragranular 

precipitation. Hippsley et al. 77 have proposed that segregation of less 

mobile, embrittling elements, such as phosphorous, tin, and antimony, 

occurs at elevated temperatures in a fashion similar to that proposed by 

Troiano 78 for hydrogen. Segregation is locally enhanced in regions of 

maximum triaxial stresses, such as at the root of a notch or in the region 

of a crack tip, by diffusion along the strain gradient. Dislocation pile 

ups at grain boundaries and grain boundary carbides plus the strain induced 

segregation of impurities reduce the cohesive strength of the grain 

boundaries and carbide-matrix interfaces sufficiently to allow the 

development of microcracks. Thus, according to Hippsley et al. 77 , the 

factors involved in cracking are not only segregation and precipitation but 

also the amount of plastic strain, which for a given load increases as the 

yield strength falls with increaSing temperature. 
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The necessary factors for stress-relief cracking to occur were 

summarized by Ito and Nakanishi 18 : 

1. the material must hav~undergone a thermal cycle that. results 

in solution of alloying elements and that retains the elements 

in solid solution after cooling, 

2. grain growth must have occurred as a result of thermal cycling, 

3. heat treatment between 450°C and 7000 C (850°F and 13000 F) 

resulting in significant precipitation hardening, 

4. grain strength and internal stress must exceed the strength of 

the grain boundaries, 

5. a stress riser must be present to initiate cracking. 

In additioll to these five the material must be one that has a composition 

that is susceptible to reheat cracking in alloy content and residual or 

impurity elements. 

Origin of Residual Stresses Responsible for Post Weld Heat Treatment 

Crackingl7 ,22 

Residual stresses are developed in the weld HAZ and fusion zone 

during cooling due to restrai~ed shrinkage and transformation volume 

changes as a result of austenite decomposition. On-cooling, those areas of 

the base metal that experienced thermal expansion due to heating must 

contract or plastically flow. The bulk of the base metal which has 

experienced no significant heating (and therefore no decrease in strength) 

prevents or restrains the contraction of the cooling material. Above 

approximately 12000 F (6500 C) the weld fusion zone and those regions 

immediately adjacent to the weld accommodate the thermal contraction by 

plastic deformation without developing any significant stress as the yield 
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strength is low above this temperature. 

results in significant increases in yield strength with decreasing 

temperature. Plastic deformation only occurs when the stresses due to 

thermal contraction exceed the yield stress and therefore cooling to the 

preheat temperature results in increasing residual tensile stress 

concomitant with the increased yield strength in the fusion zone and HAZ. 

The resultant residual tensile stress occuring in the HAZ and fusion zone 

are in equilibrium with-compressive stresses in the bulk of the base 

material. 

Transformation stresses are a resl:llt of the volume.tric expansion that 

occurs during the decomposition of austenite. The material being 

transformed attempts to expand but expansion is hindered by the cooler 

material not undergoing transformation. The material being transformed 

therefore experiences a compressive stress and the cooler material a 

tensile stress. If the transformation temperature is high the 

transformation stress will be overridden by the effects of subsequent bulk 

shrinkage. However, if the transformation temperature is low, the 

transformation stress will lower the overall tensile stress in the HAZ and 

fusion zone. 

Superposition of the components of the residual stress developed 

during welding leads to an extremely complex final residual stress state. 

The coarse grained HAZ, that portion of the HAZ adjacent to the fusion 

zone, is under a significant tensile stress both in the direction of and 

perpendicular to the weld. This biaxial residual stress state as well as 

the unfavorable metallurgical characteristics of the grain coarsened zone 

helps explain the susceptibility of this region to PWHT cracking. 

\1/ 
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Microstructural Effects on Post Weld lIeat Treatment Crackin& 

Meitzner and Pense 7l have found that martensite and lower bainite are' 

more susceptible to stress-relief cracking than upper bainite although the 

authors state that the difference is probably due to precipitation 

processes rather than optically resolved microstructure. Ito and 

Nakanishi 18 also found that martensitic and lower bainitic microstructures 

are more susceptible than upper bainite. They related the increased 

susceptibility to the supersaturation of the bainitic and martensitic 

microstructures with alloying elements and carbon which .results in intense 

. secondary hardening. Debiez and Granjon79 found that a "bainitic structure 

seems to be a ~ittle more susceptible to cracking than the martensitic" 

structure under implant testing. However. they do not state whether the 

bainitic microstructure obtained is upper or lower bainite. 

Effects of Composition on Post Weld Heat Treatment Crackin& 

Meitzner60 and Dhooge et al. 73 ; in extensive literature reviews 

indicate the effects of specific alloying elements. ,The elements generally 

considered to be detrimental to PWHT cracking are: carbon, vanadium, 

molybdenum (in concert with vanadium), columbium. aluminum and the residual 

elements: tin, antimony, arsenic and phosphorus. The effects of chromium, 

boron and titanium are not clearly defined. Nickel was found to be the one 

element that appears to have no effect on cracking. In general, the 

elements found to be deleterious are either those which promote the 

formation of carbides of the M2C or M4C3 type or which are known to have 

general grain boundary embrittling effects. 

In 1965 Nakamura et al. 80 attempted to determine the effect of alloy 

additions on cracking susceptibility in Cr-Mo steels. Var~ations in the 
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levels of chromium (0.1-1.5%), molybdenum (0.3-0.6%), nickel (0-3%), and 

vanadium (0 0.08%) resulted in the ~ parameter: 

~G = %Cr + 3.3(%Mo) + 8.l(%V) - 2 

When AG is greater than zero the material is determined to be susceptible 

to PWHT cracking. In 1972, Ito and Nakanishi l8 extended the work of 

Nakamura. The alloying elements; manganese (0.5-1.4%), nickel (0.5-1.5%), 

chromium (0.5-1%), and vanadium (0.05-0.12%), were varied and additions of 

copper (0.15% and 0.26%), niobium (0.06%) and titanium (0.02% and 0.07%) 

were made to steels containing nominally 0.3% silicon and 0.5% molybdenum. 

This work resulted in the development of the cracking parameter, PSR : 

PSR %Cr + %Cu + 2(%Mo) + 10(%V) + 7(%Nb) + 5(%Tl) - 2 

When PSR is greater than zero the material is deemed to be susceptible to 

cracking. The applicable range of the PSR parameter is limited to alloys 

containing less than: 2%Mo, 1.S%Cr, l%eu, and 0.15% V, Nb and Ti. Ito and 

Nakanishi also found that chromium contents in excess of 2% eliminated 

cracking. 

Subsequent to development of the PSR and ~G parameters several 

investigators have found poor correlation with the parameters and actual 

s1.lsceptibility of different alloys. Pense et al. 81 found that A.G was a 

poor predictor of cracking in A535-A, A517-F, and A543 steels. McM~lon et 

al. 82 found that both PSR and AG did not accurately predict cracking 

susceptibility in multiple heats of SA 533-B and SA 508-2. Also, many 

investigators55 ,64-66,77,83-87 have found that 2 1/4Cr-lMo alloys are 

susceptible to PWHT cracking although a chromium content of 2% or greater 

was considered to eliminate stress-relief cracking susceptibility by Ito 

and Nakanishi. 18 
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McMahon et al,82 have suggested using the CERL parameter with the 

addition of the percentage chromium in the alloy: 

CERL - 0.2(ICu) + 0.44(%S) + %P + 1.8(IAs) + 1.9(%Sn) 

+ 2.79(%Sb) + ICr 

The greater the CERL+Cr value the greater the cracking susceptibility. 

This parameter clearly emphasizes the effects of embrittling elements over 

the effect of carbide formers. The authors state that individual alloy 

content will affect the necessary parameters and that increasing the 

carbide former content may necessitate their inclusion in a manner similar 

to that of the PSR parameter. Similarly, in reviewing ,results of cracking 

susceptibility tests of 2 1/4Cr-lMo weld metal, Boniszewski 88 recommended 

use of the MCF (metal composition factor) to rank cracking susceptibility. 

The MCF factor 

MCF = lSi + ICu + 2(%P) + 10(%As) + 15(%Sn) + 20(%Sb) 

combines the relative overall potency of grain boundary embrittling 

elements present in a material. An increase in the MCF factor was found to 

correlate with a decrease in rupture ductility as measured by elongation in 

hot tensile tests. 

The recent work of Tamaki56,89-~1 attempts to determine the separate 

effects of chromium and molybdenum on PWHT cracking. His papers represent 

extensive work on materials of varying chromium (0-5%) and molybdenum 

(0.3-1.5%) contents. The effects of chromium and molybdenum, independently 

and in concert, were studied using a modified implant test. The modified 

implant test was employed to determine the minimum stress which would cause 

the specimen to fracture within 20 hours while postweld heat treating the 

specimen at a temperature of 600°C. The susceptibility to reheat cracking 
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was related to the magnitude of the critical stress to rupture (aAW-crit). 

The lower the minimum critical stress to cause rupture, the greater is the 

susceptibility to reheat cracking. 

Alloys containing chromium over the range tested but low in 

molybdenum (0.25%) were found to be susceptible to cracking. The 

lXCr-0.25%Mo alloy showed the lowest critical stress for failure and 

therefore the greatest susceptibility to cracking. Increasing molybdenum 

at any level of chromium increased susceptibility, but the lowest critical 

stress for any particular molybdenum level occurred for alloys containing 

1% chromium. These data from his studies are shown in Figure 13. Note 

dlst for low molybdenum contents (0.25% and 0.5%) when no chromium is 

present, no cracking occurred over the range of stresses employed 

indicating that these materials are not susceptible to stress relief 

cracking. 

When the results are expressed as a function of chromium and 

molybdenum for different stress levels the evaluation shown in Figure 14 

resul ts. Susceptibility to PWHT cracking with a change in alloying element 

content is a maximum on these diagrams where the stress contours are 

closest together. Susceptibility for a particular alloy may be judged by 

the magnitude of the critical stress to failure (cr"AW-crit). The plotted 

data are divided into four regions labeled I, IIa, lIb and III (Figure 14). 

The materials in region I, those with less than llCr and less than 0.5%Mo, 

are relatively insensitive to cracking. Materials in region IIa, comprised 

of alloys with O-IXCr and 0.5-l%Mo; have rapidly increasing sensitivity to 

cracking with increasing chromium or molybdenum content based on the 

relatively large decreases in the critical stres~ with small changes in 
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Figure 14. 
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alloy content. Region lIb, comprised of alloys with greater than 2ZCr and 

O.S-l%Mo, characterizes behavior of decreasing sensitivity with increasing 

chromium content. Region Ill, comprised of alloys with approximately llCr 

and greater than 1%Mo, represents the highest sensitivity to cracking. The 

Nakamura parameter60 for PWHT cracking susceptibility, (AG>O), was found 

to predict cracking principally in fields IIa and III extending some~lat in 

field lIb. The cracking parameter due to ItolS predicted cracking, 

(PSR>O), principally in field IIa. (Note: these parameters are limited to 

chromhlm contents less than 1.5%.) Since fields IIa and III indicate the 

alloys of maximum reheat cracki~g sensitivity, the agreement is excellent, 

with Tamaki's diagrams being more discriminating than either index (fig. 

15) . 

In order to discern the microstructural causes for the differences in 

cracking susceptibility for the various materials, Tamaki 91 undertook an 

extensive study of tile carbides in the alloys using x-ray diffraction 

techniques of extracted carbides and transmission electron microscopy of 

carbide extraction replicas. It was found that the materials most 

susceptible to PWHT cracking showe~ the greatest fraction of "2C type 

carbides after post weld heat treatment. With a smaller amount of "2C, (or 

a larger amount of "7C3 and/or M23C6), the susceptibility to cracking 

decreased. 

Figures 16 and 17 depict these results graphically. Figure 16 shows 

the relative amounts of carbides present for different alloys on a chromium 

vs. molybdenum content diagram with the curved lines being constant weight 

percent "2C, Figure 17 superimposes these constant weight percent "2C 

lines (solid lines-fig. 17) on the chromium_ vs. molybdenum'content diagram 
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Figure 15. 
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of Figure 14, Figures 16 and 17 thus sho~ that the greatest susceptibility 

to cracking coincides with the largest fraction of M2C. The only exception 

noted is confined to below the a-a1 line in Figure 17, where, according to 

Tamaki, in alloys with less than l%Cr and less than lIMo, phosphorus 

segregation is inhibited. 

Since both M2C and M7C3 strengthen the matri~ by precipitation, 

Tamaki investigated tIle effects of secondary hardening and high temperature 

hardness by making hardness measurements on samples held at temperature for 

one hour both at the holding temperature and at room temperature after 

cooling. v.,Thile secondary hardening is manifested by an increase in 

hardness at room temperature, Tamaki found at high temperature the 

phenomenon is represented only in a delay of softening, ie. softening 

continues to occur but at a lower rate than that which occurs at lower 

temperatures. Figure 18 illustrat~s these results with the room 

tempel:atul:€ hal:dness shown as filled cil:cles and the elevated temperature 

hardness as open circles. This .grees with the findings of Bauford92 . In 

hot tensile tests Bauford found that at temperature there is no increase in 

strength with time but yield strength remains constant over a long period 

followed by a slow loss in strength. 

It was found that in alloys in which the principle precipitate is 

M7C}, the delay in softening occurred at lower temperatures than for those 

alloys in which the precipitate consists of large fractions of M2C. 

Tamaki 90 postulatE'd that the grain boundary embrittlement would be of a 

similar nature in either type of alloy and therefore embrittlement of the 

grain boundaries would initiate at the same temperature and proceed in a 

similar fashion for both types of alloys. As shown schematically in Figure 
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19a, if a delay in softening occurs at higher temperatures, as for M2C type 

precipitation, the embrittlement of the grain boundary may cause the 

intercrystalline flow stress to be less than the intracrystalline flow 

stress resulting in fracture, However, as shown in Figure 19b, if a delay 

in softening occurs at lower temperatures, as with M7C3 precipitation, the 

intercrystalline flow stress exceeds the intracrystalline flow stress at 

all temperatures and thus intercrystalline fracture does not occur. 

In the Cr-Mo alloys vanadium additi6ns dramatically increase the 

elevated temperature strength. Unfortunately the addition of vanadium to 

Cr-Mo steels almost universally has been found to result in an equally 

dramatic increase in PWHT cracking susceptibility.18,55,59,63,66,68,69,7l, 

79.93.94 The importance of vanadium in increasing cracking s~sceptibility 

can be seen in the PSR and be parameters in that the multipliers for 

vanadium are the largest. 80 • l8 

The addition of vanadium results, as has been previously indicated, 

in a uniform and fine precipitation of V4C3 in the matrix resulting in 

significant grain matrix strengthening and accumulation of strain in the 

grain boundaries. 33 ,69,93 Bently68 has noted that early in the heat 

treatment cycle, intense V4C3 precipitation occurs 'at the ferrite-bainite 

interfaces due to segregati6n effects; the bainite having a higher carbon 

content and the ferrite having a higher vanadium content. At temperatures. 

between 5000 C and 5500 C (930°F and l020oF) coherent precipitation of V4C3 

occurs in the ferrite lattice similar to Mo 2C formation and is concurrent 

with the development of maximum hardness and strength. At higher 
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temperatures, 700°C (1300oF), and longer time, 10 hours, carbide 

precipitation.is transferred to the grain boundaries and large carbides 

with a grain bDundary denuded ZDne are formed. 

Meyers 95 , in a study Df 1/2Cr-I/2Mo with varying vanadium content, 

determined that vanadium content below 0.22% to 0.27% did not appreciably 

increase cracking susceptibility. It was speculated that vanadium content 

cDuld be increased if residual elements were restricted in order to. limit 

grain bOluldary embrittlement. HDwever, Meyers nDted attentiDn must also. be 

paid to the effects of chromium, manganese, and nickel, which increase 

initial hardness, and the effect of molybdenum, which increases secondary 

hardening. and that restrictions may have to be placed on them as well as 

vanadium. 

Jones 96 noted that the vanadium to carbon ratio must be considered. 

In a study of actual welds in lCr-l/2Mo-I/2V materials with a vanadium to 

carbon ratios between 3.5 and 4.5, a high susceptibility to cracking was 

found. Stone and Murray97 noted that a minimum in creep ductility was 

apparent at vanadium to carbon ratios Df 3 to 4 and the reduction of this 

ratio to. 1.5 markedly increased ductility. Thus, a vanadium to. carbon 

ratio Df 1.5 to. 2 was recDmmended to prevent PWHT cracking. 

Tamaki et al. 91 fDund that small additions Df vanadium (0.06%) 

reduced the critical stress to' fracture in the implant test. The maximum 

effect was fDund to. DC cur in IDW chrDmitm, low to. highmDlybdenum allDYs. 

The increase in cracking susceptibility was said to be related to a 

decrease in the rate Df stress relaxatiDn in a similar fashiDn to. that 

experienced in the Cr-Mo aiiDYs previDusly studied. 
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Nickel is the one element that appears to have the least detrimental 

effect on the Cr-Mo Blloys with respect to PWHT cracking susceptibility. 

In establishment of the Ac parameter nickel was varied between 0% and 3.4% 

without increasing susceptibility to cracking. 80 The same is true of the 

PSR parameter where nickel was varied between 0% and 1.5%.18 Thus nickel 

does not appear in either cracking susceptibility parameter. Tamaki and 

Suzuki89 found that nickel content below 1.5% had no effect on the critical 

stress to fracture but that above 1.5% increasing nickel content greatly 

increased cracking susceptibility. 

The effect of nickel is probably related to the fact that nickel 

alters the kinetics of carbide precipitation. In a study of the tempering 

characteristics of 3Cr-l 1/2Mo-Ni alloys Ritchie et al. lO found that M23C6 

replaces M2C, M3C and M7C3 after only one hour at 7000 C (1290oF) as 

compared to 400 hours for 2 1/4Cr-IMo. In accordance with Tamaki'g 

mode1 90 , carbides which cause the greatest strengthening of the matrix 

would form while the overall strength of the grain boundaries is high and 

before significant embrittlement could occur. The rapid formation of 

carbides at lower temperatures and the probable very short times of 

coherency would result in the lowering of PWHT cracking susceptibility. 

Boniszewski88 states the effect of silicon reduction is an increase 

in ductility and a lower cracking susceptibility. Vinckier98 found that 

silicon in excess of 0.5% caused cracking in 2 1/4Cr-lMo. Increased 

silicon has been reported to enhance M0 2C formation in Cr-Mo 

materials. 94 ,99 Ratliff and BrownlOO state that increased silicon appears 

to enhance cementite dissolution and thereby precipitation of alloy 
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carbides containing chromiwn, molybdenum, and vanadium resulting in 

increased secondary hardening which "ultimately impairs stress-rupture 

dueti li ty. " 

Research on the effects of titanium on PWHT cracking susceptibility 

have had mixed results. When titanium has been added for deoxidation 

purposes (Meyers lOl - 0.016% to 0.055% and Harris and Jones l02 - 0.021% to 

0.030%) cracking susceptibility was reported to be diminished in comparison 

to the same materials deoxidized with other elements, particularly 

aluminum. Spaeder and Plodderl03 found that addition of 0.048% titanium to 

T-l steel did not increase susceptibility while Ito and Nakanishi 18 found 

that additions of 0.03% to 0.07% titanium in lCr-I/2Mo alloys increased 

susceptibility slightly. Tamaki and Suzuki 91 found that the addition of a 

small amount of titanium, 0.07%, increased the critical stress to fracture 

in lo\v chromium high molybdenum alloys. Harris l04 pointed out that, while 

small amounts of titanium may appear beneficial, larger amounts as 

deliberate alloying additions may increase cracking susceptibility due to 

matrix strengthening. 

The presence of aluminum, used as a deoxidizer in Cr-Mo steels, has 

been found to enhance PWHT cracking susceptibility.74,102 Meyers lOl found 

that increasing amounts of aluminum, up to 0.035%, used for deoxidation 

progressively lowered resistance to cracking in a 1/2Cr-l/2Mo-l/4V alloy. 

Aluminum was thought to prevent grain boundary mobility by the presence of 

aluminum-nitrogen precipitate clusters rendering the grain boundaries 

unable to "recrystallize" local regions of strain induced shear. Ratliff 

and BrownlOO found that when aluminum content exceeded 0.010% in a 

lCr-l/2Mo-l/4V alloy a marked degradation in stress rupture properties 
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occurred. Aluminum was proposed to reduce the stability of cementite 

therE!by enhancing the formation of Mo 2C and V4C3 . Edwards et a1.72 found 

segregation of aluminum, silicon, and nitrogen to have occurred at the 

grain boundaiies by Auger spectroscopy. They speculated that if the 

combined aluminum and silicon concentration exceeded the austenite loop 

concentration, the formation of ferrite at the grain boundaries could 

result causing the rejection of carbon and the creation of a soft, carbide 

denuded region. 

Several researchers have found that the combination of boron and 

aluminum was particularly detrlmental. ie. promoting cracking. 38 ,52,54 

Presser and McPherson74 speculated that aluminum scavenges nitrogen 

allowing boron to remain in solution and segregate to the grain boundaries. 

Boron, segregated to the grain boundaries, forms M23 (C,B)6 when held 

between 1lOOoF and 16500 F (600°C and 900°C) during cooling or upon 

reheating above 12000 F (650°C) resulting in deembrittlement. Presser and 

McPhersonl05 also speculated that other strong nitride formers such as 

titanium or zirconium could enhance embrittlement due to boron. Boron 

alone has been reported to cause a slight increase in cracking 

susceptibility.58,71,74 

Tramp elements have also been reported to affect PWHT cracking 

susceptibility. Copper and tin were reported to increase susceptibility in 

1/2Cr-l/2Mo-l/4V. 102 Copper additions to 2 1/4Cr-lMo weld metal have been 

reported by Hunter106 ,I07 to increase cracking susceptibility. The 

addition of tin to 1/2Cr-1/2Mo-l/4V was reported by Townsend104 to 

significantly lower ductility in weld simulated specimens. However, 
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Meyers lOl determined that tin additions 'decreased susceptibility in 

l/2Cr-l/2t10-,1/4V while both copper and antimony additions increased 

cracking susceptibility. 

Among the residual elements, phosphorous is the most potent in 

embrittling the grain boundaries and therefore in enhancing PWHT cracking 

susceptibility. Auger analysis of fracture surfaces has provided 

significant evidence of phosphorous segregation in many 

studies. 77 ,84,99,108-lll Phosphorous segregation has been reported to be 

affected by carbide formation and element interaction19~77,99,111-ll3, 

microstructure,19,113 and grain size. 19 

Phosphorous has been reported by Yu and McMahon99 ,111, Hippsley et 

al. 112 ,77 and Eyre et 81. 19 to interact with molybdenum in solution in the 

matrix, Molybdenum in solution scavenges or ties up phosphorous in the 

form of Mo-P clusters or compounds preventing the segregation of 

phosphorous to the grain boundaries. Precipitation of Mo 2C during heat 

treatment releases phosphorous allowing segregation to the grain boundaries 

to occur. 

Silicon enhances the formation of Mo 2C and has been reported to have 

a repulsive interaction with phosphorous similar to that which occurs with 

carbon. Silicon content was also shown by Auger analysis to be lower at 

the grain boundaries than within the grains. 99 ,111 Thus silicon would 

appear to enhance grain boundary embrittlement by phosphorous. 

Precipitation of alloy carbides has also been reported to decrease 

the activity of carbon in solution thus allowing greater phosphorous 

segregation. 19 ,1IO The precipitation of molybdenum rich carbides increases 

the relative amount of chromium in solution and appears to enhance 
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phosphorous segregation through Cr-P cosegregation. 99 ,lll,113 Also, the 

formation of carbides in the grain boundaries results in the rejection of 

phosphorous in to the grain boundaries as phosphorous solubility in the 

carbides is l~ss than the solubility in the matrix. 19 ,77,112 

Viswanathan and Joshi 20 and Eyre et a1. 19 have found that phosphorous 

segregation is greater in martensitic microstructures than in bainitic 

microstructures. Viswanathan and Joshi20 also reported that segregation 

increased with increasing hardness for a given microstructure in a 

1 1/4Cr-l 1/4Mo-0.3V material. Eyre et al. 19 demonstrated that grain size 

also affected embrittlement in that increased grain size decreases the are~ 

available for segregation. 

Tamaki also undertook a study of the effect of phosphorus in Cr-Mo 

alloys77. Several notable results were obtained with Tamaki's study: 

(1) Plots similar to those of Figure 17 but made for alloys low in 

phosphorus (0.010%-0.013%) and higher in phosphorus 

(0.016%-0.020%) showed that increased phosphorus moved the 

critical stress curves to lower molybdenum contents. 

(2) Phosphorus had already segregated to some extent in the HAZ 

during the weld thermal cycle. 

(3) For a particular alloy there exists a critical phosphorus level 

below which embrittlement is apparent. The minimum critical 

value of phosphorus coincides with the 1% Chromium content. 

(4) For the range of alloys tested, (0-2ZCr, 0.5%Mo), as long as 

the phosphorus content was below a critical value for a 

particular alloy, the critical stress level remained 

approximately the same. 
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Thus, phosphorus did indeed adversely affect the cracking susceptibility of 

the Gr-Mo alloys, 

Since phosphorus did not segregate in materials subjected to heat 

treatments below the Al but did segregate when heated above the AI- Tamaki 

surmised that the transformation to austenite played a vigorous role in the 

segregation of phosphorus, It was assumed that the equilibrium 

distribution of phosphorus was established at the ferrite/austenite 

interface during the course of transformation and that "the diffusion rate 

is so small that it (phosphorus) diffuses little from the ferrite/austenite 

interface to the original ferrite phase,,,77 These assumptions combined 

with the knowledge that the solubility of phosphorus is approximately 2 1/2 

times larger in the ferrite than in the austenite, led Tamaki to conclude 

that phosphorus was carried along on the ferrite/austenite interface, This 

interface, which is the prior austenite grain boundary on cooling, is 

therefore enriched with the phosphorus. The welding cycle thus initiates 

the segregation and embrittling processes. 

Sulphur is another residual element that has been found to segregate 

to fracture surfaces by Auger analysls.I09,110 Imanaka et al. 87 in a study 

on the effects of sulphur, rare earth metal (REM) and calcium additions in 

2 1/4Gr-lMo found that if "free sulphur" exceeded 2Sppm the material showed 

a high sensitivity to PWHT cracking but below 25ppm exhibited no 

susceptibility. Free sulphur was calculated by the equation: 

(S) - [IS - (32/40)%Ga - (32/l40)%REMj x l04ppm 

Sulphur in the form of grain boundary sulphides has been linked with the 

initiation of cavitation on the grain boundaries. 64 ,94,95 
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Hippsley et al. 84 ,116 have shown that at PWHT temperatures in excess 

of 6000 C (lllOoF) materials susceptible to cracking exhibit a change from 

smooth intergranular fracture surfaces to fracture surfaces with extensive 

intergranular microvoid coalescence. The microvoids were said to have 

nucleated on sulphides which were thought to have low interfacial strength 

with the matrix. The presence of sulphides was thought to be the result of 

solution of MnS during the thermal cycle and subsequent preferential 

reprecipitation at grain boundary sites during cooling. 

However, Dolbyl15 reports that the relationship between grain 

boundary particles and PWHT cracking is unclear in that some researchers 

have found that. grain boundary particles have no effect on cracking. 

Further, both Horn and Kunze llO and Kikuchi and Nakao109 have found that 

even in relatively high sulphur materials a reduction in the phosphorous 

content eliminated cracking in susceptible materials. Thus the effect of 

sulphur is minor in comparison to that of phosphorous. 

In summary, composition is probably the most significant factor in 

PWHT cracking of the Cr-Mo alloys. Of the aUoying elements, molybdenum 

and vanadium have the greatest effect due to the preferential formation of 

coherent or fine precipitates in the grain matrix which Significantly 

increase the flow strength of the grain matrix over the that of the grain 

boundaries. Of the resid~al elements phosphorous has the greatest effect 

due to segregation to and embrittlement of the grain boundaries. The effect 

of composition is complicated by precipitation kinetics, element 

interactions and the superposition of the effects of other elements such as 

titanium, tin and copper. 
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Testing Technigues for Post Weld Heat Treatment Crackirig 

Baker l04 has enumerated some of the factors that should be included 

for the ideal PWHT cracking test. - The specimen should include some defect 

or notch in a microstructure representative of the actual HAZ, The HAZ 

should be strained, particularly when testing austenitic materials, in a 

manner similar to that experienced in an actual weld, Finally, the test 

method employed should preferably incorporate stress relaxation since 

constant load testing may introduce misleading factors into the evaluation. 

Dhooge et al. 73 note that the incorporation of all 1:;he factors involved in 

an actual weld into a small specimen would be "difficult". 

A common theme among papers reviewing PWHT cracking is that there 

exists a multitude of tests that have been employed and therefore 

comparison of test results is difficult and confusing. 60 ,61,73,98 Dhooge 

et a1 73 cite the use of 26 different testing techniques prior to 1978. 1n 

order to simplify the overall number of tests three categories were 

proposed: 

1. Tests on complete weldments 

2. Tests on specimens containing a weld 

3. Tests on specimens containing thermally simulated heat affected 

zones 

Meitzner60 in 1975 separated tests into only two categories; direct 

weldment tests (th~se containing an actual weld or potions of an actual 

weld) and simulated weld tests. Vinckier61 ,98 in 1974 used three 

categories to divide some 17 different testing techniques: 
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1. Tests of a welded specimen 

2. Tensile tests at high temperatures on welded or simulated 

specimens 

3. simulation of the PWHT cycle on simulated specimens. 

The use of tests on complete weldments or direct weldment tests have 

the obvious advantage of being directly related to the actual weld and PWHT 

conditions as well as joint geometry. However, both Meitzner60 and Dhooge 

et al 73 note that reproducibility is a significant problem with Meitzner 

citing erratic results in which one specimen may crack extensively while 

another may not crack at all. Also a small test specimen will experience a 

significantly smaller amount of creep strain than a large welded 

structure. 60 ,9B 

Weld simulation tests have the advantages of reproducibility, known 

stress level and control of microstructure. 60 The disadvantages are that 

the strains associated with weld contractional stresses are not duplicated, 

in general only one region of the HAZ is tested and the effects of adjacent 

weld metal and base metal are not present. 60 •73 Therefore the results of 

simulation tests must be carefully evaluated before being directly applied 

to full scale weldments. 

The most popular type of tests, although no standard exists, is the 

tensile or stress rupture test. 73 Several means of evaluating this type of 

test have been proposed. Vinckier59 suggested that in hot tensile tests 

the minimum acceptable reduction in area for an alloy to be considered not 

susceptible to cracking was 20%. Meyers and Pri~el17 suggested that, in 

constant load stress rupture testing, HAZ, base metal and weld metal 

rupture strengths be compared. If the HAZ rupture strength was lower than 
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the base metal and weld metal strengths the material was to be considered 

susceptible and the greater the difference the greater the susceptibility. 

Spaeder and Piodder l03 have proposed a stress rupture parameter in which 

the reduction in area was multiplied by the stress to rupture. If the 

stress rupture parameter was less than l5xl04 the material was determined 

to be susceptible to cracking. Vinckier and Pense 73 ,98 in extensive 

Gleeble simulation have determined the following criteria for simulated 

PWHT at 600°C (lllOoF): 

1. Extremely susceptible if the reduction of area is less than 5% 

and peak temperature of the weld simulation exceeds 12000 C 

(2190°F) 

2. Highly susceptible if the reduction of area is below 10% and 

the peak temperature exceeds 13000 C (2370oF) 

3. Slightly susceptible if the reduction of area is below 15% and 

the peak temperature exceeds 13500 C (2460oF) 

4. Not susceptible if the reduction of area exceeds 20% at all 

peak temperatures. 

Thus tensile type or stress rupture tests have been shown to yield a 

general determination as to the susceptibility of a material to PWHT 

cracking and allow a ranking of various materials to be determined. 60 

The ideal test previously described can perhaps be accomplished by 

the use of two or more tests making more efficient use of materials and 

funds. Utilizing Gleeble simulation to make an initial ranking of a 

material's stress-relief cracking susceptibility will determine if further 

testing is indicated. If the material is deemed susceptible to stress 

relief cracking further testing may be employed with specimens 
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incorporating a weld or full scale weldments to determine if the material 

is susceptible under welding conditions or in the actual weldment to be 

fabricated. 

Prevention of Postweld Heat Treatment CrackinG. 

The most obvious remedy for PWHT cracking, as suggested by -Stout l18 , 

is to avoid the use of susceptible alloys. Murray55 has recommended the 

use of alloys with limited molybdenum and vanadium. Mullery and Cadman69 

have recommended the use of materials in which the sulphur, phosphorous, 

and vanadium contents are minimized and manganese content is increased. 

When the avoidance of susceptible alloys is not practical process 

changes may be beneficial. Murray55 and Pense et al. 81 have recommended 

usi!lg a low strength weld metal with high strength base metals to allow 

deformation to occur in the fusion zone rather than in the HAZ. Mullery 

6q -
and Cadman - have proposed buttering of susceptible alloys to promote the 

formation of coarser carbides in the coarse grained HAZ of the parent 

metal. Muraki et al. 86 have suggested welding of the larger side of 

unsymetric, double V-groove butt joint first. 

Increasing heat input and/or preheat has been seen to bring about 

favorable microstructural changes in the HAZ. 104 ,86 Higher energy inputs 

and preheating result in slower cooling rates and softer transformation 

products,118 averaging of carbides in the HAZ during cooling,lS or an 

"autostress relief".64 Preheating may also be beneficial in decreasing the 

temperature range over which internal stresses build up.119 However, 

VinckiE'r59 reported that higher heat input yielded mixed results. Higher 

I 
I 
I 
·1 
I 

I 
I 
I 
'I 
I 
.1 

I 
-I 
I. 



I. 
I 
I 
,I 
I 
I. 
t 
I, 
,I 
I, 
I 
I 
I 
1 
,I 
I 
I 
I 
I' 

heat input causes two competing effects to occur: a coarser grain 

structure results which increases intergranular embrittlement and a softer 

HAZ is formed which decreases intergranular embrittlement. 

An alternative to increasing heat input is to decrease heat input in 

mUltiple pass welds. Miller and Batte85 found that using small gas 

tungsten arc weld beads in a multipass weld increased the amount of grain 

refinement due to overlapping of the heat affected zones and that even 

highly susceptible materials could be welded with this technique with no 

evidence of cracking after PWHT, Similarly, the use of temper beads, small 

stringer beads placed over the last pass to refine the grain structure of 

the HAZ. have been found to be beneficial in eliminating stress-relief 

cracking. 59 

Complete austenitization after welding59 or normalizing79 has been 

seen to increase the HAZ toughness and prevent cracking. Bentley68 

recommended using low PWHT temperatures and high heating rates to avoid 

prolonged coherent precipitate formation. However Granjon and Debiez81 

found increasing the heating rate is ineffectual in reducing cracking. 

Hippsleyl21 found high heating rates produced marginal benefit in reducing 

cracking but speculated that high heating rates might exacerbate cracking 

in actual weldments due to increased thermal stresses. 

Weld dressing to remove discontinuities at weld toes has been found 

effective in reducing cracking by elimination of crack initiation 

sites.55.~9,86,118 Peening has also been suggested to eliminate residual 

tensile stresses at the surface of the we1d,l18 Weld stresses can also be 

reduced by attention to weld sequencing. the use of techniques such as 
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backsteppil1g, the use of interstage stress relief heat treatments, and 

simplification of the design of weldments to lower overall levels of 

restraint. 55 

Thus it may be possible to mitigate PWHT cracking in susceptible 

alloys by utilizing the techniques described above. Perhaps the most 

economical means is to eliminate stress risers through careful dressing of 

the surface of the weld. Temper beading, if correctly performed, combined 

with weld dressing should provide a microstructure and surface unfavorable 

to the initiation and propagation of cracks. One important factor, 

however, is that oxidation during PWHT may provide initiation sites by 

oxide penetration and wedging along grain boundaries. 79 Therefore 

inherently susceptible materials may not be prevented from cracking by 

simple measures and it becomes necessary to know the susceptibility of 

individual alloys to PWHT cracking in order to ascertain the usefulness of 

preventative measures. 

Figure 20 is a block diagram of the factors affecting the development 

of PWHT crocking in a material. The complexity of PWHT cracking is 

demonstrated by the interrelationship of the many factors. As has been 

shown previously the superposition of several factors may result in the 

occurrence of cracking but when the same factors are considered alone 

cracking may not occur. 

As vanadium, titanium, and boron are being utilized in the new 

generation of 3Cr-1 l/2Mo and 2 1/4Cr-lMo alloys, with vanadium known to 

increase PWHT cracking susceptibility and the effects of titanium and boron 

uncertain, it is evident that the susceptibility of these alloys to 

cracking needs to be investigated. The effect of nickel on PWHT cracking 
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Figure 20. Block diagram showing factors involved in stress relief 
cracking. 

Source: Ito, Y., and Nakanishi, M., Study of Stress Relief Cracking in 
Welded Low Alloy Steels, The SumitolDo Search, No.7, 1972. 
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in the Berkeley 3Cr-1 1/2Mo-l/2Ni material needs to be fully documented. 

Also additional information on the effect of phosphorous in the 3% chromium 

alloys needs to be determined. 

Soft Zone/Overtempered Re&ion 

Any decrease in hard11ess in the HAZ below the base metal hardness may 

be delet~rious to the creep properties of the material. A loss in hardness 

may be reflected in shorter times to failure at equivalent stress levels. 

Thus, the HAZ may control the design of a material for elevated temperature 

applications. 

Softening in the lower temperature regions of the HAZ~ those furthest 

from the fusion line, has been observed in several ferrous materials. 

EasterlingI22 reports that, in plain carbon steels, the region for which 

the peak temperature is just below the Al experiences a transformation of 

pearlite to spheroidal Fe3C and a concomitant decrease in hardness. 

Pogrebnoi l23 has noted a softening in the HAZ of approximately 30 DPH below 

the base metal, hardness for as welded llCr-O.7Mo-0.35V steel. 

Challenger124 has shown hardness decrease of 30 to 40 DPH in the HAZ of 

HY130. King I25 and Biss126 'have shown decreases in hardness in the HAZ 

below base metal hardness of between 10 and 30 DPH for modified 9Cr-lMo and 

similar decrease for HT-9 and 2 l/4Cr-lMo alloys. 

Pogrebnoi l23 and Biss l26 studied the carbide morphology using 

scanning electron microscopy. They found, when comparing the base .metal 

and the softest region of the HAZ, that carbide coalescence had occurred 

with preferential carbide growth at grain boundaries and, according to 
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Biss, at subgrain boundaries. Biss also studied the fusion zone areas of 

the HAZ that had not softened and found that carbide coalescence was 

greatest in the softened region . 

Challenger, et al. 124 performed the most extensive study. Peak 

temperatures, heating rates, and cooling rates were measured at various 

locations in a multiple weld pass HAZ. The locations in the HAZ 

corresponding to various peak temperatures were examined by optical 

microscopy, and transmission electron micros~opy of carbide extraction 

replicas and thin foils. The area of minimum softness was determined to 

correlate with a temperature just below the "rapid heating AC l -13500 F". At 

this point both the extraction replicas and thin foils showed the presence 

of temper carbides. 

Thus, the studies to 'date have led to the conclusion that softening 

is the result of tempering on the position and/or shape of the carbides ' 

present and. while Challenger's study attempted to relate thermal history 

to the position, of the softened region, it appears an exact temperature 
, 

determination of a particular location is difficult. Further, no attempt 

to determine the chemical composition or structure of the carbides in the 

softened region has been attempted. 

Studies of the Gleeble simulated soft zones in 9Cr-IMo-V-Nb, heat 

176, at the University of Tennessee has shown that transformations during 

the weld tilermal cycle may play a role in the extent and persistence of the 

softened region during subsequent heat treatment (PWHT). Samples heated in 

the Gleeble to approximately ISIOoF, a temperature approximately 10°F below 

the Al , occasionally showed transformations on a dilatometric trace (the 

determination of temperature from Gleeble data has an accuracy of 
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approximately + l50 F). All samples (both which did and did not undergo 

transformations) showed an initial hardness loss of 10 to 15 OPH. However, 

after PWHT at 13500 F for 1 hour, the material that did not experience a 

transformation showed a hardness drop of only 5 OPH while those that 

transformed showed hardness drops of approximately 30 OPH. The 30 OPB 

hardness drop was also noted in material heated to a peak temperature of 

1550oF, a temperature in excess of the Al by approximately 30oF. 

When tested for rupture as a function of stress at 1100oF, it was 

found that the samples that did not experience a transformation exhibited 

times ,to rupture equivalent to those for base metal samples that were PWHT­

but not thermal cycled. However, the samples that had transformed 

exhibited shorter times to failure' at equivalent stresses than the base 

metal or nontransformed, thermal cycled samples. Although the samples that 

transformed may have experienced some restraint effects during creep­

rupture testing which are not present in the base metal or nontransformed 

thermal cycled samples, the need to more closely examine the softening 

effect is strongly suggested. 

If the initial work that has been performed is indicative for all 

9Cr-lMo modified Inaterials, it would appear that simple tempering effects, 

those that occur on heating below the AI' are essentially overshadowed by 

PWHT. Thus, it appears that critical softening may occur in that region of 

the HAZ that experiences peak temperatures in the intercritical region, 

between the Al and A3 • and that a different mechanism, other than simple 

tempering, is responsible for the softening observed. 

One possible mechanism for'the observed softening behavior is related 

to the formation of high carbon austenite and low carbon ferrite by those 
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areas of the HAZ for which peak temperatures are in the intercritical 

region. Above the Al • austenite will begin to form at grain boundaries and 

subgrain boundaries while carbides, primarily concentrated in the same 

location, will undergo dissolution. The higher solubility of alloying 

elements, and in particular, carbon in the austenite, will lead to rapid 

partitioning of those elements to the austenite. The equilibrium 

sol~)ility of carbon for the first austenite to form in plain carbon steels 

is 0.8 w/o and therefore the driving force for the partitioning of carbon 

is high. Further, carbon can easily diffuse over the distances between 

carbides in short times thus allowing the partitioning to occur during the 

relatively short time periods available during the welding thermal cycle. 

With carbon and alloying elements being concentrated in the low 

temperature austenite, in the intercritical range of temperatures, the 

carbon concentration is lower in the ferrite. Upon cooling the low carbon 

ferrite is unchanged and is present at room temperature as a soft phase. 

The austenite transforms to high carbon martensite and/or bainite. The 

possibility of having some retained austenite. a soft phase. also exists 

due to a potentially high carbon content in the austenite. Thus, initial 

HAZ softening would be due primarily to the presence of soft, low carbon 

ferrite and possibly some retained austenite. 

Upon PWHT the low carbon ferrite would experience no change. 

However, the high carbon martensite/bainite, would temper rapidly. Thus 

the decrease in hardness would be due to the presence of low carbon ferrite 

and temper products softer than the constituents present in the normalized 

and tempered martensitic base material. 
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The prior discussion has principally been concerned with formation of 

austenite near the Al . With the temperatures approaching the A3 , greater 

amounts of austenite will form wltil. upon exceeding the A3 , the 

microstructure would consist of austenite and possibly undissolved 

carbides. With increasing amounts of austenite at the higher temperatures 

in the intercritical region, the austenite would have carbon and alloying 

element concentrations approaching that of the bulk material. The 

martensitejbainite formed on cooling would be lower in carbon with less 

alloy segregation resulting in a lower tempering potential and therefore a 

harder material after PWHT. At, and above the A3 the austenite would have 

a carbon conc~ntration of approximately the bulk concentration. 

Transformation on cooling would yield low carbon martensite/bainite of 

uniform tempering characteristics. This material would soften more slowly 

wi th P\-rHT than that transformed from the high carbon austenite formed at 

temperatures near the AI' Maximum softening would therefore be limited to 

material that experienced peak temperatures in the intercritical region 

with maximum softening occurring to material wllich experience peak 

temperatures just above the AI' 
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MATERIALS 

The impetus for development of substitute alloys for 2 1/4Cr-IMo 

primarily has been to provide resistance to high temperature and pressure 

hydrogen attack in synthetic fuels and refining applications and for 

increased high temperature strength which will permit the production of 

larger pressure vessels and/or operation at higher temperatures and 

pressures. 9 ,128,129 The interest in the modified 9Cr-lMo alloys is 

primarily due to the increased corrosion resistance and the possibility of 

using the material as a substitute for austenitic st'ainless steel which 

would eliminate austenitic to ferritic transition joints and result in 

significant savings both economic and in strategic materials. 

The materials that have been studied represent several of the 

proposed substitutes for 2 1/4Cr-IMo and several commercial heats of the 

modified 9Cr lMo. Two of the candidate replacement alloys for 2 1/4Cr-lMo 

have originated in the United States. The 3Cr-lMo-O.lV material was 

conceived by the AMAX (Climax Molybdenum) Materials Research Center9 and 

the 3Cr-l 1/2Mo-l/2Ni alloy originated at the University of California, 

Berkeley.lO,130 The remaining two 2 1/4Cr-lMo substitutes that were 

examined, 2 1/4Cr-lMo-V-Ti-B and 3Cr-IMo-V-Ti-B, were the result of 

research performed at the Japan Steel Works (JSW).4,131 

The alloy developed at the AMAX Materials Research Center has a 

chromium content of 3% to reduce hydrogen attack susceptibility. 

Molybdenum and vanadium cO,ntents are nominally 1.5% and 0.09% respectively 

in order to obtain elevated temperature strength. Manganese content of 
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approximately 1% with a small addition of nickel (approximately 0.2%) is 

utilized to obtain increased hardenability. Carbon content is limited to 

0.1% to'promote weldability and prevent any degradation in toughness. 8 ,9 

The Berkeley alloy, 3Cr-l 1/2Mo-l/2Ni, has higher levels of chromium 

and molybdenum with respect to 2 1/4Cr-lMo for the same reasons as the AMAX 

material. The increased chromium and molybdenum contents are also 

considered to improve the oxidation resistance in comparison to 

2 1/4Cr-IMo. Nickel is added to increase hardenability and to promote 

early formation, during tempering, of more stable alloy carbides thus 

increasing hydrogen attack resistance. However, unlike the AMAX material, 

manganese is limited to approximately 0.5% in order to prevent temper 

embrittlement, minimize the amount of retained austenite and prevent 

banding. Retained austenite and banding are thought to increase 

susceptibility to hydrogen attack due to non-uniform distributions of 

unstable alloy carbides. Carbon content is held to a maximum of 0.15% to 

eliminate the possibility of welding related problems. 10 ,130 

Development by JSW of the 3Cr-lMo-V-Ti-B alloy4,l28 followed directly 

from research performed in the design of the 2 1/4Cr-IMo-V-Ti-B alloy.131 

The major difference between the two alloys is the chromium content which 

is increased to provide better resistance to hydrogen attack. Carbon 

content in the 2 1/4Cr material is 0.10% while the 3Cr material had a 

maximum content of 0.15%. Silicon content is restricted to a maximum 0.10% 

in the 3Cr alloy (0.02% - 2 1/4Cr) to minimize temper embrittlement. The 

addition of 0.25% vanadium is made to increase both tensile and creep 

strength through the formation of a fine dispersion of vanadium carbides. 

Boron, 0.001% to 0.003%, is included to increase hardenability and assure 
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uniformity of mechanical properties throughout thick sections. Titanium 

additions, 0.015% to 0.035%, are utilized to scavenge nitrogen in order to 

prevent boron nitride formation and secondarily for grain refinement. 

Nippon Kokan (NKK) and Kawasaki, two Japanese steel makers, have also 

proposed alloys for replacement of 2 1/4Cr-IMo. Although these steels were 

not tested, the reasoning behind the alloy modifications provides some 

background in the different approaches taken in the design of the 

2 1/4Cr-lMo substitutes. Kawasaki l3 obtains the necessary strength and 

resistance to hydrogen attack with additions of niobium ,(0.023%) and 

vanadittm (0.20%) to 3Cr-IMo. Titanium and boron additions are specifically 

not included due to the degradation of toughness and because adequate 

hardenability is thought to be obtained by the niobium and vanadium 

additions. Kawasaki further lowered silicon to 0.08% and sulphur to 0.001% 

to control hydrogen attack, temper embrittlement and stress-relief 

cracking. NKK,5,12 on the other hand, employed low titanium, 0.01% 

maximum, low boron, 0.0010% maximum, and low nitrogen, 0.004% maximum, to 

obtain adequate hardenability and toughness and maintain weldability. 

Although vanadium improves resistance to hydrogen attack and increased 

creep ruptur:e strength, Nippon Kokan limits additions of vanadium to 

approximately 0.08%. Vanadium in excess of 0.08% is thought to decrease 

hardenability substantially. Lower phosphorus, 0.004% maximum, is 

maintained rather than lowering the silicon content to reduce temper 

embrittlement. (The proposed silicon level is 0.25%.) Nickel content is 

0.15% for the Kawasaki material and 0.5% for the NKK alloy. No discussion 

of the level of nickel employed was given by either steel maker. 
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Thus a variety of developmental approaches has been taken. Common 

among all the materials is the limitation of carbon content to promote 

weldability. However, beyond that there exists little agreement between 

the various developers. Weldability and temper embrittlement resistance 

are thought to be promoted by very lower sulfur content (0.001%) by one 

steelmaker while temper embrittlement control has been attempted through 

limiting silicon (below 0.010%) or phosphorus (0.004%) by others. 

Hardenability has been increased by the addition of boron, high manganese, 

manganese and nickel additions, or niobium and vanadium additions. 

Manganese has been increased in one instance to between 1% and 1.2% in 

order to increase hardenability while in another it has been limited to 

approximately 0.5% to mitigate hydrogen attack. On the one hand, vanadium 

additions are limited to 0.08% and niobium not added due to the possible 

loss of toughness and hardenability while on the other hand, 0.25% vanadium 

is utilized in one case and 0.20% vanadium plus 0.023% niobium in another. 

In one alloy nickel is used as the primary alloying addition (other than 

chromium and molybdenum) to increase both hardenability and eliminate 

hydrogen attack. 

The four alloys that have been studied are representative of those 

proposed to replace 2 1/4Cr-lMo. The Berkeley alloy has no additional 

carbide formers (beyond chromium and molybdenum) and utilizes nickel and a 

moderate amount of manganese to achieve adequate hardenability. The AMAX 

(Climax) alloy utilizes high manganese to obtain hardenability ,and a modest 

addition of vanadium to increase high temperature strength. The two JSW 
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materials, both the 2 1/4Cr-lM6 and3Cr-lMo, utilize B to increase 

hardenability and relatively high vanadium content to increase high 

temperature strength. 

In addition to the four modified materials, a standard 2 1/4Cr-lMo 

alloy, Lukens 2 1/4Cr-lMo-0.lOC, has been employed in portions of this 

work. This material has been extensively studied by Richey25 and the 

transformation characteristics and sensitivity to PWHT cracking, as 

determined by Gleeble simulation, have been reported. 

Five state-of-the-art heats of modified 2 1/4Cr-IMo steels made 

available by the Materials Properties Council were evaluated for the PWHT 

cracking susceptibility. These were included in this study to compare the 

results available from the earlier part of this investigation (JSW and 

Lukens 2 1/4Cr-lMo). These state-of-the art heats have been designated as 

MlO to M50. The various features that can be noted in the composition of 

these materials are: MlO contains 0.10% carbon and M40 contains 0.15% 

carbon; M20 has three times more nitrogen than others; M40 has o.on P; M50 

contains 0.014% eu; M30 has been treated with Ca during the melting 

practice. All these heats are modified with different levels of V, Ti, B 

and Nb. MI0 also has 0.48% Ni in addition to V, Ti and B. 

Three commercial heats of modified 9Cr-lMo materials were in~luded in 

the current work to provide further evaluation of this important alloy. 

The NKK, Sumitomo and Timken commercial heats of 9Cr-IMo-V-Nb are quite 

similar in composition. The NKK heat has very low levels of phosphorus, 

0.004%, sulphur, 0.004%, aluminum, 0.006%, and nickel, 0.01%. The 

Sumitomo heat has the highest phosphorus, 0.014%, and nickel, 0.10%, and 
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the lowest vanadium, 0.20%, contents. The Timken material had the highest 

levels of vanadium, 0.31%, aluminum, 0.027%, and sulphur, 0.007%, with an 

intermediate amount of phosphorus, 0.010%. 

The chromium equivalents of the 9Cr-lMo-V-Nb materials range from 

9.59 for ORNL heat 176 (an experimental heat tested by Richey25) to a high 

of 13.42 for the Timken material. The chromium equivalent was determined 

by the equation: 132 

CrE = Cr + 6Si + 4Mo + 1.5W + llV + 5Nb + 8Ti + 

12Al - 40C - 30N - 4Ni - 2Mn - Cu 

where all elements are in weight percent. The chromium equivalent can be 

used as a predic'tor of the degree of delta ferrite present on cooling after 

welding. For chromium equivalents above 12, substantial amounts of delta 

ferrite may be formed in the coarse grained heat affected zone, between 10 

and 12, some delta ferrite may be £ormed and below 10, no delta ferrite is 

expected. 132 Thus, for ORNL heat 176 no delta ferrite would be expected 

while substantial amounts of delta ferrite may be present in the heat 

affected zone of the Tlmken alloy after welding. 

The as received material form and heat treatment appear in Table 2. 

With the exception of the Berkeley 3Cr-1Mo-l/2Ni alloy all materials were 

tested in the as-received condition. The as-received Berkeley material was 

given a low temperature, 112SoF (607°C), stress-relief following 

normalizing and as a result was in a hardened condition. Therefore some of 

the Berkeley 3cr-l 1/2Mo-l/2Ni material was subsequently heat treated for 

24 1/2 hours at 117SoF (635°C) in order to obtain a tensile strength within 

the limits of those proposed for the new SA 387 grade 22 class 3 

classification. Although this classification applies to 2 1/4Cr-lMo, it 
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Table 2. As received material condition. 

MATER)'\J, DESIGNATION HEAT NO. FOlD! 

9("'r:IMo-\,-Nh N"" IIT-,.\-231001 I in 1l:,1l111l) 1'1111,· 

9Cr-1 Mo-V-Nb SumitnffiQ OYYC-90R2 2 in (;;Omm) OJ) Itil,~ 

9("r-I:I1o-\'-Nb Timken H~f,31 3 in (7ro",m) din. ollr 

9C.-l Mo-V-Nb OllNL l;fi 3/8 ir. t!I.'imm) plntp 

3Cr-l hlo-v AMAX (ClimAx) A9349 4 in 002 mm) plste 

3Cr-ltMo-tNi Berkeley A9749 4 in (102 mm) plnte 
1 in (25 10m) plnte 

3Cr-IMo-V-Ti-B JSW ... 18 in (450 mm) ring 
Forging S('(!tion 

2iCr-lMo-V-TI-B JSW ... lOin (250 mm) forging 
1 In (25mm) plate 

HCr-lMo-O.IOC Lukens 3443 13 in (325 m m) plate 

2tCr-lMo-O.J2C Lukens HPJ 3 in (lSOmm) plRte 

2 t Cr- lMo-\,-Ti-B NKK JD54015 2 in (50 mm) plllie 
(MID) 

ztCr-IMo-V-Ti-B JSW SOH0964 2 in (50 mm) pialI' 
(M20) 

ZtCr-IMo-V-TI-B KOnE TV3951 2 in (SO mm) plnte 
(M30) 

2tCr-IMo-V-TI-B NSC lOSC-l 2 in (50 mm) plate 
(M40) 

21Cr-IMo-V-TI-B I<awa~aki API531B 2 in (50 mm) plRte 
(M50) 

.. .. -

m:AT Tllf';AnlENT "flOC) 

NormAli7.rd 1900 II 040) 
TrmJlrr~d 1400 (nO) 

Normalized 1740 (950) 
Temprreti 1440 (780) 

Normnli7.!'f1 1900 (l040) 
Temp"r .. d 1400 (760) 

NormAlized 19tH) () 040) 
r('mpered 1400 (760) 

:\llstenitized 1750 (9~5) 

WAter Quenched 
Tempered 1050 (565) 

NormRlized 1750 (955) 
Tempered 1125 (607) 

Normalized 1850 (1 0 10) 
Tempered 1220 (660) 

Normal!?;ed 1830 (1000) 
Tempered 1200 (650) 

Austenltized 1960 (1070) 
W at er Quenched 
Tempered 1200 (650) 

Austenltized 1780 (955) 
W:llle. Quenched 
Tempered 1225 (S5!) 

Quenched 
Tt'mpered 1215 (690) 

Quenched 
T"mpered 1275 (690) 

Quenched 
Tempered 1275 (691) : 
Quenched ! 

Tempered 1275 (690) 

Quenched 
Tempered 1215 (690) 

- - -

(X) 

w 

• 
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was felt that the requirements of this new classification could reasonably 

be extended to include the alloys proposed to replace 2 1/4Cr-IMo. It will 

be noted throughout the following discussions whether the material was in 

the as received or heat treated condition. 

Table 3 shows the chemical compositions of the alloys examined in 

this study. Analysis of the Lukens 2 1/4Cr-IMo (2 heats) and all the 9Cr 

and 3Cr materials were performed by the Metallurgical Laboratory of 

Combustion Engineering in Chattanooga, Tennessee. JSW 2 1/4Cr-lMo material 

was analyzed at ORNL. The five heats supplied by MPC were analyzed by 

Charles C. Kawin Co., Broadview, Illinois. 
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EXPERIMENTAL PROCEDURES 

This investigation incorporated four areas of research: a 

determination of transformation temperatures and microstructures under 

welding conditions (for the coarse grained HAZ) , an assessment of the PWHT 

cracking susceptibility, a determination of HAC susceptibility of modified 

and unmodified 2 1/4Cr and 3Cr alloys and an assessment of the occurrence 

of soft zone in 9Cr.material. 

The "Gleeble Device" 

The Gleeble is a device that was developed at Rensselaer Polytechni~ 

Institute l33 and allows simulation of the actual thermal cycles experienced 

at any particular point adjacent to a weld. While a region in the weld HAZ 

is small, use of the Gleebl~ permits expansion of the region of interest to 

a larger volume so that testing may be accomplished on that region alone. 

The Gleeble is also capable of applying a tensile load up to 10,000 

pounds (44.SkN) at any point in the thermal cycle. At the selected point, 

the controller energizes a solenoid valve supplying pressure regulated air 

to a pneumatic cylinder which is affixed to the movable jaw. The load 

applied is determined from the output of an electrical resistance, strain 

gauge type of load cell attached to the ram of the pneumatic cylinder. The 

load cell output is recorded by the light beam oscillograph. 

Phase Transformations 

On-heating and on-cooling transformation temperatures were determined 

with the Gleeble utilizing a high speed dilatometer. The dilatometer 

employs a precision rectilinear potentiometer connected by a mechanical 

linkage to quartz rods in contact with opposite sides of the specimen 
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mounted in the Gleeble. Changes in specimen diameter due to thermal 

expansion/contraction and phase changes result in a change in position of 

the potentiometer slider and therefore a change in output voltage. 

Figure 21 shows a schematic representation of such a dilation versus 

temperature plot. As indicated in Figure 21 the temperature of 

transformation is determined by the points at which the trace deviates from 

linearity with the end points being the start and finish temperatures. 

The transformation characteristics of the coarse grained HAZ were 

determined for welding heat inputs varying from those associated with 

shielded metal arc welding to submerged arc welding. A peak temperature of 

24000 F (13ISoC) was utilized with all thermal cycles in order to achieve a 

microstructure similar to that which occurs immediately adjacent to the 

weld fusion zone. Figure 22 shows the six welding thermal cycles employed 

to determine the transformation temperatures. These six thermal cycles 

simulate weld heat inputs ranging from 18KJ/in (0.7KJ/mm), preheat 72°F 

(22°C) for a 2in (Slmm) thick plate, to 150 KJ/in (S9KJ/mm), preheat 4000 F 

(20S°C) for a 21n (Slmm) thick plate. 

The seventh thermal cycle, indicated in Figure 22 as an arc strike, 

is simulated by interrupting the heating current when the specimen reached 

the peak temperature and simultaneously blasting the specimen with helium 

to achieve high radial heat loss as well as the longitudinal conduction 

heat loss. This cycle was only employed to give a baseline, most rapidly 

cooled microstructure, for comparison with the microstructures obtained 

with the six other thermal cycles. 
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Figure 21. Schematic representation of dilatometric output for the 
determination of transformation temperatures. 

Source: Torok, T.E. and Stout, R.D., Relation of DHatometric 
Characteristics of Steels to Delayed Cracking in Welds, Welding 
Journal, 44(12), 1965. 
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THERMAL HISTORIES EMPLOYED IN TRANSFORMATION STUDIES 
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Y-Groove HAC Test 

The oblique Y-groove test is a high restraint test used to evaluate 

HAC sensitivity of steels and is defined in Japanese Industrial Standard Z 

3158. A typical specimen is shown in Figure l2b (in literature section). 

In this technique, the test welds are made at various preheats. Hydrogen 

is added to the weld by controlling the arc atmosphere via the moisture in 

the electrode coating. 

The restraint beads are deposited using an electrode of comparable 

strength under the standard welding conditions when the whole test piece 

has reached the specified temperature. 

The test bead is then deposited at the preheat temperature of 

interest using an electrode with known diffusible hydrogen content. After 

48 hours the the test bead surface is examined for cracks. The surface 

crack ratio is evaluated by the relation: 

Surface crack ratio - (Total cracked length of the test bead/ 

length of test bead) X 100 % 

The portion of the specimen with the test bead is then sectioned into 

five equal pieces and the section crack ratio is calculated using the 

following relation: 

Section crack ratio = (average of height of root cracks/ Minimum 

thickness of test bead) X 100 % 

Y-groove testing of the 3Cr materials were conducted using electrodes 

supplied by Combustion Engineering Inc. The Lukens 3Cr-l.SMo-0.lV and JSW 

3Cr-lMo-V-Ti-B steels were tested using 3Cr-1. SMo-O.IV electrodes. These 

electrodes, in the as received condition, had a diffusible hydrogen of 6.94 

ml/lOOg. Baking at 8900 F for 2 hours reduced the hydrogen level to 3.71 
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ml/lOOg. At these two levels of diffusible hydrogen Y-groove HAC testing 

was carried out at preheat temperatures above room temperature·until a 

temperature was reached for which no cracking was observed. The Berkeley 

3Cr-l.sMo-0.sNi"was tested with 3Cr-l.sMo-0.5Ni electrodes also supplied by 

Combustion Engineering Inc. These electrodes were fully baked and evolved 

5.07 ml/lOOg of diffusible hydrogen. Y-groove testing was carried out at 

this hydrogen level utilizing preheat temperatures of 27soF to 4s00 F. 

2 1/4Cr-lMo materials were tested using E9018-B3 electrodes supplied 

by Teledyne McKay. In the unbaked condition these electrodes had a 

hydrogen level of 22ml/lOOg. Baking at sOOoF for 2 hours reduced the 

hydrogen level to 8.04 ml/lOOg and baking at 890°F for 2 hours reduced the 

hydrogen level to 2.38 ml/100g. Testing of Lukens, JSW and Kawasaki 2 

1/4Cr-lMo materials were conducted at these two hydrogen levels at preheat 

temperatures from room temperature to 375°F. 

Each specimen was carefully examined for surface cracks on the test 

bead. If the cracking was not clearly visible, dye penetrant examination 

was carried out. After measurement of the surface cracks the test bead 

portion was sectioned into five equal pieces and the through section cracks 

were measured using a stereo microscope. 

Postweld Heat Treatment Crackin& 

PWHT cracking is intergranular cracking that usually occurs in the 

coarse grained HAZ of a weld during PWHT or during service at elevated 

temperatures. This type of cracking is caused by a combination of matrix 

strengthening as a result of carbide precipitation, embrittlement of the 

grain boundaries as a result of residual element segregation and both 

internal residual stress due to welding anq externally applied stress. 
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The Gleeble was utilized to make an initial assessment of cracking 

susceptibility for all materials. Samples were initially subjected to a 

60KJ/in (2.4KJ/mm) thermal cycle with a peak temperature of 24000 F 

(13ISoC). This peak temperature was selected to obtain a microstructure 

similar to that in the coarse grained HAZ of an actual weld. Subsequent to 

thermal cycling, the sample is simultaneously loaded in tension to simulate 

the restraint stress experienced by the coarse grained HAZ and heated to 

the post weld heat treatment temperature. While the stress is held 

constant for an individual specimen, a range of stress levels is employed 

during the testing of a material in order to obtain various times to 

fracture. 

The PWHT temperatures employed in this investigation were 13S0oF 

(730°C) for the modified 9Cr-IMo materials and both 12S0/127SoF (677/690oC) 

and IISOoF (620°C) for the 2 1/4Cr and 3Cr modified materials. The lower 

temperature employed for the 2 1/4Cr and 3Cr materials is representative of 

the trend to lower post weld heat treatment temperatures and higher 

strengths for these materials. 

If the sample did not fracture within the 200 minute period the test 

was terminated. The reduction in area of the fractured specimens was 

determined and selected sample fracture surfaeesexamined for 

microstructure features in with the scanning electron microscope. 

In order to facilitate fractographic examination, several samples of 

the modified 2 1/4Cr and 3Cr materials were tested in an argon atmosphere. 

This technique resulted in fracture surfaces essentially free of oxidation. 

Samples of the modified 3Cr-Mo and 2 1/4Cr-IMo were prepared on the 

Gleeble for transmission electron microscopy examination by thermal cycling 

--------... --.. ~---
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to 24000 F (13ISoC) to produce a grain coarsened microstructure followed by 

a 100 minute simulated PWHT at 12500 F (680°C) with an applied load. The 

load employed was the highest possible that would not cause fracture or 

necking of the specimen within the 100 minute hold at the PWHT temperature. 

The specimens were sectioned at the point of thermocouple attachment with 

one half mounted and polished for utilization in the replica studies. Four 

0.025 inch (0.64mm) thick sections were cut from the thermocouple end of 

the opposite half of the sample for use as thin foil specimen blanks. TIle 

mounted specimens and the thin sections were evaluated by Dr. Judith Todd 

of the University of Southern California, Los Angeles. 

Several objections may be raised to the Gleeble technique employed ill 

the determination of PWHT susceptibility. A major objection is that the 

Gleeble simulation does not represent the conditions present during PWHT, 

in that a constant load rather than a time dependent decreasing load is-
. 

used. Also the effects of surrounding base metal and weld metal on the HAZ 

are not present in the Gleeble simulation which reproduces only a single 

portion of the HAZ. Finally. the samples employed were smooth 0.250 inch 

(6.4mm) round samples although stress-relief cracking is known to be 

associated with the presence notches at the surface or discontinuities in 

the interior of the weld. 

With these objections in a mind the Coring test, normally employed in 

testing for stress corrosion cracking tendency, was s~lected as a suitable 

small scale test specimen for verification of the results obtained from the 

Gleeble testing program. ASTM standard G_3S134 was followed for design of 

the Coring specimens and for determination of the deflection necessary to 

achieve the initial stress state. 
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To incorporate a weld in the C-ring specimens a 1 inch by I inch 

(25mm x 25mm) square bar is machined with a flat bottomed groove parallel 

to the rolling direction at the plate surface. Groove geometry is modified 

in order to accommodate different diameter shielded metal ~rc welding 

electrodes. For 5/32 inch (4.0mm) diameter electrodes the groove walls are 

machined at a 400 angle radial from the center of the bar. For 1/8 inch 

(3.2mm) diameter electrodes the .~ngle is 300
. In all cases the depth of 

the groove is 5/32 inch (4.0mm). Figure 23 is a drawing of the cross 

section ofa bar with a 300 angle groove for use with 1/8 inch (3.2Ilun) 

diameter electrodes. 

A single pass shielded metal arc weld deposit is used to fill the 

groove (using matching chemistry electrodes whenever possible). The 

Berkeley 3Cr-l 1/2Mo-I/2Ni material is welded with matching chemistry 1/8 

inch (3.2mm) shielded metal arc electrodes. The AMAX (Climax) 

3Cr-1 1/2Mo-0.IV material is welded with matching chemistry 5/32 inch 

(4.0mm) electrodes. These electrodes were manufactured on a special lot 

basis by Combustion Engineering in Chattanooga, Tennessee. The 

JS\.J 3Cr-IMo-V-Ti-B material is welded with the same electrodes as those 

used for the AMAX (Climax) 3Cr-l 1/2Mo-0. IV material. The 

JSW 2 1/4Cr-lMo-V-Ti-B material and Lukens 2 1/4Cr-lMo-0.10C material, used 

for baseline comparison, are welded with 5/32 inch (4.0mm) E90l8-B3 

electrodes. The MlO to M50 materials were welded with 2 1/4 Cr-lMo-0.25V 

electrodes made available by the Amax Materials Research Center. 

The welded bars were machined into cylinders and surface ground to a 

fine, 32 RMS, finish. The cylinders have a nominal I inch outside diameter 

and 0.125 inch wall thickness. Rings. 0.750 inches long, are sectioned 
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from the cylinders. The rings are etched with a 2% solution of 

hydrofluoric acid in 30% hydrogen peroxide in order to reveal the heat 

affected and fusion zones. A charpy V type notch, 0.035 inches (0.90mm) 

deep, is broached into one of the coarse grained heat affected zones and a 

hole drilled through the ring 90 degrees from the axis of the notch. The 

back of the ring, away from the notch, is removed in order to allow 

compression of the ring by tightening of a bolt placed through the drilled 

holes. Figure 24 schematically shows the successive steps in production of 

the C-ring specimen from the welded bar to the finished C-ring. 

The bolts employed for stressing the C-rings were machined from the 

Berkeley 3cr-IMo-I/2Ni material. This was done so that the thermal 

expansion properties of the bolts would be similar to those of the tested 

materials. Stress relaxation in the bolts was not found to be a 

significant factor since elongation of the bolt is only approximately 

0.0005 inches (O.Olmm) when the Coring is loaded to a nominal stress of 

100ksi (690MPa). This elongation corresponds to approximately 15ksi 

(l03MPa) in the bolt which is not great enough to cause significant stress 

relaxation in the bolt during PWHT. 

Tightening of the bolt through the C-ring results in a constant 

strain specimen with tensile stresses produced on the exterior of the ring. 

'The amount of deflection of the outside diameter (OD) necessary to produce 

the desired stress is determined by the equation: 108 

~ = (f D2) / (4EtZ) 

where: f =.the desired stress, D - the mean diameter (OD - t), t "" the 

wall thickness, E = the modulus of elasticity. and Z = a correction factor 

for curved beams determined from a graph included in ASTM standard G38. 
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Figure 24. 

( 0) 

(b) 

(e) ( d) 

Successive steps in the making of C-rings specimens. (a)bar 
with weld filled groove, (b) tube machined from square bar 
stock, (c)portion of the tube notched in the heat affected zone 
with hole drilled through ring and back removed, and (d) 
finished C-ring with loading bolt in place. 
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This equation is modified for the presence of the notch by considering the 

outer fiber of the ring to be at the root of the notch rather than the 

outside surface. This results in the 00 of the ring and thickness of the 

ring (t) being reduced by the depth of the notch. The deflection thus 

calculated is subtracted from the "true" 00 to obtain the 00, parallel to 

the. bolt, to which the ring has to be deformed to obtain the nominal stress 

level desired at the root of the notch. 

The stress at the root of the charpy V type notch is considerably 

higher than the nominal outer fiber stress calculated above due to the 

induced stress concentration. Utilizing Peterson'sl35 curves for the 

stress concentration factor resulting from bending of a flat bar with a 

U-shaped notch on one side, the stress concentration factor, Ktf is 

determined to be approximately 1.7. Thus the stress at the root of the 

notch for a nominal outer fiber stress of IOOksi (690MPa) would be 

approximatE'ly 170ksi (l200MPa). Based on an average hardness of 400DPH 

(approximately 380BHN) obtained in the transformation studies for the 

modified 2 1/4 and 3Cr materials, the coarse grained HAZ has an ultimate 

strength of approximately 190ksi (l300MPa). A lOOksi (690MPa) applied load 

should therefore not exceed the ultimate strength of the coarse grained 

HAZ. 

A nominal stress of lOOksi (690MPa) was employed at PWHT temperatures 

of llSOoF (6200 C) and l250/127SoF (6800 C). The initial stress of lOOksi 

(690MPa) was chosen to insure that plastic deformation had occurred at the 

root of the notch and therefore that the stress level is of yield stress 

magnitude. Additional testing was performed at llSOoF (620oC) at stress 
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levels of BOksi (550MPa) and 60ksi (410MPa) in order to attempt to discern 

differences in susceptibility of materials that exhibit cracks at the 

100ksi (690MPa). stress level. 

e-ring specimens were PWHT in air and under vacuum. The specimens 

heat treated in vacuum were placed in quartz tubes and the tubes evacuated 

and sealed. Selected specimens heat treated in vacuum were broken open at 

liquid nitrogen temperature and examined in the scanning electron 

microscope. The remaining specimens heat treated in vacuum were se'ctioned 

into six pieces, mounted, and examined metallographically. The maximum 

extent (depth) of cracking in the sections was noted. The samples post 

weld" heat treated in air were cooled in liquid nitrogen and broken open. 

Oxidation of the e-rings heat treated in air simplifies evaluation of the 

extent cracking as the intergranular fracture surface is darkened while the 

cleavage fracture surface is bright. The maximum depth of intergranular 

fracture was determined and used as the parameter for evaluation of PWHT 

cracking susceptibility. 

HAZ Soft Zone Evaluation 

A 50 ton commercial heat of modified 9Cr-IHo produced by NKK was 

utilized for the soft zone studies. The material was initially tested in 

the normalized and tempered condition (normalized 19000 F (10400 C), tempered 

l4000 C (760°C», but some material was also tested in the normalized 

condition to exaggerate the extent of the soft region. 

Autogenous single and multipass (five pass) gas tungsten arc (GTA) 

welds were deposited in the rolling direction using a heat input of 

45.2KJ/in (1. 6KJ/mm). Hardness measurements were then conducted on 

transverse sections of these welds to locate and evaluate the extent of the 
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soft region. The hardness measurements were conducted on specimens in the 

as welded and in the PWHT (13500 F) 1 hour and 10 hour conditions. 

Microhardness profiles were obtained across the IMZ in a direction 

normal to the weld metal-~Z-base metal interfaces. A Vickers hardness 

tester using a 2 Kg load was employed. In addition to the normal section 

specimens, specimens were also removed at an angular orientation relative 

to the weld. These specimens enabled the ~Z to be expanded, thus 

permitting a more detailed examination of individual regions of interest. 

Metallographic specimens from cross sections of the weldments were 

prepared, metallographically polished and etched in modified HCl/picral and 

modified 5% nit~il '(Table 4). Optical light microscopy, scanning electron 

microscopy and transmission electron microscopy were utilized to evaluate 

the microstructure of the weld metal and ~Z. Carbide extraction replicas 

were prepared from the soft zone detected in the angle cut specimens. 
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Table 4. Etchants for 9Cr-IMo steels. 

Etchant Composition 

MOD. HCI-Picral 

900 ml Sat'd Picric add in H20 

100 ml He! 

20 ml H2S04 

20 FeCI3 

20 g CUCI2 

MOD. 5% Nital 

900 ml Methanol 

SO ml HN03 

100 ml H20 

20 ml H2S04 

20 g FeCI3 

20 g CUCI2 

20 g HCI 

Comments 

.swab 

good for base 

metal and general 

microstru ctu re 

reveals solute banding 

Swab 

good for weld metal 

solidification 

substructure 

Make two solutions 

and mi'x before using. 
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RESULTS AND DISCUSSION 

Transformation Behavior 

The formation of cracks in weldments fabricated from the Cr-Mo steels 

is most often found to occur in the ~oarse grained heat affected zone. The 

types of cracking most often associated with welds in these alloys, PWHT 

cracking hydrogen and assisted cracking, result from the high residual 

tensile stress state in and metallurgical condition of this region. 

Therefore, the first step in determining the weldability of these materials 

is the determination of the transformation characteristics a~d 

microstructure of the coarse grained heat affected zone. 

The coarse grained heat affected zone in actual welds is a narrow 

region adjacent to the fusion zone that experiences a gradient of peak 

temperatures associated with the upper temperature regimes of the austenite 

region in the equilibrium phase diagram. The limited extent of the coarse 

grained HAZ and the steep temperature gradient experienced over this region 

make characterization of the coarse grained heat affected zone in actual 

welds difficult. Gleeble simul~tion permits the expansion of this portion 

of the heat affected zone associated with a single peak temperature to a 

volume sufficient for mechanical testing and facilitates metallographic 

examination. 

Gleeble simulation of the coarse grained heat affected zone was 

achieved in the transformation studies by employing a peak temperature of 

24000 F (1320oC) and thermal cycles representative of a variety of welding 

conditions. The transformation temperatures associated with welding 

conditions were determined by the use of a high speed dilatometer in 
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contact with the specimen during the thermal cycle. When the dilatometer 

output is coupled by the appropriate electronic circuitry to an X-Y chart 

recorder, a relative dilation versus temperature plot is obtained from 

which the transformation temperatures may be determined. Selected thermal 

cycled samples were sectioned at the point of thermoco~ple attachment, 

mounted, polished, and examined by both optical microscopy and scanning 

electron microscopy to determine the on-cooling transformation 

microstructures over ·the range of simulated welding conditions employed. 

Transformation Results for the 9Cr-IMo-V-Nb Materials. 

The V-Nb modified 9Cr-lMo alloys have been shown to possess high 

hardenability in Jominy tests, exhibiting uniform hardness over the length 

of the Jominy bar. 1l4 Bodine et al. 132 have shown that the modified 

9Cr-lMo alloys "invariably transform to martensite on cooling after 

normalization, irrespective of the cooling rate used." Based on these 

observations and the continuous cooling transformation diagram for a 

9Cr-lMo-V-Nb alloy (Figure 7), it was anticipated that a martensitic 

microstructure would result in the coarse grained heat affected zone for 

all thermal cycles employed in the transformation investigation. 

Therefore, only three weld thermal cycles were utilized to characterize the 

transformation behavior of the three commercial 9Cr-IMo-V-Nb heats. The 

three thermal cycles employed were the nominal l8KJ/in (O.71KJ/mm), 35KJ/in 

(1.4KJ/mm), and 150KJ/in (5.9KJ/mm) heat input weld simulations. 

The on-heating transformation temperatures, ACl and AC3 ' for the NKK 

9Cr-IMo-V-Nb, Sumitomo 9Cr-lMo-V-Nb, and Timken 9Cr-1Mo-V-Nb are shown in 

Table 5. For these materials the ACI temperatures range from 1620 to 

16400 F (880 to 895°C) and the AC3 temperatures range from 1750 to 17700 F 
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Table 5. 

Table 6. 

Summnry of the on-heating transformation temperatures for the 
9Cr-lMo-V-Nb alloys. 

ACI AC3 

Material Supplier 
of (DC) OF (DC) 

9Cr- 1 Mo- V-Nb-O.l OC NKK 1640 . (895) 1750 (950) 

9Cr-l Mo-V- Nb-0.095C Timken 1620 (880) 1750 (950) 

9Cr-1 Mo-V-Nb-O.IOC Sumitomo 1630 (890) 177U (940) 

Summary of the on-cooling transformation temperatures for the 
9Cr-1Mo-V-Nb alloys. 

I8KJ/ln U KJ/ln 150 KJ/ln 

Material Supplier 

·::~C) op~JC) ·I'~~C) M, Op~~C) M, 
01' (oC) 01' (OC) 

9Cr-IMo-V-Nb NKK 755 (400) 520 (270) no (375) 495 (260) UO (390) 530 (275) 

9Cr-IMo-V-Nb Timken 720 (380) no (275) U5 (UO) 540 (280) 740 (U5) 535·(280) 

9Cr-IMo-V-Nb Sumitoillo 735 (390) 535 (280) 715 (380) 515(270) no (390) 520 (270) 
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(940 to 950°C). A comparison of the ACl and AC3 temperatures obtained for 

the three commercial heats with the ACl and AC3 temperatures (lS260F 

(830°C) and l66loF (90SoC) respectively) shown on the continuous cooling 

transformation diagram (Figure 7) shows that the fast heating rate 

associated with welding has resulted in an increase of the on-heating 

transformation temperatures. The ACI temperatures have been increased 

between 94 and l24Fo (52 and 69Co) and the AC3 temperatures have been 

increased between 89 and 109Fo (50 and 65Co). 

The on-cooling transformation temperatures, Ms and Mf , for the NKK, 

Timken, and Sumitomo 9Cr-lMo-V-Nb materials are shown in Table 6. The Ms 

temperatures range from 755 to 7l0oF (400 to 3750 C) and the Mf temperatures 

range from 540 to 495°F (280 to 260°C). The Ms and Mf90 temperatures 

obtained from the continuous cooling transformation diagram (Figure 7) are 

716°F (380°C) and 54SoF (285°C) respectively. Thus, the Ms and Mf 

temperatures obtained for the NKK, Timken, and Sumitomo under welding 

conditions agree reasonably well with those from the conventional 

continuous cooling transformation diagram. The Ms temperatures are within 

+36 to -9Fo (+20 to -5Co) and the Mf temperatures are within +9 to -45Fo 

(+5 to -2SCo) of the Ms and Mf90 temperatures shown in Figure 7. 

Figure 7 shows that the last 10% of the austenite to martensite 

transformation occurs between 7l60F (380°C), the Mf90 temperature, and 

536°F (280°C), the Mf temperature. This small amount of transformation 

over a relatively large temperature range is not likely to have been 

detected in the Gleeble transformation studies. System sensitivity, 

electronic noise and small variations that occur in the slope of the 

dilation versus temperature trace combine to obscure a minor amount of 
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transformation over a wide temperature range. However, in a practical 

sense, the Mf for the modified materials obtained by Gleeble simulation is 

sufficiently accurate for the purpose of weldability assessment. 

9Cr-IMo-V-Nb Mi~rostructures. 

Optical micrographs of the Gleeble simulated 18KJ/in (O.71KJ/mm) and 

150KJ/in (5.9KJ/mm) weld thermal cycle specimens of the NKK 9Cr-IMo-V-Nb, 

Sumitomo 9Cr-IMo-V-Nb, and Timken 9Cr-IMo-V-Nh are shown in Figures 25 

through 30. Scanning electron micrographs of the l50KJ/in (S.9KJ/mm) for 

the three 9Cr-IMo-V-Nb heats are shown in Figures 31 through 34. 

The optical micrographs (Figur~s 25-30) reveal little about the 

microstructure of the 9Cr-lMo-V-Nb materials. A comparison of the 150KJ/in 

micrographs (Figures 25, 27, and 29) with the 18KJ/in (O. 71KJ/mm) 

micrographs (Figures 26, 28, and 30) shows a modest amount of grain 

coarsening which would be anticipated with the longer time above the grain 

coarsening temperature associated with the higher energy input thermal 

cycle. Delta ferrite is present in both of the Timken 9Cr-lMo-V-Nb optical 

micrographs (Figures 29 and 30) with the delta ferrite in the 150KJ/in 

(S.9KJ/mm) specimen present in larger and more widely spaced pools. 

The scanning electron micrographs of the NKK 9Cr-lMo-V-Nb {Figure 

31)and Sumitomo 9Cr-lMo-V-Nb (Figure 32) materials show microstructures 

consisting of acicular martensite and autotempered martensite. The 

autotempered martensite appears more clearly at the lower magnification, 

2000X, (Figures 3la and 32a) as irregular, roughened, lenticular 

structures. Similar microstructures are shown in De Ferri 

ketallographia liO for quenched 2 1/4Cr-IMo {9000 e to SOOoC in 0.7sec} and 

SCr-iHo (oil quenched from 9S00 C) with the lenticular, roughened structures 
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Figure 25. NKK 9Cr-1Mo-V-Nh GGT specimen, 18KJ/in. Modified Wazu's etch, 
DLM 200X. 

Figure 26. NKK 9Gr-1Mo-V-Nh GGT specimen, 150KJ/in. Modified Wazu's etch, 
OLM 200X. 

107 



108 

Figure 27. Sumit.omo 9Cr-1Mo-V-Nb CCT specimen, 18KJ/in. Modified \4azlI's 
e tch , OU1 2UOX. 

Figure 28. Sumitomo 9Cr-lMo-V-Nb CCT specimen, lS0KJ/in . Modified Wazu's 
etch, OLM 200X . 
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Figure 29. Timken 9Cr-lMo-V-Nb CCT specimen, 18KJ/in. Modified Wazu's 
etch, Oill 200X. 

Figure 30. Timken 9Cr-lMo-V-Nb CCT specimen lSOKJ/in. Modified Wazu's 
etch, OLM 200X. 
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A 

B 

Figure 3l. NKK 9Cr-1Mo-V-Nb CCT spec i men , lSOKJ/in. Modified Wazu's etch, 
SEM . a) 2 , OOOX , b) lO , OOOX. 

I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 



I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 

A 

B 

Figure 32. Sumitomo 9Cr-lMo-V-Nh CeT specimen, 150KJ / in. Modified Wazu's 
etch, SEM . a) 2,OOOX, b) lO , UOQX . 
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Figure 33. Timken 9Cr-lMo-V-Nb CCT Specimen, 150KJ/in. Modified Wazu's 
etch SEM. a) 2,OOOX, b) lO,OOOX. 
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Figure 3(-1. Timke.n 9Gr-1Mo -V-Nb GGT specimen, lSOKJ / in. Modified \~azu' s 
etch. SEM lO , aaDX. 
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described as being due to autotempering of the first martensite formed from 

the austenite. The roughening of the plate like structures is said to 

result from the formation of carbides during autotempering. At higher 

magnification, lO,OOOX, (Figures 3lb and 32b) the roughening in the plate 

like structures observed at lower magnification can clearly be seen to be 

due to the formation of carbides within the autotempered martensite. 

The scanning electron micrographs of the Timken 9Cr-IMo-V-Nb material 

(Figures 33 and 3q) show the microstructure to consist of martensite, 

autotempered martensite and delta ferrite . The large pool of delta ferrite 

shown in Figure 33 was located at a triple point in the prior austenite 

microstructure . The narrow regions of delta ferrite extending from the 

main pool are disposed along the prior austenite grain boundaries . The 

presence of residual scratches, from polishing, within the pool may be used 

as additional evidence that this structure consists of ferrite, as ferrite 

is an inherently softer constituent than martensite . 

The retention of delta ferrite, the elevated temperature body 

centered cubic phase, is a result of stabilization of the high temperature 

ferrite phase. 9Cr-IMo alloys have a composition near the 

austenite-ferrite phase boundary of the iron-chromium equilibrium phase 

diagram. The addition of ferrite stabilizing elements such as silicon, 

molybdenum, vanadium and niobium may result in an alloy that exists in the 

two phase region over a large temperature range. Since the decomposition 

of ferrite to austenite is a diffusion controlled process , rapid cooling 

and a low ferrite to austenite transformation temperature combine to result 

in retention of delta ferrite in the ambient temperature microstructure . 25 

Work performed at ORNL has shown that for normalizing heat treatments, the 
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chromium equivalent equation (equation 3.1) can be utilized to predict the 

retention of delta ferrite in the microstructure.I 32 For chromium 

equivalents in excess of 12 normalizing was found to result in the 

retention of substantial amounts of delta ferrite. The Timken 9Cr-lMo-V-Nb 

alloy, with a chromium equivalent of 13.4, had delta ferrite retained in 

the Gleeble simulation microstructures as would be anticipated from the 

work performed at ORNL. The NKK and Sumitomo heats, with chromium 

equivalents of 11.7 and 10.6, did not exhibit delta ferrite retention in 

the optical or scanning electron micrographs although the.work at ORNL 

indicated that delta ferrite might be present for 9Cr-IMo-V-Nb alloys with 

chromium equivalents between 10 and 12. 

Figure 34 is a scanning electron micrograph of a region well removed 

from the delta ferrite in the Timken 9Cr-lMo-V-Nb material. The 

microstructure is similar to that of the NKK 9Cr-lMo-V-Nb and the Sumitomo 

9Cr-IMo-V-Nb (Figures 31b and 32b). The mi~rostructure consists of both 

acicular martensite and autotempered martensite. Figure 34 again shows 

that the roughening of the auto tempered martensite is due to the formation 

of carbides within the plate like structures. 

Summary of the 9Cr-IMo-V-Nb Transformation Studies. 

The on-heating and on-cooling transformation temperatures for the NKK 

9Cr-lMo-V-Nb, Sumitomo 9Cr-lMo-V-Nb, and Timken 9Cr-lMo-V-Nb alloys were 

found to be approximately the same as would be expected from their similar 

chemical compositions. The ACI and AC3 temperatures were found to be 

higher under the rapid heating of the simulated welding thermal cycle in 

comparison to those determined by Wada et al. (Figure 7). This elevation 

of the on-heating temperatures was expected as the formation of austenite 
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is diffusion controlled. The on-cooling transformation temperatures are in 

substantial agreement with those shown on the continuous cooling 

transformation diagram (Figure 7). The formation of martensite occurs by a 

diffusionless. shear process and therefore depression of the transformation 

temperature would not be expected to be significant. With the exception of 

the Timken material the microstructures of the weld simulated specimens 

were martensitic as was predicted-by the continuous cooling transformation 

diagram. The microstructure of the Timken alloy contained retained delta 

ferrite due to the increased amount of ferrite stabilizing elements which 

was reflected in the higher value of the chromium equivalent in comparison 

to the NKK and Sumitomo materials. The presence of delta ferrite in the 

Timken material was in agreement with work performed at ORNL with 

normalized 9Cr-lMo-V-Nb alloys. 

Transformation Results for the Modified 2 l/4Cr and 3Cr Alloys. 

The on-heating transformation temperatures for the AMAX (Climax) 

3Cr-l 1/2Mo-O.IV (heat A9349) , Berkeley composition 3Cr-1 1/2Mo-I/2Ni, JSW 

3Cr-lMo-V-Ti-B, and JSW 2 1/4Cr-lMo-V-Ti-B alloys appear in Table 7. The 

on-cooling transformation temperatures determined for the modified 2 1/4Cr 

and 3Cr materials appear in Table 8. Figures 35 through 38 are continuous 

cooling transformation diagrams determined under simulated welding 

conditions for the AMAX (Climax) 3Cr-1 1/2Mo-O.IV, Berkeley 

3Cr-l l/2Mo-l/2Ni, JSW 3Cr-lMo-V-Ti-B, and JSW 2 1/4Cr-IMo-V-Ti-B 

materials_. 

The AC1 and AC3 temperatures for the Berkeley 3Cr-1 1/2Mo-I/2Ni 

material (Table 7) are dramatically increased by the additional heat 

treatment given to the as received material. The as received material, 
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. Summary of the on-heattng transformation temperatures for the 
modified 3Cr and 2 1/4Cr alloys. 

ACt AC3 
Material 

OF (oC) OF (oC) 

Amax (Climax) 3 Cr-liMo-O.l 1490 (810) 1660 (905) 

Berkeley 3 Cr-li Mo-t Ni 1325 (120) 1510 (850) 

Berkeley heat treated to Class III 1515 (825) 1630 (890) 

JSW 3 Cr-lMo-V-Ti-B 1480 (805) 1620 (880) 

JSW 21 Cr-lMo-V-1'i-B 1500 (815) 1610 (910) 
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Table 8.. Summary of the on-cooling transformation temperatures for the 
modifi~d 3Cr and 2 1/4Cr alloys. 

Thermal Cycle ClimllX (A9349) Berkeley Berkeley Heat JSW JSW 
(KJ/in) 3 Cr-) t Mo-O.IV 3 Cr-lt Mo - i HI Treated 10 Class III 3Cr-l Mo-V-TI-B 21 Cr-lMo-V-TI-B 

°f (oC) "p (oC) of (oC) 0p (oC) °F ("C) 

5 820 (435) 7~0 (420) no (420) 830 (UO) 180 (470) 
18 

F 820 (325) 820 (S25) S75 (SOD) 840 (1411) 8411 (148) 

S 820 (US) 770 (UO) '180 (415) 8011 . (US) 880 (410) 
35 

F 680 (360) 650 (345) 650 (345) l1li0 (350) 870 (355) 

S 820 (U5) 770 (410) 175 (415) 810 (UO) 190 (415) 
80 

II TID (375) 630 (330) 830 (330) 690 (365) 180 (380) 

s 8JO (UO) 790 (no) 800 (42&) 800 (480) 
80 · · 

I' no (380) 710 (3'15) 890 (S65) '100 (no) 

· · 
S 840 (450) 820 (415) 840 (450) 900 (480) 

127 - -
P '130 (US) 710 (U5) '150 (400) 740 (395) 

· · 
S 850 (455) 830 (US) 840 (450) 160 (480) ItO (505) 

HiO 

F 740 (395) ''130 (385) 'fit (300) 760 (405) no (410) 

S - Martensite or bainite start temperatures. 

F - Martensite or bainite finish temperatures. 
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Figure .35. CCT diagram for MAX (climax) 3Cr-l 1/2Mo-O.IV, determined for 
welding conditions. 
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CONTINUOUS COOLING TRANSFORMATION DIAGRAM 
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. Figure 36. CCT diagram for Berkefey composition 3Cr-l 1/2Mo-l/2Ni. 
determined for welding conditions. 
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Figure 37. CCT diagram for JSY 3Cr-1Mo-V-Ti-B. determined for welding 
conditions. 
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CONTINUOUS COOLING TRANSFORMATION DIAGRAM 

JSW 21/4Cr-IMo-V-TI-B 
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Figure 38. CCT diagram for JSW 2 1/4Cr-lMo-V-Ti-B, determined for welding 
conditions. 
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~lich had been given only a short time, low temperature stress-relief heat 

treatment, exhibited ACl and AC3 temperatures of 132SoF (720°C) and 15700 F 

(8500 C) respectively. After heat treatment to obtain a strength level 

concomitant with the proposed class III strength level, the ACI and AC3 

temperatures were determined to be 151SoF (82SoC) and 16300 F (890°C). 

Higher heat treatment temperatures and longer times at the heat 

treatment temperature result in carbide coarsening. Coarser carbides 

dissolve' more slowly aild therefore inhibit the transformation to austenite 

by limiting the amollnt of carbon available. UndeI.' welding conditions, 

where the rate of heating is rapid, the sluggish dissolution of carbides 

results the in elevation of the transformation temperatures. 

The ACI temperatures for the AMAX (Climax) 3Cr-1 1/2Mo-0.IV, heat 

treated Berkeley 3Cr-l 1/2Mo-l/2Ni, and JSW 2 1/4Cr-lMo-V-Ti-B materials 

range from 1490 to 151SoF (810 to 825°C) and AC3 temperatures range from 

1620 to 16700 F (880 to 910°C). The ACI and AC3 temperatures obtained from 

the Gleeble weld simulation studies for the AMAX (Climax) 3Cr-l 1/2Mo-O.IV, 

JSW 3Cr-lMo-V-Ti-B, and JSW 2 1/4Cr-lMo-V-Ti-B materials (Table 7) are 

higher than those reported on the continuous cooling transformation 

diagrams (Figures 4-6) between 22 and 4SFo (12 and 2SCo) and 18 and 54Fo 

(10 and 28Co) respectively. The increase in the transformation temperature 

is the result of the carbide dissolution kinetics and diffusion control of 

austenite formation and the rapid heating rate associated with welding 

conditions. 

The on-cooling transformation temperatures in Table 8 are reported as 

start (S) and finish (F) and in Figures 35-38 as Ms/Bs and Mf/Bf as no 

discernible separate finish for the bainite transformation (Bf ) 01.' start 
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for the martensite transformation (Ms) could be detected on the dilation 

versus temperature traces. For the Berkeley 3Cr·1 l/2Mo-l/2Ni no 

significant difference in the on-cooling transformation temperatures was 

observed between the as received or heat treated material with the 

exception of the l8KJ/in transformation finish temperature. 

A comparison of the transformation start temperatures for the AMAX 

(Climax) 3Cr-1 1/2Mo·0.1V, JSW 3Cr·IMo-VcTi-B, and JSW 2 1/4Cr-lMo-V-Ti-B 

under simulated welding conditions with the continuous cooling 

transformation diagrams for these materials (Figures 4·6) show, in general, 

a lowering of the transformation start by approximately 45Fo (25Co) due to 

the fast cooling rate under welding conditions. Table 7 and Figures 35 

through 38 show that the hi~lest on-cooling transformation start 

temperatures were exhibited by the JSW 2 1/4Cr-IMo-V-Ti-B material and the 

lowest on-cooling transformation start temperatures were exhibited by the 

Berkeley 3Cr-l 1/2Mo-l/2Ni material. The higher transformation 

temperatures of the JSW 2 l/4Cr-IMo-V-Ti-B material is due to the lower 

carbon (0.12%) and overall lower alloying element content of this material. 

The lower transformation start temperatures of the Berkeley 

3Cr-l l/2Mo-I/2Ni material is due to the relatively high carbon (0.16%) and 

nickel (0.51%) content compared to the other three modified alloys. 

A comparison of the transformation finish temperatures obtained for 

the AMAX (Climax) 3Cr-1 1/2Mo-0.IV material and the continuous cooling 

transformation diagram for the same material (Figure 6) shows a general 

agreement between the finish temperatures obtained under Gleeble simulated 

weld conditions and transformation temperatures corresponding to 90% 

completion of the austenite to martensite or bainite transformation. The 
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transformation finish temperatures obtained under Gleeble simulated welding 

conditions range from 620 to 740°F (324 to 395°C) and Mf90-Bf90 

temperatures range from 617 to 740°F (325 to 393°C). As was the case with 

the 9Cr-lMo materials, the last 10% of transformation occurs over a large 

temperature range (approximately 225°F (12SoC» and therefore was not 

detectable. Similarly, the finish transformation finish temperatures for 

the JSW 3Cr-IMo-V-Ti-B and JSW 2 1/4Cr-IMo-V-Ti-B shown in table 7 are 

higher than the transformation finish temperatures shown in Figures 4 and 

5, continuous cooling transformation diagrams for materials of similar 

composition. 

Modified 2 1/4Cr-IMo and 3Cr-Mo Microstructures. 

Optical and scanning electron micrographs of the JSW 3Cr-lMo-V-Ti-B 

alloy for the helium quench , 35 KJ/in (1.38 KJ/mm), 60 KJ/in (2.36 KJ/mm), 

and 150 KJ/in (5.91 KJ/mm) heat input simulated weld thermal cycles are 

shown in Figures 39 through 42. Since the microstructures for all the 

materials; AMAX (Climax) 3Cr-l 1/2Mo-O.IV, Berkeley 3Cr-1 1/2Mo-l/2Ni, JSW 

3Cr-IMo-V-Ti-B, and JSW 2 1/4Cr-IMo-V-Ti - B, are similar only one 

representative set of microstructures for the range of thermal cycles 

employed is shown. Figures 43 through 45 are optical and scanning electron 

micrographs of the AMAX (Climax) 3Cr-l 1/2Mo-0.IV, Berkeley 

3Cr-l 1/2Mo-l/2Ni, and JSW 2 1/4Cr-lMo-V-Ti-B for the 60 KJ/in (2 . 36 

KJ/mm) heat input weld simulation samples. The similarity of the 

microstructures obtained from the same heat input thermal cycle may be seell 

in the micrographs of the 60 KJ lin (2 . 36 KJ /mm) specimens. 

As was the case with the modified 9Cr-IMo continuous cooling 

transformation specimens, the optical micrographs (Figures 39a-4Sa) of the 
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B 

Figure 39. JSW 3Cr-lMo-V-Ti-B , ceT specimen , heliwn quenched . Nital­
Pinal, a) SOUX OLM , b) lO , OOOX SEM . 
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Figure 40. JSW 3Cr-lMo-V-Ti-B, CCT specimen, 3SKJ/in. Nital-Picral, a) 
SOOX OLM, b) lO.OOOX SEM. 
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A 

B 

Figure 41. JSW 3Cr-1Mo-V-Ti-B, eeT specimen 60KJ / in . Nital-Picra1, a) 
500X OLM , b ) lO,OOOX SEN . 
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Figure 42. JSW 3Gr-lMo-V-Ti-B, GeT sppcimen, lSOKJ / in. Nital-Picral, a) 
SOOX OLM, b) lO,OOOX SEM. 
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B 

Figure 43 . AMAX (Climax) 3Cr-l 1/2Mo-O.lV, CCT specimen, 60KJ/in. Nital­
Picral, a) 500X OLM , b) lO , OOUX SEM . 
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Figure 44. Berkeley 3Cr-l 1/2Mo-l/2Ni GeT Specimen, 60KJ/in. Nital­
Picral, a) SOOX OLM, b) lO,aOOX SEM . 

131 



132 

A 

B 

Figure 45 . JSW 2 1/4Cr-lMo-V-Ti-B, CCT specimen, 60KJ/in. Nita l-Picrl, a) 
500X OLM, b) lO,OUOX SEM . 
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modified 2 1/4Cr and 3Cr materials reveal little information about the 

microstructures. A modest amount of coarsening of the prior austenite 

grains with increasing heat input (longer times above the grain coarsening 

temperature) is evident in Figures 39a through 42a. The acicular aspect of 

the microstructure also becomes less marked with increasing energy input. 

The scanning electron micrographs (Figures 39b through 42b) for the 

JSW 3Cr-IMo-V-Ti-B specimens show a change in the microstructure with 

increasing energy input from autotempered martensite and martensite, to 

lower bainite and autotempered martensite and, finally, to a transition 

microstructure consisting of lower bainite and granular bainite. Figure 

39b, the helium quenched JSW 3Cr-IMo-V-Ti-B specimen, shows a 

microstructure that consists of autotempered martensite and martensite. 

Figures 40b, the JSW 3Cr-IMo-V·Ti·B 35 KJ/in (1.38 KJ/mm) specimen, and 

Figures 41b, and 43b through 45b, the 60 KJ/in (2.36 KJ/mm) specimens of 

the JSW 3Cr-lMo-V-Ti-B, AMAX (Climax) 3Cr-1 1/2Mo-0.IV, Berkeley 

3Cr-l 1/2Mo-l/2Ni, and JSW 2 1/4Cr-IMo-V-Ti-B show microstructures that 

consist of lower bainite and autotempered martensite. The 150 KJ/in (5.91 

KJ/mm), JSW 3Cr·lMo-V-Ti-B specimen (Figure 42b) exhibits a breaking up of 

the lower bainite, lath like microstructure into granular bainite and, 

since both structures are present, this is termed a transitional bainitic 

microstructure. The sequence of microstructures with increasing energy 

input is consistent with that determined by Richey25 for 2 1/4Cr-lMo 

alloys. 

The presence of mixed microstructures con~isting of bainite and 

martensite in alloy steels has been observed previously. Brown et al. 137 

have predicted from the continuous cooling transformation diagram for 
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2 1/4Cr-1Mo that fast cooling rates would result in martensitic or mixed 

martensitic-bainitic microstructures. Autotempered martensite present with 

bainite has been reported in 2 1/4Cr-IMo simulated weld HAZ's by Smith et 

a1. 138 and in quenched 2 1/4Cr-lMo and 5Cr-lMo in De Ferri 

Metallographia. 136 1shigiro et al. 13l have observed microstructures 

consisting of martensite, mixed martensite and bainite, and bainite in JSW 

2 1/4Cr-IMo-V-Ti-B simulated weld HAZ's. Bonizewski et a1.139 have 

reported mixed martensite and bainite in both actual and simulated weld 

HAZ's for 5Cr-l/2Mo, 9%Ni, 2%Mn and 3%Mn steels. The microstructures 

containing martensite or autotempered martensite reported in the literature 

are similar in appearance to the roughened, lenticular structures observed 

in the helium quenched, 35 KJ/in (1.38 KJ/mm) , and 60 KJ/in (2.36 KJ/mm) 

microstructures (Figures 39-41, 43-45). These structures are also similar 

to those observed in the 9Cr-lMo-V-Nb microstructures (Figures 31-34) shown 

previously. Therefore, there is little question that these lenticular 

structures are auto tempered martensite. 

Summary of the Modified 2 1/4Cr-lMo and 3er-Mo Transformation Studies 

As was expected with the rapid heating rate employed and the 

diffusion controlled nature of austenite formation, the on heating 

transformation temperatures of the AMAX (Climax) 3Cr-l 1/2Mo-O.IV, JSW 

3Cr-IMo-V-Ti-B. and JSW 2 1/4Cr-IMo-V-Ti-B materials were higher than those 

shown on the continuous cooling transformation diagrams for these 

materials. The on cooling transformation temperatures were found to be 

depressed by approximately 45Fo (25Co) with respect to the transformation 

temperatures shown on the continuous cooling transformation diagrams. The 

depression of the on-cooling transformation temperatures is due to the 
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rapid cooling and limited amount of diffusion that must occur during the 

lower bainite bainite transformation. The JSW 2 1/4Cr-lMo-V-Ti-B had the 

highest transformation start temperatures which is a result of the lower 

alloy and carbon content. The Berkeley 3Cr-1 1/2Mo-I/2Ni material had the 

lowest transformation start temperatures due to this alloys high carbon and 

nickel content. 

The microstructures which were observed in the AMAX (Climax) 

3Cr-1 1/2Mo-0.lV, Berkeley 3Cr-1 1/2Mo-I/2Ni, JSW 3Cr-lMo-V-Ti-B, and JSW 

2 1/4Cr-lMo-V-Ti-B materials over the range of thermal cycles employed were 

consistent with those found by Richey25 for 2 l/4Cr-IMo. As the energy 

input increased; the microst~uctures changed from martensite and 

autotempered martensite to bainite and autotempered martensite and, at the 

h~ghest energy input employed, to a transitional microstructure consisting 

of lower bainite and granular bainite. No retained austenite was observed 

in any of the microstructures in the modified 2 1/4Cr-IMo and 3Cr-Mo 

materials as is expected with the fast cooling rates in welding. 

Y-Groove Hydro&en Assisted Cracking Test 

In order to evaluate the hydrogen assisted cracking susceptibility of 

the unmodified and modified 3Cr and 2 1/4Cr materials Y-groove testing was 

carried out. The results of Y-groove tests are given in Table 9 for the 

3Cr materials and are given in Table 10 for the 2 1/4Cr-lMo materials. The 

testing procedure is given in the experimental procedures part in detail. 

The different weld metals hydrogen levels were obtained by using electrodes 

which have undergone a controlled baking to develop a specified moisture 

content. 
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Table 9. Results of Y-groove HAC tests on 3Cr steels. I 
Preheat Diffusible Surface 'Section 

Material Temp. Electrode used Hydrogen Crack Ratio Crack Ratio 
(mlr100 gms.) ~~ % I 

Lukens 3Cr·1.SMo·0.1 V 27soF 3Cr·1.SMo·0.1V 6.94 81 94 
(23soq (0.21'" moisture) 

Lukens 3Cr·1.SMo·0.1 V 375°F 3Cr·1.SMo·0.1V 6.94 0 0 
(191°C) (0.21 % moisture) I 

Lukens 3Cr·1.SMo·0.W 4S0"F 3(r·1.SMo·0.1V 3.71 0 0 
(B2°C) (0.09% moisture 

• bilked 890Of·2n,s) 

Lukens 3Cr·1.SMo·O.1V 375°F 3(r-1.SMo·O.1V 3.71 0 0 
• (191°q (0.09% moisture I 

• baked egO'f·2n,s) 

Lukens 3er·1.SMo·0. 1 Y 275°F 3er·'. SMo·O.1 Y 3.71 0 0 
(13soq (0.09% moistu'e 

• bilked egO'F·2n,s) I 
Berkeley 3Cr-1/2Mo·1/2Ni 275°F 3(r·1.SMo·1/2Ni 5.07 68 80 

(13S0 CI (Full~ baked) 

Berekeley 3Cr·1i2Mo-1/2Ni 375°F 3Cr·1.5Mo·1/2Ni 5.07 91 100 
(191"C) (Fully baked) 

8erekeley 3Cr·112Mo·1/2Ni 4S0°F 3Cr·1.5Mo·1/2Ni 5.07 0 0 
(232°q (Fully baked) 

J5W 3er·1Mo·Y·Ti·8 375°F 3Cr·1.5Mo·0.1 Y 3.71 0 0 
(19'OC) (0.09% moisutre 

+ baked 980"F·2krs.) 
I 

J5W 3Cr·1Mo·Y·Ti·B 27soF 3Cr·1.5Mo·0.1V 3.71 0 0 
(1WC) (0.09% moisutre 

+ baked 9g0°F·2hrs.) 

JSW 3(r·1 Mo·V·Ti·B 80°F 3Cr·1.SMo·0.1 V 3.71 100 100 
I 

(26°C) (0.09% moisutre 
+ baked 980°F-2hrs.) 

)SW 3Cr·1Mo·V·Ti·B 150°F 3Cr·1.5Mo·0.1Y 3.71 100 100 
(6S0e) (0.09% moisutre I 

+ baked gaO°F.2hrs.) 
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Table 10. Results of Y-groove HAC tests on 2 1/4Cr-lMo steels. 

Preheat Diffusible Surface 
Material Temp. Electrode used Hydrogen Crack Ratio 

(m11100 gms.' % 

Lukens 21/4 Cr-1MO 80°F E 9018·B3 2.38 100 
(26°C) Baked 980°F·lllrs. 

Lukens21/4 Cr-1MO 150°F E 9018·B3 2.38 0 
(65°C) Baked 980·F·2hrs. 

Lukens 2 114 Cr" MO 300"F E 9018·B3 2.38 0 
(149"C) Baked 980°F·2hrs. 

Kawasakl21/4Cr-1Mo )OO"F E 9018·B) 2.38 0 
(149"C) Baked 980°F·2hrs. 

JSW 2 1/4Cr-1 Mo-V· Ti·B 300"F )Cr·1.5Mo·1/2Ni 2.38 0 
(149°C) (Fully bakedl 

Kawasaki 21/4Cr-1Mo 300"F E 9018·B3 8.04 70 
(149cC) Baked 980·F·2hrs. 

Kawasaki 21f4Cr·1Mo 375°F E 9018·B3 8.04 0 
(191·C) Baked 980cF·2hrs. 

- -

Section 
Crack Ratio 

% 

100 

0 

0 

0 

0 

91 

0 

- - -

W 
-...J 
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At relatively low levels of diffusible hydrogen (3.71 ml/lOOg) HAC 

can be avoided using a preheat temperature of 27SoF in 3Cr materials. A 

preheat of 27SoF appears to be the minimum required since testing at room 

temperature as well as lSOoF at the hydrogen level of 3.71 ml/lOOg resulted 

in 100% cracking for tests conducted on JSW 3Cr. There was no decernable 

difference in behavior between the modified and the unmodified 3Cr steels 

tested. However, the susceptibility to HAC appears to be extremely 

sensitive to the diffusible hydrogen contents of the welds deposited. This 

fact is madp clear from the results of tests on the Berkeley 3Cr-l.SMo-

1/2Ni steel. A preheat temperature of 450°F (232°C) was required to 

prevent HAC in this steel when the diffusible hydrogen level was increased 

to 5.07 ml/IOOg. The Berkeley material also has the highest C content 

among the 3Cr steels tested and this may account for its sensitivity to 

diffusible hydrogen content. 

For 2 1/4Cr-lMo steels the tests were conducted at diffusible 

hydrogen levels of 2.38 and 8.04 ml/IOOg. At the low diffusible hydrogen 

level of 2.38 ml/lOOg HAC can be avoided by using a preheat temperature of 

150°F. However, at the hydrogen level of 8.04 ml/IOOg a preheat 

temperature of 375°F is necessary before HAC can be avoided. Thus, it can 

be seen that HAC is extremely sensitive to the diffusible hydrogen content 

of the weld metal and preheats must be adjusted accordingly. 

The results of Y-groove testing indicates that for 2 1/4Cr and 3Cr 

steels tested, preheat temperatures required to prevent HAC ~re 

commensurate with those recommended as standard practice for these 
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materials. Further, there appears to be no decernable difference in the 

behavior between the modified and the unmodified materials as far as the 

susceptibility to HAC is concerned. 

Postweld Heat Treatment Cracking Behavior 

PWHT cracking is defined as intergranular cracking in the weld HAZ or 

weld metal that occurs during heat treatment or high temperature servlce. 60 

This type of cracking is of particular concern for fabricators of Cr-Mo 

steels since no adequate predictor of susceptibility exists. To compound 

the difficulty, heat to heat variations in susceptibility may result in 

cracking of alloys with nominally equivalent compositions to those 

previously successfully welded. 58 ,60,6l 

PWHT cracking involves a synergistic interaction of many 

metallurgical changes coupled with the'high residual tensile stresses in 

the coarse grained HAZ.IB A primary factor is the precipitation of M2C, MC 

and M4C3 type carbides within the matrix resulting in an increase of the 

matrix flow stress relative to the grain boundary flow stress. The 

difference in relative flow stress between the grain matrix and grain 

boundaries prevents plastic deformation from occurring in the grain matrix 

during stress relaxation and gives rise to strain accumulation in the grain 

boundaries. If the strain accumulation exceeds the grain boundary 

ductility, cavitation and subsequent rupture occur. 57 ,59-63 

Grain boundary ductility may be decreased by the segregation of 

residual embrittling elements, particularly phosphorus, during PWHT. 62 ,73-

76 Carbides, nitrides or sulphides located at the grain boundaries may be 

initiation sites for grain boundary cavitation. lS ,78,84,l38,142 The rapid 
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growth of grain boundary carbides may result in the formation of a weak, 

carbide denuded, zone immediately adjacent to the grain boundary in which 

strains may accumulate and thus initiate rupture. 30 ,72 Grain coarsening, 

associated with the high peak temperature regions closest to the weld, 

exacerbates the foregoing effects by limiting the grain boundary area 

available to accommodate slip and for accommodating segregation of residual 

elements. 3 ,19 In general, any mechanism which results in an increase in 

the grain matrix to grain boundary strength ratio or decreases grain 

boundary ductility during PWHT may be contributory to PWHT cracking. 

The 9Cr-lMo, 3Cr-Mo, and 2 1/4Cr-lMo modified alloys are designed to 

have high strength, high hardenability and good resistance to loss in 

strength during tempering or elevated temperature service. In general, 

these attributes have been conferred by the addition of strong carbide 

forming elements, vanadium and/or niobium, which form highly stable MC or 

M4C3 type carbides. (Hardenability has been increased by boron, manganese 

and/or nickel additions in the 3Cr and 2 1/4Cr modified alloys.) However, 

the addition of strong carbide forming elements is known to increase PWHT 

cracking susceptibility and therefore the present work was undertaken to 

assess the susceptibility of the modified Cr-Mo alloys to this type of 

cracking. 

Postweld Heat Treatment Cracking Susceptibility Evaluation of the 

9Cr-lMo-V-Nb Commercial Heats. 

Susceptibility of the NKK 9Cr-IMo-V-Nb, Timken 9Cr-lMo-V-Nb, and 

Sumitomo 9Cr-IMo-V-Nb materials was determined by Gleeble simulation. 

Cylindrical specimens, 1/4in diameter by 4in long (6mm diameter by l02mm 

long), were subjected to a 60KJ/in (2.36KJ/mm) heat input thermal cycle 
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(2in (Slmm) thIck plate, 400°F (205°C) preheat) with a peak temperature of 

24000 F (13lSoC) followed by simultaneous loading to a predetermined stress 

and heating to the PWHT temperature, 13500 F (732°C). Samples were held at 

the PWHT temperatllr~ under load until fracture occurred. While the stress 

is held constant for an individual specimen, a range of stress levels is 

employed during the testing of a material in order to obtain various times 

to fracture. The reduction of area (RA) was determined, and a scanning 

electron microscopy examination of the fracture surfaces was conducted. 

Figure 46 shows the RA as a function of the time to fracture for the 

three commercial heats of the modified 9Cr-lMo-V-Nb material. The RA for. 

the NKK 9Cr-lMo;V-Nb material range between 30 and 37%, for the Timken 

9Cr-lMo-V-Nb material between 3S and 46%, and for the Sumitomo 9Cr-lMo-V-Nb 

between 15 and 31%. In comparison, the RA obtained by Richey25 for the 

experimental 9Cr-lMo-V-Nb heat, ORNL 176, a forerunner to the commercial 

heats, was between 35 and 56% and for the unmodified 9Cr-lMo-0.llC material 

was in excess of 70% under the same test conditions. 

The lower ductility of the V-Nb modified 9Cr-1Mo in relation to the 

unmodified 9Cr-lMo material is the result of differences in carbide 

evolution. Vitek and Klueh32 found that the addition of niobium and 

vanadium to 9Cr-lMo provides a fine dispersion of Nb/Vcarbo-nitrides. 

These fine, dispersed MC type carbides act as nucleating sites for MZ3C6 

resulting in more finely dispersed M23C6 carbides than exist in the 

unmodified 9Cr·1Mo material which does not have the fine precursor 

distribution. 33 Further, the addition of vanadium alters the mobility of 
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Figure 46. 
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Simulation Results, PWHT 1350-F (73Z-C) 

G> 6 Tlmken 9Cr-IMo-Y-Nb 
o Nkk 9Cr-IMo-Y-Nb 
o Sumitomo 9Cr-IMo-Y-Nb 

40 80 120 160 200 240 
Tim. (min) 

9Cr-lMo-V-Nb alloys' Gleeble stress-rupture behavior for 
simulated PWHT at 13500 F (732°C). Reduction of area vs. time 
to rupture produced by testing at different stress levels. 
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chromium, slowing the growth of M23 C6 carbides. 34 The presence of fine, 

dispersed carbides results in increased rupture strength and lower 

ductility compared to the unmodified 9Cr-lMo material. 

The generally lower rupture ductility of the Sumitomo 9Cr modified 

alloy may be the result of the higher phosphorus content compared to the 

NKK and Timken materials. The Sumitomo material has a phosphorus content 

of 0.014% while the NKK and Timken materials have phosphorus contents of 

0.004 and 0.010% respectively. The increase in rupture ductility with 

increasing time to rupture exhibited by the Sumitomo material may be the 

result of carbide evolution (overaging affects). 

Assuming that the Vinckier and Pense 73 ,98 criteria can be extended to 

the PWHT temperature employed for the 9Cr-lMo materials, the NKK 

9Cr-lMo-V-Nb and Timken 9Cr-lMo-V-Nb materials, having rupture ductilities 

in excess of 30%, would not be considered susceptible to PWHT cracking. 

The Sumitomo 9Cr-lMo-V-Nb, which exhibits lower rupture ductilities 

compared to the NKK and Timken materials, has a minimum ductility of 15% 

and may be considered marginally susceptible to PWHT cracking by the 

Vinckier and Pense criteria. 

Fractography of the 9Cr-1Mo-V-Nh Materials. 

Figures 47, 48 and 49 are scanning electron fractographs of NKK 

9Cr-lMo-V-Nb , Timken 9Cr-lMo-V-Nb, and Sumitomo 9Cr-lMo-V-Nb Gleeble 

simulated PWHT specimens. The primary mode of fracture of the 9Cr-lMo-V-Nb 

materials is microvoid coalescence. The Sumitomo alloy, which exhibited 

the lowest ductilities, clearly shows an underlying intergranular character 
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Figure 47. Fractograph of NKK 9Cr-lMo-V-Nh. 34.2 KSI, 12.8 min. to 
fracture, 35 . 3% RIA. SEM 200X. 

Figure 48. Fractograph of Timken 9Cr-lMo-V-Nh. 35.0 KSI, 16.7 min. to 
fracture, 35.3% RIA, SEM 20UX. 
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Figure 49. Fractograph of Sumitolllo 9Cr-1Mo-V-Nb. 22KSI , 20.9 min. to 
fracture, 15.4% RIA, SEM 200X . 
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to the fracture. The extent of microductility in these alloys is 

concomitant with the measured macroductility and indicates that PWHT 

cracking should not be a problem. 

Summary of the 9Cr-IMo-V-Nb PWHT Crackin~ Behavior. 

The addition of vanadium and niobium lowers the rupture ductility of 

9Cr-IMo from over 70% to between 15 and 56% in gleeble simulated PWHT 

testing. The decrease in ductility is a result of the precipitation of 

fine, dispersed V/Nb-carbo-nitrides, the nucleation of M23 C6 on the V/Nb 

precipitates resulting in a fine, dispersed precipitation of M23 C6 , and 

reduction of the rate of growth of the M23C6 precipitates due to the 

lowering of chromium mobility by vanadium. However, both macroscopic and 

microscopic ductility are sufficient to preclude PWHT cracking as a 

significant fabrication problem in these materials. The relatively high 

phosphorus of the Sumitomo heat may be the primary causal factor for the 

lower rupture ductilities observed for this alloy and may indicate a need 

to carefully control residuals in the modified 9Cr-IMo alloys. 

Postweld Heat Treatment Crackin~ Results for the Modified 3Cr-Mo and 

2 l/4Cr-IMo Materials by Gleeble Simulation. 

The PWHT cracking susceptibility of the AMAX (Climax) 

3Cr-l 1/2Mo-O.lV, Berkeley 3Cr-l l/2Mo-l/2Ni, JSW 3Cr-lMo-V-Ti-B, JSW 

2 1/4Cr-IMo-V-Ti-B and MIO to MSO alloys was determined by Gleeble 

simulation in the same manner as that used with the modified 9Cr-IMo 

materials. Two PWHT temperatures were employed, 1250/127SoF (680/6900 C) 

and IISOoF (620°C) for evaluation of cracking susceptibility of the 
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modified 2 1/4Cr and 3Cr materials. The lower temperature was utilized to 

be representative of th'e trend toward lower PWHT temperatures and thus 

higher strength levels. 

Figures 50 and 51 present the RA of the fractured Gleeble specimens 

as a function of time to fracture at the 12500 F (6S00 C) and l1500 F (620°C) 

PWHT temperatures respectively. At l2500 F (680°C) the RA ranges from 0.3 

to 1.4% for AMAX (Climax) 3Cr-l 1/2Mo-0.IV, from 21 to 29% for Berkeley 

3Cr-l 1/2Mo-l/2Ni, from 4 to 14% for JSW 3Cr-lMo-V-Ti-B, and from 2.3 to 

10% for JS\.J 2 1/4Cr-lMo-V-Ti-B. At 11500 F (620°C) the RA ranges from 0.1 

to 1.3% for the AMAX (Climax) 3Cr-l 1/2Mo-0.1V, from 10 to 20% for Berkeley 

3Cr-l 1/2Mo-I/2Ni, from 1.6 to 7.0% for JSW 3Cr-lMo-V-Ti-B, and from 1.S to 

3.9% for JSW 2 1/4Cr-lMo-V-Ti-B. 

Clearly there is a marked decrease in ductility for all four modified 

materials tested at 11500 F (6200 C) compared to 12500 F (6S0oC). The 

decrease in ductility may be due to the increased duration of coherency of 

Mo2C, slower growth and the increased time for the formation of the higher 

order carbides (M 23C6 , M7C3 , M6C) at the lower PWHT temperature. These 

changes reduce plastic flow especially in the grain matrix as opposed to 

the grain boundaries. 

Figures 50 and 51 clearly show a separation in the response of the 

Berkeley 3Cr-1 1/2Mo-I/2Ni and the three vanadium modified alloys. The RA 

of the Berkeley alloy, which has no vanadium addition, is significantly 

higher than the RA of the AMAX (Climax), JSW 3Cr, or JSW 2 1/4Cr alloys. 

This is consistent with the literature which indicates that the addition of 

vanadium to the Cr-Mo alloys is detrimental with respect to PWHT cracking 

susceptibility.lS,66,69,79,93 
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Figure 50. 
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The Berkeley 3Cr-l 1/2Mo-l/2Ni material exhibits relatively high 

ductility at both 11500 F (620°C) and l2500 F (680oC) which probably is the 

result of the high nickel (0~52%) content and the absence of strong carbide 

formers (vanadium, niobium). Increased nickel has been shown to increase 

the rate of dissolution of Fe3C and Mo 2C and speed the precipitation of 

M23C6 , M7C3 and M6C. 10 The rapid formation of carbides at lower 

temperatures and the concomitant very short times of coherency would result 

in the greatest strengthening of the matrix while the overall strength of 

the grain boundaries is high and before significant embrittlement could 

occur in accordance with Tamaki's model. 90 It is to be noted that although 

the Berkeley 3Cr-l 1/2Mo-I/2Ni material has the highest carbon (0.16%) and 

silicon (0.28%) and relative high phosphorus (0.010%), this material 

appears to be Significantly resistant to PWHT cracking. 

The relatively low rupture ductilities exhibited by the JSW 

3Cr-IMo-V-Ti-B and JSW 2 1/4Cr-lMo-V-Ti-B is probably due to the high 

vanadium content (0.28 and 0.26%) of these materials. Both materials have 

particularly low phosphorus (O.007X) and silicon (0.06%) and therefore 

these elements would not significantly affect susceptibility. Although the 

aluminum content of the JSW 2 1/4Cr-IMo-V-Ti-B material (0.016%) is at 

least three times greater than the other modified alloys investigated, the 

similarity in response of the JSW 3Cr-lMo-V-Ti-B would appear to rule out 

aluminum as being significant in regard to the low ductility of the JSW 

2 1/4Cr-IMo-V-Ti-B material. The increase in rupture ductility with 

increasing time to fracture at 12500 F (680°C) for the JSW 3Cr-IMo-V-Ti-B 

------------------------------- .. --~-~ 
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alloy may be the result of carbide coarsening which, in turn, may be 

related to the higher Cr to Mo ratio for this material compared to the 

other modified 2 l/4Cr-lMo and 3Cr-Mo alloys. 

ThE' limited rupture ductility of the AMAX (Climax) 3Cr-l l/2Mo-0.lV 

material (in comparison to the other V-Ti-B modified materials) was not 

anticipated. A nominally similar composit.ion experimental heat of the AMAX 

(Climax) material (P2904), tested previously by Richey2S, exhibited higher 

rupture ductility (from 27 to 36% RA at 12S0oF (680°e) and from 8.5 to 10% 

RA at llSOoF (620°C». It should be noted that the composition of the AMAX 

(Climax) 3Cr-l 1/2Mo-O.IV material is higher in phosphorus (0.012%) and 

silicon (0.26%)·and lower in nickel (0.11%) than the other vanadium 

modified alloys including the experimental AMAX (Climax) heat, P2904. 

(Heat P2904 has phosphorus, silicon and nickel contents of 0.006%, 0.016% 

and 0.21% respectively.) As discussed in the literature review, phosphorus 

can cause grain boundary embrittlement, lower rupture ductility and 

increase susceptibility to PWHT cracking,77,84,109,l12 silicon can enhance 

the formation of Mo2c94 ,99,100 and aid phosphorus segregation,99,l1l and 

increasing nickel appears to accelerate the kinetics of carbide 

formation. lO Thus, the high susceptibility of the AMAX (Climax) 

3Cr-l 1/2Mo-0.lV material may be due to a combination of embrittlement, 

enhanced formation of Mo2C and a slower rate of formation of more stable 

(and less detrimental) carbides such as M23C6 • M7C3 and M6C (due to the 

lower nickel content). Tamaki's77,9l work has shown that the formation and 

persistence of Mo 2C at high temperatures combined with embrittlement due to 

elevated phosphorus levels is extremely detrimental with respect to 

cracking susceptibility. 
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Overall susceptibility of the modified 3Cr-Mo and 2 1/4Cr-lMo alloys 

may be made using the Vinckier and Pense Criteria73 ,98 (page 51). 

According to this criteria, an all?y that exhibits a RA of less than 5% is 

"extremely" susceptible, between 5 and 10% is "highly" susceptible, between 

10 and 15% is "slightly" susceptible, and above 20% is "not" susceptible. 

The AMAX (Climax) 3Cr-l 1/2Mo-0.1V material would be considered "extremely" 

susceptible at both PWHT temperatures. The JSW 2 1/4Cr-lMo-V-Ti-B and JSW 

3Cr-lMo-V-Ti-B materials would both be considered "highly" susceptible at 

_ 12500 F (680oC) and "extremely" susceptible at l1500 F (620°C). The Berkeley 

3Cr-l 1/2Mo-l/2Ni material would be considered "not" susceptible at l2500 F 

(6800 C) and only "slightly" susceptible at 11500 F (620°e). 

An alternative approach used by Spaeder and Plodderl03 is to multiply 

the RA by the stress to cause fracture for a time to fracture of ten 

minutes. This value, called the stress rupture parameter (SRP) indicates 

susceptibility to PWHT cracking when less than 15(XI04). The values of the 

SRP and the stress rupture index (SRI), a normalized value of the SRP with 

the highest SRP being equal to 100, are presented in Table 11. The SRP 

values indicate that only the AMAX (Climax) 3Cr-l 1/2Mo-0.1V at l2500 F 

(680°C) and 11500 F (620oC) and the JSW 2 1/4Cr-IMo-V-Ti-B at l1S00 F (620oC) 

are susceptible to PWHT cracking. However, the SRI shows the great 

difference in the response of the V and V-Ti-B modified alloys compared to 

the Berkeley 3Cr-l 1/2Mo-l/2Ni material with no addition of strong carbide 

forming elements. The Berkeley 3Cr-1 1/2Mo-I/2Ni has a SRI value at least 

four times the SRI value of the modified alloys containing deliberate 

additions of vanadium. 
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Table 11. Stress-rupture parameter and stress rupture index for the 
modified 3Cr and 2 1/4Cr alloys. 

PWHT Temperature Stress 

Material 
Reduction In Area SRP 

96 (xl04) 
of (OC) KSI (MPa) 

AMAX 3Cr-ltMo-O.IV 1250 (680) 42 (289) 1.5 6.4 
(Climax) 1150 (620) 64 (441) 0.8 4.8 

Berkeley 3 Cr-lt Mo-i NI 1250 (680) 36 (248) 31.0 110.0 
1150 (620) 61 (420) 16.0 97.0 

JSW 3 Cr-I Mo-V-TI-B 1250 (680) 44 (303) 5.7 25.0 
1150 (620) 55 ,(379) 3.9 21.0 

JSW 2l Cr-l Mo-V-TI-B 1250 (680) 47 (324) 6.0 28.0 
1150 (620) 49 (338) 3.0 14.0 

SRI 

6 
4 

100 
88 

23 
19 

25 
13 

.... 
U1 
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In order to ascertain that the grain coarsened region of the HAZ 

exhibited the lowest ductility during PWHT samples were subjected to 

several different thermal cycles and simulated PWHT. Further, grain 

refinement of the coarse grained HAZ by overlapping HAZ'sin mUltiple pass 

welds has been proposed as one method of preventing PWHT cracking59 ,8S and 

this also was evaluated. Samples of the AMAX (Climax) 3Cr-1 1/2Mo-O.IV, 

JSW 3Cr-lMo-V-Ti-B, and JSW 2 l/4Cr-lMo-V-Ti-B materials were subjected to 

two consecutive thermal cycles; the first to 24000 F (13lSoC) to produce a 

coarse grained HAZ, the second to l7000F (927°C) to prod.uce a grain refined 

HAZ from the coarse grained material, and then subjected to simulated PWHT 

at 11500 F (620°C). With only a grain coarsening thermal cycle prior to 

PWHT all three materials exhibited severe embrittlement with rupture 

ductilities less than 5%. However, when a grain refining thermal cycle was 

superposed on the material after a grain coarsening cycle, rupture 

ductilities were found to be 12% for the JSW 3Cr-lMo-V-Ti-B and JSW 

2 l/4Cr-lMo-V-Ti-B materials and 15% for the AMAX (Climax) 3Cr-l 1/2Mo-O.IV 

material after PWHT at 11500F (620°C). By the Vinckier and Pense 

criteria,73,9B the grain refining has resulted in change in ranking to 

"slightly" susceptible from the "extreme" susceptibility of the coarse 

grained regions. Therefore, the small bead, half bead technique85 or 

temper beading59 methods, which result in refinement of the coars~ grained 

HAZ, may prove successful in preventing P'{..THT cracking in these alloys. 

The cracking susceptibility of the grain refined region was 

determined for comparison with the results obtained from the multiple pass 

simulation (grain coarsening followed by grain refinement) for the JSW 

2 l/4Cr-lMo-V-Ti-B alloy. This material was thermal cycled to 17000F 

----------------~. ~- .- •... -~ .... -~-. 
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(927 oC) and then PWHT at 11500 F (620°C) with an applied stress of 62ksi 

(430MPa). The RA was found to be 54%, significantly higher than the In RA 

obtained for the multiple thermal cycle sample. 

The stress to cause fracture was higher for the multiple thermal 

cycle specimens, 84ksi (580MPa), than for the grain refined specimens, 

62ksi (430MPa), or the grain coarsened specimen, 52ksi (360MPa). This 

result indicates that load shedding to the grain refined region or fusion 

zone may occur if the coarse grained region is fully refined by subsequent 

passes. However, if some coarse grained material remains in the HAZ after 

the use of welding techniques to refine the coarse grained region of the 

HAZ, strain accumulation may occur in the coarse grained material, due to 

it's lower strength, resulting in an increase in PWHT cracking. 

susceptibility. 

In addition, samples of the modified 2 1/4Cr-lMo and 3Cr-Mo materials 

'were subjected to simulated PWHT in the Gleeble with no prior thermal 

cycle. The JSW 3Cr-lMo-V-Ti-B and Berkeley 3Cr-l 1/2Mo-l/2Ni materials 

were were PWHT at 12500 F (680oC) with applied stresses of 39ksi (270MPa) 

and 37ksi (260MPa) respectively, and a sample of the JSW 2 1/4Cr-IMo-V-Ti-B 

was PWHT at 11500 F (620°C) with an applied stress of 52ksi (360MPa). The 

RA values obtained were 91% for the JSW 3Cr-IMo-V-Ti-B, 86% for the 

Berkeley 3Cr-1 1/2Mo-I/2Ni, and 74% for the JSW 2 1/4Cr-IMo-V-Ti-B. Thus, 

these studies show that the grain coarsening thermal cycle is indeed a 

precursor to the metallurgical events which result in the embrittlement of 

the modified Cr-Mo steels observed at both PWHT temperatures. 
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Post Weld Heat Treatment Crackin& Results for the State-of-the-art 

Commercial Heats of Modified 2 1/4Cr-IMo (MlO-MSO) by Gleeble Simulation 

Five additional heats of 2 1/4Cr-IMo materials were introduced in the 

later part of this program. These heats constitute commercial state-of­

the-art materials and hence it was felt necessary to test these materials 

and compare the results with the data already available from 2 l/4Cr and 

3Cr alloys in the base program. 

The Gleeble simulation test results for MlO-MSO are given in Table 

12. These data are also shown in Figures SO and 51 for comparison with all 

other materials. It can be seen that the MlO-M50 heats exhibited better 

PWHT cracking resistance than all the other 2 1/4Cr and 3Cr materials which 

may show that there has been continuous improvement in the production 

process and chemistry of 2 1/4Cr-lMo class of materials over a short time 

period in order to attain better properties with respect to both strength 

and PWHT cracking susceptibility. 

Among the MlO to M50 materials M30 showed far superior PWHT cracking 

resistance than the remaining of the materials. This heat was calcium 

treated during the production process (residual Ca 0.012%). Ca is known to 

modify the sulphide inclusion morphology and distribution. So it can be 

concluded that the inclusion morphology and distribution also plays an 

important role in the ability of the material to resist PWHT cracking (in 

addition to the changes in behavior attained through modifications by 

changing the composition (addition of Ti, V, B, Nb, Ni), and controlling 

the residual elements (S, P, As, Sb». 

TIle M50 alloy can be ranked next in the series. The only marked 

difference in the composition for this alloy is the presence of 0.014% Cu. 
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Table 12. Results of PWHT cracking tests on state-of-the-art commercial 2 
1/4Cr-1Mo alloys. 

Peak PWHT Stress Time to RA Material Temp. (OF) Temperature (KWI) Rupture % (OF) (Min) 

M10 2400 1150 75.0 23.33 9.5 

2400 1150 70.9 16.33 13.0 

.. 2400 1275 57.8 18.08 5.7 

M20 2400 1150 75.0 33.25 7.3 

2400 "50 70.9 183.25 6.9 

2400 1275 57.8 6.00 7.8 

M30 2400 1150 75.0 65.33 12.2 

2400 1150 70.9 207.20 68.7 
I 2400 1275 57.8 48.75 55.9 

M40 2400 '150 75.0 18.33 3.8 

2400 1150 70.9 60.10 5.5 

2475 1150 75.0 15.90 5.6 

2400 1275 57.8 4.25 2.9 

M50 2400 1150 75.0 170.90 15.6 

2400 1150 70.9 285.25 11.5 

2475 1150 75.0 156.40 8.6 

2400 1275 57.8 21.16 19.8 
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The effect of Cu on PWHT cracking is not very clearly defined in the 

literature. The effect of Cu has been thought to be slightly harmful by 

various investigators18 ,82,88. The effect of high nitrogen (0.0095%) in M20 

is also not very clear. 

The testing conducted at 11500 F and l2750 F which constitutes the 

range of PWHT temperatures commercially used shows similar relative results 

although the PWHT cracking susceptibility is less at l27SoF than 11500 F for 

this series of alloys. 

- Fracto&raphy of the 3Cr-Mo and 2 1I4Cr-lMo Alloys. 

Fractographs of representative Gleeble simulated PWHT cracking 

specimens are sho\Yn in Figures 52 through 59 for the AMAX (Climax) 

3Cr-l 1/2Mo-0.1V, Berkeley 3Cr-l 1/2Mo-l/2Ni, JSW 2 1/4Cr-lMo-V-Ti-B, and 

JSW 3Cr-lMo-V-Ti-B materials. The samples for the fractographic 

examination were thermal cycled and PWHT in an argon atmosphere chamber 

mounted in the Gleeble. The specimens were essentially free of oxidation 

on the fracture face. 

Two modes of fracture are clearly evident in Figures 52 through 59 

and are similar to those described by Hippsley84 as low ductility 

intergranular fracture (LDIGF) and intergranular microvoid coalescence 

(lGt1VC). LDIGF is characterized by intergranular fracture along the prior 

austenite grain boundaries that is smooth and free of any microductility. 

However, IGMVC is characterized by fracture along the prior austenite grain 

boundaries that exhibits extensive microductility. 

The AMAX (Climax) 3Cr-1 1/2Ho-O.IV material (Figures 52 and 53) and 

the JSW 2 1/4Cr-lMo-V-Ti-B material (Figures 56 and 57) exhibit LDIGF at 

both PWHT temperatures, 12500 F (680°C) and 11SOoF (620°C). The low 
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Figure 52 . Fractograph of AMAX (Cl imax) 3Cr-l Ij2Mo - 0 . IV, 12500 F (680°C) 
PWHT. 43 . 4KSI (229MPa), 7.9I1lin . to fracture, 3 . 8% RA, SEM 
500X. 

Figure 53. Fractograph of AMAX (Climax) 3Cr-l I j2t-lo-0 . 1V, 11500 F (620°C) 
PWHT. 65.1KSI (449MPa) , 8.9min. to fracture. l.3% RA , SEM 
500X. 
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Figure 54. Fractograph of Berkeley 3Cr-l 1/2Mo-l/2Ni, 1250 0
f (680°C) PWHT. 

39.3KSI (271MPa), 9.9min. to fracture, 21% RA, SEM 500X. 

Figure 55. Fractograph of Berkeley 3Cr-l 1/ 2Mo-l / 2Ni, 11500 F (620°C) PWHT . 
64.2KSI (442MPa), 2.7 min. to fracture, 11% RA, SEM 500X, 
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Figure 56. Fractograph of JSW 2 1/4Cr-lMo-V-Ti-B, 12500 F (680°C) PWHT. 
5l.9ksi (358MPa), 5.5 min. to fracture, 5.1% RA, SEI1 500X. 

Figure 57. Fractograph of JSW 2 1/4Cr-lMo-V-Ti-R, 11500 F (620°C) PWHT. 
47.2ksi (325MPa), 44.6 min. to fracture, l.8% RA, SEM 500X. 
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A 

B 

Figure 58. Fractographs of JSW 3Cr-1Mo-V-Ti-8, 1250
0

F (680°C) P~IT. 
34.6ksi (239MPa), 16.3 min. to fracture, 7. 7%RA, SEM 500X , a) 
LDIGF r8gion, b) IGMVC region . 
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Figure 59. 

A 

B 

Fr<lctographs of JSW 3Cr-lMo-V-Ti-B, 11500 F (620°C) PWHT . 
64.8ksi (446MPa), 8.6 min. to fracture, 1.8%RA, SEM 200X, a) 
LOIGF region, b) IGMVC region . 
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macroductility, 3.8 and 1 . 3% respectively for the AHA}{ material and 5.1 and 

1.8% respectively for the JSW 2 1/4Cr material, correlates with the lack of 

microductility in the fractographs . 

The Berkeley 3Cr-l 1/2Mo-l/2Ni material (Figures 54 and 55) primarily 

shows the IGMVC mode of fracture at both PWHT temperatures. Figure 55, the 

11500 F (620°C) PWHT specimen fractograph, shows a lesser amount of 

microvoid formation with several grain faces devoid of any microducti1ity . 

This corresponds with a decrease in macroducti1ity, RA, from 21% at 12500 F 

(680°C) to 11% at 11500 F (620oC). 

The JSW 3Cr-1Mo-V-Ti-B material exhibited a dual fracture mode at 

both PWHT temperatures . Figures 58a and 58b show the LDIGF and IGMVC 

regions observed on the sample P~iT at 12500 F (680°C). Comparison of 

Figure 58b and Figure 54, the Berkeley 3Cr-l 1/2Mo-l/2Ni, 12500 F (680°C) 

PWHT specimen, shows that the IGMVC regions of the JSW 3Cr-1Mo-V-Ti-B 

material exhibit less microvoid formation than the Berkeley type. The 

presence of the LDIGF region and the lesser extent of microvoid formation 

correspond to a lower ductility, 7 . 7% RA, compared to the Berkeley alloy, 

20% RA. 

Figures 59a and 59b show the LDIGF and IGMVC regions of the JSW 

3Cr-1Mo-V-Ti-B type PWHT at 11500 F (620°C). (Note, the magnification has 

been reduced in Figure 59 to 200X) The IGMVC region, Figure 59b, contains 

some smooth grain faces, free of any microductility. The increase in the 

amount of LDIGF surface is seen in the reduction of the observed 

macroducti1ity to 1 . 8% RA compared to 7.7% RA for the 12500 F (680°C) PWHT 

JSW 3Cr-1Mo-V-Ti-B specimen. 
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The dual mode of fracture has been observe d by Granjon79 in PWHT 

cracking susceptibility determinations employing the implant testing 

technique . Granjon found that at lower temperatures or higher stresses the 

LDIGF mode predominates on the fracture surface while at higher 

temperatures or lower stresses IGMVC is the mode of fracture. In Gleeble 

testing, where a constant load is maintained, it is possible that the 

fracture may initiate by IGMVC when the stress is lowest and change to 

LDIGF as microvoid formation occurs . The formation of microvoids would 

decrease the load bearing cross sectional area effectively increasing the 

stress, driving the change in fracture mode to LDIGF. 

FigurE' 60 shows a region of LDIGF on the Berkeley 3Cr-l 1/2Mo-I/2Ni, 

ll500F (620°C) PWHT sample. Energy dispersive x-ray analysis (EDAX) for 

the small inclusion , the region immediately adjacent to the inclusion 

(region A in Figure 60b) and the smooth grain boundary well removed from 

the inclusion (region B in Figure 60a) are shown in Figures 6la through 

61c. (Figure 6lc superposes the EDAX spectrum for region B , the lower 

spectrum , and the EDAX spectrum for the inclusion.) The EDAX spectra show 

the presence of aluminum in the inclusion and on the grain boundaries. 

Although the aluminum content on the fracture surface well removed from the 

inclusion (region B, Figure 60a) is greatly reduced , the presence of 

aluminum in the EDAX spectrum can still be discerned in Figure 6lc. The 

literature review indicated that aluminum has been found to increase PWllT 

cracking susceptibility in several studies. 74 ,100-102 The presence of 

aluminum on the LDIGF surfaces in the Berkeley 3Cr-1 1/2Mo - I/2Ni alloy , for 

which the predominant fracture mode is IGMVC, indicates that aluminum 
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Figure 60. Fractographs of Berkeley 3Cr-l lj2Mo-l/2Ni, 11SOoF (620°C) 
PWHT . 64 .2ksi (442MPa), 2.7 min. to fracture, 11% RA, a) SEM 
500X, b) SEM 2000X. 
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Figure 61. 

A 

B 

c 

Energy dispersive X-ray analysis (EDAX) of; a) inclusion, 
b) region A, c) region B vs. inclusion shown in Figure 60 . 
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segregation to the prior austenite grain boundaries or partial dissolution 

of aluminum rich particles during the weld thermal cycle may be a factor in 

the loss of ductility during PWHT. 

Aluminum bearing grain boundary particles were also found in the JSW 

3Cr-lMo-V-Ti-B material (Figure 62a). (Figure 62 is a fractograph of an 

IGMVC region taken from the same sample as shown in Figure 58.) The EDAX 

spectra for the particle and region immediately adjacent to the particle 

are shown in Figures 62b and 62c respectively. The limited ductility of 

the area immediately adjacent to the particle, which also showed aluminum 

in the EDAX spectrum, is evident in Figure 62a. However, unlike the 

Berkeley material shown in Figure 60, the region devoid of significant 

microvoid formation is limited to the area immediately adjacent to the 

particle. To some extent this may be the result of the lower PWHT 

temperature, llSOoF (6200 C), of the Berkeley 3Cr-l l/2Mo-l/2Ni sample as 

opposed to the l2S00F (680°C) PWHT temperature of the JSW 3Cr-lMo-V-Ti-B 

sample as the ductility is greater at the higher temperature microvoid 

formation is enhanced. 

Grain boundary particles in the JSW 3Cr-lMo-V-Ti-B material were 

found to be present in greater number and were most often found. to be 

initiation sites for the formation of microvoids (Figure 63). The EDAX 

spectra for the three typical particle compositions are shown in Figure 64. 

The particles labeled 1 on Figure 63a and 63b consist primarily of 

chromium, manganese and iron (Figure 64a) and are probably carbides. The 

particles labeled 2 and 3 both contain sulphur with type 2 being rich in 

manganese and iron with lesser amounts of titanium and chromium while type 

3 particles are rich in titanium with lesser amounts of manganese, 
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Figure 62 . 

B 

C 
Fractographs of JSW 3Cr-1Mo-V-Ti-B , 12500 F ( 680°C) PWHT . 
34.6ksi (239MPa), 16.3 min. to fracture , 7 . 7% RA, a) SEM 2000X, 
b) EDAX of grA.in boundary particle, c) EDAX of area immediately 
adjacent to the particle. 
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A 

Figure 63 . Fractographs of JSW 3Cr-1Mo-V-Ti-8, 11500 F (620°C) PWHT . 
64.8ksi (446MPa), 8.6 min . to fracture, 1.8% RA, a)SEM 500X, 
b)SEM 1000X. 
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Figure 64. 

A 

B 

c 

F.DAX .1mdysis of grajn boundary pClrticles initiating cavitation 
in JSW 3Cr-1Mo-V-Ti-B (Figure 63), a) type 1, b) type 2, c) 
type 3 . 
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chromium. and iron. (The aluminum bearing particles discussed previously 

were found only rarely.) The nucleation of microvoids on sulphides. 

nitrides and carbides has been observed by several 

researchers.15.76.84,116,140 Hippsley84 has stated that low interfacial 

strength may be the cause of cavitation or microvoid formation about grain 

boundary particles . 

The fractographic study therefore shows that the two fracture modes 

reported in the literature79 •84 ,1l6, LDIGF and IGMVC. are observed in the 

present study and. in agreement with Granjon79 • may in fact be present on a 

single specimen. The presence of aluminum and aluminum bearing particles 

in the prior austenite grain boundaries has been shown to be a possible 

factor contributing to LDIGF. However, in the JSW 3Cr-IMo-V-Ti-B. where an 

abundance of grain boundary particles are present. cavitation initiating on 

the grain boundary particles may have a greater overall effect on rupture 

mode than the presence of a limited number of aluminum rich particles per 

se. 

Optical Scannin~ Electron and Transmission Electron Microscopy of Gleeb1e 

Simulated Postweld Heat Treatment Specimens. 

Figures 65 through 68 are optical and scanning electron micrographs 

of the region near the fracture surface of AMAX (Climax) 3Cr-l l/2Mo-0.lV, 

Berkeley 3Cr-l l/2Mo-l/2Ni, JSW 3Cr-lMo-V-Ti-B, and JSW 2 1/4Cr-1Mo-V-Ti-B 

-
Gleeble simulated PWHT cracking specimens. The specimens employed for 

study were the longest time to fracture (88. 88 . 5, 71. and 100.9 minutes 

respectively), lowest stress. l2500 F (680 0 C) PWHT specimens for each alloy. 

The microstructure, shown by both optical and scanning electron 

microscopy, has changed substantially from the as-cycled (as welded and no 
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Figure 65 . AM.AX (Climax) 3Cr-l t/2Mo-O . IV Gleehle simul"ted P1,·JHT cracking 

specimen , 12500 F ~680oC) PWHT. 25.5ksi (l76MPa), 5% RA, 88 
min. to fracture , a)500X OLM, h) lO,OOOX SEH. 
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A 

8 

Figure 66. Berkeley 3Cr-l 1/2Mo-l/2Ni Gleeble sjmulaterl PWHT cracking 
specimen, l2S0o F (680°C) PWHT. 21 .4ksi (147MPa) 88.5 min. to 
fracture, 26% RA, a) SOOX OLM, b) lO,OOOX SEM. 
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Figure 67. 

A 

B 

JS\.J 3Cr-Ulo-V-Ti-R G1eelJle simulated PWHT cracking specimen, 
12S0o F (G80oC) Pi·nIT. 39.1ksi (269MPa), 14% RA , 71 min. to 
fracture, a) SOOX Ol11, b) 10,OOOX SEM . 
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B 

Figure 68. JSW 2 1/4Cr-1Mo-V-Ti-B Gleeble simulCltecl PWHT cracking 
specimen, 12S0o F (680°C) PWHT. 34.3ksi (23611Pa), 7.1% RA, 101 
min . to fracture, a) SOOX 0111, b) lO , OOOX SEM. 
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PWHT) microstructure shown in the transformation section (Figures 41 and 43 

through 45). The optical microstructures (Figures 65a through 68a) show 

that aftet" PWHT the prior austeni te grain boundaries are more clearly 

delineated and the acicular aspect of the microconstituents are less well 

defined in comparison to the as cycled microstructures . The scanning 

electron micrographs (Figures 65b through 68b) show an almost complete 

break down of the lath type constituents observed in the as cycled 

condition with extensive carbide precipitation along the prior austenite 

grain boundaries. Fine carbide precipitation has occurred within the grain 

matrix with the carbides in the Berkeley 3Cr-1 1/2Mo-l/2Ni material coarser 

than in the AMAX (Climax) 3Cr-l 1/2Mo-0.lV, JSW 3Cr-1Mo-V-Ti-B, or JSW 

2 1/4Cr-1Mo-V-Ti-B alloys. 

The presence of observable carbides in the matrix and extensive 

precipitation along the grain boundaries is concomitant with a loss in 

hardness or strength. The as cycled hardnesses, shown in Figures 35 

through 38, were 370, 412, 400, and 388DPH for the AMAX (Climax) 

3Cr-1 1/2Mo-0.IV, Berkeley 3Cr-1 1/2Mo-1/2Ni, JSW 3Cr-lMo-V-Ti-B, and JSW 

2 1/4Cr-1Mo-V-Ti-B materials respectively . After Gleeb1e simulated PWHT at 

l250 0 F (680 0 C), the hardnesses were 253, 227, 268, and 256DPH for the AMAX 

(Climax), Berkeley, JSW 3Cr, and JSW 2 1/4Cr alloys respectively. The 

Berkeley 3Cl·-l 1/2Mo-l/2Ni material exhibited the greatest change in 

hardness, a 185DPH decrease, and the lowest hardness value, 227DPH, after 

PWHT which is indicative of a greater progression of carbides toward the 

end of the evolutionary chain. 

Figures 69 through 72 show the transmission electron micrographs of 

the carbide extraction replicas of the AMAX (Climax) 3Cr-1 1/2Mo-O.IV, 
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Figure 69. Transmissi.on electron micrographs of AMAX (Climax) 
3Cr-l 1/2Mo-O . IV. thermal cycled and PWHT at l2500 F 
IOU min . a) 3 ,3 00X , b) 36.000X , c) 49 , OOOX. 
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Figure 70. 

B 

Transmission electron microgra phs of Berkeley 
3Cr-l 1/2Mo-l/2Ni, thermol cycled and PWHT at l250 0 F (680°C) 
for 100 min. a) 6,350X, b) 82,OOOX. 
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A 

B 

c 

Figure 71. 

• 

. ... . 

• 
Transmission electron micrographs of JSW )Cr-lMo-V-Ti-B, 
thermal cycled and PWHT at 12SUoF (680 oC) for 100 min. a) 
3,300X, b) 18,SOOX, c) 175,OOOX. 

I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 



I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 

Figure 72. 

B 

c 

Transmission electron micrographs of JSW 2 1/4Cr-lMo-V-Ti-B, 
thermal cycled and PWHT at l250 0 F (680°C) for 100 min. a) 
3,300X, b) 49,OOOX, c) 230,OOOX. 
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Berkeley 3Cr-l 1/2Mo-l/2Ni, JSW 3Cr-lMo-V-Ti-B, and JSW 2 1/4Cr-lMo-V-Ti-B 

from a cooperative effort undertaken at the University of Southern 

California, Los Angeles. 14l Table 13 summarizes the results of the carbide 

identification performed on extraction replicas for specimens thermal 

cycled on the Gleeble and PWHT at l2500 F (6800 C) for 100 minutes (with 

applied stress). Table 13 also shows the approximate width of a carbide 

denuded zone observed adjacent to the prior austenite grain boundaries for 

the AMAX (Climax) 3Cr-l 1/2Mo-0.lV, Berkeley 3Cr-l 1/2Mo-l/2Ni, JSW 

3Cr-lMo-V-Ti-B , and JSW 2 1/4Cr-lMo-V-Ti-B specimens. The width of the 

carbide denuded zone in the Berkeley 3Cr-l 1/2Mo-l/2Ni material was not 

determined . 

The precipitates found within the grain matrix for all four materials 

was primarily M2C with some MC type carbides in the vanadium modified 

alloys . The matrix precipitates in the AMAX (Climax) 3Cr-l 1/2Mo-0.lV, JSW 

3Cr-lMo-V-Ti-B. and JSW 2 1/4Cr - lMo-V-Ti-B materials (Figures 69a. 7la and 

72a) appear to be finer than in the Berkeley 3Cr-l 1/2Mo-l/2Ni material 

(Figure 70a) . It is also apparent that the AMAX (Climax) 3Cr-l 1/2Mo-0 . lV 

alloy had a higher volume fraction of precipitates in comparison to the 

Berkeley 3Cr-l l/2Mo-l/2Ni material. The smaller size and greater amount 

of precipitates in the vanadium modified materials would result in a 

generally higher matrix strength than that of the Berkeley 

3Cr-l 1/2Mo-l/2Ni alloy. The slower growth of the precipitates in the 

vanadium modified alloys also indicates that the duration of the period of 

coherency during PWHT is also probably longer. The combined effect of the 

delayed carbide evolution and the carbide morphology for the vanadium 
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TablE' 13. Cari)ide analysis for the modified 3er and 2 l/L~Cr alloys;' 
Gleeble simulated PWHT at 12500 F (680°C) for 100 minutes. 

Carbide 

M3 C 

M2C 

M7 C3 

M23C6 

M6C 

Denuded 
zone width 

Berkeley 
3 Cr-lt Mo-O.IV 

Nt: 

M 

NF 

B,LB 
(0.3-0.6I'm) 

8 
(0.3-0.6., m) 

NR 

M - Matrix 
8 - boundary 

AMAX 
(Climax) 

3 Cr-l i Mo-O.IV 

NP 

M 

B 

(O.3-0.6IJ m) 

B 
(0.3-0.6IJ m) 

B 
(0.3-0.6",m) 

-O.3j.Lffi 

LB - Lath boundary 

JSW JSW 
3 Cr-1Mo-V-TI-B 2t Cr-lMo-Y-Ti-B 

NF 

M 

B· 

(0.3-0.6IJ m) 

8 
(0.3-0.6I'm) 

NF 

-O.lj.Lffi 

• • predominate speeles 
N P - not Cound 
N R - not reported 

NF 

M 

B 

(0.3-0.6", m) 

B* 
(0.3-0.6IJ m) 

Nil' 

<O.llJffi 
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modified materials is to extend the period of maximum matrix strengthening 

to longer times and higher temperatures which is considered a major factor 

in PWHT cracking susceptibility as discussed by Tamaki. 90 

The TEM micrographs (Figures 69 through 72) show clearly the presence 

of coarse grain boundary carbides in all four alloys (approximately 0.3 to 

0.6~m in size), However, the scanning electron micrographs (Figures 65 

through 68) show that the grain boundary carbides in the Berkeley 

3Cr-1 1/2Mo-l/2Ni material tend to be larger in size than the grain 

boundary carbides in the AMAX (Climax) 3Cr-l 1/2Mo-0.lV, JSW 

3Cr-lMo-V-Ti-B, or JSW 2 1/4Cr-lMo-V-Ti-B materials. The presence of only 

M23C6 and M6C caxbides in the grain boundaries (Table 13) of the Berkeley 

3Cr-1 1/2Mo-l/2Ni material clearly demonstrates the accelerated kinetics of 

carbide prp~ipitation in this alloy with respect to the other vanadium 

modified alloys. In the AMAX (Climax) 3Cr-1 1/2Mo-0.1V material, the 

presence of M7C3 in addition to M23C6 and M6C indicates that carbide 

evolution is somewhat more sluggish in this alloy compared to the Berkeley 

alloy. However, the lack of any M6C in the JSW 3Cr-lMo-V-Ti-B or the JSW 

2 1/4Cr-IMo-V-Ti-B materials, with 0.28% and 0.26% vanadium respectively, 

shows the significant retardation of carbide evolution in these alloys with 

respect to the Berkeley alloy. The effect of vanadium in stabilizing 

carbides 31 and restricting diffusion of chromium in ferrite 34 was discussed 

in the literature review. The retardation of carbide evolution and growth 

with the increased vanadium content is clearly evident from the data in 

Table 13. 

The formation of the grain boundary carbides is accompanied with the 

formation of carbide denuded zones in the AMAX (Climax) 3Cr-l 1/2Mo-0.IV, 
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JSW 3Cr-lMo-V-Ti-B, and JSW 2 1/4Cr-IMo-V-Ti-B materials. (The presence of 

and extent of a carbide denuded zone in the Berkeley 3Cr-1 1/2Mo-l/2Ni 

material has not been defined.) The rapid formation and growth of carbides 

along thi prior austenite grain boundaries depletes the surrounding 

material of carbon and alloying elements and results in the formation of a 

weak region dev.oid of carbides. Several researchers have considered this 

narrow, soft region to be the site of strain accumulation and, ultimately, 

the region in which fracture occurs. 30 ,72 

The denuded zone widths were reported to be approximately 0.3)Lm in 

the AMAX (Climax) 3Cr-1 1/2Mo-0.lV, O.I)J.m in the JSW 3Cr-lMo-V-Ti-B, and 

not as pronounced in the JSW 2 1/4Cr-IMo-V-Ti-B as in the JSW 

3Cr-lMo-V-Ti-B. It has been stated in the literature that as the denuded 

zon~ width increases the zone should be more able to accommodate the strain 

associated with creep induced plastic flow and therefore more resistant to 

cavitation and rupture. S5 ,62,66 However, the Gleeble results for the PWHT 

cracking study show tha~ the AMAX (Climax) 3Cr-1 1/2Mo-0.IV material, with 

the greatest extent of the denuded zone, was more susceptible to cracking 

than the JSW 3Cr-IMo-V-Ti-B or JSW 2 1/4Cr-lMo-V-Ti-B materials. The 

higher phosphorus content (0.012%) in the AMAX (Climax) material than the 

JSW 3Cr or JSW 2 1/4Cr materials (0.007%) may result in embrittlement being 

mOl'e potent in increasing susceptibility than the increase in the denuded 

zone width is in decreasing susceptibility. It is important to remember at 

this point that the effect of the denuded zone is disputed in the 

literature with both Swift66 and Meitzner and Pense 70 arguing that the 

denuded zone is not a factor in PWHT cracking. 
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C-Rin& Test Evaluation of Postweld Heat Treatment Crackin& Susceptibility 

of the 3Cr-Mo and 2 l/4Cr-IMo Alloys. 

No single test for evaluating PWHT cracking susceptibility has been 

universally accepted although a great number of tests l1ave been used and 

the results reported in the literature. 73 ,60,6l,98 An ideal test for 

evaluating PWHT cracking susceptibility should have the following 

characteristics: l04 the specimen should include a notch or defect in a 

microstructure representative of the actual HAZ, the HAZ should be strained 

in a manner similar to that experienced in an actual weld, and the specimen 

should experience stress relaxation analogous to that experienced in actual 

welds since multiaxial stress in welds may produce a lower relaxation rate 

and higher triaxial stress state than is typical of uniaxial bars. To find 

a single test that incorporates all the factors involved in an actual weld 

into a small specimen has been said to be "difficult".73 

The Gleeble test for determining susceptibility is certainly not an 

ideal test. A major objection is that a constant load is normally employed 

rather than a time dependent, decreasing load as is actually experienced 

during PWHT. (A paper was presented at the 1986 American Welding Society 

Annual Convention on a new 'test method for evaluating PWHT cracking. 132 

The method employs the new Gleeble 1500 which is capable of applying a 

preprogrammed load and incorporates feed back control for these parameters 

which makes possible a simulation of the variable stress state present 

during PWHT.) Since Gleeb1e simulation reproduces only a single portion of 

the HAZ the constraint effects of the sUJ:rounding base metal and weld metal 

are not included. 60 ,63 Also, since the specimens normally employed do not 
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include a notch, the test does not simulate actual conditions, in that a 

notch or internal defect invariably is the initiation site for 

cracking. 60, 18 

The C-ring test, normally employed for evaluating susceptibility to 

stress-corrosion cracking, was determined to be a suitable, small s~ale 

test to evaluate PWHT cracking susceptibility. This test incorporates all 

aspects of the ideal test outlined by Baker. 60 It is possible to 

incorporate an actual weld, to introduce a notch into the coarse grained 

HAZ, to load the coarse grained HAZ to any level of stress and, most 

importantly, since the C-ring is an approximately constant strain type 

test, the stress decreases with time at temperature in a manner similar to 

that of an actual weldment. 

Tile procedure employed in making the C-rings was presented in the 

experimental procedure section, however, several points deserve further 

discussion. The walls of the weld groove are made along radial lines from 

the center of the bar in order to obtain an HAZ which is oriented 

perpendicular to the walls of the machined C-ring. Therefore, the plane of 

maximum stress will be aligned through the HAZ and, therefore, crack 

propagation will not be forced to deviate from the plane of maximum stress 

in order to remain in the coarse grained HAZ as is the" case with the y­

groove test. 

The shielded metal arc welds that were performed to fill the groove 

in the bar were made at heat inputs ranging from 55 to 84KJ/in (2.17 to 

3.3IKJ/mm) as shown in Table 14. The high heat input was employed so that 

the microstructures in the HAZ would be similar to that obtained with the 

60KJ/in (2.36 KJ/mm) thermal cycle employed in the Gleeble test and to 
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Table 14. Weld parameters and heat input utilized in C-ring specimen 
preparation. 

Length of Weld lIeat Input 

Material Volts Amps Time 
(min) 

(in) (mm) KJ/m (kJ/mm) 

AMAX 3Cr-ItMo-O.IV 23 150 1.13 271S 73 82 3.2 
(Climax) 23 150 1.30 33/4 9S 12 2.S 

29 145 2.(3 7 1/2 190 82 3.2 
30 165 1.07 33/4 9S 84 3.3 
30 165 0.95 31/2 89 81 3.2 

Uerkeley 3 Cr-I t Mo-t N i 30 120 1.50 4 100 81 3.2 
30 120 1.38 4 100 14 2.9 
30 120 1.45 , 100 18 3.1 

JSW 3Cr-1Mo-V-THl 25 150 2,38 65/S no Bl 3.2 
30 166 0.83 4 114 110 58 2.3 
30 HI5 1.02 4 114 110 71 2.B 
30 165 1.00 4 114 110 70 2.B 
3D 16S 0.88 4 118 105 64 2.11 
30 

JSW 2l CI'-lMo-V-TI-B 25 150 2.12 511/8 140 85 3.3 
30 165 1.12 1\ )30 ill 2.6 
30 165 0.92 4718 125 i6 2.2 
30 165 0.90 47/8 125 55 U 
30 HIS 1.03 43/4 120 15 2.5 
30 16S 1.12 43/4 120 70 2.8 

Lukens 2iCr-IMo-O.IOC 24 160 1.28 43/t no 62 2.4 
2f 160 U2 43/4 120 U 2.5 
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obtain a HAZ with a reasonable width. A wide HAZ is desirable as more 

tolerance exists for placement of the notch in the coarse grained region. 

Although higher energy input welds may reduce cracking 

susceptibility18,64,86,I06,114 the ability to place the notch consistently 

in the coarse grained HAZ is a critical factor in the test. 

Four test conditions were employed for C-ring testing, utilizing two 

PWHT temperatures, IISOoF (620°C) and 12S00 F (6800 C), and three stress 

levels, IOOksi (690MPa), 80ksi (550MPa) and 60ksi (410MPa). The amount of 

deflection to produce the nominal stress was determined using equations 

from ASTM standard G 38. 134 The IOOksi (690MPa) stress was used at both 

PWHT temperatures in order to determine the effect of temperature on 

cracking. All three stress levels were used at the lower PWHT temperature, 

which was associated with greater susceptibility in the Gleeble test, in 

order to examine the effects of stress level and also to try and develop a 

greater degree of accuracy in the ranking of the materials. 

Evaluation of the C-ring test is based on the maximum extent of crack 

propagation through the ring thickness (the maximum depth of the crack). 

This parameter was cllosen as the manually performed, shielded metal arc 

welds do not always produce linearly uniform HAZ's. Therefore, the notch 

does not always lie within the coarse grained HAZ along the entire specimen 

width wi~h the result that cracking was not uniform within the section. 

The maximum depth of the crack can be determined in a number of ways 

depending on how the sample was prepared and PWHT. Some C-rings were cut 

into six sections along the notch (approximately 1/8 inch (3mm) thick), and 

metallographically prepared. The crack length was measured in each of the 

six sections with the maximum crack length used for comparison. The 
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remaining Coring specimens, whether heat treated in air or vacuum, were 

cooled to liquid nitrogen temperatures and fractured. The extent of 

intergranular fracture through the section was determined with a low power 

microscope. The samples PWHT in air were the more easily evaluated than 

those PWHT in vacuum as the intergranular fracture surface was discolored 

due to oxidation as opposed to the bright cleavage fracture surface. The 

fracture surfaces of the samples PWHT in vacuum were examined in the 

scanning electron microscope for fracture characteristics . 

Results of the C-ring Test for the 3Cr-Mo and 2 1/4Cr-lMo Materials. 

The Berkeley 3Cr-l l/2Mo-l/2Ni and Lukens 2 l/4Cr-lMo-O.lOC materials 

did not crack when stressed to lOOksi (690MPa) and PWHT at l1500 F (6200 C) 

or 12500 F (6800 C). Both the Lukens 2 1/4Cr-lMo-O.lOC and Berkeley 

3Cr-1 l/2Mo-l/2Ni were predicted to be "not" susceptible at l2500 F (6800 C) 

and only "slightly" susceptible at 11500 F (6200 C) using the Gleeble 

technique. However all tllree vanadium modified materials, predicted to be 

"highly susceptible" or "extremely" susceptible by the Gleeble test, 

cracked at both PWHT temperatures at all stress levels employed in the C­

ring test. Thus, the Coring test confirms the general ranking of materials 

as either susceptible or not susceptible. 

One sample of the AMAX (Climax) 3Cr-l l/2Mo-O.IV material was tested 

without a notch in the coarse grained HAZ but with the HAZ oriented in the 

same manner. The unnotched specimen was stressed to lOOksi (690MPa) and 

PWHT at 11SOoF (6200 C) for eight hours. No cracking was found in mounted 

and polished cross sections indicating the necessity of imperfections 

(stress concentrators) in initiating PWHT cracking. 
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The results of the C-ring test program appear in Figure 73 and Table 

15. Fig\lre 73 and Table 15 show the average value of the depth of section 

cracked as a percentage of the total section height for each vanadium 

modified alloy at each test condition. Table 15 also includes the maximum 

deviation (range) from the average value. The average ~eviation (ignoring 

the large deviations for the AMAX(Climax) 3Cr-1 1/2Mo-O.IV material PWHT at 

IISOoF (6200 C) and stress to IOOksi (690MPa» is approximately ± 6%. 

A comparison of results at l2500 F (680°C) and 11500 F (620°C) with an 

- applied stress of IOOksi (690MPa)shows a decrease i~ the depth of section 

cracked for all three materials. The decrease in crack depth indicates a 

lower susceptibi li ty to cracki.ng at the higher PWHT. The. Gleeble test 

results also showed a lower susceptibility to cracking at 12S0oF (680°C) 

compared to 11500 F (620°C). Thus the general trend toward lower 

susceptibility with higher PWHT temperatures is confirmed by both the C­

ring and Gleeble simulation tests. 

As would be anticipated, cracking diminished as the applied stress 

was decreased. Since the stress is the driving force for crack 

propagation, as the stress decreases less cracking occurs. An apparent 

exception to this trend occurs with the JSW 3Cr-lMo-V-Ti-B stressed to 

BOksi (550MPa) and 60ksi (4l0MPa). However, with the average deviation in 

cracking being ±6%, the 1% increase in crack depth with a decrease in 

stress from SOksi (550MPa) to 60ksi (410MPa) is not significant. 

As the stress was decreased, at 11S0oF (620°C), the magnitude of the 

difference in crack depth between the alloys decreased. At 60ksi (410MPa), 

considering the average deviation of ±6%, the difference in the response of 

the AMAX (Climax) 3Cr-1 1/2Mo-O.IV, JSW 3Cr-IMo-V-Ti-B, an<;l JSW 
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C-RING TEST RESULTS - PWHT CRACKING 
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Figure 73. PWHT cracking re~ults for the Coring test. 
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Tnble 15. PWHT criH:king results for the C-ring test. 

PWll'r Temperature Stress IJ6 Depth of Section Cracked 

°F (OC) KSI (MPs) AMAX (Climax) 
JSW 3Cr JSW2!Cr 3Cr 

1250 (680) 100 (690) 17 18 37 
(Range +4.~2) (t 3) (t 13) 

1150 (620) 100 (690) 45 24 53 
(+'34,-20) (t 11) (+15.~12) 

1150 . (620) 80 (550) 30 14 27 
(t.1) (t 1) (1 12) 

1150 (620) 60 (410) 8 15 9 
(1 4) (1 6) (14) 

1.0 
W 
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2 1/4Cr-lMo-V-Ti-B alloys observed in Figure 73 and Table 15 has little 

significance. The same reasoning can be applied to the results for the 

AMAX (Climax) and JSW 2 l/4Cr materials tested at 80ksi (5S0MPa) and l1500F 

(620°C) where the difference in the depth of cracking is 3% and to the 

results for the AMAX (Climax) and JS\.J 3Cr materials tested at l2500F 

(680°C) where the difference in the depth of section cracked is only 1%. 

Based on the test results at llSOoF (620°C) and l2500F (680°C) with 

an applied stress of lOOksi (690MPa) the JSW 2 1/4Cr-lMo-V-Ti-B material 

may be ranked as the most susceptible of the three vanadium modified 

materials. Based on the test results at ll500F (620°C) with applied 

stresses of lOOksi (690MPa) and 80ksi (550MPa) the next most susceptible 

material is the AMAX (Climax) 3Cr-l 1/2Mo-O.lV. The least susceptible 

material is the JSW 3Cr-lMo-V-Ti-B alloy. 

The greater susceptibility of the JSW 2 l/4Cr-lMo-V-Ti-B material 

with respect to the JSW 3Cr-lMo-V-Ti-B material may be the result of the 

smaller Cr:Mo and Cr:V ratios.· The relatively higher Cr content of the the 

JSW 3Cr-IMo-V-Ti-B alloy results in the preferential precipitation and 

growth of chromium rich M7C3 in the grain boundaries (which was found to be 

the predominate grain boundary species, Table 13) as opposed to the 

preferential precipitation and growth of molybdenum rich M23C6 in the grain 

boundaries of the JSW 2 1/4Cr-lMo-V-Ti-B alloy. The growth of M7C3 in the 

grain boundaries would leave more molybdenum available in solution and may 

permit a relatively faster growth rate of Mo2C during PWHT resulting in a 

shorter period of Mo2C coherency. 

The lower susceptibility of the JSW 3Cr-lMo-V-Ti-B material with 

respect to the JSW 2 l/4Cr-lMo-V-Ti-B material at both PWHT temperatures 
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and with respect to the AMAX (Climax) 3Cr-l l/2Mo-O.lVmaterial at 11500 F 

(620°C) are the points of agreement between the Coring test and the Gleeble 

simulation test in the ranking of the individual vanadium modified alloys. 

The major discrepancy in ranking of materials for the two tests is in the 

rating of the AMAX (Climax) 3Cr-l l/2Mo-O.lV material. In the Gleeble test 

the AMAX (Climax) material was ranked as the most susceptible material at 

both PWHT temperatures. However, in the Coring test the AMAX (Climax) 

material is less susceptible to cracking than the JSW 2 1/4Cr-1Mo-V-Ti-B 

alloy at both PWHT temperatures and equivalent to the JSW 3Cr-lMo-V-Ti-B 

alloy at 12500F (680°C). 

The improvement in the relative susceptibility of the AMAX (Climax) 

3Cr-l l/2Mo-O.lV material with respect to the JSW 3Cr-1Mo-V-Ti-B and JSW 

2 l/4Cr-lMo-V-Ti-B materials observed in the Coring test may possibly be 

related to a lesser degree of segregation (and embrittlement) during the 

critical period when the residual stress (applied stress in the Coring 

test) is high. Since stress relief and segregation occur simultaneously in 

the Coring test, as the stress decreases the effect of grain boundary 

embritt1ement on cracking susceptibility may be attenuated in comparison to 

the Gleeble simulation test where the stress is artificially maintained at 

high levels for the duration of the test. Additionally, if HippsleY's77 

model of stress induced transport of residual embritt1ing elements is 

considered. the constant stress employed in the Gleeble simulation test may 

result in a Significant increase in the degree of embrittlement compared to 

the Coring test in which the stress decreases with time at temperature. 

The difference in the 12500 F (680°C) and 11500 F (620°C) Coring test 

results for the AMAX (Climax) 3Cr-1 1/2Mo-O.1V alloy appears to 
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substantiate the foregoing argument. 

persistence of coherent Mo 2C inhibits relaxation of stress, the stress 

level is maintained for longer times and the relative embrittlement, as 

shown by the extent of cracking, is high (Figure 73). However, at 12500 F 

(680oC), wllere stress relaxation may occur more rapidly due to the shorter 

coherency times' of Mo 2C, the relative embri ttlement of the AMAX (Climax) 

material is lower. The decrease in the extent of cracking from 12500 F 

(680°C) to 11500 F (620°C) is approximately twice the amount observed for 

the JS\.J 2 1/4Cr-IMo-V-Ti-B material and four times the amount observed for 

the JSW 3Cr-IMo-V-Ti-B material. This greater decrease in the extent of 

cracking in the"AMAX (Climax) material would appear to be related to more 

than just a change in carbide morphology which would be expected to produce 

approximately equivalent decreases in the extent of cracking. Further, the 

Gleeble test results indicate that the AMAX (Climax) 3Cr-1 1/2Mo-O.IV 

material should be substantially more susceptible to cracking at 12500 F 

(680oC) than either the JSW 3Cr-IMo-V-Ti-B or JSW 2 1/4Cr-IMo-V-Ti-B. The 

time dependency of residual stress and embrittlement due to segregation, 

with high stress early in Pt..THT concomitant with limited embrittlement and 

lower stress (due to stress relaxation) later in PWHT concomitant with 

significant embrittlement, appears to be a plausible explanation of the 

AMAX (Climax) 3Cr-1 1/2Mo-O.IV material behavior. 

Metallographic and Fractographic Examination of the 2 1/4Cr-lMo and 3Cr-Mo 

Coring Specimens. 

Figures 74 through 76 show the optical light micrographs of the 

Coring cross sections and scanning electron fractographs of the AMAX 

(Climax) 3Cr-1 1/2Mo-O.IV, JSW 3Cr-IMo-V-Ti-B, and JSW 2 1/4Cr-IMo-V-Ti-B 

I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 



I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 

II 
I 

'I 
I 
II 
I 

Figure 74 . 

B 

AMAX (C]imax ) 3Cr-ll j 2Mo-O.1V C-ri.ng specimen. llSOoF (620°C) 

PWHT, lOUksi ( 690MPa), a) Norell's reagent, lOOX OLM, b) 200X 

SE~1. 
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B 

Figure 75. JSW 3Cr-1Mo-V-Ti-B C-ring specimen . 11500 F (620°C) PWHT. 
100ksi (690MPa) , a) Noren's reagent, 100X OLM , b) 20UX SEM . 
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Figure 76. JSW 2 1/ 4Cr-lMo-V-Ti-B C-ring specimen. 11SOoF (620°C) PWHT , 
lOOksi (690MPa), a) Noren's reagent, lOOX OLH, b) 200X SEM. 
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C-rings stressed to 100ksi (690MPa) and PWHT at l1500 F (620°C). The 

optical light micrographs clearly show the intergranular morphology of 

cracking with the crack propagating along the prior austenite grain 

boundaries in the coarse grained region of the HAZ. The fractographs 

(Figures 74b through 76b) show the characteristic LDIGF along the prior 

austenite grain boundaries for these materials . No evidence of any 

microductility was observed on the grain faces in the fractographic 

examinations. 

Figure 77 is a higher magnification (lOOOX) fractograph of the JSW 

2 1/4Cr-lMo-V-Ti-B C-ring specimen. Figure 77 is representative of the 

smooth fracture surface obtained with all three vanadium modified 

materials. Secondary cracking is exhibited in the lower right portion of 

fractograph. 

Evidence of microductility was observed only at the crack tip or the 

boundary of the intergranular and cleavage fracture regions . Figure 78 is 

typical of that observed under creep conditions. Note that the cavitation 

does not appear to be associated with particles on the grain boundaries . 

Results of the C-rin& Test for the State-of - the-art Commercial Heats of 

Modified 2 l/4Cr-lMo (MIO-M50) Materials 

The C-ring testing of MIO-MSO alloys was also conducted in the same 

manner as that of the Climax and JSW materials. The test results are given 

in Table 16 . From the test results it can be seen that M30 exhibits the 

best resistance to PWHT cracking at both the PWHT temperatures (1150 and 

127SoF). This observation is in accordance with the Gleeble test results. 

M50 is ranked second among the five heats. 
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Figure 77. Higher magnification fractograph of the JSW 2 1/4Cr-lMo-V-Ti-B 
C-ring specimen . 11SOoF (620°C) PWHT, lOOksi (690MPa), l,OOOX 
SEM. 

Figure 78. Grain boundary cavitation at the intergranular-cleavage 
fracture interface in the AMAX (Climax) 3Cr-l 1/2Mo-O.IV C-rjng 
specimen . 11SOoF (620°C) PWHT, lUOksi (690MPa), 5 , OOOX SEM. 
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Table 16 . PWHT cracking results for the C-ring test conducted on the 
state-of-the-art commercial 2 1/4Cr-1Mo alloys. 

Material PWHT Applied Depth 
Temp. (OF) Stress (KSI) Cracked (%) 

Ml0 1150 100 81.8 

1150 100 86.3 

1150 100 89.9 

1275 100 74.21 

M20 1150 100 19.1 

1150 100 54.5 

1150 100 76.9 

1275 100 39.8 

M30 1150 100 Not Cracked 

1150 100 Not Cracked 

1150 100 Not Cracked 

1275 100 Not Cracked 

M40 1150 100 85.9 

1150 100 95.2 

1150 100 93.1 

1275 100 77 .5 

M50 1150 100 76.0 

1150 100 52.2 

1150 100 68.8 

1275 100 59.2 
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The high Ca in the M30 material may be the key to the improved 

behavior (modifies inclusion morphology and distribution). Thus, the 

inclusion morphology may play an important role on the behavior of 2 

1/4Cr-lMo materials with respect to PWHT cracking. All the materials 

exhibited a higher resistance to PWHT cracking at l27S"F than at 11SOoF. 

From these results and the previously described C-ring test data it 

is apparent that the C-ring test i~ viable in the determination of PWHT 

cracking susceptibility and can be used successfully to rank individual 

heats and compare different materials. 

Problems Encountered with the C-ring Test. 

The problems encountered in making and using the C-ring specimens 

were, as indicated previously, primarily the result of the irregular HAZ 

due to the manually performed shielded metal arc welds. Figure 79 shows a 

macrograph of a notched C-ring not employed in testing. Note the uneqllal 

HAZ width and the deviation of the notched HAZ from a perpendicular to the 

ring wall. The arc in this case clearly favored one side wall of the notch 

at this point which resulted in the HAZ distortion. 

Figure 80 shows several notch positions in the HAZ that were 

encountered during testing. The correct placement of the notch, at the 

fusion line, is shown darkened in on the figure. Displacement of the notch 

either into the fusion zone or towards the fine grained HAZ is shown in 

Figure 81 with the displacement being between 0.02 to 0.04 inches (0.5 to 

Imm). If the notch is displaced into the fusion zone either no cracking 

occurs or, if the displacement is small, cracking may initiate at the root 

of the notch, traverse into the coarse grained region and propagate along 

the coarse grained HAZ as shown in Figure 81. If, on the other hand, the 
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Figure 79. Uneqllal. non-linear HAZ's as a result of welding in a C-ring 
specimen . 

Figure 80. Schematic of ideal notch placement and two sites of notch 
misplacement in the C-ring test specimen. 
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Figure 81. Notch displaced illto the fusion zone in a AMAX (Climax) 
3Cr-l l j2Mo-O.1V C-ring specime n . 115UoF (620°C) PWHT, lOOksi 
(690MPa), Noren's reagent , lOOX OLM . 
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notch is displaced from the fusion line towards the fine grained HAZ , any 

cracking which initiates at the root of the notch propagates only a sllort 

distance before being stopped as shown in Figure 82. Several small cracks 

along the fusion zone may also be observed in Figure 82. 

One improvement in the preparation of the C-rings would be to perform 

the welds automatically and thus obtain more uniform HAZ's. If the HAZ is 

linear over the sample width and perpendicular to the ring wall, an 

assessment of susceptibility based on the percentage of total area cracked 

might be employed and the scatter in the data reduced. 

Summary of PWHT Cracking Results for the 3Cr-Mo and 2 1/4Cr-lMo Alloys. 

The vanadium modified alloys; AMAX (Climax) 3Cr-l 1/2Mo-O.l V, JSW 

3Cr-lMo-V-Ti-B, and JSW 2 1/4Cr-IMo-V-Ti-B, have been found to more 

susceptible to PWHT cracking than the Berkeley 3Cr-1 1/2Mo-I/2Ni or the 

unmodified 2 1/4Cr-lMo alloys. The vanadium modified alloys exhibited low 

rupture ductilities at PWHT temperatures of IISOoF (620°C) and 12S0oF 

(680°C) in the Gleeble simulation test and would be considered as either 

"highly" susceptible or "extremely" susceptible to cracking by the Vinckier 

cmd Pense criteria . 73 , 98 In the C-ring test the vanadium modified alloys 

exhibited cracking at both PWHT temperatures and at all stress levels 

employed while the Berkeley 3Cr-l 1/2Mo-l/2Ni and the unmodified Lukens 

2 1/4Cr-IMo-O.lOC materials did not crack at either PWIIT temperature when 

stressed to lOOksi (690MPa), the hi~lest stress utilized. 

Both the Gleeble test and the C-ring test results show that a higher 

PWHT temperature results in a lower susceptibility to cracking. In the 

Gleeble simulation test the RA was greater at the higher P~IT 

temperature,l2S00 F (680oC), than at the 11SOoF (6200 C) PWHT temperature for 
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FigUl-e 82. Notch displaced towards the fine grained HAZ in a JSt.] 
2 1/ 4Cr-lMo -V-Ti-B C-ring speci men . 11500F (G20oC) Pt.JHT, 
lOOks i (690MPa), NOl.-en IS rf'<lgent, lOOX OLM. 
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all materials tested. In the C-ring test the depth of section cracked 

decreased at the higher PWHT in comparison to the lower PWHT temperature 

for the vanadium modified materials. 

The greater susceptibility of the vanadium modified alloys with 

respect to the Berkeley 3Cr-l 1/2Mo-l/2Ni and unmodified 2 1/4Cr-lMo alloys 

is primarily related to the retarded carbide evolution in the alloys with 

vanadium additions. Scanning transmission electron microscopy and scanning 

electron microscopy have shown that the Berkeley 3Cr-l 1/2Mo-l/2Ni alloy 

has large grain boundary carbides of the M23C6 and M6C type after thermal 

cycling to 24000 F (13lSoC) and a PWHT at 11SOoF (620oC) for 100 minutes. 

However, the AMAX (Climax) 3Cr-l 1/2Mo-O.lV, JSW 3Cr-lMo-V-Ti-B, and JSW 

2 1/4Cr-lMo-V-Ti-B specimens all have smaller grain boundary carbides than 

the Berkeley material for the same PWHT conditions with the Climax material 

having M6C, M23C6 , and M7C3 grain boundary carbides and the JSW 3Cr and 

2 1/4Cr alloys having only M23C6 and M7C3 carbides in the grain boundaries. 

The matrix carbides have been identified by Todd140 as (CrMo)2CN in the 

Berkeley and AMAX (Climax) alloys and as Mo 2C containing chromium, 

molybdpnum, and vanadium in the JSW 3Cr and JSW 2 1/4Cr alloys. The delay 

in grain boundary carbide evolution and the lower order matrix carbides m~y 

be related to longer times of coherency and slower growth of M0 2C or 

(CrMo)2CN in the matrix resulting in greater strengthening over longer 

times in comparison with the unmodified materials . As was shown in the 

literature review, the longer the duration of significant matrix 

strengthening the greater the susc£,ptibility of the material to PWHT 

cracking . S6 ,89,90 
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The greater susceptibility of the JSW 2 1/4Cr-lMo-V-Ti-B material in 

comparison with the JSW 3Cr-lMo-V-Ti-B alloy, particularly in the C-ring 

test, may be related to the lower chromium to molybdenum ratio of the JSW 

2 1/4Cr alloy. The predominant grain boundary carbide in the JSW 2 1/4Cr 

alloy was molybdenum rich M23 C6 whereas the predominant grain boundary 

carbide in the JSW 3Cr alloy was chromium rich M7C3 . The preferential 

formation of M23 C6 in the JSt.J 2 1/4Cr alloy may lower the level of 

molybdenum in solution and increase the time of M0 2C coherency as compared 

to the JSt..1 3er alloy. A longer period of coherency and slower growth of 

M0 2C will result in an overall greater susceptibility to cracking . 

The width of the carbide denuded zone may also be a factor in the 

greater susceptil)ility of the JSW 2 1/4Cr-lMo-V-Ti-B alloy in comparison to 

the JSW 3Cl·-lMo-V-Ti-B alloy. Strain accumulation in the soft, denuded 

zone has been cited as one of the factors in PWHT cracking. 30 ,72 The JSW 

2 1/4C r was found to have a smaller denuded zone width than the JSW 3Cr 

alloy wit!l the result that strain accumulation will occur over a smaller 

"width" of boundary and thus, higher local strains will develop . 72 

The AMAX (Climax) 3Cr-1 1/2Mo-O.IV alloy was found to be "extremely" 

susceptible to PWHT cracking in the Gleeble simulation test and cracked in 

the C-ring test. The susceptibility to cracking in this material appears 

to be a synergistic combination of precipitation strengthening of the 

matrix and grain boundary embrittlement due to phosphorus segregation. (We 

have no direct evidence for the phosphorus segregation but the majority of 

the research literature shows that phosphorus is indeed a major contributor 

to PWHT cracking.) The Climax alloy had the highest phosphorus content 

(0.012%) of the vanadium modified alloys tested (0.007%) and twice the 
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phosphorus content of an experimental heat, P2904, (0.006%) of similar 

composition which exhibited significantly higher rupture ductilities. 25 

This material exhibited the most extensive denuded zone and only a moderate 

retardation in precipitate evolution (some M6C was found along the grain 

boundaries) in comparison to the JSW 3Cr-lMo-V-Ti-B and JSW 

2 1/4Cr-lMo-V-Ti-B alloys which would suggest that the Climax material 

should be less susceptible to cracking than the other vanadium modified 

alloys. Thus, the susceptibility of this material is probably due to a 

combined precipitation and segregation effect exacerbated by the relatively 

high phosphorus content. 

Gleeble simulation has also shown that susceptibility to cracking may 

be lowered by refinement of structure in the grain coarsened region through 

the overlapping effect of the HAZ's of subsequent passes in a multiple pass 

weld. Thermal cycling samples to 17000 F (927 0 C) after a grain coarsening 

thermal cycle increased the rupture ductility to above 12% from less than 

5% for the vanadium modified alloys . Thus, the small bead, half bead 

technique 85 or temper beading59 methods may prove to be successful in 

preventing PWHT cracking. However, due to the higher elevated temperature 

rupture strengt.h of both the mul tiple thermal cycled and the grain refined 

region (experiencing only a single thermal cycle to l7000 F), complete 

refinement of all coarse grained HAZ regions must be accomplished in order 

to prevent strain accwnulation in any lower strength coarse grained 

material left unrefined. 

From the study of the MlO-M50 materials it is clear that residual Ca 

has a beneficial effect on the PWHT cracking susceptibility apparently to a 

greater extent than any other single element or combination of minor 
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elements. Thus Ca treatment may be considered for as a regular part of the 

processing of the Cr-Mo materials (Ca treat.ment also has shown to have a 

significant effect on the properties of HSLA steels through modification of 

inclusion morphology and distribution) . Cu also appears to be beneficial 

in materials and its effects needs to be fully documented. 

Soft Zone Evaluation 

Hardness Traverses 

The hardness profiles in the HAZ of the normalized and tempered 

modified 9Cr-IMo-V-Nb steel for single pass and five pass autogenous welds 

are shown in Figure 83 and 84 respectively. It appears that a soft region 

e x ists near the HAZ in a temperature regime heated to just below the ACl' 

3-3.5 mm from the fusion line. The hardness of the soft region is 25 to 30 

DPH lower than that of the base metal. It also appears that PWHT at 13500 F 

(7300 C) for 1 hour and 10 hours almost completely eliminates this soft 

region . The minimum hardness in the soft zone appears to be 20 DPH lower 

in case of the five pass weld when compared to the single pass weld. 

Similar weld and hardness tests as those described above were 

conducted on the NKK material in the normalized condition so as to 

exaggerate the extent and magnitude of the soft region. Hardness traverses 

on the single pass and five pass specimens are shown in Figure 85 and 

Figure 86 respectively. 

The hardness profile of the modified 9Cr-lMo-V-Nb steel in the 

normalized condition exhibits a pronounced saw tooth effect in the weld 

metal and transformation zone area (high temperature part of HAZ) 

reflecting the varying amounts of tempering at each location produced by 

the welding process. The hardness of the soft zone of the five pass weld 
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Figure 83. Hardness distributions in transverse sections of single pass 
autogenous welds in NKK 9Cr-iMo in the normalized and tempered 
condition. 
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Figure 84. Hardness distrihutions in transverse sections of five pass 
autogenous welds in NKK 9Cr-lMo in the normalized and tempered 
condi tiori.. 
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Figure 85 . Hardness distributions in transverse sections of single pass 
autogenous welds in NKK 9Cr-lMo in the normalized condition. 
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Figure 86. Hardness distributions in transverse sections of five pass 
autogenous welds in NKK 9Cr-1Mo in the normalized condition. 
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in the as welded condition drops sharply to a low value of 250 DPH followed 

by a gradual hardness increase to the base metal hardness of over 420 DPH. 

The hardness of the soft region measures approximately 170 DPH and 200 DPH 

below that of the base metal in the single pass and five pass welds 

respectively . The location of the soft region appears to be closer to the 

fusion line in the case of the five pass weld when compared to the single 

pass weld. The location of the lowest hardness was in a region heated just 

below the AC I (as in the case of the normalized and tempered samples). 

PWHT at 13500 F (7300 C) -lhour completely eliminated the soft zone in case 

of the single pass weld. However, for the five pass weld the soft zone 

disappeared only after a PWHT at 13500 F (7300 C) for 10 hours. Figures 87 

and 88 show hardness profiles in the HAZ of the angle cut specimens removed 

from five pass autogenous welds in the normalized and tempered and 

normalized base materials respectively. Figures 87 and 88 can be compared 

to Figures 84 and 86 respectively. The hardness data from the angle cut 

specimens also confirms the existence of the soft zone in the region of the 

HAZ that is heated to a temperature just below the ACI. The general trend 

in hardness data and the magnitudes of hardnesses are similar to those 

noted in the normal cut specimens. 

Metallo&raphic Examination of Soft Zone 

Base material in the normalized and tempered condition: 

SEM micrographs of five pass autogenous welds deposited with base 

material in the normalized and tempered condition at a magnification of 

SOOOX are shown in Figures 89b-f. Figure 8ge locates the soft zone and in 
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Figure 87. 
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Hardness distributions in angle cut section of five pass 
autogenous welds in NKK 9Cr-lMo in the normalized and tempered 
condition. 
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Figure 88. Hardness distributions in angle cut sections of five pass 
autogenous welds in NKK 9Cr-1Mo in the normalized condition. 
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(a) SEM microgrAph of 9Cr-lMo-V-Nb autogenous weld, five passes , 
as-welded , 12X. 

(b) Location 1 , Weld Metal, SOOOX. 

Figure 89 . As-welded SEM micrographs of normalized and tempered 9Cr-lMo-V­
Nb NKK steel weldment at various locations along t.he ha rdness 
profile marked in ( a) . 

I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 



I 
I 217 

I 
I 
I 
I 
I 
I 
I (c) Location 2, Coarse grained region, SOOOX. 
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I (d) Location 3, Refine grained region, SO()OX. 
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Figure 89. -Continued 

I 



218 

(e) Location 4, Base Metal near HAZ, SOOOX. 

(f) Location 5. Base Metal , 5000X. 

Fil.'lll"f> 89 . -\'ontinl.1f>o 
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comparison with the other regions examined in the HAZ. The soft region 

appears to have undergone a significantly greater extent of carbide 

precipitation and precipitate coarsening. This results in low hardness. 

In the PWHT condition (1350oF (7300 C) - 10 hours) SEM micrographs at 

similar locations in the five pass weld are shown in Figure 90. The SEM 

micrographs (Figure 90) show that a significant amount of precipitation has 

occurred in all regions of the HAZ thus resulting in an overall lower 

hardness. 

Base material in the normalized condition 

A set of micrographs similar to the ones for the base material in the 

normalized and tempered condition appears in Figures 91 and 92. In the as 

welded condition, the SEM micrographs in Figure 9le reveals that the soft 

zone is where significant precipitation of carbides has occurred . In the 

PWHT condition, extensive precipitation occurs in all regions of the HAZ, 

thus resulting in an uniformly low hardness . 

Transmission Electron Microscopy 

Carbide extraction replicas were prepared from the angle cut 

specimens and the carbides extracted from the soft region were examined 

using the scanning transmission electron microscope (STEM) at 

magnifications up to 50,OOOX. 

Figure 93 shows micrographs of the soft region in as welded NKK 9Cr­

lHo in the normalized condition. In Figure 93b, carbides 1, 2 and 3 were 

analyzed to be of the M23C6 type, whereas carbides labelled 4 is probably 

of the MC (Nb-V, C) type. Figure 94 shows micrographs of a similar region 

in a sample that was PWHT at 13500F (730°C) for I hour. All the carbides, 

labelled 5, 6, 7 and 8, were analyzed to be the H23C6 type. It appears 
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(a) SEM Mi c ro gl-aph of 9(: r - Ulo-V-Nb autogenous Held, fjve passes, 
PWHT 13500F(7300)-10 hOLlrs. 12X. 

(b) Location 1, Weld Metal, 5000X, 

Figure 90, PWHT SEM microgr3phs of norm31ized and tempered 9Cr-1Mo-V-Nb 
NKK steel weldment at v3rioLls locations along the hardness 
profile marked in (a), 
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(c) Location 2, Coarse grained region, SOOOX. 

Cd) Location 3, Refine grained region, SOOOX. 

Figure 90. -Continued 
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(e) Location 4, Base Metal near HAZ , SOOOX . 
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( f) Location 5, Base Metal, SOOOX. 

Figure 90. - Continued I 
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(a) SEM micrograph of 9Cr-1Mo-V - Nb autogenous we l.d, five passes, 
as-we lded, 18X . 

(b) Location 1 , Weld Metal , 5000X. 

Figure 91 . As-wel,ded SEM micrographs of normalized 9Cr - 1Mo -V-Nh NKK steel 
weldment at various locatiolls along the llardness marke d in (a) . 

223 



224 

(c) Location 2, Coarse grained region . 5000X . 

(d) Location 3, Refine grained region , 5000X. 

Figure 91. -Continued 
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(e) Location 4 , Base Metal near HAZ, 5000X . 

(f) Location 5 , Base Metal , 5000X. 

Figure 91 . -Continued 
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(a) SEM micrograph of 9Cr-1Mo- V-Nb autogenous we ld , fi v e passes , 
PWHT 13S0oF(730oC)-lO hours, normaliz e d condition, 20X . 

(b) Location 1, Weld Metal, SOOOX . 

Figure 92 . PWHT SEM micrographs of normalized 9Cr-1Mo-V-Nb NKK steel 
weldment at v arious locations along the hardness profile marked 
in (a) . 
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(c) Location 2, Coarse grained region, SOOOX. 

(d) Location 3 , Refine grained region, SOOOX . 

Figure 92. -Continued 
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(e) Location 4, Base Met1'l1 near HAZ, 5000X. 

(f) Location 5 , Base Metal, 5000X . 

Figure 92. -Continued 
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that PWHT for 1 hour causes some coarsening as well as an increase in 

precipitation. Further , the type of precipitate appears to change from the 

coherent MCtype to dle incoherent M23C6 type, thus resulting in softening. 

Figure·95 shows STEM micrographs from the extraction replicas of soft 

regions in PWHT angle cut specimens of the NKK 9Cr welded in the normalized 

and tempered condition. Precipitates labelled 9 - 12, were identified to 

be of the M23 C6 type, as in the case of the normalized plate . 

STEM examinations therefore reveal that the carbides present in the 

soft region of the NKK 9Cr-1Mo-V-Nb steel in the as welded condition 

consists of MC and M23C6 types and in the PWHT condition consist of the 

M23 C6 type . 
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CONCLUSIONS 

nle purpose of this study was to determine the transformation 

characteristics, susceptibility to-post weld heat treatment cracking 

hydrogen assisted cracking sensitivity and soft zone characteristics of 

alloys representative of the new generation of modified 9Cr-lMo, 3Cr-Mo and 

2 1/4Cr- Uio alloys. The conclusions derived from this study may be 

summarized as follows: 

I. Transformation Chal:.olcteristics. 

A. Transformation characteristics of the 9Cr-1Mo-V-Nb commercial 

commercial heats. 

1. The rapid heating rat~s associated with the welding thermal 

cycle resulted in the ACl and AC3 temperatures being higher 

than those re~orted in the literature for a similar composition 

material by 94 to l24Fo (50 to 65Co ) and 89 to 109Fo (35 to 

45Co ) respectively. 

2. The Ms temperatures range from 710 to 755 0 F (375 to 4000 F) and 

are in agreement with those obtained under CCT conditions. 

3. The minor variations in chemical composition of the three 

commercial heats had no observable effect on the Ms or Mf 

temperatures. 

4. The Ms and Mf temperatures were independent of cooling rate 

over the range of simulated weld thermal cycles employed. 

5. The primary microstructural constituents were martensite and 

autotempered martensite. 
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6. The Timken 9Cr-lMo-V-Nb material, with a chromium equivalent of 

'13.4, contained delta ferrite in the simulated coarse grained 

HAZ as anticipated. 

B. Transformation characteristics of the modified 3Cr-Mo Bnd 

2 l/4Cr-1Mo alloys. 

1. The rapid heating rates associated with the welding thermal 

cycle resulted in the ACl _nd AC3 temperatures being higher 

than those reported in the literature for AMAX (Climax) 

3Cr-l 1/2Mo-O.IV, Berkeley 3Cr-l l/2Mo-l/2Ni, JSW 

3Cr-lMo-V-Ti-B, JSW 2 l/4Cr-lMo-V-Ti-B by 22 to 45Fo (12 to 

25Co ) and 18 to 54Fo (10 to 28Co ) respectively. 

2. No discernible separate Mf or BS temperature could be detected 

for any of the materials. 

3. The Ms temperatures obtained under simulated welding conditions 

were approximately 45Fo (25Co) lower than those determined 

under standard CCT conditions. 

4. The JSW 2 l/4Cr-lMo-V-Ti-B material exhibited the highest on­

cooling transformation temperatures of the modified alloys due 

to the lower carbon content (0.12%) and overall lower alloying 

element content. 

S. The Berkeley 3Cr-l 1/2Mo-l/2Ni material ex.hibited the lowest.:;, 

transformation temperatures of the modified materials due to 

the higher carbon content (0.16%) and nickel content (0.51%). 

6. The microstructures obtained under simulated welding conditions 

depend on the energy input (cooling rate). With low energy 

inputs (fast cooling rates), .the microstructures consisted of 
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martensite and auto tempered martensite. With intermediate 

energy inputs, the microstructures consisted of autotempered 

martensite and lower bainite. With the highest energy input 

(slowest cooling rate) employed, lS0KJ/in (5.9 KJ/mm), the 

microstructure consisted'of lower bainite and granular bainite. 

II. Hydrogen assisted cracking susceptibility. 

A. Hydrogen assisted cracking susceptibility in 3Cr materials. 

1. At relatively low levels of diffusible hydrogen (3.71 m1/100g) 

HAC can be avoided using a preheat temperattcre of 275°F 

(l3SoC). 

2. Susceptibility to HAC is extremely sensitive to the diffusible 

hydrogen content of welds deposited. A preheat of 4500 F 

(232°C) is required to prevent cracking when the diffusible 

hydrogen level is increased to 5.07 ml/lOOg. 

3. There is no decernable difference in behavior between the 

modified and unmodified 3Cr steels used for this study using Y­

groove technique. 

B. Hydrogen assisted cracking·susceptibi1ity in 2 1/4Cr-lMo materials. 

1. At relatively low levels of diffusible hydrogen (2.38 ml/lOOg) 

a preheat of lS00 F (6SoC) is required to avoid HAC. 

2. At higher levels of diffusible hydrogen (8.04 ml/lOOg) the 

preheat temperature required to avoid HAC is increased to 375°F 

(191°C). 

3. There is no difference in HAC susceptibility between modified 

and unmodified 2 1/4Cr alloys. 
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III. Postwe1d heat treatment cracking susceptibility. 

A. Gleeble simulation evaluation of the 9Cr-IMo-V-Nb commercial heats. 

1. The 9Cr-IMo-V-Nb alloys exhibit lower rupture ductilities (RA 

15 to 56%) than unmodified 9Cr-lMo (70% minimum RA). The lower 

rupture ductility of the modified materials is most likely the 

result of precipitation of fine V/Nb carbo-nitrides, nucleation 

of M23C6 on the V/Nb carbo-nitrides in a fine dispersed form, 

and a reduction in the the rate of growth of M23C6 due to a 

lowering of chromium mobility by vanadium. 

2. The primary mode of fracture was microvoid coalescence. 

3. The higher phosphorus content of the Sumitomo alloy (0.014%) 

may be the primary factor in the lower relative rupture 

ductility (RA 15 to 31%) of this material. 

4. Macroscopic and microscopic ductility of the 9Cr-IMo-V-Nb 

alloys is sufficient to preclude PWHT cracking as a problem in 

fabrication. 

B. Gleeble simulation evaluation of the modified 3Cr-Mo and 

2 1/4Cr-lMo alloys. 

l. The Berkeley 3Cr-l 1/2Mo-l/2Ni alloy with no vanadium addition 

exhibited significantly higher rupture ductility at both PWHT 

temperatures than the vanadium modified alloys; AMAX (Climax) 

3Cr-l 1/2Mo-0.IV, JSW 3Cr-lMo-V-Ti-B, and JSW 

2 1/4Cr-IMo-V-Ti-B. 

2. By the Vinckier and Pense criteria73 ,98 the Berkeley 

3Cr-l 1/2Mo-l/2Ni alloy would be considered "not" 'susceptible 

to cracking when PWlIT at l2500 F (6800 C) and "slightly" 
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susceptible at 1l50oF (620°C), the JSW 3Cr-lMo-V-Ti-B and JSW 

2 l/4Cr-lMo-V-Ti-B alloys would be considered "highly" 

susceptible to cracking at l2500F (680°C) and "extremely" 

susceptible at ll50oF, and the AMAX (Climax) 3Cr-1 1/2Mo-O.lV 

alloy would be considered "extremely" susceptible to cracking 

at both PWHT temperatures. 

3. Rupture ductility was lower for all materials PWHT at ll500F 

(6200C) than when PWHT at l2500 F (6800C). At the lower PWHT 

temperature longer duration of coherency and slower growth of 

M0 2C or (CrMo)2CN in the matrix would result in increased 

susceptibility to cracking. 
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4. Rupture ductility for the base material subjected to simulated 

PWHT was in excess of 70% RA and for the simulated fine grained 

HAZ was in excess of 54% and thus shows that the grain 

coarsening thermal cycle is the precursor to metallurgical 

events which result in embrittlement. 

5. The primary fracture mode for the Berkeley 3Cr-l l/2Mo-l/2Ni 

alloy was IGMVC, for the JSW 3Cr-lMo-V-Ti-B' was mixed IGMVC and 

LDIGF with microvoids initiating on grain boundary particles, 

and for the AMAX (Climax) 3Cr-l 1/2Mo-0.IV and JSW 

2 l/4Cr-lMo-V-Ti-B was LDIGF. 

6. The scanning electron microscopy examination of samples PWHT at 

l2S00F (680°C) for 70 to 100 minutes revealed almost complete 

break down of .the lath type morphology and extensive carbide 

formation at the grain boundaries. The grain boundary carbides 
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in the Berkeley 3Cr-1 l/2Mo-l/2Ni material were coarser than 

the grain boundary carbides in the other modified materials, 

7. The scanning transmission electron microscopy of carbide 

extraction replicas showed that the precipitation of grain 

boundary carbides was retarded in the vanadium modified 

materials in comparison to the Berkeley 3Cr-1 1/2Mo-I/2Ni 

alloy. Grain boundary carbides in the Berkeley alloy were 

M23 C6 and M6C, in the AMAX (Climax) 3Cr-l 1/2Mo-O.lV were M7C3 , 

M23C6 • and M6C and in the JSW 3Cr-1Mo-V-Ti-B and JSW 

2 1/4Cr-lMo-V-Ti-B were M23C6 and M7C3 , The predominant grain 

boundary carbide in the JSW 3Cr was chromium rich M7C3 and in 

the JSW 2 l/4Cr was molybdenum rich M23C6 . Precipitation of 

the grain boundary cal-bides was accompanied with the formation 

of denuded zones in the AMAX (Climax), JSW 3Cr and JSW 2 1/4Cr 

alloys beil~g O,3)J.m , O.l}lm and less than O.ljJ-m in width 

respectively. 

8. The scanning transmission electron microscopy of carbide 

extraction replicas identified the matrix carbides in the 

Berkeley 3Cr-l 1/2Mo-l/2Ni and AMAX (Climax) 3Cr-l 1/2Mo-O.lV 

alloys as {CrMo)2CN and in the JSW 2 1/4Cr-lMo-V-Ti-B and JSW 

3Cr-lMo-V-Ti-B alloys as Mo 2C containing molybdenum, chromium 

and vanadium. 

9. The retarded evolution of the grain boundary carbides is 

probably accompanied by a concomitant slow growth of Mo2C or 

(CrMo)2CN in the grain matrix. Slower growth of Mo2C or 

(CrMo)2CN in the matrix will be associated with longer times of 
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coherency an~ matrix strengthening resulting in greater 

susceptibility to PWBT cracking. The transmission microscopy 

examination showed a g:reater volume fraction of matrix 

precipitates in the vanadium modified alloys and the scanning 

electron microscopy examination showed the carbides to be 

~oarser in the Berkeley alloy thus supporting the hypothesis of 

slower development of the matrix carbides in the vanadium 

modified alloys. 

10. The formation of chromium rich M23C6 as_the predominant grain 

boundary carbide may be the result of the higher chromium to 

molybdenum ratio of the JSW 3Cr-1Mo-V-Ti-B alloy in comparison 

to the other vanadium modified alloys. Due to the preferential 

formation of chromium rich M7C3 , more molybdenum may remain in 

soluti6n promoting the growth and loss of coherency of Mo 2C in 

the matrix. This may be the cause of the increasing ductility 

with time to fracture observed in the l2500 F (680°C) PWHT 

results. 

11. The low rupture ductility of the AMAX (Climax) 3Cr-l 1/2Mo-0.lV 

material may be the result of embrittlement due to higher 

phosphorus content (0.012%) compared to the other modified 

materials (0.006 to O.OO7X) combined with precipitation 

strengthening. Further, the relatively high silicon content 

(0.26%) may enhance the formation of Mo 2C, lowering molybdenum 

in solution and promoting phosphorus segregation. 

12. The presence of aluminum and aluminum bearing particles was 

found to be associated with regions of LDIGF it} the Berkeley 
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material and limited microductility in the JSW 3Cr material. 

Thus, aluminum may playa minor role in increasing cracking 

susceptibility. 

13. Superposition of a grain refining thermal cycle on a grain 

coarsening thermal cycle improves rupture ductility of the 

vanadiwn modified materials from less than 5% to more than 12% 

and therefore suggests that welding techniques which result in 

refinement of the coarse grained HAZ may prevent PWHT cracking 

in susceptible materials. 

14. The state-of-the-art commercial heats (MlO-M50) of modified 2 

1/4Cr-lMo-V-Ti-B appear superior to those used in studying the 

base program. 

15. Calcium treatment during the production process of 2 1/4Cr-1Mo 
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class of materials improves PWHT cracking resistance. This may II 
be due to the modification of inclusion morphology and 

distribution. 

16. Effect of minor addition of Cu to 2 1/4Cr-lMo class of 

materials may be beneficial in PWHT cracking resistance. 

C. C-ring evaluation of the modified 3Cr-Mo and 2 l/4Cr-lMo alloys. 

1. The Berkeley 3Cr-l 1/2Mo-l/2Ni and ulmodified Lukens 

2 l/4Cr-lMo-O.lOC materials did not crack in the C-ring test 

while the AMAX (Climax) 3Cr-l 1/2Mo-O.lV, JSW 3Cr-lMo-V-Ti-B, 

and JSW 2 l/4Cr-lMo-V-Ti-B cracked at both l2500 F (680oC) and 
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llSOoF (620oC) and at all stress levels employed. Thus, the C- I 
ring test confirms the general ranking of materials as either 
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susceptible or not susceptible to cracking determined from 

Gleeble simulation .. 

2. The depth of section cracked decreased in the vanadium modified 

alloys at the higher PWHT temperature, l2S00F (680°C), 

indicating decreasing susceptibility with increasing PWHT 

temperature. This agrees with the results for the two PWHT 

temperatures obtained in Gleeble simulation testing. 

3. An unnotched C-ring of the AMAX (Climax) 3Cr-l 1/2Mo-O.lV 

material did not crack when PWHT at 11SOoF ~6200C) and stressed 

to lOOksi (690MPa) indicating the necessity of stress 

concentrators in initiating PWHT cracking. 

4. The depth of section cracked for the vanadium modified alloys 

decreased as the stress was decreased. 

5. Ranking of the vanadium modified alloys was determined to be 

JSW 3Cr-lMo-V-Ti-B (least susceptible), AMAX (Climax) 

3Cr-l l/2Mo-O.lV, and JSW 2 l/4Cr-lMo-V-Ti-B (most 

susceptible). 

6. The greater susceptibility of the JSW 2 1/4Cr-lMo-V-Ti-B alloy 

in comparison to the JSW 3Cr-lMo-V-Ti-B alloy may be the result 

of the lower chromium to molybdenum ratio. 

7. The C-ring test results for the AMAX (Climax) 3Cr-! l/2Mo-O.lV 

alloy indicates that effect of embrittlement due to phosphorus 

segregation, which occurs simultaneously with decreasing stress 

due to stress relief, may be attenuated in comparison to the 

Gleeble simulation test performed with constant load. 
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8. Fracture morphology for the wmadium modified alloys was 

intergranular along the prior austenite grain boundaries with 

the fracture surface showing characteristic LDIGF. 

9. Coring tests conducted on the M10-M50 state-of-the-art modified 

2 1/4Cr-IMo alloy show superior resistance for heat M30. The 

Ca in this heat modifies the inclusion morphology and thus the 

resistance to PWlIT cracking. 

10. The Coring test incorporates all the factors for an ideal test 

to evaluate PWHT cracking and appears to be a simple, valid 

test for determining susceptibility to cracking based on the 

substantial agreement with results obtained from Gleeble 

simulation. 

IV. Soft zone evaluation 

1. The soft region is immediately outside observable HAZ (beloH 

ACl) of 9Cr-IMo-V-Nb steel weldments. 

2. In the normalized and tempered 9Cr-IMo-V-Nb steel weldment, the 

soft region is 25-30 DPH lower than the base metal. 

3. In the normalized condition, the hardness of the soft zone is 

170-200 DPH below that of the base metal in both single pass 

and five pass welds. 

4. The microstructures at the point of lowest hardness adjacent to 

the boundary between the transformation zone and the tempered 

zone shows evidence of tempering characterized by precipitation 

of carbides along the grain and subgrain boundaries. 
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5. The carbides present in the soft zone of the weldment were 

identified as M23C6 and MC types in the as welded condition and 

M23 C6 type in the PWHT condition. 
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