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EVALUATION OF ADVANCED AUSTENITIC ALLOYS RELATIVE TO ALLOY DESIGN
CRITERIA FOR STEAM SERVICE - PART 2 - 20 to 30% CHROMIUM ALLOYS

R. W. Swindeman and P. J. Maziasz

ABSTRACT

The results are summarized for a task within a six-year activity to evaluate
advanced austenitic alloys for heat recovery systems. Commercial, near-
commercial, and developmental alloys were evaluated relative to criteria for
metallurgical stability, fabricability, weldability, mechanical properties, and
corrosion in fireside and steamside environments. Alloys that were given
special attention in the study were 800HT®, NF709®, HR3C®, and a group of
20/25% chromium-30% nickel-iron alloys identified as HT-UPS (high-
temperature, ultrafine-precipitation strengthened) alloys. Excellent metallurgical
stability and creep strength were observed in the NF709 and HR3C steels that
contained niobium and nitrogen. One group of HT-UPS alloys was
strengthened by solution treating to temperatures above 1150 °C and subsequent
cold or warm working. Test data to beyond 35,000 h were collected. The
ability to clad some of the alloys for improved fireside corrosion resistance was
demonstrated. Weldability of the alloys was a concern. Hot cracking and heat-
affected-zone (HAZ) liquation cracking were potential problems in the HR3C
stainless steel and HT-UPS alloys, and the use of dissimilar metal filler wire
was required. By the reduction of phosphorous content and selection of either a
nickel-base filler metal or alloy 556 filler metal, weldments were produced with
minimum HAZ cracking. The major issues related to the development of the
advanced alloys were identified and methods to resolve the issues suggested.

1. INTRODUCTION

An assessment by Rittenhouse et al. (1985) of the materials needs related to the
development of advanced steam cycle coal-fired power plants identified several materials
selection issues that could be addressed by research supported by the U.S. Department of
Energy Advanced Research and Technology Development (AR&TD) Fossil Energy Materials
Program. One issue was the choice of an alloy for the superheater/reheater where high-
strength, corrosion-resistant tubing is required. The alloy design and evaluation methods for
this application were then specified by Swindeman et al. (1986) in ORNL-6274, and a

*Research sponsored by the U.S. Department of Energy, Office of Fossil Energy,
Advanced Research and Technology Development Materials Program [DOE/FE
AA 1510 10 0, Work Breakdown Structure Element ORNL-2(B)] under contract
No. DE-AC05-840R21400 with Martin Marietta Energy Systems, Inc.



six-year activity was started to examine the potential of commercial, near-commercial, and
developmental alloys. The alloys were separated into four categories: lean stainless steels
containing less than 20% chromium; high-chromium, high-nickel, iron-based alloys containing
20 to 30% chromium and 20 to 30% nickel; nickel-based alloys for cladding; and aluminum-
bearing alloys. Because of their strength potential and relatively low cost, emphasis was
initially placed on the performance of lean stainless steels, and Part 1 of this report sum-
marized the status of that research (Swindeman et al. 1990). Several university and industrial
subcontractors were involved in the work, and their results on the higher chromium alloys
have reached a stage where the information may be folded into the data produced at the Oak
Ridge National Laboratory (ORNL) to form a fairly comprehensive picture of the strengths
and weaknesses of this group of alloys. Specifically, Topolski (1991) has finished work on
the fabrication technology; Ferro et al. (1990) have completed studies of the high-temperature,
ultrafine-precipitation strengthened (HT-UPS) alloys in regard to optimization of thermal-
mechanical processing; Lundin et al. (1989) have assessed weldability; and Blough and Van
Weele (1991) have completed the first round of fireside corrosion studies.

The information provided in this report addresses the evaluation of the 20/25%
Cr-20/30% nickel-iron alloys relative to the alloy design criteria specified in ORNL-6274
(Swindeman et al. 1986). The criteria were divided into five categories: metallurgical
stability, fabrication and joining, mechanical properties, fireside corrosion, and steamside
corrosion. There exists an overlap between these categories, but an attempt is made in the
information that follows to retain the framework identified in the alloy design criteria report.
Some of the criteria required to assure satisfactory performance of the lean stainless steels were

not needed for the higher chromium alloys and were eliminated from consideration here.
2. MATERIALS

Several 20 to 30% chromium austenitic alloys are viable candidates for superheater/
reheater tubing in an advanced steam cycle. The development and performance of these alloys
for the advanced steam cycle applications have been reviewed recently by Viswanathan (1989),
so a relatively complete and current evaluation is available in the literature.

Compositions to be discussed in this report are listed in Table 1. Included in the first
group of alloys are those that are used on a commercial basis in the United States and identified
in Sect. 1 of Sect. II of the American Society of Mechanical Engineers (ASME) Boiler and
Pressure Vessel (BPV) Code. These alloys include type 310 stainless steel, alloy 800HT®,
and 253MA® stainless steel. All of these alloys are relatively weak and are not considered



Table 1. Composition of 20/25% chromium alloys

Alloy C Si Mn Ni Cr Ti Nb v Mo P B S N Al Other
- 253MA 0.080 1.70 0.60 11.1 21.1 .04 max 03max  0.170 0.04 Ce

800H 0.080 0.24 0.90 32.1 20.1 0.42 .04 max 0.43

800HT 0.080 1max 1.5max 32.1 21.1 0.6%* .04 max .015 max 0.6*

310SS  0.08¢ 0.60 1.60 20.1 25.1 :

NF709  0.150 0.50 1.00 25.1 20.1 0.20 1.50 0.005 0.050

HR3C  0.060 0.40 1.20 20.1 25.1 0.45 0.200

m800 0.080 0.40 0.80 34.1 22.1 0.40 1.25

HR-120 0.050 0.60 0.70 37.1 25.1 0.10 0.70 2.50 0.004 0.200 0.10 2.5W

AX1 0.087 0.20 1.99 30.1 20.1 0.27 021 0.52 198 0.074 0.005 0.012 0.030

AXD 0.090 0.23 1.96 30.1 20.1 036 024 053 196 0.045 0.011 0.009 0.028

AX3 0.092 0.22 2.00 31.1 21.1 036 024 052 200 0.031 0.010 0.010 0.029

AX4 0.091 0.22 1.97 30.1 25.1 036 0.24 053 197 0.072 0.011 0.009 0.030

CET2 0.095 0.24 1.93 3.1 211 029 0.20 047 1.99 0.003 0.007 0.013 0.010 0.02

BWT7  0.100 0.19 2.00 30.1 20.1 028 022 059 1.89 0.020 0.006 0.006 0.007 0.01

*Combined Ti + Nb must be 1.2% or greater.



adequate to meet the specified design criteria for superheater tubing steam at 650°C, 35 MPa.
A second group of alloys in Table 1 covers near-commercial alloys and includes Nippon Steel
NF709® stainless steel (Takahashi et al. 1989) and Sumitomo HR3C® stainless steel
(Yoshikawa et al. 1989). These alloys are considered to be the prime candidates for advanced
steam cycle superheater tubing. The third group of alloys is comprised of new materials that
are in the research stage. Alloys include Hitachi-modified 800H (Dot et al. 1988), alloy
HR-120® (Haynes Alloys 1989), and variations within an alloy family identified as HT-UTS
steels by Maziasz (1989), which are modifications of alloy 800H. Alloy HR-120 is very new
and will not be evaluated in this report.

The chemistries of the alloys listed in Table 1 should be regarded as typical and do not
provide the range specified for the specific alloy designation. The fabrication procedures,
heat treatments, and important processing variables are provided in the appropriate sections
included below and in the appendices.

3. METALLURGICAL STABILITY

The alloy design criteria in ORNL-6274 specified that stability would be assured by the
suppression of intermetallic and other embrittling phases through the addition of elements that
promote austenitic stabilization. Means of accomplishing this objective have been reviewed by
Maziasz (1987 and 1989) and will not be discussed here in any detail. Addressing the specific
alloy design criterion listed in ORNL-6274, the findings below are pertinent:

I-A, The all ill fall withi stenite fi f the iron-nickel- migin

iagram PET; in th :

To meet this criterion for a temperature of 650°C, the alloys need to have equivalent
chromium and nickel levels that place them near the v field of the iron-nickel-chromium phase
diagram provided in Fig. 1. In their reviews, Harries (1982) and Marshall (1984) plotted the

iron-nickel-chromiuin ternary phase diagram for several temperatures. They used the
following formulae for the nickel and chromium equivalents:

Nigg(A) =Ni+Co+0.5Mn+30C+03Cu+25N (1)
and

Creg(A) =Cr+2Si+1.5Mo+5V +55Al+1.75Nb +

1.5Ti+0.75W , 2
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Fig. 1. Location of several alloys in the iron-nickel-chromium ternary phase
diagram at 650°C.



where the weight percent of each of the indicated elements is used in the formulae. Data
provided in Table 1 were used in combination with the equations above to determine the
locations of several alloys within the ternary diagram shown in Fig. 1. Virually all alloys fell
into the austenite plus sigma field that occurs at 650°C. However, the use of Egs. (1) and (2)
10 locate alloys in the ternary diagram did not take into consideration the fact that carbide and
nitride precipitates deplete the matrix of elements that stabilize austenite (such as carbon and
nitrogen) or promote sigma phase (such as molybdenum and niobium). The HR3C alloy falls
well within the alpha plus sigma field, and some sigma phase has been found by

Yoshikawa et al. (1989). However, the sigma phase was sparsely distributed and was not
detrimental to the alloy performance. All of the developmental alloys listed in Table 1 were
judged to be sufficiently close to the austenite field at 650°C to meet criterion I-A.

mposition on the high-nickel ivalent si

Several empirical equations have been developed that use the terms "nickel equivalent”
and "chromium equivalent." Equations (1) and (2) were provided in connection with the
ternary phase diagram. Similar terms are used in connection with fabricability, weldability,
and long-term metallurgical stability, and these terms were reviewed by Ellis et al. (1988) and
Domian and LeBeau (1989) in connection with their assessment of the fabricability of the lean
stainless steels. In specifying criterion I-B, the equations used for Nigg(B) and Crey(B) were
based on the DelLong (1974) equations written as

Nigg(B) = Ni + 0.5 Mn + 30(C+N) 3)
and
Creg(B)=Cr+Mo+1.581+0.5Nb.. “4)

On the basis of these two equations, only type 310 stainless steel and 253MA were balanced
on the high Creq(B) side. Domian and LeBeau found the HT-UPS alloys to be balanced

toward austenite.

I-C. Local chemical changes associated with the depletion of austenite-stabilizing elements
will not produce excessive sigma and Laves.

The phases present in several of the alloys have been identified and reported in the
literature. Some information has been provided in Table 2. First, minor compositional



Table 2. Intermetallic phases observed in 20/25% chromium alloys

Alloy Phases Reference

800H Gamma prime Villagrana et al. 1978
Tavassoli and Colombe 1978
Maziasz 1989

310 SS Sigma Menard 1952

NF709 None

HR3C Sigma Sawaragi et al. 1986

m800 None Doi et al. 1986

AX2/AX3 Laves - Maziasz 1989

AX4 None

differences, thermal-mechanical condition, and time-temperature-stress conditions influence
the kinetics and location of sigma, Laves, and gamma prime phase formation. Not all
intermetallic phases are present at the same time, nor do they occur in the same location within
the microstructure or produce the same embrittlement. Large amounts of sigma and Laves are
undesirable. Massive sigma phase has been observed in type 310 stainless steel

(Menard 1952), but the amount diminishes as silicon content is reduced (Payson and

Savage 1947). Small amounts of blocky sigma phase were observed in HR3C stainless steel
as mentioned earlier. Little is known about intermetallic phases in NF709 and 253MA.

Alloy 800HT formed gamma prime (Villagrana et al. 1978 and Tavassoli and Colombe
1978), but no sigma and Laves phases have been reported. The Hitachi-modified 800H was
free from intermetallics (Dot et al. 1986). The HT-UPS alloys that have been examined
revealed small amounts of both sigma phase, Laves phase, and phosphides (Maziasz 1989).

The amount of precipitation as a function of time has yet to be modeled for the high-
strength alloys containing nitrogen and niobium. Qualitatively, information available suggests
that the weight percent of intermetallic phases will vary with small differences in chemical
composition and thermal-mechanical treatment, but evidence suggests that the small amount of
intermetallic phases produced at temperatures in the range of 600 to 760°C will not produce
embrittlement problems.



I-D. The allgy‘ s will be strengthened by solid §glup_'gn elements and by the development of
carbides and carbonitrides.

Attempts have been made to correlate solid solution strengthening of austenitic
iron-based alloys with composition. Examples of correlations of composition with short-time
properties may be seen in the work of Pickering (1979) and Irvine et al. (1969). The
correlation of ultimate tensile strength (UTS) with chemistry has been given by Irvine et al.
(1969) as

UTS = 15429 +35C+55N+2.4Si+0.11 Ni + 1.2 Mo + 5Nb + 3 Ti
+1.2Al+0.82t172), )

where UTS is in MPa, the elements are in weight percent, and t is twin spacing in
millimeters. In addition to carbon and nitrogen, the "advanced" alloys listed in Table 1
contain important solution hardening elements such as molybdenum, niobium, and titanium.
Vanadium is not included in Eq. (7) but should increase strength as well. Nitrogen was
specifically added to HR3C to increase the yield and tensile strengths and a significant amount
remained in solution after long-time exposure (Sawaragi et al. 1988 and Yoshikawa

et al. 1989). Several levels of nitrogen were investigated in regard to NF709, and higher
yields and ultimate strengths corresponded to higher nitrogen levels (Takahashi et al. 1989).
The nitrogen addition to HR3C, NF709, and 253MA stainless steels raised the yield and
uliimate strengths quite nicely, and minimum strengths for annealed tubing were well in excess
of 300 MPa for all three alloys.

It was expected that some of the candidate alloys without nitrogen additions would be
amenable to thermal-mechanical treatments to optimize their short-time strength beyond that
expected from the solid solution hardening. By cold or warm working, for example, the
yield strengths of the MC-forming alloys could be raised to levels where advantage could be
taken of their extraordinary creep-rupture strength at temperatures where the minimum yield or
tensile strength would ordinarily limit the allowable design stress intensity. Cold or warm
work was required to raise the yield strength of alloy 800HT and the HT-UPS alloys, and an
example of the influence of annealing temperature and cold work is shown in Fig. 2. The
stress versus strain curves are shown from tensile tests at room temperature for alloy S800H
and the four AX series alloys. Yield strengths for specimens annealed at 1200°C were well
below 300 MPa, but the AX series alloys with more solution strengthening additions were
clearly stronger than alloy 800H. A mill-annealed condition, which involved 10% reduction of
thickness after the 1200°C anneal, increased the yield strength to values above 400 MPa.
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~ Fig. 2. Comparison of the room-temperature stress versus strain curves of the AX
series, HT-UPS alloys. Anneals include 1115 and 1200°C and MA (mill anneal) that involved
1200°C plus 10% cold roll of plate.

Creep strength was developed in the alloys by means of the precipitation of second
phases. All of the alloys developed carbide precipitates during exposure at temperatures in the
range of interest to advanced steam cycle applications (550 to 750°C). Some alloys developed
nitrides and carbonitrides. The types of carbides that have been observed are provided in
Table 3. The high-temperature creep strength was largely controlled by the size, spacing, and
stability of these precipitates, both within the grains (matrix strengthening) and in the grain
boundaries (grain boundary strengthening). Precipitates typically included two types of
carbides (M3 Cs and MC), a nitride (NbCrN), a phosphide (MP) phase designed into some of
the HT-UTS alloys by Maziasz (1988), and gamma prime, which precipitated in alloy 800H
(Villagrana et al. 1978). The precipitation, dissolution, and changes of the elemental
compositions of these precipitates are very complex phenomena, and it is well beyond the
scope of this report to provide a comprehensive picture for the alloys. The criterion that the
alloys be strengthened by precipitates was originally intended to allow this mechanism to be
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Table 3. Carbide, nitride, and phosphide phases observed
in 20/25% chromium alloys

Alloy Phases References
80CH MnCs, MC, MN, Villagrana et al. 1978
M(CN), MP Tavassoli and Colombe 1978
Maziasz 1989
310 SS MxCs Menard 1952
Payson and Savage 1947
NF709 MpCe, M(CN) Takahashi et al. 1689
HR3C MpnCs, M(CN) Sawaragi et al. 1986
m800 MpCs, MC Doi et al. 1986
AX2/AX3 My Ce, MC, MP Maziasz 1989
AX4 MpuCg, MP Maziasz 1989

designed into the alloys, rather than excluded. The thermal-mechanical treatments that
optimize the strength and ductility, however, were expected to vary significantly from one
alloy to the next.

In all alloys, the M3 Cg precipitate quickly foried en grain boundaries at the temperaturcs
of interest to the advanced steam cycle and formed within the matrix at a rate that depended on
a number of complicating factors. The Ma3Cs carbide was reporicd o be the sirengihening
phase in HR3C, NF709, and 8G0HT and formed in only a few hours at temperaiures above
650°C. The MC carbide developed early but was replaced in the TIR3C and NI70% alloys by
My Ce.

In alloy 800H, the MC carbide was present in small quantities and its appearance was not
influenced by cold working in the range of 5 to 10% (Villagrana et al. 1978). In contrast, the
HT-UPS alloys developed MC precipitates quickly, and cold work accelerated and improved
the distribution as it provided nucleation sites energically favorable for ths formation (Maziasz
1988). A typical transmission clectron micrograph (TEM) is shown in Fig. 3, which reveals
the general character of the precipitates in the AX?2 alloy after long-time creep exposure at
700°C.
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YE-134492

Fig. 3. TEM of the microstructure developed in AX?2 after 12,500 h at 700°C and
170 MPa. Fine MC particles appear in dislocation tangles and a few large MC are present in
the TEM.
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In the course of research on the HT-UPS alloys, a wide varicty of thermal-mechanical
treatments was examined by Ferro et al. (1990). They found that solution treating in the
temperature range of 1150 to 1200°C, followed by 2 to 5% cold work and aging at tempera-
tures in the range of 800 to 850°C, produced the best combination yield and creep strengths.
However, some of the HT-UPS alloys showed greater response to thermal-mechanical
treatment than others. The AX series alloys, for example, were sirengthened o a greaier
degree than the CET2 alloy. Ferro et al. (1990) traced some of the differences to grain size
effects, with coarse grain size being better for iproved creep resistance.

None of the alloys required aging treatments to develop strength prior to creep testing,
and evidence collected to date suggests that Criterion I-D can be met for the near-cominercial

and developmental alloys.

1 minimum

Ostwald ripening is a phenomenon in which the precipitate particles become fewer in
number and larger in size as a result of long-time exposure at temperatures where diffusion is
significant. Alloys that depend on precipitate strengthening to meet short-time strength
requirements could lose strength as a result of Ostwald ripening. Alloys that depend on
precipitates for long-time strength could degrade in service.

The purpose of Criterion I-E was to assure that coarsening of precipitates would not
result in a significant softening of an alloy whose strergih depended on pre- or in-service age
hardening. Aging of austenitic stainless steels has been a subject of research for decades, and
much is known about type 310 stainless steel and alloy 800H. Aging of NF709 stainless steel
was completed for several thousand hours at 700°C by Takahashi et al. (1989), and aging of
HR3C stainless steel at temperatures from 600 o 800°C was examined by Yoshikawa et al.
(1988). Asarule, the room-temperature yield and ultimate strengths of these solution-treated
alloys increased with time due to carbide or nitride precipitation. Some loss in tensile ductility
was noted, but this was generally attributed to the formation of grain-boundary carbides rather
than age softening due to Osiwald ripening of precipitates.

Microstructural effects on aging of Hitachi-modified 800H at 700°C were examined by
Doi et al. (1986). They found the precipitate structure to develop quickly and stabilize for at
least 3,000 h.
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Aging response of alloy 800H was examined by Villagrana et al. (1978) and Tavassoli
and Colombe (1978). They found an increase in strength that depended on the alloy composi-
tion and an overaging effect. Some heats of 800H exhibited overaging behavior in regard to
hardness.

A systematic study of the aging characteristics of the HT-UPS alloys has yet to be
undertaken. One alloy, cold-rolled AX3, was tested after aging 10,000 h at 700°C. It was
found that the room-temperature yield strength remained the same while the ultimate strength
increased slightly. The short-time creep strength was also degraded by the aging. Typical
creep curves for tests at 700°C are shown in Fig. 4.

Insufficient evidence exists to assure that Criterion I-E can be met for all alloys.
However, the long-time data available for the HR3C and NF709 stainless steels are good
indicators that these alloys will perform satisfactorily.
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I-F. The alloys will have a tolerance for at least 15% cold work introduced during boiler
fabrication.

Cold-worked alloys have been avoided in high-temperature applications by much of the
BPV industry. Small levels of cold work in alloy 800H were known to produce low ductility
creep-rupture failures (Smith 1978 ), while high levels of cold work could promote
recrystallization during service. However, the MC- and MN-forming alloys benefit greatly
from cold work, since the dislocations produced by cold or warm work promote and stabilize
the formation of fine carbide and nitride dispersions. These dispessions led to a fine M3 Cs
dispersion in NF709 and HR3C stainless sieel.

Ferro and coworkers (1990) made an cffort to establish the optimum theral-mechanical
treatment for the HT-UPS alloys. They examined cold work in the range of 1 to 5% and noted
improvemeit in relaxation strength at temperatures in the range of 650 to 760°C. Inno
instances did they observe a loss in strength of cold-worked and aged materials (relative to
anncaled material) that would indicate recrystallization under relaxation conditions.

Cold work did not appear 1o be deleterious to creep-rupture strengih of the HT-UPS
alloys. For example, all the AX alloys had greater rupture lives in the 10% cold-rolled
coendition than after annealing at 1200°C. Compariscns are made in Fig. 5. Cold relling
lowered the crecp sirain at which tertiary creep started, however, and this aspect required
consideration and further evaluation by long-time testing.

All evidence suggests that the near-comimeicial and developimental alloys should tolerate
cold work at levels to 10%. Insufficient data are available io confirm compliance io the

tolerance for 15% cold work specified in Critevion I-I.

4. FABRICATION AND JOINING

The general criterion that governed the falxrication and joining requirements for the
advanced steam cycle alloys was that producticn methods be typical of good fabrication
practices in the boiler tubing industry. The commercial and near-comumnercial alloys listed in
Table 1 have been produced as tubing, and some alloys (c.g., HR3C and NF709 stainless
steels) have had years of boiler exposure at conditions almost as severe as what might be
expected in the advanced steam cycle under consideration here. Less is known about the
HT-UTS alloys; hence, they will receive most of the attention in this section.
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[I-A. The alloys will be capable of meeting American Society for Testing and Materials

(ASTM) A 213 for the production of seamless jubing.

The literature review undertaken by Domian and LeBeau (1989) to cvaluate the behavior
of the HT-UPS alloys regarding melting practice, workability, and phase stability identified
several possible tube-making routes, all of which required hot working of cast and wrought
structures in the temperature range of 1000 to 1200°C, followed by cold working. The hot
workability was assessed on the basis of the ratio of a nickel equivalent to a chromium
equivalent that was proposed by Myllykesi (1983). These equivalencies are different than
those previcusly given but involve several of the same alloying elements

Nigg(C) =Ni +0.31 Mn +22 C+ 14.2 N + Cu (8)

and
Crog(C)=Cr+137Mo +1.58i+2Nb+3Ti, 9)

where all elements are in weight percent. The optimum workability of the cast structure is
achicved with the ratio Croq(C)/Nig(C) around 1.5. Lower values of the ratio represent
potential cracking problems due to impurity element embritilernent on austenite grain
boundaries, while higher values of the ratio poriend cracking problems at austenite/ferrite
interfaces. Domian and LeBeau (1989) reached several conclusions regarding the workability
of the HT-UPS alloys. They found them to be fully austenitic and prone to hot cracking in
both working and welding processes. They suggested that the melting practice be selected o
produce a low residual element content (Pb, As, Bi, S, Sb, and Su). They suggested that
rare earthis be added to improve resistance to hot cracking.

The heats of HT-U'TS alloys were manufactured by various fabrication routes. The first
group of alloys (AX1 through AX4) was produced by the AMAX Company. The alloys were
argon-induction melted, poured as 20-kg ingots, and homogenized at 1250 *C. The surfaces
of the ingois were machined, and rolling was performed at 1100°C (with 10% reduction of
thicknicss per pass) and 1200°C annealing between passes. The final rollings were cold with
approximately 10% reduction in thickness to produce final thicknesses of 13 mm. High yields
were obtained with nearly all of the cropped and machined ingot being usable. Photo-
micrographs of the mill-annealed AX alloy microstructures are provided in Fig. 6 for alloys
AX1 through AX4. There was no evidence of cold werk in ihe photomicrographs, and

virtually the same microstructures were observed in the specimens reannealed at 1200°C.
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Fig. 6. Photomicrographs of the microstructures of mill anneal AX alloys: (a) AX1,
(b) AX2, (c) AX3, and (d) AXA4.
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CET2 was tubing produced by a meliing and forming practice that inveolved centrifugal
casting and cold pilgering. This process most closely conformed to commercial boiler tube
manufacturing practices and was performed by Combustion Engineering. The production
sequence invelved argon-induction meliing and centrifugally casting a tube hollow 130 mm in
diameter, 29 mm in wall thickness, and 3 m in length. The tube hollow was then homo-
genized at 1175°C for 1 h, water quenched, machined 10 120-mam OD by 19-mm thickness,
and cold pilgered in a two-pass operation with an intermediate anneal at 1175°C. The final
anneal was at 1125°C. The tubing was rotary straightened and ulirasonically inspected.
Approximately 5 m of sound tubing was produced with dimensions of 63-mm diam. and

6.9-mm thickness. A problem was encountered in regard to the centrifugal casting of the
titanium-bearing alloy. This involved the oxidation of titanium on the inside diameter of the
casting, which produced oxide islands. Machining of the inside diameter of the tubing
removed much of the oxide, but in order to meet the target tubing dimension with the available
tooling, it was necessary to leave regions that included significant oxide islands. These were
carried through the subsequent fabrication processes and caused the rejection of at least 50% of
the tubing on the basis of defects penetrating more than 10% of the wall thickness. The
microstructure is shown in Fig. 7(a) .

The production of the BWTT7 alloy listed in Table 1 was described in detail by LeBeau
(1990) and Topolski (1991). The alloy was vacuuin-induction melted and electroslag remelied
at Tedyne Allvac to produce a 1270-kg, 330-mm-diam ingot. Approximately one-haif of the
ingot was forged to a 150-mm-diam billet, surface conditioned, drilled, and extruded by
AMAX Corporation using standard practices. Several tubes were produced, each4 min
length, 63-mm diam, and 13-mm wall thickness. Additional tubing was cold finished to
produce 50-mm tubing with 7.5-oam wall.

The microstructure of the extruded BWT7 tubing is provided in Fig.7(d).

Assuming that meltiﬁg practices would be selected that avoided excessive oxidation of

titanium, it appears that all alloys can meet Criterion II-A.

The advanced alloys listed in Table 1 contain MC-forming elements and are typically
solution treated at 1100°C or higher. Genersally speaking, the Nb-bearing alloys should be
solution treated above 1150°C, with temperature increasing with niobiwum content (Keown and
Pickering 1972). The "mill-anncaled” condition assures that the alloy has been solution
treated and is not so heavily cold worked that it would fail to meet ductility and corrosion
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Fig. 7. Photomicrographs of HT-UPS tubing: (a) CET2 and
(b) BWT.
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requirements. In actual fact, warm work and modest amounts of cold work are often
introduced as part of the surface finishing and straightening processes. It is this unspecified
work, introduced at the mill, which makes it difficult to correlate composition with chemistry
as might be expected when using the correlation of Irvine et al. (1969) given in Eq. (7).
Because of the importance of warm or cold work to the character of the MC and MN
precipitation, small variations in the fabrication history may produce large differences in the
subsequent creep-rupture strength.

The NF709 and HR3C alloys do not require cold working to promote higher design
allowables than conventional alloys, since they are strengthened by nitrogen. A typical yield
strength for NF709 stainless steel is 340 MPa and the minimum is near 300 MPa. The HR3C
alloy exhibits a typical yield strength near 360 MPa and the minimum is above 300 MPa.

Alloy 800HT has a typical yield strength near 240 MPa (INCO 1989), but the minimum
strength falls near 172 MPa. It seems likely that some degree of cold work must be present to
produce a yield strength above 200 MPa.

The AX series of HT-UPS alloys exhibited yield strengths around 210 MPa after
annealing at 1200°C (Fig. 4), and the CET2 tubing had a yield near 290 MPa after annealing
at 1125°C. The BWT7 tubing, when solution treated at 1200°C, produced a room-
temperature yield strength near 240 MPa. To promote the fine MC precipitation in the HT-
UPS alloys, it would be necessary io specify a minimum room-temperature yield strength in
excess of 300 MPa. This would require a minimum cold working strain of 5%. Additicnal
studies arc under way on the extruded tubing to establish optimum cold-working schedules.

Providing that cold working of the products to levels of 5% strain is acceptable, it

appears that Criterion II-B can be met for all near-commercial and developmental alloys.

Flately et al. (1987) produced alloy 800H tubing clad with alloy 671 by coexirusion and
exposed the tubing to 34,000-h boiler service in the range of 650 to 680°C. Post-exposure
testing indicated that the alloy 671 cladding was embritiled, but the alloy 800H remained
ductile. Smith and Lipscomb (1987) produced alloy 800HT clad with an experitnental alloy
(8XA) by coextrusion and exposed the duplex tubing 10 an incineration environment in the
temperature range of 593 to 871°C. They reported satisfactory performance.

Cladding technology for the HT-UPS alloy BWT7 tubing was developed by Topolsk
(1991). Here, a machined biliet (133 wom in diam) was encased in a mild steel can that was
subsequently filled with 50-mesh powder (either alloy 671 or 690). The can was preheated,
evacuated, sealed, and exttuded. The extrusion work was perforioed by AMAX Corporation
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and the cold finishing by Babcock and Wilcox. The alloy 671 cladding extruded with no
problems, but cracking occurred during the cold finishing. The alloy 690/BWT combination
was successfully processed to cold-finished clad tubing and is currently undergoing evaluai;ion
(See Fig. 8). |

Weld overlay was examined as a possible cladding method by LeBeau (1990). Here, a
piece was sawed from the BWT billet and rolled to 13-mm plate. Alloy 690 and alloy 672
filler wire were deposited on the plate using the gas mngsten arc (GTA) process. The clad
plate was then hot rolled to produce the excellent bonding shown in Fig. 9.

It appears from the information provided above that the alloys may be clad with
high-nickel, high-chromium alloys, but the performance of specific claddings under the
conditions imposed by advanced steam cycle operations has yet to be determined. There is
reason, at this time, to believe that Criterion II-C can be met for most alloys.

The American Welding Society defines weldability as "the capacity of material to be
welded under the imposed fabrication conditions into a specific suitably designed structare and
to perform satisfactorily in the intended use.” Welds have been produced in all of the |
advanced alloys, and information is provided in Table 4. v

Alldy 800HT is typically welded with Inconel A, alloy 82, or alloy 117 (INCO 1989).

Takahashi et al. (1989) discussed the weldability of NF709 stainless steel. They were -
able to produce sound welds by the GTA process using maiching filler metal Weldment
properties were similar to base metal, and the weldability was claimed to be comparable to
type 347 stainless steel. : :

The weldability of HR3C stainless steel was reported by Yoshikawa et al. (1989).
Vanesu'amt testing revealed that the weldablhty was comparable to type 347 stainless steel.
Partly for this reason, filler metals of differing compositions were selected for butt weldin g
tubes. Included were alloys 625, 82, 182, and Inconel A®. Sound GTA and shleided-metal
arc {SMA) welds were made in heavily restrained tubes.

A review of the welding technology for the HT-UPS alloys was undertaken by
Lundin et al. (1989). A potential weldability problem was found, aggravated by the
phosphorous and niobium content of some HT-UPS alloys. A number of experiments were
performed at ORNL and by Lundin et al. (1989) to evaluate the weldability of the HT-UPS
alloys. These experiments included, but were not limited to, Varestraint testing
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Table 4. Summary of welding technology for 20/25% Cr alloys

Alloy Filler Metal Reference
8C0HT alloy 82 INCO 1989
alloy 182
alloy 117
NF709 NF709 Takahashi et al. 1989
HR3C alloy 82 Yoshikawa et al. 1988
alloy 182
alloy 625
AX1/AX4 17-14CuMoSS this work
CET2 alloy 92 this work
BWT alloy 556 this work

(Lundin et al.1983), Sigmajig testing (Goodwin 1987), and Gleeble hot ductility testing.
Correlations between the various types of tests were made, and it was concluded that the
alloys had a hot-cracking sensitivity equivalent to commercial, type 347 stainless steel. It was
determined that the alloys could not be welded with matching filler metal.

Butt welds were produced at ORNL in several of the HT-UPS alloys. A total of six
alloys were welded, plus the alloy 672 and 690 overlay cladding of the BWT7 alloy. The AX
serics alloys were joined with 17-14CuMo stainless steel by the SMA process. In all cases
efforts were made to restrain the plates. The 13- plates were fillet welded to 19-mm-thick
type 316 stainless steel strongbacks. After welding, side bend and metallography evaluations
were performed to evaluate the extent of hot cracking. All of the AX series alloys ¢xhibited
fusion line or heat-affecied-zone (HAZ) hot cracking when welded with 17-14CuMo stainless
steel filler metal. The high phosphorous AX1 and AX4 heats were the worst and did not pass
the visual inspection in the side bend test. Typical microstructures are shown in Fig. 10. The
CET2 tubing was fillet welded to 10-mm-thick plates then clamped in the restraining rig. A
butt weld was made with alloy 82. No hot cracks were found in the CET2 weld. Plates of
the BWT alloy were welded with 556 filler metal. Both solution-treated and cold-rolled plates
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were welded. Although the weld appeared sound, recrystallization and grain growih were
observed in the HAZ of the base metal. Typical microstructures are shown in Figs. 11 and 12.
All HT-UPS alloys exhibited extensive liquation in the HAZ and, in the successful welds, it
was clear that the hot cracking was avoided by virtue of the liquidity of the weld metal that was
able to penetrate the open grain-boundary regions.

In summary, there are concerns about the weldability of the alloys. Exireme care will be
needed in specifying the welding processes, filler metals, and process variables. Only by
testing in actual boiler operating conditions can conformance to Criterion II-D be assured.

The tube-to-header joint may require thick-to-thin section welds. The header conld be of
a different composition than the tubing, so dissimilar metal welds may be required. Several of
the corrosion-resistant alloys require a special filler ietal and, quite likely, such a filler metal
could be used in inaking dissimilar metal welds. The ability to meet Criterion II-E has yet to
be demonstrated.

5. MECHANICAL PROPERTIES

In specifying the alloy design criteria that address mechanical properties goals, it was
intended that the strength of the tubing be sufficicnt to permit tubing of sizes normally used in
superheaters and reheaters to operate at conditions where the fireside metal temperature could
reach 700 °C and the design steam pressure reach 35 MPa (5000 psi) . To use tubing of
convenient diameters ard wall thicknesses under these conditions, it was estimated that a
design stress of 60 MPa (9 ksi) would be satisfactory. This allowable design stress intensity
is approximately twice the allowable stress for any cormmercially available austenitic stainless
steel listed in Sect. I on Power Boilers of the ASME BPV Code . One might legitimately
question the need for such an ambitious target in view of the fact that the near-commercial
alloys listed in Table 1 are intended for use in the advanced stearn cycle and will probably
function quite well at somewhat lower design stress inteunsities, especially in reheater tbing
where the pressures are expected to be lower. The answer lies in the desire for an improved
design margin. A stronger alloy provides more opportunity to optimize fabrication cost versus
performance. It is assumed that a higher strength requirement will exclude the comimercial
alloys like type 310 stainless steel, 253MA stainless steel, and alloy 860HT, and require a
carcful examination of the performance of the near-commercial alloys as well. In examining
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alloy 556.

Y215471

I F15g 12. Photomicrographs of weld region in annealed BWT plate welded with
alloy 556.
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relative performance of the alloys listed in Table 1, however, the possibility of improving any
of the alloys has nct been excluded, with the concomiiant problems of qualifying a new grade
of steel within the necessary modified specifications for chemistry or thermal-mechanical

processing. Nevertheless, most of the emphasis in this section of the report will be placed on

the HT-UPS alloys, and comparisons will often e made with atloy 800HT.

LA, The desig
ASME BPV Code. Scct. L

Cnly a Code body can set design stiess inicnsity values, and a well-defined procedure
must be followed before any action can be taken by the Code to approve a new material or
grade of an existing material. Of utmost impcrtance is the need for a Code stamp on the vessel
or piping system in order o meet legal requirements set by the siaie in which the component is
to be used. Currently, there is ne specific need in the United States for a high-strength boiler
tubing alloy to be used in an advanced steam cycle system. Assuming that the need may exist
some day, one can work toward producing materials data that could be used by the Code to
establish allowable design stresses. The guidance set forth in Para. A-150 of Sect. 1 on Power
Boilers is that the allowable design stress intensity for non-age bardenable austenitic stainless
steels witl be determined by:

1/4 of the specified minimum tensile strength at room iemperature;

1/4 of the tensile strength at temperature;

2/3 of the specified minimum yield streagih at room temperatuie;

2/3 of the yield strength at temiperatune;

67% of the average stress to produce rupture at the end of 100,000 h;

80% of the minimur stress to produce rupiure at the ead of 100,000 h; and
100% of the stress to produce a creep rate of 3.01%/1,000 h.

~ AN R WO -

For some austenitic alloys, such as 800HT, item (4) above has been waived, and itis
permissable to use 90% of the minimum clevated temperature yield sirength. Clearly, for new
alloys more than one heat must be tested, and long-duration test data are needed. In addition to
these requirements, evidence must be provided that the alloy does not so embriitle in long-time
service that catastrophic failure could result.

Substantial data bases exist for alloys §00H, NIF709, 253MA, and HR3C stainless steels.
Of these, the data base for alloy 800H is well-established (Booker et al. 1978 and INCO 1986)
and will be a standard against which other hcats and alloys can be measured. At the
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temperatures of interest, the rupture strengths of alloys 800H and 800HT were similar, and no
distinction is made. The temperature ranged from 600 to 1000°C and stress-rupture times
extended beyond 50,000 h at several temperatures, thus requiring a minimum of extrapolation
to establish design stress allowables with a high degree of confidence.

6. TENSILE PROPERTIES

A plot of the alloy 800H yield and ultimate strength versus temperature has been provided
in Fig. 13(@), which includes a trend line based on a simple polynomial fit through the data.
The trend of the alloy 800H data may be compared with representative tensile data trends for
NF709, HR3C, and 253MA stainless steels in Figs. 13(b) through 13(d), respectively. The
HR3C stainless steel was the strongest, followed by NF709 stainless steel and then 253MA.
The nitrogen-containing alloys were considerably stronger than the alloy 800H.

Because the quantities of the first group of HT-UPS alloys (AX) series were small and
the primary application for the alloys was in the temperature range where stress-rupture
strength would control the design allowables, the tensile testing of most of the developmental
alloys was limited to 25 (RT) and 700°C. The exception was CET2 tubing. The yield and
ultimate tensile strengths have been plotted against temperature in Fig. 14 and shown as
curves. Included in Fig. 14 are the available yield and tensile strength data for other HT-UPS
alloys shown as points at 25 and 700°C. Comparisons show that the 1200°C annealed
HT-UPS materials were weak and the mill-annealed AX alloys (with 10% cold rolling) were
strong. Comparison of the strength of the CET?2 tubing with alloy 800H {Fig. 14(a)] indicated
higher strength in the CET2 alloy. However, none of the HT-UPS alloys possessed the high
ultimate strengths of the nitrogen-bearing stainless steels shown in Figs. 13(a) to 13 (d).
Tensile properties for the HT-UPS alloys have been summarized in Table 5.

7. STRESS-RUPTURE
For purposes of comparison of available data on near-commercial and developmental
alloys with alloy 800H on a similar time scale, the rupture strengths at 1,000 and 10,000 h
were interpolated from the published data and used to calculate the Larson-Miller parameter
(LMP)

LMP =T (20 + log tr), (10)
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Table 5. Tensile data for HT-UPS alloys

0.2% Yield Ultimate Reduction
Temperature  strength strength  Elongation  of area

Alloy Condition () (MPa) (MPa) (%) (%)
800H mill 25 180 538 54.5 61.1
AX1 mill 25 456 639 46.3 74.9
AX2 mll 25 533 690 34.6 62.4
AX2 1115 ann 25 289 643 44.1 61.3
AX2 1200 ann 25 214 598 46.5 61.3
AX3 mill 25 464 659 35.6 59.1
AX3 1115 ann 25 355 634 385 61.7
AX3 1200 ann 25 213 605 53.3 65.8
AX4 mill 25 S507 690 39.5 64.5
AX4 1115 ann 25 368 702 39.3 56.6
AX4 1200 ann 25 230 620 54.2 58.4
AX1 mill 700 306 451 32.3 423
AX2 mill 700 378 418 37.2 56.0
AX3 mil 700 347 473 39.5 53.9
AX3 1200 ann 700 128 407 51.6 50.3
AXA4 mill 700 330 478 36.8 56.6
CET2-01  milt 25 292 618 39.4 65.9
CET2-02  mill 100 260 556 38.4 60.7
CET2-03  mill 200 227 520 36.4 55.6
CET2-04  mill 300 205 508 38.0 51.2
CET2-05  mill 400 206 498 45.1 54.5
CET2-06  mill 500 250 517 448 51.0
CET2-07 mill 600 187 492 41.8 523
CET2-08 mill 700 171 401 3.16 35.7
BW17-07 1200 ann 25 242 573 58.3 64.65

BWT7-11 1200 ann 700 118 390 46.8 40.54
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where T is temperature in Kelvin and tg is rupture life in hours. The resulting data are plotted
in Fig. 15 where comparisons may be made to a trend line representing the log siress versus
LMP for alloy 800H. The design stress iniensity target identified in ORNL-6274 (60 MPa

at 700°C) occurs where the LMP is 24330, and a promising alloy should exhibit an average
rupture strength that exceeds the target strength by a factor of 1.5. This factor requires that the
average strength at 700°C and 100,000 h should meet or exceed 90 MPa .

Alloy 8C0HT [Fig. 15(a)] is relatively weak, and a typical rupiure strength for
100,000 h 5t 700°C 1s near 57 MPa,

Data for the NF7(9 stainless steel have been plotied in Fig. 15(b) and compared to the
trend line for alloy 800OHT. The choice of the Larson-Miller constant of 20 in Fq. 10 was
reasonable, although not optimuim, and the data clearly revealed excellent strengih of NF709
relative to alloy 8GOHT. The strength ar 100,000 h at 700°C has been estimaied o be near
90 MPa.

The HR3C stainless steel is compared to the 8C0HT alloy in Fig. 15(c). At lower values
of the LMP, the HR3C was clearly stronger than alloy 800HT but, as the value of the LMP
approached the number representing 100,000 h at 700°C, the strengths converged. The
estimated value for HR3C stainless steel was 60 MPa.

Type 253MA [Fig. 15(b)] was weak, although the I.MP produced a poor fit to the data.
The value based cn vendor daia gave a typical rupture strength for 100,000 k at 700°C near
33 MPa. There is, of course, uncertainty in the estimated sirength based on the use of log
stress versus LMP curves for the annealed ailoys that may be atiributed o the limitations in
correlating the time-temperatuie behavior of alloys that undergo strengthening due to the
precipitation of carbides during service. Actnal data bases are undergoing continual evaluation
by Code groups, so information provided here is, at best, only a rough estimation of the
capabilitics of the varicus alloys.

Stress rupture data for the HT-UPS alloys were highly variable, but could be separated
into several groupings. The first grouping involved the "mill-annealed” AX scries alloys that
were solution treated at 1200°C but cold rolled 1w produce high-yield strengths. The second
grouping consisted of the alloys solution treated ai 1200°C but receiving no subseguent cold or
warm work. The third grouping included those alloys that were anncaled at temperaturcs
below 1150°C. Creep and stress-rupture properties for the HT-UPS alloys have been
summarized in Table 6, and the log stress versus log LMP data have been plotted in Fig. 16.
The mill-annealed AX alloys [FFig. 16(a)] were very strong (with the exception of the mill-
anncaled AX4 that was brittle), and extrapolations indicated that the materials could mect the
alloy strength design targets. The 1200°C annealed materials [Fig. 16(5)] appeared to be
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Table 6. Summary of creep-rupture data on HT-UPS alloys

Temp Stress
N Spec No. Ann Condition CC) MPa) Mer(%m) t1% () tr(h) %El % RA Status

1 25048 AX1-06 mil mill 700 170 1.103-4 6500.0 8969 12.8 339 R

2 25384 AXI1-11 1200 1200 700 170 1.00e-4 2100.0 2888 31.1 746 R

3 25486 AX1-12 1200 1200/2% 700 170 1.20e-4 1900.0 2572 237 456 R

4 25545 AXI1-13 1200 12002%/Age 700 170 2.00E-4 200.0 1061 392 748 R

5

6 25360 AX2-03 1200 1200C 700 170 1.70E-4 1800.0 2987 344 700 R

7 25412 AX2-04 1200 1200C 760 200 1.40e-2 0.6 43 329 68.6 R

§ 25419 AX2-05 1200 1200C 760 140 6.00e-3 18.0 207 493 742 R

9 25421  AX2-07 1200 1200C 760 170 4.00e-2 6.2 88 43,0 727 R

10 25433 AX2-08 1200 1200C 700 200 4.60e-4 50.0 1605 330 722 R

11 25435 AX2-09 1200 1200C 700 170 1.80e-4 D

12 25440 AX2-10 1200 1200C 700 140 8.9%¢-5 3000.0 4831 46.6 46.7 R

13 24975 AX2-12 mill mil 700 170 1.00e-5 6000.0 12325 158 643 R

14 25425 AX2-13 1200 1200C 760 120 2.00e-3 147.0 342 70.0 742 R

15 25489 AX2-15 1200 1200C 650 170 5.00¢-6 37000 h
16 25487 AX2-16 1200 1200C 650 240 3.00e-5 150.0 12503 33.1 67.7 R

17 25491 AX2-17 1200 1200C 650 200 7.50¢-6 10000.0 27453 28.0 72.8 R

18 25538 AX2-18 1200 1200C 760 100 6.40e-4 300.0 1072 495 76.7 R

19 26999 AX2-19 1200 1200/3% 760 140 5.00¢-3 900.0 208 71.2 768 R

20 25753 AX2-20 1115 1115¢c 700 170 1.00e-4 60.0 1040 540 74.0 R

21 25739 AX2-21 1115 1il5c 700 240 4.00e-3 04 234 30.1 73.8 R

22
23 25681 AX3-14 mill mil 700 240 1.20e-4 2750.0 3041 202 63.1 R

24 25943 AX3-15 mill mil 760 200 5.00e-3 120.0 179 266 65.0 R

25 25900 AX3-16 mill mill 730 120 1.50e-3 19700.0 21530 17.6 614 R

26 27166 AX3-17 mill mil 800 140 1.40e-3 2230 242 10.6 388 R

27 27412 AX3-Al1 mil  700/10kh 760 200 100 h
28 27390 AX3-A2 mill 700/10kh 700 200 1200 h
29 27384 AX3-A4 mill  700/10kh 650 300 132 395 635 R

30 27381 AX3-A5 mill  700/10kh 700 170 1500 h
31 27404 AX3-A6 mill  700/10kh 700 240 298 27.0 653 R

32

33 25357 AX4-01 1200 1200 700 170 7.00e-5 475.0 2232 8.5 9.2 R

34 24979 AX4-06 mill  mill 700 170 1.30e-4 1090.0 1090 34 2.4 R

35

36 26058 CET2-09 mil  mill 700 200 8.70e-2 139 405 61.0 R

37 26084 CET2-10 mill  oult 700 197 2.50e-1 62 428 690 R

38 26089 CET2-11 mill mill 700 170 2.50e-2 28.0 405 523 68.0 R

39 26111 CET2-12 mill mill 730 170 1.60e¢-1 4.0 86 48.5 69.8 R

40 26120 CET2-13 mill mill 650 275 1.80e-2 15.0 144 412 502 R

41 26119 CET2-14 mill mill 650 200 2.80¢-3 180.0 1610 31.1 70.1 R

42 26118 CET2-15 mil mill 650 240 1.00e-2 40.0 438 437 67.1 R

43 26121 CET2-16 mil mill 730 140 4.30e-2 10.0 251 47.1 679 R

44 26148 CET2-17 mill mill 730 120 8.80e-3 220.0 741 502 735 R

45 26231 CET2-18 mill  mill 700 140 1.00e-2 80.0 1051 489 71.2 R

46 25257 CET2-19 mil mill 760 120 7.50e-2 10.0 157 51.7 76.5 R

47 26277 CET2-20 mil  mill 700 120 1.00e-3 400.0 3497 427 708 R

48

49 27336 BWT7-01 1200 1200 760 170 6.40e-1 14 14 51.8 740 R

50 27411 BWT7-02 1200 1200 700 170 200 h
51 27392 BWT7-04 1200 1200 765 100 1200 h
52 27339 BWT7-05 1200 1200 650 170 2000 h
53 27338 BWT7-06 1200 1200/8% 760 170 1.30e-1 5.0 34 574 695 R

54 27337 BWT7-09 1200 1200 700 170 2000 h
55 27382 BWT7-10 1200 1200 650 200 1500 h
56 27396 BWT7-13 1200 1200 600 240 500 h
57 27372 BWT7-15 1200 1200 700 140 2000 h
58 27395 BWT7-17 1200 1200 600 300 900 h
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strong at low values of the LMP, but the slope of the parameter curve was steep and the alloys
were not much sironger than alloy 800H at the design condition. The low-temperature-
anncaled materials [Fig. 16(c)] were weak and only slighily better than alloy 800H. Testing of
the BWTT tubing is in the early stages and trends are not meaningful.

In surarmary, further optimization and analysis of the near-commercial and developmental
allcys identified in Table 1 are required before it can be certain that the target design stress of
60 MPa at 700 °C can be achieved in fabricated boiler tubing alloys. Of the alloys
investigated, NF709 stainless steel had the best chance of meeting the sirength criterion. The
HR3C and HT-UPS alloys show potential and may meet the criterion if the right thermal-
mechanical processing scheme can been developed.

LB, Cregp-rupture ductilities will be such as 10 produce at least 2% circumferential strain
after 100,000 h under pressurized tube tupture conditions.

Many indices have been proposed that correlate creep-rupture ductilities measured under
constani-load, isothermal, uniaxial stress conditions with performance under more realistic
loading conditions. Twenty-one of these indices were reviewed by Manjoine (1975) and the
triaxiality factor (TF) preposed by Davis and Connelly (1959) emerged as a nseful index for
evaluating ductility requirements for pressurized tubing. Here, the TF is defined as the ratio
of the normal stress to the shear stress on the octahedral plane, normalized to unity for simple

tension
TF = V2 (01+ 62 +03) / [(61-02)2 + (626302 + (03612 12, (11)

where the principal siresses are &1, 69, and ¢3. The sirain measured in the stress ruptur
experiment is then plotted against the 1T to estimate ductility. Manjoine provided data for type
304 stainless steel, but very little information is available for the advanced alloys of interest
here. Knowing the long-time duciility, an estimate may be made of the strain at rupture in a
pressurized tube from the curves developed by Manjoine {1975) from type 304 stainless steel
data, using the TF defined in Eq. (11) above. The ratio of ductility in a pressurized tube to the
uniaxial ductility for a creep rate near 0.01%/1,300 h would be near 8.7. Assuming that the
trend for elongation versus log time extrapolates to 4% in 100,000 h, the expecied ductility in
a pressurized tube would be around 3% ,which exceeds the 2% strain specified in the alloy
design criteria.
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All of the advanced alloys exhibited creep-rupture ductilities that exceed 4% in the time
range where data are available. Elongation and reduction of area data for the HT-UPS alloys
are plotted in Fig. 17. For the most part, excellent ductilities were observed for times to
beyond 10,000 h at all temperatures.

Some concerns remain in regard to rupture ductilities under pressurized stress conditions
because of the unusual failure mode exhibited by the AX series of HT-UPS alloys. As may be
seen in the creep curves shown earlier (Fig. 5), the cold-rolled alloys often experienced little
or no creep for long times. Over a relatively short time span, tertiary creep occurred and the
specimens necked down and failed by a plastic instability mechanism. This necking and
instability appeared to be brought about by recrystallization on grain boundaries and within the
matrix. The MC was then dissolved into the dislocation-free recrystallized regions as shown
in Fig. 18. Additional testing under variable stresses, temperatures, and multiaxial stresses are
needed to establish the ductility limits of the HT-UPS alloys.

Currently, the existing data suggest that the advanced alloys have adequate ductility to

meet Criterion 111-B.

High-temperature heat recovery systems generally experience over-temperature transients
with various degrees of severity. Very little testing has been performed to assess the ability of
alloys to resist such transients without undergoing damage. One significant symposium was
held by ASTM (1954) that collected work on cyclic heating and stressing of materials, and the
trends revealed in the papers on austenitic stainless steels indicated that the linear damage
summation proposed by Robinson (1952) was satisfactory in correlating data. Here, the
creep damage fraction, d;;, during any transient to temperature T; is calculated by

dei = dti/ty, (12)

where Z; is the time at T; and t;; is the time to rupture at that temperature and stress. When the

sum of all damage fractions reaches unity, failure occurs

% dei=10. (13)
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Criterion 1I-C assumes the validity of lincar darsage but allows a significant extent of
damage due o transients to be accumiilated. Examining the geoeral trend of the LMP curves
plotted earlier and taking 90% of the stress for any LMP value, the rediced LMP value and
the original LMP value for that siress may be used to estimaie the percent of life coiresponding
to a 10% loss of sirength. For the HT-UPS alloys, this procedare estimatedd an allowable 50%
loss in life at stresses in the range of the LMP curve. In other words, if the damage fraction
sumimatien for iests involving temperature changes exceeds 0.5, Criterion III-C can be
satisfied for a given alloy.

No information is currently available for the advanced alloys. A few tests on the HT-
UPS alloys to examine damage under temperature change conditions are currently in progress,
but data are incomplete at this time.

NI-D. Stess-temperaturg cycling will not degrade the long-time strengih by more than 10%.

Reflecting the concerns in the boiler indusiry about maierial degradation under cyclic
loads, Criterion 1if-D addresses the need for an understanding of damage accumulation under
both temperature and load cycling. Fatigue and creep-fatigue interaction phenomena are
known to produce significant damage i austenitic stainless steels ai high teraperatures, and
much is being done to reduce the likelihood of cycle-induced failures. Currently, the rules
used most often for evaluating damage under combined siress- (or strain-) temperature cycling
are those in the high-iemperature extension of the ASME BVP, Sect. VIII, namely Code Case
N-47. Here, continncus cycling dosign fatigue curves were constructed from uniaxial, strain-
range-controlled, low-cycle fatigue (LCF) tesis. It was then recommended that the fatigue
damage for any arbiteary cycling histogram be calculated from Miner's rule. Various types of
creep damage are then introduced in the cycle and the creep damage fraction calculated from

Robinson's rule (1952). The fatigie damage fraction, dg, for any cycle at strain range, Ag;, is

given by
g = I/Ng, (14)

where Np is the number of cycles to failure at Agj. Again, damage is summed over all cycles
but, for creep fatigue interactions, the creep damage and fatiguc darvage fractions are again
summed and the total damage, D, resiricted to a number equal to or less than 1. Thus

D=Yd; + ¥ ds. (15)

Yor austenitic stainless steels, D is sometimes chosen o be 0.3.
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Of the alloys identified in Table 1, only alloy 800H has a sufficient data base to estimate
the D value by the analysis method developed for Code Case N-47, and the value of D was
specified as unity. Some progress has been made in understanding creep fatigue damage in
253MA by Nilsson (1988 ) and in type 310 stainless steel by Kanazawa et. al. (1988).
Nilsson found that 253MA was more sensitive to creep damage in hold-time fatigue than
type 316 stainless steel. Indications were that D would be 0.3 or less. Kanazawa studied
strain- rate effects at a number of temperatures and found significant losses in fatigue life at-
low strain rates when temperatures were in the range of 600 to 700°C. Doi et al. (1986) found
that the low-cycle fatigue resistance of Hitachi-modified 800H was slightly better than alloy
800H.

Further studies on cyclic operation and the way in which damage is summed are needed to

determine if Criterion III-D can be met for the high-chromium alloys.

No data are available on the notched stress-rupture behavior of the advanced alloys.
LE,_Che im oom T will 2 he end of life.

Yukawa (1991) reviewed research on the influence of aging on the impact energy and
fracture toughness of austenitic alloys. The impact energy (Charpy V, Charpy keyhole, or
Izod) of most alloys diminished as a result of long-time aging.

Alloy 800H appeared to be a good performer. INCO reported the impact strength of 20%
cold-rolled alloy 800HT after exposures to 12,000 h at 540 and 650°C. The Charpy V impact
values exceeded 80 J.

Data reported for HR3C stainless steel indicated satisfactory Charpy V impact values
(Yoshikawa et al. 1988). Energies exceeded 40 J after 10,000-h exposures at temperatures in
the range of 600 to 800°C.

NF709 stainless steel exhibited significant losses in impact energy as a result of aging at
700°C, but values stabilized above 30 J after 10,000 h. Little is known about the aging
characteristics of the HT-UPS alloys.

In summary, all of the alloys listed in Table 1 will lose toughness as a result of exposure
to high-temperature service. Further studies of loss of toughness in a service environment are
needed.
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II-G. Impact properiies of weld metal will meet th ¢ ASME BPY Code.

Austenitic alloy weldments that contain significant amounts of ferrite could suffer
embrittlement if the ferrite were to transform to sigma or o during service. The advanced
alloys are not expected to contain much ferrite in welds. Nevertheless, sigma, Laves phase,
and carbides in welds could produce embritdement. No information has been proxluced on the
aging embrittlement of weld filler metals.

In summary, more information is needed on the toughness of aged filler metal for all
alloys listed in Table 1. In particular, the nickel-base filler metals and alloy 556 filler roetal
sireuld be investigated to determine their tendency toward embrittleraent. Work on alloy 556
by McCoy and King (1985) indicated significant embrittlement of alloy 556 welds.

II-H. The creep-rupture strengih of weldmenis will exceed 90% of the base metal strength.

Data for the strength of weldments have been reporied for some of the advanced alloys.
Generally, the criterion of 90% of the base metal strength has been met.

For alloy 800HT weldments, the alloy 82 filler metal was reported to be stronger in stress
rupture than the base metal (INCO 1989).

For HR3C stainless steel, the weldments produced with alloy 82 filler metal ruptured at
times that fell into the scaiterband for base metal (Yoshikawa et al. 1988).

For NE709 stainless steel, the weldments produced with matching filler metal were
equivalent or stronger in stress rupture than base metal (Takahashi et al. 1989).

As discussed in Sect. 4 of this report, the results of the tests for weldability of the
HT-UPS alloys indicated that their high nickel equivalent would preclude antogenous welding,
and the alternate filler metals and processes are identified in Table 4. These included
alloy 82 (a nickel-base alloy), 17-14CuMo stainless steel, and alloy 556 (a Fe-Ni-Cr-Co
alloy). Screening tests of weldment strength and ductility consisted of tensile tests on
transverse weldments at 25 and 700°C, creep tests on transverse weldments at 700°C and
170 MPa, and a few creep tests at temperature in the range of 600 to 800 °C to examinc time-
temperature-stress effects. Data on weldments have been surnmarized in Table 7 for tensile
behavier and Table 8 for stiess-rupture behavior. Results are preliminary and do not reflect
the optimum selection of welding combinations.

In summary, more testing of full-scale weldments and pressurized tubes with weldments
is needed to assure that dissimilar weld failures of the type reviewed by



Table 7. Tensile data for HT-UPS alloy weldments

Yield Ultimate Reduction

Temperature strength Tensile strength elongation of area Failure
Specimen Alloy Filler °C) (MPa) (MPa) (%) (%) location
AXWI1-01 AX1 17-14CuMoSS 25 461 603 09.0 18.3 fusion line
AXW1-(2 AXl1 17-14CuMoSS 700 316 414 17.5 17.6 fusion line
AXW2-01  AX2 17-14CuMoSS 25 515 684 19.6 47.6 weld
AXW2-02  AX2 17-14CuMoSS 700 345 414 13.4 39.2 weld
AXW3-01 AX3 17-14CuMoSS 25 494 639 11.9 28.1 weld
AXW3-02 AX3 17-14CuMoSS 700 329 428 20.1 21.1 fusion line
AXW4-01  AX4 17-14CuMoSS 25 474 510 01.2 02.5 fusion line
AXW4-02  AX4 17-14CuMoSS 700 264 264 00.8 00.4 fusion line
SET1-01 BWT 536 25 425 664 25.8 61.9 HAZ
SET1-02 BWT 556 700 284 403 25.3 66.4 base
SET1-04 BWT 556 760 281 330 29.6 73.0 base
SET1-05 BWT 556 600 289 493 02.4 54.8 weld
SET2-01 BWT 556 25 456 698 25.1 62.3 base
SET2-02 BWT 536 700 286 446 22.5 47.0 HAZ

1914
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Table 8. Stress rupture of weldments in HT-UPS alloys

Reduction
Temperature Stress  Life of arca Failure

Specimen  Alloy Filler ((®) (MPa) (h) (%) location
AXWI1-03 AX1 17-14CuMoSS 700 170 3222 05.60 weld
AXW2-03 AX1 17-14CuMoSS 700 170 2858 .60  weld
AXW3-03 AX2 17-14CuaMOSS 700 170 2899 01.60 weld
AXW4-04 AX2 17-14CuMoSS 700 170 172 00.10 fusion line
SET1-07 BWT 556 760 200 37 76.60 base
SET1-08 BWT 556 760 170 11.7 81.00 base
SET1-09 BWT 556 760 140 75 75.10  base

Roberts et. al. (1985) would not occur, Work on weldments in HR3C and NF709 stainless
steels and the HT-UPS alloys would be of value.

8. FIRESIDE CORROSION

Fireside corrosion is probably the most severe problem to be addressed in the selection of
materials for heat recovery in an advanced-steam-cycle, pulverized-coal-fired boiler.
Corrosion is largely due to the formation of liquid trisulfate deposits on the tubing that
suppress the formation of protective oxides. In applications where the coal may have lower
alkali or sulfur conient, itis possible that corrosion would not be so limiting, and the alloys
with at least 20% chromium could be used without protection. In specifying criteria for
fireside corrosion, it was assumed that a coal such as Illinois No. 6 would be used. The
corrodants produced by the combustion of this material are severe. The subject has been
considered in the early work of Clark et al. (196Q) and much has been examined in the ensuing
30 years. Current studies are underway by Nakabayashi et al. (1986), Wolowodiuk et al.
(1989), and Plumley and Rozniak (1989), to name a few, Alloys include several of those
listed in Table 1, and these are being tested both in the laboratory and in probes in boilers.
Higher chromium, aluminurm-bearing, and nickel-base alloys are being evaluated. A full
interpretive report has been written by Van Weele and Blough (1990) that addiesses the
problerns. Alloys listed in Table 1, which are being investigated by Blough as part of this
work, include HR3C stainless steel, alloy 800H, and the HT-UPS alloys. Claddings for
these alloys include alloys 671, 690, and 692. Some data are available at this time, so the
criteria specified in ORNL.-6274 will be covered bricfly.
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IV-A. Alloys will be amenable to cladding.

1t has been shown in earlier sections of this report that the advanced alloys can be clad
with a variety of corrosion-resistant alloys. The long-time performance of some claddings has
been demonstrated in boilers that operate at steam temperatures as high as 570°C by Flately et
al. (1987). Testing of cladding alloys under highly corrosive conditions has been undertaken
by Blough and Van Weele (1991). For the most part, the corrosion rate diminishes with
increasing chromium content. The trends are shown in Fig. 19 for some of the alloys of

interest.

Typically, tube thinning in the Eddystone Unit 1 plant, which uses a coal with a relatively
low ash content, reached 30% of the wall thickness. The results of recent probe testing in the
Eddystone Unit 1 boiler were reported by Plumley and Rozniak (1989). They exposed 21
alloys for times reaching 16,000 hto corrosion from the combustion products of the relatively
clean coal (6 to 7% ash and <2.5% Na;0 + KO in the ash). The alloys containing 20% or
more chromium exhibited satisfactory performance. These included alloy 800H and HR3C
stainless steel. Models are now under development by Blough (1990) that will use laboratory -
data, probe data, and power plant experience to predict performance of alloys as a function of
time, temperature, and coal chemistry.

In summary, much has yet to be accomplished in the area of addressing the fireside
corrosion problems, especially with respect to the HT-UPS alloys. Probe testing in boilers
would be of considerable value.

9. STEAMSIDE CORROSION

Because of concern about exfoliation of oxides that form on the steamside of the tubing
and the possible damage that particulates could inflict on the turbine at the pressures and
temperatures of the advanced steam cycle (Rehn 1981), a relatively stringent requirement was
placed on the steamside corrosion resistance. The criterion was that the the corrosion
resistance be equivalent to alloy 800. Evidence to date for Japanese experience with alloys
containing at least 20% chromium indicates that steamside corrosion should not be a problem.
Cold working is known to improve oxidation resistance of the lean tainless steels and could be
of benefit in the higher chromium alloys as well.
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Fig. 19. Performance of candidate tubing alloys tested by Van Weele
and Blough under coal ash corrosion conditions.

There may be a problem with the molybdenum- and vanadium-beariag alloys in regard to
oxidation resistance at temperatures above 700°C. Solution treating in air at 1100°C has
produced severe oxidation of the HT-UPS alloys as observed by Topolski (1991), and cyclic
oxidation siudies by INCO revealed excessive spallation (Smith 1991). Work is currently
under way to introduce miner compositional changes to the HT-UPS alloys to improve the
adherence of natural oxides.

10. CONCLUSIONS

1. Irou-nickel alloys containing 20% or more chromium and strengthened by MC-forming
elements can be processed to produce microstructures tha are stable for times exceeding
35,000 h at 700°C. The embrittling influence of intermetallic phases can be minimized by

reducing the content of elements that promote sigma and Laves phase or increasing nitrogen.



2. High-strength, high quality superheater tubing can be readily fabricated from alloys
resistant to steamside corrosion. For optimum properties, the HT-UPS alloy tubing should be
solution treated at a temperature above 1150°C and subjected to small amounts of cold or warm
work to promote the precipitation of fine MC carbides. ‘

3. To minimize weldability problems, the HT-UPS alloys should have low phosphorous,
sulfur, and other residual elements. Alloys with high nickel equivalencies, such as the
HT-UPS alloys, are subject to hot cracking and require special filler metals for joining.

4. With optimized heat treatment, it should be possible to produce superheater tubing that will
achieve a design stress close to 60 MPa at 700°C. Commercial and near-commercial lean
stainless steels that are close to meeting the strength requirements include HR3C and NF709.
5. The practicality of protecting 20 to 30% chromium-bearing alloys from corrosion in high-
ash-content coal by higher chromium alloy cladding seems likely.

7. The HT-UPS alloys possess the best strength and ductility, but techniques to produce clad
tubing with controlled cold or warm work must be demonstrated.
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