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SUMMARY 

r 

. 

A program sponsored by the US. Department of Energy's Office of Transportation 
Technologies was initiated to generate high-temperature mechanical data on a silicon nitride 
ceramic and to contribute to existing data bases for gas turbine rotor development and 
implementation. The high-temperature strength, creep, dynamic, and cyclic fatigue resistance 
of hot isostatically pressed (H1Ped) PY6 silicon nitride, manufactured by GTE Laboratories, 
Incorporated, Waltham, Massachusetts, was characterized and examined. PY6 silicon nitride 
is similar to other HIPed silicon nitrides that are currently available and being considered for 
advanced gas turbine engine applications. Significant findings were obtained and include the 
following: 

The tensi4e strength of the PY6 exhibited little temperature sensitivity for temperatures 
below 1000°C. However, the strength decreased sharply at temperatures above 
1 ooooc. 
The stress dependencies of the creep rates measured at 1250 and 1370°C were 
consistent with a diffusional creep mechanism accompanied by cavitation, grain 
separation by viscous flow, and grain boundary sliding. 
The tensile fatigue data revealed two distinct failure mechanisms. At 1 1 50°C, failure was 
controlled by a slow crack growth (SCG) mechanism. At 1260 and 137Q°C, the 
accumulation of creep damage in the form of grain boundary cavities dominated the fatigue 
behavior. Oxidation appeared to play a significant role in the damage ammulation 
process. 
Two existing lifetime prediction analyses were modified to enhance their predictive 
capabilities for PY6. A modified Monkman-Grant relationship was developed that 
acknowledges and predicts temperature dependence of the relationship between time to 
failure and minimum creep rate (i.e., temperature-dependent stratification). The Sherby- 
Dorn temperature-compensated time-to-failure and minimum creep rate parameters were 
obtained using a bilinear fit of the data. Predictions of time to failure and minimum creep 
rate at 1 2Q0°C were found to be quite good. 
Dynamic fatigue results showed that the fatigue susceptibility of PY6 increased with 
temperature in the range of 1150 to 1370°C. Comparison of effective %me to failure and 
microstructural observations indicated that static and dynamic fatigue results at 1 150°C 
can be correlated in terms of an SCG model. A transition in the fatigue failure mechanism 
from SCG to creep rupture appeared to occur at stressing rates 510" Pa/$ for 6268 and 
1370°C. 
Comparison of stress-life relations between static and cyclic fatigue indicated that cyclic 
loading provide increased lifetime for PYB at 1150 %Q 1370°C. The tensile static an 
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cyclic fatigue data could not be described by a universal SCG model at temperatures 
21 150°C. Caution is advised in applying the SCG model to predict the stress-life relation 
for cyclic fatigue based on static fatigue data. This is especially pertinent at elevated 
temperatures where mechanisms other than SCG, such as creep properties, visoelastic 
effects, and oxidation, may contribute to the final failure. 
Cyclic loading of PY6 at elevated temperatures generated failures whose kinetics could 
not be interpreted in terms of static test. Unloading appeared to play a significant role in 
extending the time to failure for cyclic fatigue over static fatigue under the same maximum 
applied stress. The act of unloading could inhibit development of creep damage or retard 
accumulation of creep deformation resulting from the relaxation of local stress concentration 
and recovery of viscoelastic grain. 
The flexure strength of PY6 significantly decreased with decreasing stressin 
ambient air at 1370°C. Fractagraphy showed that a stress-corrosion cracking (SCC) 

darnage zone had formed in the fracture plane on all tested specimens. It was evident 
that oxidation, and not creep damage, ultimately initiated the formation of an SCC damage 
zone in PY6 which significantly weakened it. Creep damage was observed on those 
specimens tested at stressing rates slower than 10" MPds and appeared to exacerbate 
the already deleterious effects of the stress-oxidation damage zone. 
Flexural dynamic fatigue results suggest that manufacturers of silicon nitride components 
can greatly reduce the deleterious effects that stem from the formation of SCC b y  
appropriately suppressing oxidation in ambient air. 
Although these observations are for a specific commercial silicon nitride, they are expected 
to apply to other HIPed silicon nitrides. 
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HIGH-TEMPERATURE MECHANICAL PERFORMANCE OF A 
HOT ISOSTATICALLY PRESSED SILICON NITRIDE 

A. A. Werestczak,t M. K. Ferber,+ M. G. Jenkins,t 
C.-K. Lin,* K Breder,* and T. P. Kirkland* 

1. INTRODUCTION 

Silicon nitride ceramics are an attractive material of choice for designers and 
manufacturers of advanced gas turbine engine components for many reasons. These 
materials typically have potentially high temperatures of usefulness {up to 1 400°C), are 
chemically inert, have a relatively low specific gravity (important for inertial effects), and are 
good thermal conductors (Le., resistant to thermal shock). In order for manufacturers to take 
advantage of these inherent properties of silicon nitride, the high-temperature mechanical 
performance of the material must first be characterized. The mechanical response of silicon 
nitride to static, dynamic, and cyclic conditions at elevated temperatures, along with reliable 
and representative data, is critical information that gas turbine engine designers and 
manufacturers require for the confident insertion of silicon nitride components into gas turbine 
engines. 

This final report describes the high-temperature mechanical characterization and 
analyses that were conducted on a candidate structural silicon nitride ceramic. The high- 
temperature strength, static fatigue (creep rupture), and dynamic and cyclic fatigue 
performance were characterized. The effods put forth were part of Work Breakdown Structure 
Subelement 3.2.1, "Rotor Data Base Generation." PY6 is comparable to other hot 
isostatically pressed {HIPed) silicon nitrides currently being considered for advanced gas 
turbine engine applications. 

2. APPROACH 

The goal of the proposed research program was to systematically study the 
mechanical performance of a domestic silicon nitride ceramic as a function of stressing 
condition, temperature, and time in an ambient air environment. 

*Research sponsored by the US. Department of Energy, Assistant Secretary for Energy Efficiency 
and Renewable Energy, Office of Transportation Technologies, as part of the Ceramic Technology Project of the 
Propulsion Systems Materials Program, under contract DE-AC05-960R22464 with Lockheed Martin Energy 
Research Corp. [Work Breakdown Structure Subelement 3.2.1, "Rotor Data Base Generation"]. 

*Principal investigators. 
*Contributors. 
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Stress (creep)-rupture data were generated by measuring time to failure for specimens 
subjected to static, dynamic, and cyclic stresses. The time-dependent deformation was 
monitored during testing so that the extent of high-temperature creep could be ascertained. 
'Tested samples were characterized using established ceramographic, scanning efectron 
microscopy (SEM), and transmission electron microscopy (PEM) techniques. A major goal of 
this effori was to better understand the microstructural aspects of high-temperature failure 
including: 

1. extent of slow crack growth (SCG), 

2. evolution of cavitation-induced damage and fracture, 
3. trarisition between brittle crack extensiorz and cavitation-induced crack growth, 
4. crack blunting, and 
5. ihhe evolution and role of oxidatimassistad damage. 

The resulting stress-rupture data were used to examine the applicability of a 
generalized fatiguelife (SCG) model. Model refinements were ir-nplernenlied to account for 
both crack blunting and creep damage effects, Once a satisfactory model was tfevel~pecl, 
separate stress-rupture (confirmatory) experiments were performed to examine the model's 
predictive capability. Consequently, the data generated in this program provided a needed 
data base for comp~nent utilization in automotive gas turbines and also facilitated the 
development of a design methodology for high-temperature structural ceramics. 

The domestic silicon nitride material tested in this program was PY8, manufactured 
by GTE Laboratories Incorporated, Waltham, Massaclausetts. The silicon nitride material 
was chosen because it was a candidate rotor material for advanced gas turbine engines, and 
lis development was relatively mature at the time. PY6 is comparable to other HlPed silican 
nitrides that are currently being considered for advanced gas turbine engine applications. 

3. RESULTS: HIGH-TE eE 

3.1 TESTING 

3.1 -1 erial 

The processiriy and development of PY6 are described elsewhere.' Briefly, the PY6 
silicon nitride is fabricated using - 6 wt % yltria as the densification aid. The sintering aid 
tends to reside at the multigrain junctions, as seen in Figs. 1 and 2. The material used in this 
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Fig. 1. Transmission electron microscopy showed that the 
yttria sintering aid was located primarily at multigrain junctions. 

ORNL-PHOTO 10587-95 

Fig. 2. Scanning electron micrograph of 
as-received PY6 microstructure. 
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study was cold isostatically pressed while in its green state and then HlPed at an elevated 
temperature. It is emphasized that this material was cold isostatically pressed and not 

injeclion-molded; the injection-molded grade of PY6 has been shown to mechanically perform 
quite differently at elevated temperatures than the "same" cold isostatically pressed PY6 
(ref. 2). The resulting microstructure consisted of 1 - to 6-pm-long acicular grains surrounded 
by equiaxed grains 0.1 to 1,0 prn in diameter. This arrangement leads to a relatively dense 
microstructure. The silicon nitride grains, which are generally in the form of P-Si3N4, are 

separated by relatively thin layers of an amorphous yttrium silicate. The intergranular phase 
is also present in the multigrain junctions as a crystalline yttrium silicate [see X-ray diffraction 
profile in Fig. 3(a)], although some specimens did not have a crystalline second phase [see 
Fig. 3(b)] .  The specimens that did not possess a crystalline second phase exhibited a 
poorer high-temperature mechanical performance. 

3 

3.1.2 Button-head Tensile Specimen 

All button-head tensile specimens were commercially machined to the specifications 
shown in Fig. 4. The gage section diameter was 6.35 mm, and the gage length was 35 mm. 
Final machining of the gage section was conducted in a longitudinal orientation to avoid 
transverse machining damage. 

3.1.3 Equipment Used for Tests 

Tensile strength evaluation, static creep, dynamic, strain and stress relaxation, and 
0.1 -Hz tension-tension cyclic fatigue tests were conducted on commercial electromechanical 
load machines having both load- and strain-control capabilities (Model 1380, lnstron Corp., 
Canton, Massachusetts). The desired load (strain)-time profiles were controlled b y 
trapezoidal function generators. The specimen grips, which were configured for button-head 
specimens, were located outside the compact two-zone resistance-heated furnaces capable 
of generating a maximum temperature of 1600°C. The grips were attached to the load frame 
using hydraulic couplers to minimize bending moments. Oxygen-free copper collets interfaced 
the upper and lower specimens' button-head radii to the upper and lower grips, respectively; 
the deformable copper lessened any debilitating stress concentrators associated with the 
specimen machining. A schematic of the copper collets used is shown in Fig. 5. Specimen 
displacements were measured over 25-mm gage lengths with direct-contact extensometers 
employing remote capacitance sensors. A schematic of this arrangement is shown in Fig. 6. 
By earefully controlling the temperatures of both the measurement hardware and grip cooling 
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Fig. 3. Most PY6 specimens had (a) a crystalline 
second phase, while (b) a few did not (1 = P-Si3N4 and 
2 = a-Y,Si,O,). 
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Fig. 4. PY6 Button-head specimens were machined to the dimensions shown. The gage section 
diameter and length were 6.35 and 35 mm, respectively. 
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and packaged as a set. 
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Detail A-A 
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Modified, Tensile Specimen 
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I M.G. Jenkins, 17 Jun 199 1 
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Fig. 5. Oxygen-free, copper collets were used for all the tensile tests. 
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Fig. 6. Schematic diagram of a button-head specimen and the load 
train system used for all tensile testing. 
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water, resolutions o f f  0.5 ym could be achieved with this arrangement. Personal computers 
(PCs) and data acquisition systems were used to monitor and store various output signals 
including displacement, load, load error, and testing temperature. All tests were conducted in 
ambient air under electronic load control, except the stress relaxation tests, which were 
conducted in strain control. 

Tension-tension cyclic fatigue tests (1 0 Hz) were conducted on a commercial 
servohydraulic test machine (Model 8500, lnstron Corp, Canton, Massachusetts). The 
furnace arrangement was the same as that for tests conducted with the electromechanical test 
machines; however, the specimen gripping was different. The servohydraulic test machine 
contained adjustable, fixed-grip systems which permitted bending minimization with strain- 
gaged specimens. Bending was minimized at room temperature, and the strain gages were 
removed prior to specimen heat-up. 

The strength and creep/fatigue flexure tests were conducted using a flexure test 
facility. This equipment consisted of a load frame capable of separately testing up to three 
flexure samples concurrently. The test fixtures had inner and outer spans of 20 and 40 mm, 
respectively. The loads were generated by pneumatically driven air cylinders located at the 
top of the support frame. The mechanical loads were transmitted into the hot zone of the 
furnace through Sic rods. A PC monitored the displacement, as well as the load on each 
specimen, and provided necessary adjustments in the air pressure (via the electropneumatic 
transducer) such that the desired load (stress) level was maintained. The required test 
temperature was maintained by a resistance-heated box furnace. The time dependence of 
the flexural creep deformation was determined by measuring the load-point deformation based 
upon linear variable differentia! transformer (LVDT) readings representing the downward 
movement of the Sic load rams. In order to account for the effects of thermal fluctuations on 
the displacement data, the front load station in each test frame was "dead" loaded 
(Le., specimen removed from fixture). The resulting displacement-time data, which were 
indicative of the background thermal fluctuations, were used to correct the displacement-time 

profiles for the two adjacent load stations. 

3.2 TENSILE STRENGTH 

Table 1 lists the number of tensile and flexure specimens tested and the temperatures 
used for the strength measurements; flexure strengths were measured to compare with tensile 
strengths. The stressing rate range for all fast fracture strength tests was 35 to 37 MPds. 
Load-tensile displacement curves were recorded. Least-squares regression of the resulting 
stress-strain curves was used to determine the elastic modulus for each test. 



Table 1 Pest matrix for PM6 strength measurements 

The temperature dependence of the tensile and flexure strengths (designated S, and 
SMon, respectively) measured for the PY6 material is shown in Fig. 7 (ref. 3). Similar data 
reported by the University of Dayton Research Institute (UD6(l)4 are included in the graph for 
comparison. For the i-oom-temperature tensile tests, strain-gaged specimens wece used to 

measure the strain, and least-squares regression of the stress-strain curves yielded an 
average elastic modulus a6 r a m  temperature of 305 GPa with a standard deviation of 
3.5 Gpa. 
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Fig. 7. 'Tensile and flexure strength of PY6 silicon nitride as a 
function of temperature. 
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The strength exhibited a gradual decrease as the temperature was increased to 
1000°C. Both S, and S,,, decreased sharply as the temperature exceeded 1 1 OO'C, with the 
exception of the Oak Ridge National Laboratory (ORNL) flexure data. However, the ORNL 
flexure strength values increased slightly as the temperature increased from 1 100 to 1300°C. 
This behavior may have been a consequence of enhanced creep-assisted crack blunting in 
the ORNL flexure specimens due to the high a-Si3Nq content in the starting material. The 
presence of a-SigN4 in the ORNL flexure specimens suggests that the a-to$ transformation 
was not completed during the HlPing process. 

As shown in Fig. 7, S, was significantly less than S,,, at a given temperature. 
Considering that the lower tensile strength was a result of either a larger surface area (surface 
area E 80 mm2 for flexure and 698 mm2 for tension) or gage section volume (effective volume 
E 2.5 m d  for flexure and 1108 mr$ for tension), it is expected that Weibull statistics would 
likely describe these strength differences. 

3.3 TENSILE STATIC CREEP 

3.3.1 Creep and Fatigue Performance 

The analysis of creep data is frequently based on steady-state creep rate (d@dt = 

are ) behavior. For this case, the stress and temperature dependencies of E'S 
acknowledged in the e x p r e s ~ i o n : ~ ~ ~  

E's = A. (cT~/cT',)" exp(-Qc/RT) , 

where A0 is a pre-exponential factor, Ga is the applied stress, do is a normalizing parameter 
(i.e., do = 1 MPa), n is the creep (or stress) exponent, Qc is the activation energy, R is the 
universal gas constant, and T is the absolute temperature. Similarly, the fatigue life, 4, can be 

described by the eq~at ion :~  

where N, Qf, and Bo determine the stress and temperature dependencies of the dominant 
fatigue mechanism. When failure is controlled by the accumulation of creep damage, tf is often 
found to be a unique function of E's , independent of applied stress and ternperature.819 The 
relationship between tf and E's is described by the Monkman-Grant reiation:10 
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where C and an are constants. Combining Eqs. (2) and (3) shows that N = nmm for m E 1 
and Qc Qf. 

The mecl-ranicall reliability of PY6 was evaluated by measuring the tensile creep and 
fatigue behavior at 1150, 1200, 1260, and 1370°C. Table 2 lists the number of specimens 
tested at each temperature and the corresponding number of flexure specimens that were 
tested as a supplement to the tensile testing. 

Table 2. Test matrix for PY6 creep/fatigue measurements 

Test Type 

Creep/Fatigue 

I Tension Flexure 

Tensile and flexural creep/fatigue tests of the PY6 material were conducted in the 
temperature range I150 to 7370°C. The lowest temperature, 1 150"C, is closer to the glass 
transition temperature of the secondary intergranular phase than the higher two temperatures. 
It was expected that the fatigue behavior at this temperature would be dominated by SCG 
since creep damage mechanisms would be limited by lower temperature kinetics. The higher 
two temperatures, 1260 and 1 370"C, were significant as temperatures because they were 
the design temperatures for the turbine rotor and stator inlet, respectively, for advanced gas 
turbine engine applications. As will be discussed, there was a failure made transition 
between 1158 and 1260"C, so 1200°C testing was chosen for further examination of the 
failure made transition and for confirmatory testing. The tensile and flexural creep results in 
this study were examined to provide insights into the possible differences between 
compression and tension creep behavior. For a more detailed discussion of the flexure test, 
see ref. 3. Table 3 summarizes the applied stresses, minimum strain rates, times to failure, 
and the total strains to failure for all the specimens that were static creep tested. 



Temp and 
Specimen I.D. 

1 1  50°C 
5S11. 
3S11 
4S11 
251 1 
1s11 

1200°C 
61 7 
c2 
1 s120 
451 20 
351 20 
2s120 

1260°C 
4512 
6S12 
551 2 
7S12 
8S12 
9S12 

1370°C 
5S13 
8S13 
9s13 
4S13 
1PH137 
7S13 
3S13 
os1 3 
2S13 
1S13 

13 

Table 3. Summary of static creep results 

Stress (MPa) 

225 
250 
275 
287 
300 

160 
175 
165 
188 
200 
225 

100 
113 
125 
138 
150 
175 

50 
60 
62 
68 
68 
70 
75 
85 
87 
100 

'Test interrupted; specimen dic 

Minimum strain 
rate (s-') 

2.2 x 10-10 
1.ox 10-8 

9.0 x 
2.7 x lo-* 

1.8 x 10-7 

4.4 x 10-'0 
i .5 x 10-9 
3.7 x 10-9 
1.5 x 10-9 

i .o x 10-7 
7.9 x 

4.9 x 10-'O 
1.0 x 109 
4.7 x 1 0 - 9  
2.9 x 1 0 9  

3.3 x 
1.6 x 10 

5.0 x 109 
1.7 x 1 o'8 
1.2 x 10-8 
2.0 x 
3.7 x lo8 

2.6 x lo-* 
3.4 x 108 
4.8 x lo-' 

9.3 x 10-9 

1.5 x 107 

ot creep rupture. 

Time to failure 
(h) 

1 190' 
23 
2 
1 
3 

3806 
596 
5998 * 
~ 8 1 0  
26 
23 

2261 
1750' 
502 
329 
178 
60 

863 
230 
41 0 
106 
82 

886 
90 
93 
41 
8 

Total strain to 
failure ( p ~ )  

2450" 
21 00 
21 80 
1170 
1250 

5500 
5890 
6920' 

26000 
1470 
21 20 

61 60 
81 20' 

14200 
6800 
3280 
81 10 

37300 
18930 
28620 
13370 
15100 
37030 
14180 
19800 
10760 
10070 
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The time and stress dependencies of the tensile creep rates at 1150, 1260, and 
1370°C are shown in Figs. $(a)-(@! respectively, which were taken from ref. 3. There was a 
strong primary creep component in the 1260 and 1370°C strain-time curves. The primary 
creep regime has been attributed to viscoelastic deformation arising from grain boundary 
sliding accommodated by elastic deformation of grain boundary asperities. In the case of the 
1150°C data, the large increase in strain at the onset of the test was due primarily to the 
elastic strain component (900 to 980 !LE). A dominant secondary creep region was observed 
in the strain histories generated at both 1 150 and 1260°C. Specimen failure (vertical arrows) 
marked the end of this steady-state creep. However, at 1370"C, a tertiary creep regime 
preceded failure. This tertiary creep was attributed to the development of multiple cracks in 
the gage section. 

The 1370°C data exhibited a trend of increasing strain rate with increasing stress. 
However, the creep curves for the 1260°C tests were somewhat inconsistent. In particular, 
the data generated at 125 and 150 MPa did not follow the trend of increasing creep strain rate 
with increasing stress. This behavior, which was also apparent in the strain rate versus 
stress curves, was found to be a result of specimen-to-specimen variations in the crystallinity 
of the intergranular phase; see ref. 3 for explanation of this observation. For a given stress 
level, samples containing an amorphous intergranular phase would be expected to creep at 
faster rates than samples containing a highly crystallized grain boundary phase. 

Figures 9(a) and (b) show log-log plots of the minimum strain rate, E'S , versus applied 
stress, oa, for tension and flexure, respectively. Note that the stress dependency of the 

strain rate associated with the 1 1  50°C tests exhibited more variability than that measured at 
1260°C. The increased scatter in the 1150°C data was not due to variations in intergranular 
phase crystallinity but rather a change in failure mechanism due to the lower test temperature. 

The n values [see Eq. (l)] calculated for each curve in Fig. 9 using regression analysis 
were 16.1 at 1 150"C, 5.6 at 1260"C, and 4.7 at 1370°C. Based upon microstructural 
observations as well as results from previous creep studies in the literature (see ref. 3 for 
more detailed discussion), it is believed that the deformation at 1260 and 1370°C was due to 
diffusional creep (n = 1) accompanied by cavitation, grain separation by viscous flow, and 
possibly grain boundary sliding. These mechanisms are expected to give a nonlinear stress 
dependence (2 < n <4). The extremely high value of n measured at 1150°C is indicative of a 
change in the dominant failure mechanism. 
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Fig. 8. Creep histories of PY6 silicon nitride at 
(a) 1150, (b) 1260, and (c) 1370%. 
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Fig. 9. Stress and temperature dependencies 
of the minimum creep rate for (a) tension and (b) flexure. 

Values of Qc and n in Ey. (1) were estimated from a multiple linear regression analysis 
of the tensile creep data in Fig. 9(a). The tensile results obtained at 115Q"C were not 
considered because failure was dominated by a different mechanism. The resulting estimates 
of n and Qc for tension were 5.0 and 1102 kJ/mole, respectively. As shown by the solid 
lines in Fig. 9(a), these estimated values provide a satisfactory description of the 1260 and 
1370°C tensile data. Activation energies measured for other silicon nitride ceramics are 
typically in the range of 550 to 700 kJ/mole; see ref. 3 for more detailed discussion. 

A series of flexural creep tests were also conducted at 1260 and 1370°C. In order io 
eliminate the probiem of batch-to-batch material variations, all flexural specimens were 
machined from the as-received tensile rods. Figure 9(b) compares the creep rate-stress 
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dependencies obtained from the tensile and flexure tests. The flexural creep rate was 
significantly lower than the tensile value at a given stress and temperature. The estimates of 
n and Qc were 3.1 and 786 kJ/mole, respectively, which were obtained by fitting the flexural 
strain rate-stress data in Fig. 9(b) to Eq. (1). These values are again significantly lower than 
their tensile test counterparts. This discrepancy can be attributed to the use of a formulation 
[see Eq. (32) in Sect. 3.7.11 in the calculation of the flexural creep strains. This formulation 
considers the creep rate to be independent of the sign of the stress. However, compression 
and tension creep data for similar silicon nitrides suggest that this assumption is not valid; see 
ref. 3 for more detailed discussion. 

All tensile creep tests were continued until the samples failed in order to examine the 
fatigue performance. The resulting tensile fatigue relations are shown in Fig. 10. The tensile 
fatigue exponents [N in Eq. (2)] estimated from linear regression were 18.0 at 11 50°C, 6.4 at 
1 260°C, and 6.0 at 1370°C. The similarity of the creep and fatigue exponents indicates that 
the failure process is ultimately controlled by the same creep mechanism. This relationship is 
illustrated by expressing tf as a function of E's [i.e., Eq. (3)]. An application of the tensile data 
to this relationship is shown in Fig. 1 1. Note that the data for the 1260 and 1370°C tests fall 
within a narrow band; this indicates that the dominant fatigue mechanisms were identical for 
these two temperatures. The failure process probably involved the time-dependent 
accumulation of creep damage in the form of cavities and facet-size cracks based upon SEM 
observations; see ref. 3 for more detail. Although the slope of the Monkman-Grant curve at 

ORN L-DWG95-5933 

Fig. 10. Static fatigue behavior of PY6 at 1150, 
1260, and 1370°C. 
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Fig. 11. Fatigue life as a function of creep 
strain rate. 

1 150°C was similar to that of 1260 and 1370°C data, it was displaced to a lower fatigue-life 
regime. While still controlled by the creep rate, this result implies that the fatigue mechanism 
was altered as the temperature was decreased. The fact that the fracture surfaces at 1 150°C 
showed evidence of SCG indicates that a localized creep crack extension process was 
responsible for the fatigue behavior. 

Values of m were in the range of 0.98 to 1.15 (see Fig. 11) and were relatively 
independent of temperature. Taking rn E 1 leads to the prediction that N = n m s n, which is 
in agreement with experimental observations. It is interesting to note that the fatigue-life 
versus strain rate relation recently measured for NP 154 (Norton Company, Not-thboro, 
Massachusetts) was quite similar to that for the PV6 implying similar failure mechanisms for 
bath materials at temperatures > 1200°C; see ref. 3 for more detailed discussion. 

Optical microscopy of the tensile fracture surfaces revealed a transition in the fracture 
markings as the test temperature increased from 1150 to 1370°C. This transition is 
sclriernatically shown in Fig. 12. At 11 50"@, the fracture surfaces contained well-defined minor, 
mist, and hackle regions. At 1260"C, the fracture surface was characterized by a relatively 
stmall creep damage zone (a region of high surface roughness) originating at the gage section 
surface. At 1 37(3"C, the creep damage zone covered as much as 50% of the fracture surface 
with the mirror region comprising the  rest. The fact that hackle markings were absent indicates 
that the mirror size exceeded the specifnen cross section. The creep damage zone was 
similar to that observed on surfaces generated at 1260°C in that both cavitation and 
micawracking were predominate features. In addition, the size of the creep damage zone 
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Fig. 12. Schematic diagram showing the transition from fast fracture markings for tests conducted at low temperatures 

and/or high stresses to creep damage-like markings produced at higher temperatures and/or lower stresses. 
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increased slightly with decreasing stress indicating a slight stress dependency of the darnage 
accumulation process. 

The oxide scale inhibited detaile SEN examination of the cavities observed along the 
fracture surface of specimens tested at 1260 and 1370°C. However, analogous cavities 
could be observed by generating a secondary fracture surdace parallel to the test fracture 
surface at room temperature. Extensive cavitation was found along two-grain junctions.3 
These lenticular-shaped cavities were present throughout the gage section volume. 
Furthermore, the extension of the cavities into the silicon nitride grains suggests that the 
growth mechanism involved solution/precipitation rather than viscous flow.3 There was a 
tendency for the number of cavities in the 1370°C specimens to decrease dramatically as the 
applied stress was lowered to 50 MPa. 

A comnion feature observed in specimens tested at 1268 and 1370°C was the skeletal 
pattern of the intergranular phase outlining the interfaces between small grain clusters and a 
single large grain.3 The formation of this pattern is believed to be a consequence of grain 
separation by viscous flow of the boundary phase. Such patterns could lower the local 
fracture resistance in the intergranular phase thereby providing a preferred failure path for a 
secondary fracture. This viscous flow process would ultimately lead to the formation of facet- 
sized microcracks. The absence of extensive creep damage at 11 50°C was a consequence 
of the increased viscosity of the intergranular phase, 

Occurring Quring Static T 
3.3.2.1 creep Meehanis 

The accommodated creep deformation in the PY6 at 1260 and 1370°C was most likely 
controlled by grain boundary diffusion. This mechanism would require the transport of 
species from the boundaries under compression to those under tension with no net change in 
volume. The microstructural observations also revealed the presence of unaccommodated 
creep strain (Le., creep damage), which resulted from both cavitation and viscous flow 
between small and large grain interfaces. Although grain boundary sliding is often cited as a 
deformation mechanism in the creep of silicon nitride, it was not expected to be the dominant or 
rate-controlling step during the creep of the PY6 material. Phis conclusion is based on a study 
by Lange” showing that sliding in the presence of a viscous intergranular phase is faster 
than the rate of grain deformation required to accommodate the sliding. During the first stage of 
creep, this accommodation is by elastic deformation while for long-term creep, grain 
deformation will e controiled by either diffusion or viscous flow; see Fig. 13 for examples of 
these mechanisms. Grain boundary sliding may, however, play a secondary role b y  
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Fig. 13. Examples of grain boundary sliding and diffusion-associated 
mechanisms revealed by transmission electron microscopy. 

generating large transient stresses during abrupt sliding events, which increases the cavity 

nucleation rate.12 

One key indicator of the dominant creep mechanism is the creep stress exponent, n. 
In the present study, n was equal to 5.0, which is greater than values (1 to 3) reported for 
similar silicon nitrides in previous flexural creep studies; see ref. 3 for more detailed discussion. 
This discrepancy is due to creep-induced stress relaxation and stress redistribution in the 
flexure tests, The fact that n is greater than that expected for pure diffusional creep (n = 1) is 
due to the stress dependency of the creep damage mechanisms. This damage gives rise to 
an additional (unaccommodated) strain rate component, E'c , which is equal to the product of 

the steady-state creep rate measured in the absence of the cavities, E& , and a parameter, p, 

where d is the cavity (microcra&) diameter.5 The total creep strain rate, eit  , is then given 

as: 

which is proportional to the number of cavities (microcracks) per unit volume, Nmc, and d 3 , 

(4) 3 G t  = €SI0 (1 + p) = G o  (1 + D Nmc d ) 
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where ID is a constant (- 0.5). For the case of diffusional creep, & ( -- e.& ) is proportional 

to the applied stress. The stress and time dependencies of p will dictate the deviation of the 
measured strain rate from that expected for solely diffusional creep. One may assume that at 
a given stress, p wiil increase from zero (at time, t =1 0) to some critical value, pc, at failure. 

During this time, if p becomes significantly larger than one, the & will exceed Egt prior to 

failure; see discussion of stress dependence of p in ref. 3. Such behavior is consistent with 
the tertiary creep regime observed at 1370°C. 

The creep exponent increased to 16.1 at 1150°C suggesting a change in the 
deformation mechanism. This hypothesis is confirmed by the results in Fig. 9, which illustrates 
poor agreement between the experimental strain rate-stress data at 1 150°C and the curve 
predicted from the application of the 1370 and 1260°C data to Eq. (1). Microstructural 
observations of the 1150°C fracture surfaces revealed the presence of an SCG zone 
consisting of extensive microcracking; see ref. 3 for more discussion. It is possible that the 
measured deformation was due to the compliance changes resultin from the generation and 
extension of these microcracks. This problem has been treated by Suresh and 
Brockenbrough’3 for the case of aligned slit cracks and random penny cracks. By assuming 
that the growth rate is a power-law function of the applied stress (da/dt OaP), the authors 
showed that the strain rate should be proportional to Gap+’ for short-term creep and Oa2P+’ for 
long-term creep. Considering the relatively short times involved in the 1 150°C tests, the first 
relationship is expected to apply. Further, by assuming that p z N, the fatigue exponent in 
Eq. (2), the predicted creep exponent is equal to 19 (Le., 19 = N -b 1 where N 3 1 a), which is 
in fair agreement with the measured value of 16.1 ; see ref. 3 for additional discussion. 

The activation energy, Qc, describing the temperature dependence of the creep strain 
rate is another key indicator of the rate-controlling mechanism. Possible controlling 
mechanisms (for the 1260 and 1370°C data) include cavity nucleation, solution/precipitation of 
the silicon nitride in the intergranular phase, grain boundary diffusion, and viscous flow of the 
intergranular phase. Typical Qg values for silicon nitride ceramics are in the range of 550 to 
700 kJ/mole. Assuming that solution/precipitation is the underlying deformation mechanism, 
Raj and Morgan14 showed that a major component to the activation energy is the heat of 
solution of silicon nitride (333 to 460 kJmole). However, a more recent analysis’5 of possible 
creep mechanisms has suggested that nitrogen diffusion is the rate-controlling step. This 
would explain the similarities in activation energies reported for creep and oxidation.16 

For the PY6, QC was determined to be 1102 kJ/mole, which is considerably greater 
than the values discussed in the preceding paragraph. There are several possible 
explanations for this discrepancy. First, it is possible that the temperature dependence of the 
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viscosity of the intergranular phase was the dominant factor of Qc. Raj and M ~ r g a n ' ~  showed 
that for viscosity-controlled creep, the activation energy can be quite high, particularly near 
the glass transition temperature. A second possibility is that the strain rate at 1370°C was 
increased by the activation of additional volume-generating mechanisms. Since Qc is simply 
the slope of the versus 1TT curve, an incremental increase in E's would increase the 
calculated activation energy. In the present study, the two most likely sources for this 
incremental increase in ES were the generation of multiple gage section cracks and 
recrystallization of the intergranular phase. Optical microscopy provided evidence for both 
mechanisms. 

e 

3.3.2.2 Fatigue Mechanisms 

For tests conducted at 1260 and 1 37OoC, failure was the result of the coalescence of 
creep damage followed by the generation of creep cracks. Although the predominant damage 
mechanisms were operative throughout the gage section, the accumulation process appeared 
to originate from the specimen surface; see ref. 3. This result suggests that the oxygen in the 
ambient environment played a significant role in the formation of the damage zone. The 
increased oxidation rate at 1370°C would explain the multiple surface cracks, resulting from the 
coalescence process, that were observed at this temperature. At 1 1 50"C, damage in the form 
of microcracks was restricted to a well-defined region or zone; see ref. 3. Zone extension 
could be attributed to an SCG mechanism similar to that observed for hot-pressed silicon 
nitrides. l7 

A fracture surface that has a small creep damage zone (or a stress-corrosion cracking 
damage zone, as will be described in Sect. 3.7) is shown in Fig. 14(a) and is compared with 
its polished cross section in Fig. 14(6). An annular ring that appeared to advance from the 
surface toward the specimen center consistently was observed in tested specimens. The 
radial advance of the creep damage zone was equivalent to the thickness of the annular ring; 
this suggested that a change in the material microstructure within the volume of material in the 
annular ring was promoting the growth of the creep damage zone. The advance of the 
damage zone was found to be a consequence of long-term oxidation at elevated 
temperatures, and it was also found to be stress enhanced. In Fig. IS@), a specimen that 
was dynamically fatigued at 1 O 4  MPds at 1370°C (see Sect. 3.5 for discussion of dynamic 
fatigue testing) and failed after 21 6 h at 86 MPa is compared with [see Fig. 15(6)] a specimen 
that was only aged (experienced no stress) for 216 h. The aged specimen was 
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Fig. 14. Example of (a) a fracture surface 
from a specimen tested at 1200°C and 160 MPa 
(time to failure = 3806 h) and (b)  its polished 
cross section showing the presence of an annular 
ring that formed due to long-term oxidation in the 
ambient environment. 
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Fig. 15. The formation of the annular ring from 
long-term oxidation was stress enhanced. An example 
of a specimen that was (a) dynamically fatigued at 

MPds at 1370°C (failed at 86 MPa after 216 h) is 
compared to (b)  a specimen that was only aged (no 
stress) for 216 h. The ring is thicker for the specimen 
subjected to both stress and temperature than the 
specimen subjected only to temperature. 



26 

machined from the button-head shank of the tested specimen to avoid any specimen-to- 
specimen material variation. The outer annular ring is clearly thicker in the tested specimen 
[see Fig. Is(a)] that was subjected to stress and temperature than [see Fig. 15(b)] the 
specimen that was only subjected to temperature for the same amount of time. This finding 
was significant because it suggested that the specimen geometry (i.e., cross section-to- 
perimeter relationship) may be a function of how the specimen mechanically perforans. For 

example, if two specimens have the same cross-sectional area, but one is round while the 
other is square, then the square specirnen will have more surface area to react with ambient 
oxygen; the two specimens may mechanically perform differently as a consequence (see 
Sect. 3.9.2 for more discussion on this topic). 

Competition between the two failure mecharnisnas may have been responsible for the 
duality in the fatigue-life characteristics measured fur the PY6 silicon nitride. Similar behavior 
has been observed in polycrystalline alurnina.lB Microstructural observations (see ref. 3) 

indicate that the size of the associated damage zone was a critical factor in determining the 
dominate mechanism. For example, SCG, which controlled the fatigue behavior at lower 
temperatures andor higher stresses, was a result of subcritical extension of a localized 
micrwrack zone. Fracture occurred when the product of the damage zone size, az, and 
applied stress, oa, reached a critical value, possibly in accordance with a Griffith-type 
expression, ca = Klc (Le., stress-controlled fracture). In this sense, the localized 

microcrack zone was analogous to a large defect. As the temperature was increased, the 
creep rate increased at relatively low stresses thereby promoting a rapid extension of the 
creep damage zone. The creep-induced relaxation of crack-tip stresses precluded failure via 
t he  stress-controlled mechanism. In this case, fracture resulted when the strain associated 
with the creep damage reached a critical value dictated by the Msnkman-Grant relationship 
(i.e, strain-controlled fracture). 

The applicability of the  Monkman-Grant relationship to the experimental data has 
several implications. First, it indicates that the rate of damage generation (cavitation and 
viscous sliding) was dictated by the bulk creep response of the material. In the case of 
cavitation, such a situation occurs when local diffsrsian processes associate 
growth are greater than the bulk creep deformation of the surrounding material. The cavity 
growth thus becomes constrained by the ability of the surrounding material to accommodate 
the volume generation.5 The fatigue lifee, which is determined by damage generation rate, will 
be controlled by the creep rate as well. The Monkman-Gra t relationship also provides a 
powerful tool for predicting fatigue lifetimes from creep deformation rates. As shown in Fig, 11, 

the fatigue life is uniquely determined by strain rate independent of applied stress and 
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temperature (for temperatures > 1 20O"C), but temperature-associated stratification was 
evident at 1150°C. More discussion of this follows. 

3.3.3 Lifetime Prediction with Static Stress 

The applicability of the Monkman-Grant and the Sherby-Dorn lifetime prediction 
analyses was examined. Static creep data (time to failure and minimum creep rate) generated 
at 1150, 1200, 1260, and 1370°C were used to modify the Monkman-Grant relationship in 
order to predict temperature-induced stratification. Static creep data generated at 1 150, 1260, 
and 1370°C were used to predict the time to failure and minimum creep rate at an intermediary 
temperature of 1200°C using the Sherby-Dorn approach.. Experimental confirmatory tests at 
1200°C were conducted, and the resulting times to failure and minimum creep rates were 
compared to what was previously predicted from the lifetime prediction analyses. 

3.3.3.1 Modification of the Monkman-Grant Relationship 

Efforts were made to take into account the stratification of the Monkman-Grant 
relationship shown in Fig. 1 1 over the temperature range of 1 150 to 1370°C. If the activation 
energies and stress exponents for static creep and fatigue [Qc, n and Qf, and N in Eqs. (1) 

and (21, respectively) are equal and their equivalence is temperature independent, then the 
Monkman-Grant relationship between the time to failure and minimum (or steady-state) creep 
rate is represented by Eq. (3). However, it was shown in Fig. 11 that temperature 
independence of n and N &e., m = N/n # 1) did not exist at 1150°C. For the case where 
m # 1, the time to failure may be represented as: 

More generally, if Qc f Qf (letting Qc = Qf + AQ), then the time to failure may be represented 

as: 

Any inequaiity of the activation energies and stress exponents of Eqs. (1) and (2) is 
acknowledged by this modified Monkman-Grant relationship. The values for m and for the 
numerator in the exponential term in Eq. (6) [Qc(l - m) + AQ] were obtained using multiple 
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linear regression analysis and were 1.1 9 and -249 kJ/mole, respectively. They were 
obtained using the time-to-failure and minimum strain rate data for static creep tests at 1150, 
1200, 1260, and 1370°C, which are shown in Fig. 16. For m = 1.19, the value of AQ 

constitutes only -45 of the -249 KJ/mole total. It follows that most of the temperature 
dependence represented by the modified Monkman-Grant curves is due to the Qc(1 - m) 

term in Eq. (6). 
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Fig. 16. Stratification of the time to failure-minimum creep rate 
data at 1150, 1200, 1260, and 1370°C was described by the modified 
Monkman-Grant relation; see Eq. (6). 
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3.3.3.2 Sherby-Dorn Relationship 

The lifetime prediction utility of Sherby-Dorn temperature-compensated time to failure 
and minimum creep rate parameters were examined (see ref. 19 for review). The temperature- 
compensated time to failure is represented by: 

where 8f is the Sherby-Dorn temperature-compensated time-to-failure parameter, while the 

temperature-compensated minimum creep rate is represented by: 
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where €IC is the Sherby-Dorn temperature-compensated minimum creep rate parameter. Both 
Bf and BC are a function of stress only. Figure 17 shows BC and Of as a function of stress for 

static creep tests conducted at 1 150, 1260, and 1370°C. A bilinear expression (see ref. 20 for 
analogous anaiysis) was used to fit the experimental data because a linear expression was 
not satisfactory due to the "knee-like" transition in the data. 

The obtained relation illustrated in Fig. 17 was extended to predict the time to failure 
and minimum creep rate for static creep tests at 1200°C, which are shown in Figs. 18(a) and 
(b), respectively. For the prediction of time to failure and minimum creep rate at 12OO0C, the 
Sherby-Dorn analysis had good predictive capabilities, as evidenced by the confirmatory 
experimental data also shown in Figs. 18(a) and (b). 
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Fig. 18. Time to failure (a) and minimum creep rate (6) were 
predicted at 1200°C from information obtained from static creep tests at 
1 150, 1260, and 1370°C using the Sherby-Dorn temperature- 
compensated time-to-failure and minimum creep rate approaches. Data 
from confirmatory static creep tests conducted at 1200°C are shown 
with that predicted for 1200°C. 
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3.4 TENSILE RELAXATION BEHAVIOR 
3.4.1 Strain Relaxation 

Strain relaxation tests (Le., creep recovery) were conducted at 1370°C to 
experimentally determine the values of the parameters which describe the anelastic strain 
recovery, Ea. The total creep strain, Eti, may be represented by: 

Et' = &e + Ea + Ep , (9) 

where &e is the elastic strain, Ea is the anelastic strain, and EP is the plastic strain. The elastic 

strain is totally recoverable and is time independent, while the anelastic strain is recoverable 
but is time dependent. The plastic strain is not recoverable. The strain relaxation testing was 
conducted to seek the time-dependent behavior of Ea. 

The motivation behind strain relaxation testing was to identify how the strain of PY6 

silicon nitride recovers on unloading, information that was deemed important for understanding 
dynamic and cyclic performance of PY6 silicon nitride. As will be seen in Sect. 3.6, the results 
obtained from these strain relaxation tests are to be used for the prediction of cyclic creep 
strain as a function of time. Tests were only conducted at 1370°C because there was a 
limited number of specimens. The strain recovery and the primary creep mechanisms are 
believed to be equivalent (see ref. 21 for further consideration of this congruency) and result 
from the anelastic response of the amorphous grain boundary phase and the sliding of the 
grain boundaries, which is accommodated by the elastic deformation of the material adjacent to 
grain asperities between the grains.*2 

Several relaxation tests were conducted to examine any dependence of q, the 
relaxation time constant, on: (1) the hold time (0.1, 1, and 10 h) at 100 M P a  prior to load 
removal, (2) different amounts of total creep strain, and (3) the amount of stress removed 

(Ao).  It was found that q was independent of the hold time at peak stress prior to unloading 
and also independent of the total strain accumulated.21 The total amount of Ea recovered (Eai) 
was found to be linearly dependent on A o  over the changes in stress examined. It exhibited 
the relation Ea' G 6.Ao for 54 MPa 5 A 0  S 93 MPa where Ea' and CJ have units of PE and MPa, 
respectiveiy. An example of a strain relaxation test history is shown in Fig. 19. The elastic 
load, Q, is subtracted out from the strain shown in Fig. 19, so the decay shown is strictly due 
to anelastic recovery. The relaxation time constant is equal to the time it took for 63% 
(Le., e-I) of Ea' to recover. Although it was debatable whether or not Ea' was indeed ever 
attained (i.e., E'a = 0),  even after days at the unloaded stress, in practicality E'a E 0 after 
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Fig. 19. Strain relaxation behavior of PY6 at 1370°C. The 
relaxation time constant, q, was determined to be 0.7 h. 

- 4 to 5 h. It was determined that q I- -7 h = 2500 s. A single relaxation time constant was 
determined to represent the relaxation behavior for the sake of simplicity; however, evidence 
suggests that a spectrum of relaxation constants may be more? repre~entative,*~?~3 The 
fraction of recoverable anelastic creep strain is relatively small compared to the total, as 
illustrated in Fig. 20. Because of its small magnitude, creep recovery in PY6 may be of 
practical interest only for low applied stresses that yield correspondingly small total strains. 

Stress relaxation testing is a technique that permits the survey of several decades of 
creep rates and stresses in a duration of hours; whereas the  alternative, static creep testing, 
may take hundreds or even thousands of hours to generate equivalent data. The 
understanding of how a material stress relaxes is important information for designers of 
components that are to be canstrained at elevated ternperatares. Fasteners, joined 
components, and rotors that are shrink-fitted to shafts are examples of components that 
require continued constraint at elevated temperatures in order for them to maintain their 
usef u I ness I 
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Fig. 20. The contribution of the anelastic strain to the 
total creep strain is small. Shown here is a PY6 specimen 
strain relaxed at 1370°C with the initial stress = 100 MPa. 
Strain relaxation testing showed that most of the creep strain 
is plastic, non-recoverable strain. 

Although proposed more than 20 years ago,24 few studies (e.g., ref. 25) before the 
efforts stemming from this project have reported the use of the stress relaxation technique on 
ceramics. The method and utility of using stress relaxation testing to represent strain rate- 
stress parameters at elevated temperatures were explored using PY6 silicon nitride in a 
preliminary fashion. Stress relaxation testing involved loading the button-head specimen to a 
predetermined stress in load control, then switching to strain control to maintain a constant 
strain; this activated stress decay. Usage of the extensometer described in Sect. 3.3.3 in 
strain control eliminated the need to incorporate machine compliance effects in the data 
analysis. Stress relaxation tests were conducted at 1260 and 1370°C. 

As described by Eq. (9), the total creep strain (Eti) is the sum ~f elastic strain (Ee) and 
inelastic (Ei) strain; furthermore, ~i is the sum of viscoelastic (Ea) and plastic strain (EP). When 

the total creep is held constant in a stress relaxation test, the following relationship may be 
considered: 
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where the dots denote time derivatives, and the last term relates the elastic stressing rate with 
the elastic straining rate. 

An example of a stress relaxation history for PY6 at 1370°C is shown in Fig. 21. The 
maintained strain far this stress relaxation test was 420  LE, which is represented in Fig. 21. 

The accumulation of plastic and anelastic strain during the test results in the relaxation of 
stress. The asymptotically attained, relaxed stress of I 25 to 30 MPa is significant and useful 
for design purposes because this is the stress range where no mare plastic and anelastic 
strain is accumulated. 

2 t  0 L L J U  L L I I I A J  I I I I '  I I I I I I 

0 1000 2000 3000 4000 SO00 6000 
TIME (s) 

Fig. 21" An example of a stress relaxation history for PY6 at 
1370°C and the constant strain that was held during the test. 

The creep rate as a function cf stress for the stress relaxation tests illustrated in 
Fig. 21 is illustrated in Fig. 22 Data generated from the stress relaxation test are compared to 
data generated fron-a static creep tests. The power law curve-fitted stress (or creep) 
exponents are equivalent for both types of tests. However, the creep rates for the stress 
relaxation 'rests are much larger than the static creep tests for equivalent stresses. The stress 
relaxation test was conducted air 420 ,LE; with reference to Fig. 8, this was most likely in the 
primary regime for PY6 at this temperature. The fact that the stress relaxation test yielded a 
creep expanent equivalent to that generated from static creep tests (where mirimurn creep 
rates occurred in the primary creep region at relatively high stresses and the secondary creep 
region at relatively low stresses) may have been a coincidence; however, the creep 
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Fig. 22. Comparison of creep rate as a function of 
stress from one stress relaxation test versus several static 
creep tests for PY6 at 1370°C. Power-law curve-fitted 
values of the stress (or creep) exponents are shown. 

exponents for primary and secondary creep have been reported to be equivalent for a similar 
HlPed silicon nitride.20 Again, acknowledgment of these subtle issues with data such as that 
presented in Fig. 22 is important; recognition of these issues and the generated data may be 
used in conjunction to validate the utility of using stress relaxation testing. 

3.5 TENSILE DYNAMIC FATIGUE 

The purpose of the dynamic fatigue effort was to characterize dynamic behavior of 
PY6 in the elevated-temperature regime of advanced heat engine designs and compare its 
results with those generated from static fatigue or static creep results, which were described in 
Sect. 3.3. Stress-life relations in static fatigue and strength-stress rate relations in dynamic 
fatigue were examined in terms of temperature sensitivity. Direct comparisons between 
dynamic and static fatigue results were made to gain additional insight into the failure 
mechanisms in PY6 at elevated temperatures. This effort included the evaluation of the 
applicability of an SCG model to correlate dynamic and static fatigue properties. In addition, 
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fractagraphic analysis for determining the key features of failure modes was utilized. The 
activity of SCG, creep rupture, or a combination of both were examined. 

Dynamic fatigue tests were carried out at 1150, 1260, and 1370°C in ambient air. 
Specimens were tested to failure at various stressing rates: 3.7 x 1 01, 1 00, 10-1 10-2, 10-3, 

and 10-4 MPds. Stress-strain curves were recorded for each test to monitor the progress of 

macroscopic deformation. 

3.5.1 Slow Crack Gro 

For most ceramics, subcritical crack growth can be expressed by the following power 
law relation:26 

where I( is the crack growth rate, a is the crack size, t is time, A and N are material constants, 
KI is the Mode 1 stress-intensity factor, Y is a geometric factor, and CJ is the applied stress. 

The time to failure in static fatigue, tsf, is the time required for the initial flaw to grow to 
thecritical size under a constant applied stress, oa. It may be approximated by integrating 

Eq. (1 1) such that:27 

2 N-2 
where €3 = 2/[AY (N - 2)K 

toughness. 

rate, 6 ,  can be derived from Eq. (1 1) as the following appro~imation:~~ 

1, Si is the inert strength, and KIC is the plane strain fracture 

In a similar approach, the fracture strength, Sf3 for a specimen under a constant stress 

N+ 1 N -2 
S, =B(N+l)S. I 6 

Equation (13) provides an indication of the stressing rate dependence of strength in that 
fracture strength increases with increasing stress rate as the crack or cracklike flaw has less 
time to grow. 
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The time to failure in dynamic fatigue, tdf, for a constant stressing rate, 6 ,  can also be 
related to tsf: 

where the applied stress, oa, for constant stress loading is equal to the fracture strength, Sf, 

under a constant stress rate, 6 .  One can predict the failure time of either static or dynamic 

fatigue given one of the failure times, if both failure modes are dominated by SCG with a 
simple power law as described in Eq. (11). The crack growth exponent, N, can be 
determined from static fatigue results or dynamic fatigue results using Eqs. (12) or (13), 
respectively. That is, N can be obtained from the slope of the best-fit curve of the log oa v s  
log tf static fatigue data or from the log Sf vs log dr dynamic fatigue data. 

3.5.2 Dynamic Fatigue Behavior 

A summary of the failure stresses and strains to failure as a function of stressing rate 
for 1150, 1260, and 1370°C dynamic fatigue tests is listed in Table 4. The dynamic fatigue 
results with tensile strength plotted against stressing rate at three different temperatures are 
illustrated in Fig. 23. A general trend of decreasing tensile strength with decreasing stressing 
rate at 1150°C was found. For 1260 and 1370°C, this trend was also present but in two 
regions: stressing rates > and 5 1 O-* MPds, respectively. However, the tensile strengths for 
10-2 MPds at 1260 and 1370°C exceeded the tensile strengths for the nearest higher applied 
stressing rate at each corresponding temperature. For stress rates > 10-2 MPds, the values 
of N were estimated as 24 at 1260°C and 7.1 at 1370°C. The N values for stress rates 
5 10-2 MPa/s were estimated as 18 and 3.9 at 1260 and 1370°C, respectively. No such 
transition in the dynamic fatigue curve at 1 150°C was observed for selected stressing rates in 
the current study, and the value of N was determined as 98. This fairly high value on N 
indicated that this material was not very sensitive to dynamic fatigue at 1 150°C, in that the 
tensile strength did not substantially decrease with decreasing stressing rate. However, at 
1260 and 1 370°C, the N values lessened and the susceptibility of dynamic fatigue was m e  
substantial. 



Temp. and Specimen 
I.D. 

11 50°C 

5D115 
1D115 
20115 
60115 
3D115 
4D115 
7D115 

126O"C 

1 S126 
251 26 
3S126 
1D126 
2D126 
5D126 
3D126 
401 26 
7D126 
6D126 

1370°C 

1 S137 
2s137 
1D137 
2D137 
3D137 
4D137 
5D127 
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Table 4. Summary of dynamic fatigue results 

Stressing rate 
(MPds) 

37 
1 
0.1 
0.1 
0.01 
0.001 
0.0001 

37 
37 
37 

1 
0.1 
0.1 
0.01 
0.001 
0.001 
0.0001 

37 
37 

1 
0.1 
0.01 
0.001 
0.0001 

Failure stress" 
( M W  

367 
372 
31 1 
338 
322 
320 
34 1 

350 
363 
368 
324 
289 
276 
339 
204 
304 
269 

274 
302 
197 
135 
21 7 
131 
86 

Total strain to failure 
(1-4 

1150 
1270 
1010 
1450 
1980 
1560 
2520 

1250 
1250 --  _ _  
2230 
1810 
3890 
3390 
531 0 
91 30 

1500 

2640 
4070 
801 0 

10320 
12240 

-_  

*Failure strengths scaled to gage section volume of 1108 mm3, a gage section 
diameter of 6.35 mm, and using a room-temperature Weibull modulus equal to 9.0. 
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Fig. 23. Tensile strength as a function of stressing 
rate for PY6 at 1 150, 1260, and 1370°C. 

The shift of N values in dynamic fatigue curves at 1260 and 1370°C implied that there 
was a change of dominant failure mechanism from SCG to creep rupture with a decrease in 
stress rate. An apparent change in failure mechanism was also evident in the stress-strain 
curves from dynamic fatigue tests as shown in Fig. 24. At all stressing rates at 1 150°C, the 
stress-strain curves exhibited an extensive linear portion (with a nearly identical slope) with 
nonlinearity becoming evident just prior to failure; see Fig. 24(a). This shift from linear to 
nonlinear stress-strain behavior reflected compliance changes that resulted from SCG. Similar 
linear to nonlinear stress-strain behavior (with a nearly identical slope in linear portions) was 
also observed at 1260 and 1370°C at the stress rates > 10-2 MPa/s; see Figs. 24(6) and (c). 
However, creep deformation was detected at 1260 and 1370°C at stress rates 2 10-2 MPds 
as considerably longer periods of nonlinearity in the stress-strain curves were present in this 

regime. Nonlinearity also increased with decreasing stressing rate. This entirely nonlinear 
deformation behavior may have resulted from the ongoing accumulation of creep damage 
(cavities and microcracks) during dynamic fatigue testing. Moreover, the failure strains for the 
nonlinear stress-strain curves (5 lo-* MPa/s) at 1260 and 1370°C were substantially greater 
than those for the linear stress-stt'ain curves (> IOm2 MPds). No significant variation of the 

failure strains at all stress rates was observed at 11 50°C. 
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The linear to nonlinear changes in the stress-strain relations described can be 
qualitatively explained as follows. With the assumption that dynamic fatigue tests occurred 
mainly in the first section of the primary creep range, a simplified relationship for stress and 
strain rates based on a time-hardening or strain-hardening formulation was examined:*8 

where & is the strain rate, E is the Young's modulus, 0 is an isothermal constant, and n is the 
creep (or stress) exponent. Integration of Eq. (1 5) generates the stress-strain relationship 
such that: 

0 Don+' 
E (n+ 1)ir . E % - - +  

Note that <T = 6t for dynamic fatigue tests. The first term on the right-hand side (RHS) of 
Eq. (16) is attributed to the instantaneous elastic response of the material. The second term 
on RHS of Eq. (16) is related to the time-dependent creep processes. In the SCG-dominated 
regime, the second term on the RHS of Eq. (1 6) is negligible or makes minor contribution to the 
total strain. This results in linear stress-strain behavior (with a nearly identical slope) that 
was observed at 1150°C as well as for the high stressing rates at 1260 and 1370°C. The 
minor deviation from linearity just prior to failure in these linear stress-strain curves possibly 
resulted from a slight decrease in the elastic modulus due to subcritical crack growth of the 
failure-initiating flaw. 

In the creep-dominated regime, both terms on the RHS of Eq. (16) constituted 
significant contributions to the nonlinear stress-strain behavior observed for low stressing 
rates at 1260 and 1370°C. Firstly, damage accumulation by formation and growth of creep 
cavities and microcracks may have caused a decrease in the elastic modulus and led to an 
apparent nonlinear stress-strain relationship; see ref. 29 for more detailed discussion. The 
reduction in Young's modulus could be as much as a factor of five (ref. 30). Secondly, the 
nonlinear deformation from the second term on the RHS of Eq. (16) could have represented 
the creep processes associated with diffusion, viscous flow, or other mechanisms, or a 
combination thereof. The second term on the RHS of Eq. (16) also revealed the inverse 
relationship between stress rate dnd nonlinear strain {Le., at a certain stress level reached 
during dynamic fatigue testing, low stressing rates would have generated more deformation 
than high stress rates). The experimental results did show this trend for the nonlinear 
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stress-strain behavior present at low stressing rates at 1260 and 1370°C. However, the first 
term on the 8HS of Eq. (1 6) is also implicitly associated with stressing rate. 

These dynamic fatigue results showed that SCG, crack blunting or healing, and creep 
damage generation were competing processes under dynamic loading conditions in the 
temperature range 1150 to 1370°C for PY6. It is likely that these processes were operating 
simultaneously, but one was found to dominate depending on the temperature and dynamic 
loading conditions. SCG of pre-existing flaws dominated failure for all stressing rates at 
1150°C as well as for stressing rates > MPds at 1260 and 1370°C. However, failures 
for stressing rates 2 1 MPds at 1260 and 1370°C were due to creep rupture. The increase 
in failure stress at IO-* MPak at 1260 and 1370°C suggested that the localized defects 
responsible for failures at stress rates 3 MPds were effectively blunted out. Otherwise, 
the strength would have continued to decrease as the stressing rate was lowered. Blunting 
was believed to be due to internal oxidation or creep-induced stress relaxation of crack-tip 
stresses. 

3.5.3 Carnpariss sf Static end Dynamic Fati 

Comparison of static and dynamic fatigue behavior of PY6 at 1 150, 1260, and 1370°C 
is shown in Figs. 25(a)-(c), respectively, with maximum stress plotted as a function of time to 

failure. The maximum stress is equal to the applied constant stress and tensile strength for 
static and dynamic fatigue, respectively. Static fatigue data were discussed in Sect. 3.3. The 
time to failure is the true failure time in static fatigue while in dynamic fatigue, it is set to the 
effective time to failure transformed by Eq. (14) with the application of N values obtained in 
static fatigue. Figure 25(a) illustrates the continuity in the data of static and dynamic? fatigue 
tests at 1 150°C by a single straight line except for 10-4 M P d s  (effective failure time = 37 h) in 
dynamic fatigue. It is implicit by this agreement that the failure mechanisms in static and 

dynamic fatigue at 1150°C are identical. SCG was identified as the prevailing failure 
mechanism in static fatigue of this HlPed silicon nitride at 1150°C suggesting that SCG is also 
the governing failure mechanism for dynamic fatigue at 1150°C. It is speculated khat the 
deviation of the data at 10-4 MPds from the single straight line may reflect the transfer of 
failure mechanism to creep rupture or SCG with enhanced creep-assisted crack blunting. This 
shift in failure mechanism apparently occurred at higher stress sates MPa/s) for 
temperatures 2 1260°C. One might notice the difference in N values, 22 and 98, respectively 
obtained from static and dynamic fatigue tests at 1150°C though SCG was the dominant 
failure mechanism in both fatigue conditions. This deviation could be anri 
statistical nature as only four and six failed specimens were respectively used to determine 
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Fig. 25. Maximum stress as a function of 
time to failure for PY6 at (a) 1150, (b) 1260, and 
(c) 1370°C. 



the N valves for static and dynamic fatigue tests at 1 150°C. However, the agreement of the 
static and dynamic fatigue data described by a single straight Bine in Fig. 25(a), as noted 
previously, demonstrates the general trend of a similar dominant failure mechariisrn (i.e", SCG)  

for both static and dynamic fatigue at 11 50°C. 

At 1260 and 1 370°C, all static and dynamic fatigue data could not be represented by a 
single straight line; see Figs. 25(b) and (c). Two straight lines were required to satisfactorily fit 
all the data separated into two regions. The effective dynamic fatigue failure tiines with stress 
rates I MPds were found to be comparable with the static fatigue failure time [right 
regions in Figs. 25(b) and (c)], which indicated that there was a similarity of failure 
meclianisrns between static fatigue and dynamic fatigue in this stressing rate region. The 
description of the rest sf the dynamic fatigue data, at either temperature, by another strai 
line with different slope [regions on the left in Figs. 25(b) and (c)] implied a change of failure 
mechanism in dynamic fatigue for stressing rates > lo-* MPds at both 1260 and 1370°C. 
Creep rupture was concluded to be the dominant failure mechanism in dyna 
stressing rates I1 0-2 MPds at 1260 and 1370°C. The controlling failiare mechanism in 
dynamic fatigue at stressing rates > 

It may be argued that, unlike the results at 1370"C, all dynamic fatigue data at 1250°C 

could have been fitted by a single straight line instead of being separated into two regions. 
However, neither the previously described macroscopic stress-strain relations nor the 
microstructural analysis results could support this argument. Note that the stress-strain 
curves at 1260°C [see Fig. 24fb)l exhibited considerable nonlinearity for stressing rates 
I 10-2 MPds and remained nearly linear for stressing rates > 10-2 MPa/s. Fractographic 
analysis also indicated that concentrated creep cavities were present in specimens tested at 
stressing rates 5 IO-* MPds and not detected for stressing rates > 1 MPds at 1260°C. In 
general, 1260°C was interpreted as the transition temperature for the change of dynamic 
fatigue failure mechanism from single mechanism (i.en9 SCG) to dual mechanisms SCG or 
creep rupture, depending on stress rate) for selected stressing rates. 

The failure mechanism in dynamic fatigue at 1 150°C was nearly insensitive to stress 
rate and was governed by SCG. At 1260 and 1370°C, the failure mechanism in dynamic 
fatigue became more stressing rate dependent and was dominated by SCG at stressing 
rates greater than lo-* MPds and by creep rupture at stressing rates < 1 0-2 MPa/s. 

The failure life prediction method previously discussed is based on the assumption 
that static and dynamic fatigue failure mechanisms are identical and dominated by SCG of 
similar initial flaws to critical sizes. This assurnption is valid in most ceramics at the 
temperatures where SCG is the major failure mechanism. However, caution is advised in the 

MPds at either 1260 or 1370°C changed to SCG. 
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application of this SCG model to correlate static and dynamic fatigue behavior at elevated 
temperatures where creep processes and crack blunting can compete with SCG. For 
example, the validity of using the linear-elastic fracture mechanics parameter, KI, in the 

expression of crack growth rate needs to be examined. Other parameters such as C*, the 
creep analog to the J-integral, may need to be considered in the description of the crack 

growth rate as stress relaxation occurs around the crack tip due to creep. Moreover, with the 
possibility of creep-assisted flawkrack blunting or healing, creep processes could modify the 
flaw population initially present in the material, thereby eliminating the fundamental basis in 
the SCG model that fatigue failure occurs by subcritical crack growth of pre-existing flaws. 
These factors explain why the correlation of tensile static and dynamic fatigue of PY6 was not 
well defined by using only the SCG model, particularly at temperatures 2 1260°C. Other 
factors such as creep damage and crack blunting need to be implemented to refine the 
correlation between static and dynamic fatigue. 

3.5.4 Slow Crack Growth Versus Creep Rupture 

Being that there were two distinct regions existing in the dynamic fatigue data at 
1260 and 1370°C, it was anticipated that the fracture surfaces would have appeared different 
for each region. In fact, it was found that two different types of features on the fracture 
surfaces were observed in dynamic fatigue specimens at various stress rates. The first 
feature appeared on fracture surfaces containing well-defined mirror, mist, and hackle regions 
for the specimens tested at stress rates > M P d s  at 1260 and 1370°C; see Fig. 26(a). 
Such characteristics were present in all of the dynamic fatigue specimens tested at 1 150°C. 
This was a typical fracture pattern dominated by the SCG mechanism which also appeared 
in the static fatigue specimens tested at 1150°C. The second type of fractographic feature 
was present at lower stressing rates (I MPds) at both 1260 and 1370°C. The fracture 
markings revealed a transition to a small creep damage zone (region of high surface 
roughness) originating from the outer gage section surface; see Fig. 26(6). This transition was 
more evident at 1370 than at 1260°C. At 137OOC and 1 0-4 MPa/s [see Fig. 26(c)], no hackle 
markings were present, which suggested that the true mirror size exceeded the specimen 
cross-sectional dimension. The failures in these specimens likely occurred as a result of the 
coalescence of creep damage followed by the nucleation and growth of creep cracks. 
Moreover, the accumulation process for creep damage appeared to originate from the outer 
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Fig. 26. Typical fracture surfaces 
generated in dynamic fatigue: (a) 37 MPds 
at 1370°C, (b )  MPa/s at 1370°C, and 
(c) MPds at 1370°C. 
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surface where an oxidation scale was created. This suggested that there was an influence of 
oxidation in the damage coalescence stage for PY6. Creep damage zones also occurred in 
the static fatigue specimens at 1260 and 1370°C. 

Detailed SEM examination of fracture origins and cavities along the fracture surfaces 
was inhibited by the presence of an oxide scale created by exposure of the fresh fracture 
surface to the ambient air at elevated temperature at the time of failure. However, a 
secondary fracture surface was generated parallel to the test fracture surface in the gage 
section so as to expose representative creep damage. Fractogmphic analysis of static 
fatigue specimens (see ref. 3) has indicated extensive cavitation along two-grain boundaries 
throughout the gage section volume in static fatigue specimens tested at 1260 and 1370°C. 
No such extensive creep damage was found in static fatigue specimens tested at 1150°C. 
Absence of extensive creep cavities was also noted in dynamic fatigue specimens tested at 
1 150°C, except for M P d s ,  as well as in those tested at 1260 and 1370°C for stressing 
rates > lo-* MPds; see Fig. 27(a). In contrast, extensive creep cavities along the two-grain 
boundaries were observed in the dynamic fatigue specimens tested at MPds and 
1 150°C as well as in those tested at stress rates 5 lo-* MPds at both 1260 and 1370°C; see 
Fig. 27(b). In the creep-dominated regime, cavity size increased with an increase in 
temperature. This was presumably due to the decrease in viscosity with increasing 
temperature. Furthermore, the creep-related damage may have blunted and healed the initial 
defects and restricted their growth. This would explain why the fracture strength in the creep- 
dominated regime (I MPds) at 1260 and 1370°C was greater than the value 
extrapolated from the results of the SCG-dominated regime (> 

In general, the similarity of fracture surface features between dynamic and static 
fatigue specimens supports the argument that dynamic fatigue failures were essentially 
controlled by SCG at 1150°C as well as at stressing rates 5. MPds at 1260 and 1370°C, 
and governed by creep rupture at 1260 and 1370°C for stressing rates 5 MPds. A 
comprehensive discussion of creep damage morphology has been given in a previous study 
on creep properties of this silicon nitride.3 A brief description of the cavitation morphology is 
presented as follows. As shown in Fig. 27(b), the cavities were created along the two-grain 
boundaries and were lenticular in shape. These cavities extended into the silicon nitride 
grains which suggested that the growth mechanism involved solution/precipitation rather than 
viscous flow. Moreover, another common feature noticed on the secondary fracture surfaces 

MPds). 
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Fig. 27. Scanning electron 
micrographs of secondary fracture surfaces 
from specimens tested in dynamic fatigue: 
(a) 37 MPds at 1370°C, no cavitation, and 
(b) lom3 MPds at 137O"C, cavities present 
along with a skeletal pattern of grain 
boundaries on grain facets. 
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for stressing rates 5 lom2 MPds at 1260 and 1370°C was the skeletal pattern of the 
intergranular phase outlining the interfaces between small grain clusters and a single large 
grain; see Fig. 27(b). The formed pattern may have been a consequence of grain separation 
by viscous flow of the boundary phase. Such deformation would lower the local fracture 
resistance of the intergranular phase and provide a preferred path for secondary fracture. 
This microstructural evidence suggested that the primary mechanism in the creep deformation 
was grain boundary diffusion accompanied by cavitation and grain separation by viscous 
flow. 

The suppression of extensive creep cavitation in static and dynamic fatigue 
specimens at 1150°C possibly resulted from the intergranular phase having a high viscosity. 
The inhibition of extensive creep damage (or creep strain) in dynamic fatigue for higher 
stressing rates at 1260 and 1370°C resulted from the fact that the failure time by propagation 
of a single macrocrack was too brief to allow any appreciable creep damage. 

3.6 TENSILE CYCLIC FATIGUE 

3.6.1 Waveform Effects on Fatigue Performance 

The objective of the tensile cyclic fatigue studies was to evaluate the tensile cyclic 
fatigue behavior of P Y6 at 1 150, 1260, and 1370°C using two frequencies and three loading 
waveforms. A direct comparison of cyclic and static fatigue results was used to gain insights 
into effects of loading mode on the failure mechanisms. 

In order to examine the effects of frequency, cycle shape, and hold time at maximum 
stress on the cyclic fatigue behavior, cyclic fatigue tests were conducted under load control 
with a constant stress ratio R = 0.1 (R = minimum stress/maximum stress) with three 
waveforms: (1) symmetric trapezoidal wave at 0.1 Hz (0.5-s ramp and 4 .5s  dwell); 
(2) sinusoidal wave at 10 Hr, and (3) triangular wave at 0.1 Hz. The first two waveforms 
were applied to tests at 1150, 1260, and 1370°C. Initially, strain was recorded only at 
discrete intervals for cyclic fatigue tests with 0.1 -Hz trapezoidal loading due to the uncertainty 
of whether the movement of extensometer probe tips would generate any surface damage on 
the specimen and wear in the pivot points of the extensometer during continuous cyclic 
loading. No strain measurement was taken for the tests with IO-Hz sinusoidal loading due to 
the frequency limitation for operation of the contact extensometers. Only limited tests were 
performed with 0.1-Hz triangular loading at 1260 and 1370°C where strain was monitored 
continuously to provide information about the evolution of macroscopic deformation under 
cyclic loading conditions; more extensive testing and discussion using the triangular waveform 



50 

is found in Sect. 3.6.2. In these cases, no failures were found to be associated with 
extensometer contact. The results of the tension-tension cyclic fatigue tests are summarized 
in Tables 5 through 7. 

Table 5. Summary of cyclic fatigue results far low-frequency, trapezoidal 
waveform. Waveform was 0.1 Hz (0.5s laad and unload, 

4.55 dwell at omax and a,,,), and Fa = 0.1 

Temp. and Specin1en 
I.D. 

260°C: 

1 CFI 26 
4CF126 
6CF126 
2CFI 26 
5CF126 
3CF126 

1390°C 

1 CFi 37 
6CF137 
2CF137 
5CF137 
4CF13T 
3CF133 

275 
300 
31 3 
325 
332 

150 
250 
262 
275 
287 
300 

75 
13'9 
150 
162 
175 
200 

Cycles to 
failure 

329680 
395700* 
21 81 00 

1424 
6 

4221)00* 
110100 
364000* 

23630 
13498 

20 

369600* 
185'700 
30980 

54 
51 
9 

Time to failure 
(h) 

915.6 
1099* 
606 

3.96 
0.017 

1172* 
306 

101 1 
65.6 
37.5 
0.056 

1027" 
51 6 
86 
0.15 
0.14 
0.025 

*Test interrupted; specimen did not fracture. 
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150 
162 
175 
200 

Table 6. Summary of cyclic fatigue results for low-frequency, 
triangular waveform. Waveform was 0.1 Hz and R = 0.1 

14546847* 404.1 * 
3928331 109.1 

35801 6 9.94 
33680 0.94 

I Temp. anfzpecimen 

1260°C 

1 OCF126 
8CF126 
9CF126 

1370°C 

12CF137 
11 CF137 

Maximum stress 
(MPa) Cycles to failure 

250 
275 
275 

100 406600* 
125 414 

*Test interrupted; specimen did not fracture. 

Table 7. Summary of cyclic fatigue results for high-frequency, 
sinusoidal waveform. Waveform was 10 Hz and R = 0.1 

11 50°C 

3HCF115 
2HCF115 
5HCF115 
1HCF115 

1260°C 

1 HCFl26 
4HCF126 
2HCF126 
3HCF126 

6263 
110 
161 

Temp. and Specimen 
I.D. 

1370°C 

4HCF137 
3HCF137 
2HCF137 
1 HCFl37 

Maximum Stress 
(MPa) 

Cycles to 
failure 

Time to failure 
(h) 

1 

300 36000000* 1 ooo* 
31 3 
31 3 
325 

8t 
1004* 

0.001 

287468+ 
361 50000* 

28 

*Test interrupted; specimen did not fracture. 
tFailed at the button-head radius. 
$Failure due to power outage. 
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3.6.1 .I Stress-Life We! aisn for Cyclic F 

Log-log plots of maximum stress versus time to failure for cyclic fatigue tests at 11 50, 

1268, and 1 378"C, respectively, are shown in Figs. 28(a)-(c). Each data point represents a 
single specimen tested to failure. Herimontal arrows in the plots indicate that failure had not 

occurred and that the tests were terminated. The time-delayed fracture behavior in cyclic 
fatigue was apparent as the time to failure for each cyclic waveform increased with decreasing 
stress level. At 1 150°C, no significant cliffererice in lime to failure between trapezoidal and 
sinirsoidal waveforms under the same maximum stress was observed. However, at 
1260 and 1 370"C, the time to failure under the same maximum stress under various loading 
types had the following order: sinusoidal > trapezoidal ;e triangular waveform. These results 
suggest that the cycle-shape dependence of the cyclic fatigue life for PY6 at 1 150 to 1370°C 

increased with increasing temperature. The above comparison did not demonstrate whether 
the high-temperature cyclic fatigue behavior for this material was titme dependent, because the 
cycle shape is different among selected loading waveforms. In the following section, an SCG 

model is applied to provide a first approximation of whether a true cyclic loading effect exists. 

3.6.1.2 Correlation etween Cyclic and Static Fati 

In conventional ceramic fatigue analysis, an SCG model (with a power-law 
relationship between crack growth rate and stress-intensity factor) is widely used for 
estimating fatigue life. With the assumption that all fatigue failures occur from growth of the 
initial flaws to final, critical sizes, the following relations can be obtained for uniform stress 
tests: 

and 

In Eq. 17, tsf is the time to failure for static fatigue under a constant stress, OS; /3 is a constant 
related to initial flaw size and geometry [see Eq. (12) and its discussion for more background]; 
and N is the crack growth exponent. Time to failure in cyclic fatigue, kf, is given in Eq. (18) 
where omax is the maximum stress, z is the cycle period, and f(t) is a function of time 
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associated with the cyclic waveform, such that the applied stress in a cycle can be described 
as a(t) = ornaxf(t). Note that the model predicts that the slopes of the static and cyclic fatigue 
curves are equal. Based on the stress-life relations in Eqs. (17) and (la), a so-called 
"effective" time approach was used to correlate static and cyclic fatigue behavior. The 
effective time to failure for static fatigue was equal to the actual time to failure, tsf. However, 
the effective time to failure for cyclic fatigue is equal to the actual time to failure reduced by a 
factor because only a portion of the loading cycle is spent at the maximum stress in cyclic 
fatigue testing. The effective time to failure for cyclic fatigue can be defined as follows: 

Lf,eff -- - t cf .r-'{j:[f(t)lNdt} . 

Thus, for equivalent values of Gmax and OS, the effective time to faifure in cyclic fatigue is 
equal to the failure time in static fatigue, provided that SCG of similar initial flaws is the primary 
mechanism for all failures. Therefore, making comparisons among the effective times to failure 
under similar maximum stresses aided in assessing whether all fatigue failures were dominated 
by the same SCG mechanism. With the results of such a cornparison, one can obtain a first 
approximation whether or not there existed any cyclic loading effect on the failure mechanism. 

The values of N were obtained from the stress-life relation in static fatigue [see 
Eq. (17)] through a power-law curve fit. Results of static fatigue tests were described in 
Sect. 3.3, and N was estimated to be 22 at 1150°C and 6.4 at 1260 and 1370°C. These N 
values were applied to Eq. (19) to convert the actual failure time to effective time to failure in 
cyclic fatigue. Cyclic and static fatigue results are compared in log-log plots of maximum stress 
versus effective time to failure in Fig. 29. The comparison indicates that the levels of maximum 
applied stress required to generate failures within 1 to 1000 h were greater in cyclic fatigue 
tests (both low and high frequency) than those in static fatigue tests. In this region, the 
effective failure times under cyclic loading were longer than those under static loading with the 
same maximum applied stresses. Phis difference in failure times becomes greater when the 
comparison is made by using the actual cyclic fatigue failure times. 

The difference between static and cyclic fatigue life decreases with increasing stress 
level, as shown in Figs. 29(a)-(c). Although a direct comparison could not be made at high 
applied stresses (failure time less than 1 h) due to the absence of static fatigue data, both 
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static and cyclic fatigue failures, at stress levels near the fast fracture strength, would result 
from SCG of a dominant inherent flaw. Such a transition of dominant failure mechanism from 
creep rupture io SCG in static fatigue at elevated temperatures has been shown in other 
silicon nitrides; see ref. 31 for more detailed discussion. Consequently, the cyclic effective life 
would be closer to the static fatigue life at higher stresses, which is consistent with the SCG 

model approach. However, for stresses well below the fast fracture strength, the static and 
cyclic fatigue life were not correlated by the SCG model, which suggested the existence of a 
true cyclic loading effect. More importantly, the evolution of damage under cyclic loading was 
much less than for static loadin ~ Such behavior at elevated temperatures is opposite of the 
room-temperature fatigue behavior of some ceramics where cyclic loading has a more 
deleterious effect on resistance to fracture than static loading; see ref. 31 for review of this. 
This difference is attributed, at least in part, to the softening of the intergranular phase at 

elevated temperatures where the mechanisms responsible far the detrimental cyclic loading 
effect at room temperature become ineffective. 

Figure 29 also indicated that under the same maximum applied stress, the effective 
cyclic fatigue life for specimens tested at 1260 and 1370°C still had the fallowing order: 
sinusoidal =. trapezoidal > triangular waveform. Phis difference in effective cyclic fatigue life 
between low- and high-frequency tests was as large as an order of magnitude or i-ndlore, 

depending on the applied stress levels. This result implied that cyclic fatigue life for this PM6 
silicon nitride at 1260 and 1390°C is cycle-shape or stress-rate depende~t. Note that the 

maximum stress rates were at the orders of IO', 1 Q2? and 1 O3 MPds for triangular, trapezoidal, 
and sinusoidal loading, respectively. Such dependence of cyclic fatigue life on cycle shape cr 
stress rate might be related to the rate-sensitivity of the viscous characteristics of the 
secondary phase. Apparently, higher frequency or higher stress rate caused less strength 
deg radatian. 

The influence of stress rate on the elevated-temperature damage mechanisms for the 
PY6 material was discussed in Scct. 3.5. The static fatigue failure wcchanisms agreed with 
the dynamic fatigue failure mechanisms if it is argued that the stressing rates in static fatigue 
tests are infinitely slow. At I 1 50°C, SCG was reported as the dominant fai[uae mechanism for 
static fatigue, which agreed with the fact that SCG was sesponsible for all the dynamic fatigue 
failures regardless of the stressing rate. At 1260 and 1370°C, static fatigue failures were 
dominated by creep rupture which also controlled the  dynamic fatigue failures at s b w  

stressing rates (< 1 0-* MPds) The absence of extensive creep damage at 11 50°C in both 
static and dynamic fatigue was believed to be a conscyuence of the increased viscosity of 

the intergranular phase The stressing rates in cyclic fatigue tests were so high that their 
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failure mechanisms were different from those in static fatigue, particularly at 1260 and 1 370°C' 
as supported by the dynamic fatigue results. 

The apparent N values (> 80 at 115O"C, > 40 at 1260°C, and > 23 at 1370°C) in 
cyclic fatigue are much greater than those in static fatigue, which suggested that the failure 
mechanisms were different between static and cyclic fatigue. The N values estimated fmn 
dynamic fatigue data were 98 for all applied stress rates at 1150°C; 24 and 7.1 for stress 
rates > 10'2 MPds at 1260 and 1370"C, respectively; and 18 and 3.9 for stress rates 
5 10-2 MPds at 1260 and 1370"C, respectively. Except at 1 150"C, where the N values of 
cyclic and dynamic fatigue were comparable, the N values of cyclic fatigue at 1260 and 
1370°C were also greater than those in the SCG regime (stress rates > 10-2 MPa/s) of 
dynamic fatigue at 1260 and 1370°C. The differences in N values implied that the failure 
mechanisms andor crack growth mechanisms for cyclic loading and monotonic loading 
(including static loading and constant stress rate loading) were not identical. 

The IoadincJunloading in the cyclic fatigue tests appeared to inhibit the creep damage 
nucleation and accumulation process, in particular at 1260 and 1370°C, and decrease the 
crack growth rates thus allowing greater stresses to be sustained for similar failure times. This 
is supported by the cyclic stress-strain and strain-time behavior which will be discussed 
next. 

3.6.1 -3 Fast Frequency Hysteresis 

Only discrete cyclic stress-strain behavior was recorded for tests under 0.1 -Hz 
trapezoidal loading at 1 150, 1260, and 1370°C. The typical cyclic stress-strain behavior for 
these cases is shown in Fig. 30. For all applied stress levels at 11 50 to 1 370°C, the cyclic 
stress-strain behavior remained linear to the final few cycles prior to the failure of specimens. 
Moreover, the elastic modulus did not significantly change during cyclic fatigue testing. 
Previous studies have indicated that damage accumulation by formation and growth of creep 
cavities and microcracks could cause a progressive decrease in Young's modulus and lead to 
an apparent nonlinear stress-strain relation; see ref. 31 for review. Therefore, the absence of 
measurable hysteresis in the cyclic stress-strain response implied that little, if any, creep 
cavitation or microcracking would occur during cyclic fatigue testing at 0.1 -Hz trapezoidal 
loading. This was supported by the monotonic tensile stress-strain behavior in dynamic 
fatigue tests. At 1260 and 1 370°C, nonlinear stress-strain behavior prevailed at stressing 
rates 510-2 MPds where creep rupture was the dominant failure mechanism. When the 
stressing rates became greater than 10-2 MPds at 1260 and 1370"C, the stress-strain 
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Fig. 30. Cyclic stress-strain behavior of PYG at 
0.1-Hz trapezoidal loading at 1260°C: with stress of 25 to 
250 MPa. 

response was linear, and SCG was the dominant failure mechanism. At 1 150°@, the tensile 
stress-strain CIIWCS under all stressing rates (from to 37 MPds) exhibited linear behavior 
(with nearly identical slopes), and SCG was ihe prevailing failure mechanism. 

Although a hold time at rna i rnunr  stress was applied in each cycle during the 0.1 - P k  

trapezoidal loading, no measurable stt ain increment was observed dut i~g the  4.5s dwell at 

maximum stress. Apparently, the hold lime at rnaxia’ilum stress was shor?er than the 
characteristic tima constant far the rate sensitivity of deformation of the viscous intetgranidbr 
phase, and no signif~rmt creep strain was generated; this observation was consistent with 
tl-aa 0.7-h telaxation time constant d&mined and described in Sect. 3.4.1. If the  hold time at 

t-naximurn stress or the cycle period was comparable with such a charac-teristic time constant, 
the true cyclic loading effect might have disappeared, and the prediction of the cyclic fatigue 
life from the static fatigue data might have been possible. This characteristic time constant is 
dependent on the viscosity of the intergranular phase and the elastic modulus of the material. 

A limited numlw- of cyclic fatigue Zests were conducted under 0.1 -1-k triangular loading 
at 1260 and 1390°C with the extensometers in continuous contact with the specimens for the 
entire tests. In these tests, not only the cyclic slress-strain response but also the strain-time 
history was obtained. Siriiilar to the results generated at 0.1 -Hz trapezoidal loading, the cyclic 
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stress-strain behavior obtained urlder 0.1 -Hz triangular loading was also free of hysteresis 
and remained linear to the final few cycles before failure. Such similarity in cyclic stress-strain 
response between trapezoidal and triangular loading suggests that the loadinglunloading 
procedure in cyclic fatigue tests appears to inhibit the nucleation andlor growth of creep 
cavities and microcracks no matter what waveform is applied. 

The typical strain-time relation for a cyclic fatigue test (0.1 -Hz triangular loading with a 
maximum stress of 100 MPa) compared to strain-time histories of static fatigue tests at 1370°C 
is shown in Fig. 31. The strain-time curve plotted in Fig. 31 for the cyclic fatigue test was 
taken at the minimum stress level with additional short, discrete “vertical” segments which 
represent the cyclic stress-strain response at that particular time. The upper peak of each 
segment is the corresponding strain at the maximum stress. Since the cyclic stress-strain 
behavior was linear throughout almost the entire cyclic fatigue test, using other strain values 
(e.g., those corresponding to the mean or maximum stress level) as the reference strain in 
strain-time history would simply translate the strain-time curve along the strain axis but would 
not alter its slope. In Fig. 31, the cyclic fatigue strain-time curve showed a pronounced 
steady-state regime (or minimum strain rate regime) and the absence of a tertiary regime as 
compared to the short steady-state regime and dominant tertiary regime in the static 
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fatigue tests. The absence of the tert-tiaiy regin-rc provided more evidence for the conclusion 
that the normal damage accurnulation process in static fatigue was interrupted by the 
loading/unloading steps in cyclic fatigue. 

Although stress-strain hysteresis was not observed during cyclic fatigue testing, an 
extensive amount of strain ratchetting was found; see Fig. 31 I Note that strain ratchetting here 
refers to the  time-dependent progression of the cyclic stress-slrain curves along the strain 
axis. Creep deformation under a tensile mean stress was the first speculation as the 

mechanism responsible for this strain ratchetting. As shown in Fig. 31, ai the early stage of 
the strain-time history, the cyclic fatigue curve (mean stress = 55 MPa) fell between the two 
static fatigue curves (applie stresses = 50 and 60 MPa, respectively). This seems to agree 
with the postulation. However, as no tertiary regime occurred under cyclic loading, the cyclic 
fatigue curve eventually fell below the static fatigue curve with an applied stress of 50 MPa, 
suggesting the mechanisms controlling the process of damage accumulation for static and 
cyclic fatigue were different. More discussion on this phenomenon will follow in Sect. 3.6.2. 
More evidence supporting this conclusion is presented in Fig. 32 where minimum strain rate 
was plotted against applied stress in Iog-log base for both static and cyclic fatigue (0.1-Hz 
triangular loading) tests. The minimum strain rate for cyclic fatigue was defined as the minimum 
degree of increase in the strain corresponding to the minimum stress level throughout the test. 
The mean stress was used as the abscissa for the cyclic fatigue tests in Fig. 32. Fitting the 
data given in Fig. 32 to a simple power-law relation between minimum strain rate and applied 
stress (em,, T= I%cr", A is a constant) yields the following n values: n = 19, 5.6, and 4.4 for 

static fatigue at 1 150, 1260, and 1 370°C, respectively, while n = 22 and 10 for cyclic fatigue 
tests at 1260 and 1 390"C, respectively. The significant difference in the corresponding stress 
exponent values betvveen static fatigue (n I= 5.6 and 4.4) and cyclic fatigue (n = 22 and 10) at 
1260 and 1390°C indiczted the damage mechanisms were different for these two loading 
histories. Therefore, creep was not believed to be the primary damage mechanism leading to 
the final failures in cyclic fatigue specimens. The similarity of high n values between static 
fatigue at 1150°C (n = 19) and cyclic fatigue at 1260 and 1390°C (n I= 22 and 10, 
respectively) suggests a darnage accumulation process analogous to SCG was the dominant 
failure mechanism for cyclic fatigue. Note that the strain-time curves for static fatigue at 
11 50°C also had a dominant steady-state regime; see Sect. 3.3. In this sense, the observed 
strain ratchetting for cyclic fatigue at 1260 and 1370°C might have actually reflected 
compliance changes that resulted from the subcritical extension of a localized damage zone in 
a manner similar to SCG. 
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Fig. 32. Comparison of minimum strain rate for static 
and cyclic fatigue of PY6 at 1 150 to 1370°C as a function of 
static or mean stress. 

The minimum strain rates at high applied stress levels were higher unba cyclic ,ading 
than those under static loading when comparison was made using mean stress for cyclic 
fatigue, as shown in Fig. 32. However, if maximum stress was employed for the comparison, 
the minimum strain rates would have been lower in cyclic fatigue compared to static fatigue, 
which agreed with the stress-life characteristics previously described. Note that using 
maximum stress as the abscissa for cyclic fatigue tests in Fig. 32 would not have changed the 
slope (stress exponent) but rather would have translated the curves horizontally toward the 
right along the stress axis. Therefore, in this case, making comparisons of stress exponent 
values would have been more useful in examining the identity of failure mechanisms between 
cyclic and static fatigue. 

A Monkman-Grant plotlo [ t, = C(E,,)-m; C is a constant] of the minimum strain rate 
versus time to failure indicated distinct curves for each test temperature of 1260 and 1370°C 
regardless of loading history, as shown in Fig. 33. The values of m, estimated from the data in 
Fig. 33, are approximately 1.5 and relatively independent of temperature. The agreement of 
cyclic and static fatigue data fitted in the Monkman-Grant relationship implied that stress may 
not be an appropriate controlling parameter for the correlation of static and cyclic fatigue life at 
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Fig. 33. Comparison of Monkman-Grant-type 
relations for static and cyclic fatigue of PY6. 

elevated temperatures. However, this agreement appeared to contradict the fact that the 
failure mechanisms in static and cyclic fatigue were different. More microstructural evidence for 
the different failure mechanisms in cyclic and static fatigue is given next. 

3.6.1.4 East Frequency icrostrlectural Changes 

Typical fracture surfaces of cyclic fatigue specimens tested at 1 150, 1260, and 1370°C 
are shown in Figs. 34(a)-(c), respectively. At 1 150"C, the fracture surfaces contained well- 
defined mirror, mist, and hackle regions; see Fig. 34(a). A region of apparent SCG from a pre- 
existent defect was also identified within the mirror region. All of the cyclic fatigue failures at 
1150°C were related to pre-existent flaws located in the volume or at the surface. Even 
though both statie and cyclic fatigue failures at 1 150°C were due to subcritical crack extension 
of pre-existent flaws, the comparison of stress-life relations implie that crack propagation 
rates were less in cyclic loading than in static loading. The lesser damage caused by cyclic 
fatigue relative to static fatigue in ceramics at elevated temperatures might be related to the 
viscous intergranular phase; this will be discussed more in Sect. 3.6.2. For example, the 
effect of bridging the crack surfaces by the viscous intergranular phases could be more 



63 

ORNL-PHOTO 10593-95 

Fig. 34. Typical fracture surfaces 
of cyclic: fatigue (0.1 -Hz, trapezoidal 
waveform) specimens tested at 
(a) 1 1 5OoC, omax = 275 MPa, tcf = 91 6 h; 
(b)  1260°C, omax = 250 MPa, tcf= 
306 h; and (c) 1370°C, BmaX = 150 MPa, 
tcf = 86 h. 



64 

pronounced in cyclic loading than in static loading under certain conditions.32 Because of the 
inability of the viscous ligaments behind the crack tip to relax during the high-frequency 
cycling, the effective stress-intensity factor at the crack tip is larger iislder static loading than 
for cyclic loading with a high frequency or a short hold time at maximum applied stress. In this 
sense, the crack growth rate is lower in cyclic loading than in static loading, Lower crack 

growth rates in cyclic hading over static loading with the samc maximum applied stress- 
intensity factor at elevated temperatures have been reported in other ceramics; see ref. 31 for 
review. 

Far cyclic fatigue specimens tested at 1260"@, the fracture surfaces still showed the 
mirror-mist-hackle feature with failure originating from the sutface. Only a couple of specimens 
tested at the highest applied stresses clearly showed the internal pre.cxistent flaws as the 
fracture origins. The majority of the specimens had surface-initiated failures, but no clear 
fracture origins, such as pre-existent defects, could be identified [see Fig. 34(b ) ]~  A possible 
explarration for this pheniornenon is that at temperatures L 1260"C, the  oxidation rate 
increased as evidenced by the outer, darkor rings on the fracture surfaces shown in 

Figs, 34(b) ard (c)? thereby providing preferred sites for fracture initiation. As observed in 
other silicoil nitrides [see ref. 31 for review], oxidation G O L J ~ ~  have increased the strength b \I 
rounding or blunting pte-existent flaws or decreased the strength by producing new Slaws 
such as bubbles, pits, and microcracks in the oxide scale. The effects of oxidation process 
and products on the xnedaanical properties are related to such complex factors as impurities 
and sintering aids, temperature, duration of oxidation, loading conditions duririg nxidaiion, and 
others; see ref. 31 for review. Being that mast of the cyclic fatigue fai!ures at 1260°C were 

initiated at or near the surfaces and their origins could not be clcarly identified, it was 
speculated that oxidation effects generated the failure-causing defects. 

The fracture surface features of cyclic fatigue specimens tested at 1370°C look siani!ar to 

those generated at 1268°C except the niitmr regions were larger due to the lower applied 
stresses; see Fig 34(6;). In addition, a small damage zone with greater roughness was 
observed within the mirror region on the fracture surfaces of a few cyclic fatigue specimens 
tested at 1370°C. Macroscopically, thc feature of this small damage zone does not look like 
that of the SCG region at 11 50°C but is similar to the larger creep damage z ~ n e  previously 
identified for the static fatigue specimens testcd at 1260 and 1370°C. However, 
microscopically, no extensive creep cavitation (lenticular, two-grain cavities) was dctectsd 

throughout the gage sections of cyclic fatigue spccimeris tested at 1158 to 1370°C; 
regardless, it is believed that the strain rachetting was acficrnrnodated by muiligrain junction 

cavitation. This was one of the major differences in the microstructure between the failicxj 
static and cyclic fatigue specimens, in particula at 1260 and 1390°C; see Figs. 35(aj and (b).  
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Fig. 35. Comparison of microstructures 
of specimens tested at 1370°C in (a) static 
fatigue, (TS = 75 MPa, tsf = 90 h, cavities 
present; and (6) cyclic fatigue, Omean = 
75 MPa, tcf = 516 h, no cavities present. 
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'The originatian of this small damage zone from the  surface once again implies that surface 

oxidatbn might make some contributions to the fatigue failures at 1260 and 1370°C. 

Based can these obsewed features of fracture surfaces and microstructure, a damage 
aecumllilation process analogous to SCG WBS detemiiincd to be the dominant failure 
mechanism for cyclic fatigue at 1260 and 1378°C. This damage accurnubatitnti process might 

have involved the subcritiml extension of a localized damage zone originating from the 
surfacc, where oxidation-assisted damage or oxidationmodified pre-existent flaws would 
have provided favorable sites for crack nucleation. The difference of microstructural 
observations in cyclic and static fatigue was consistent with the macroscopic observations 
that cyclic fat:gue data, generated at 1260 and 137O"C, demonstrated significantly higher 
values of crack grswth exponent, N, and stress exponent, n,  over those generated by static 

fatigue loading at the same temperat~ires. 
The fact that cyclic fatigue specimens did nsl dsplay sucli extensive creep cavi:ies 

as observed !Q the static fatigue specimens tested a% 1266 and 137'0°C agreed with the 

characteristics of stress-life and strain-time resuits. Although the exact cjjclic fatigue 
nrechanisms a: 1260 and 1378°C are not clear at the present, unloading in each cycle 

appeared to play an important role in either suppressing development of creep clamr,ye or 
retarding the accumulation of creep deformation. In Sect. 3.3, solution- Qrecipitatisn of the 

e ic the intergranular phase mas suggested as the mechanism for the development 
of cavities with lei-8ticuBar shape along two-gaairr boundaries in PY6 static creep tssted at 
1260 and i 370°C. The driving force for a typical solutlss7-precipa~~~~~~~ mechanism is related Bo 
the deviatoaic stress (which is the appiied stress in uniaxial loading condition); see ref. 31 for 
review. It is possible that the endurance of such a driving force !?I each loading period was 
not long enough for ntjdeatiom andor growth of cavities for selected cyelie loading conditions. 

ll-iis might h a w  resulted from relaxation of local stress concentration at potential sites for 

cavity d~ve!opment and recovery of viscoelastic deforrnation dusing i~nloadil-ng. 4s mentioned 
earlier, unloadia-:g would have also enhanced the crack surface bridgiag effect sf the viscous 

intergranular phase and reduced the crack growth rate in cyclic fatigcee loading. 
Crystallization of the intergranular giass at elevated temperatures can also iniluefice 

the creep proqedics in ceramics. This efiect is attributed to changes in the volurtie fraction 
and viscosity of fhe grain boundary glass; see ref. 31 for revmv. In particular, if creep 
occurred either hy a solkntion-pic@jpitation process or by viscous flow, then a gradual 
decrease of the amount of glass accompanied by a continuoi~s increase of the viscosity in the 
intedacia! phase would haw enhanced the creep resistance. As a cornplets devitrification of 
the interfacial glass was rarely observed in siileon nitridas, this ciystallization process will 
cxxitinuously alter the composition of retained interfacial glass during creep. Although the 
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intergranular phases in the triple-point grain junctions of the as-received PY6 specimens were 
a form of crystalline yttrium silicate, the two-grain boundaries were composed of relatively thin 
layers of an amorphous yttrium silicate. However, the influence of devitrification on the creep 
properties of PY6 silicon nitride might be a secondary factor as supported by the presence of 
pronounced steady-state and tertiary behavior in the strain-time curves of static fatigue 
results; see Sect. 3.3. In order to better quantify possible time-dependent and stress-state- 
dependent variations in grain boundary crystallography, more systematic experiments and 
TEM analyses are necessary for future work; however, PY6 is no longer commercially 
available, so this work would have to be conducted on another material. It is important to 
understand how and to what extent the devitrification affects the rate of deformation during 
creep and how the loading mode, in particular cyclic loading, influences the effective response 
of the intergranular phases in this HlPed silicon nitride. 

3.6.2 Interaction of Creep and Fatigue 

The waveforms and frequencies discussed in Sect. 3.6.1 showed no hysteresis on 
loading and unloading, yet strain rachetting was observed. An effort was made to continue 

with the cyclic loading studies, but the frequency was decreased (while restricting it to 
triangular waveforms) and the loadinghnloading rate was controlled (to take advantage of the 
data generated from the dynamic fatigue work described in Sect. 3.5) to more methodically 
examine the interaction between creep and cyclic fatigue. Motivation existed to model the 
cyclic creep behavior by examining the utility of extending values and parameters generated 
from static creep and strain relaxation tests to predict cyclic loading response. The ultimate 
goal was to be able to take advantage of the more extensive static creep data bases to 
predict cyclic creep response via an appropriate model. 

The methodology for this effort consisted of four subefforts: (1) extracting data that 
were previously generated on PY6 with static creep and strain relaxation tests, (2) describing 
how an existing empirical model for static creep was modified to accommodate dynamic or 
cyclic loading, (3) predicting the cyclic creep response using information from the static and 
strain relaxation test sources, and then (4) comparing it with experimentally generated cyclic 
creep respanses. Stemming from this work, important insights were made with regard ta the 

role of the anelastic secondary phase on the cyclic creep performance. 
Tension-tension cyclic tests were conducted at 1370°C in ambient air (40 to 60% RH 

and 25°C). A triangular waveform was used in all tests with om,rJomax = R =0.1 and 
G m a  = 100 MPa. Specimens were loaded at one of several frequencies {or stressing rates) 
that varied over several orders of magnitude. Test frequencies were 0.1, 0.0056, 0.00056, 
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0.000656, and 0.0000056 Hz, which corresponded to stressing rates of 18, 1, 0.1, 0.01, and 
0.001 MPds, respectively. 

ificatisn of the Pa0 and 

The empirical Pao and Marin (PM) andel33 was chosen as the basis because it was 
already in a form that could readily accommdate variable stressing in its prediction of creep 
strain. In the PM model, the total isothermal strain (Eti) at any time is composed of three 
independent terms: the elastic strain (&e), the anelastic or transient or recoverable nonelastic 
strain (Ea), and the plastic or nonrecoverable strain (EP). This is represented by: 

where 

and 

0 

where 0 is the applied stress; E is the Young's Modulus; a is a variable that is equal to the 
inverse of the relaxation time constant which, in turn, is representative of the viscoelastic 
behavior; and C1 and @2 are constants. Equation (22) was proposed by Pao and Marin 

because they argued that the transient or anelastic strain is not proportional to the stress, but 
to stress raised to some power. In addition, Pao and Marin acknowledged in Eq. (22) that the 
anelastic strain rate decreases with an increase in the anelastic strain and approaches zero 
when the anelastic strain reaches an asymptotic value. From Eq. (22), the relation containing 
Ea can be rewritten for any function of stress that is dependent on time as: 

where F(t) can be used to represent any time-dependent function of stress. Equation (24) is 
a first-order differential equation, and the solution can be obtained using Laplace transforms. 
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The solution is: 

t 

0 
Ea = Q C1 F(t-5) e - g  65 , 

where 5 is the shift or translation time (a property of the Laplace transform). The solution to 
Eq. (23) is simply: 

t 

0 
~p=j:p d t=C2  $ondt . 

For static creep (CT = constant), the PM model represents the total creep strain as: 

This model may ultimately be used for static, dynamic, and cyclic stressing, as long as the 
correct time dependence of stress is employed. The PM model predicts that the total strain as 
a function of time [combining Eqs. (21), (25), and (27)] for any static or nonstatic stressing 
condition is: 

t t 

0 0 

CT 
Et' = E + a C1 .f F(t-5) emat dT; + C2 on dt , 

Equation (28) simplifies to Eq. (27) when a constant stress is applied. 
The PM model represents the plastic component of creep as being linearly dependent 

with time (Le., a viscous-like, permanent creep response that ultimately represents steady- 
state creep). As shown in Fig. 36, the plastic component of creep is not linear with time for 
this material, as reflected by the slope of the strain-time plot. Furthermore, the plastic 
component of creep constitutes a significant contribution to the total creep strain, especially at 
long times. Figure 20 showed that the magnitude of the total recovered anelastic strain, &am, 

becomes more insignificant as the total creep strain increases with time. This is an important 
observation because it reveals that the plastic strain eventually becomes the dominant 
contributor to the total strain at 1370°C in PY6 silicon nitride. A time exponent not equal to one 
and the eventual dominance of the plastic strain on the total creep strain amplify the error 
associated with the assumption that the plastic strain is linearly dependent with time. To 
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Fig. 36. The plastic component of creep was 
dependent on time to an expanent less than one. No single 
constant can be multiplied by the factor t1 and still satisfactorily 
describe the experimental data throughout the duration of the 
test. 

address these issues, the MP model was modified by introducing a time exponent (m) 
parameter into the plastic strain term [Le., the third term in Eq. (28)]. The modified Pao and 
Marin (MPM) model then is presented as: 

where Et now represents the total strain for any time. The modified plastic term in Eq. (29) will 
be referred to as Epm. In addition, a different stress exponent (n') for the modified anelastic 
strain (Earn) was also introduced to account for the possibility that the stress exponent for the 

anelastic strain term may not be the same as that for the plastic strain term. As an example of 
this for the case of an applied static stress, n' f n in the second term of Eq. (27). Qualitative 
descriptions of the independent elastic, anelastic, and plastic components for the MP and the 
MPM models are schematically shown in Fig. 37. 
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Pao and Marin Representation: 

Modified Pao and Marin Representation: 

Fig. 37. The plastic term in the Pa0 and Marin model is linearly 
dependent with time [m = 1 in Eq. (29)] while it is dependent with time raised 
to some exponent [m < 1 in Eq. (29)] in the modified Pao and Marin model. 

3.6.2.2 Creep During Cyclic Loading 

Data obtained from strain relaxation testing need to be incorporated into the analysis. 
The relaxation time constant, q, was known from Sect. 3.4.1, and a, n‘, and the constant C1 

were subsequently determined. Alpha, a, is simply the inverse of q (Le., a = l/q); q =: 

0.7 h = 2500 s so that a = 1.4 h-1 = 0.0004 s-l. C1 was determined to be 2.6 x 10% using 
the information in Fig. 19 and Eq. (25). These obtained values for a, n’, and C1 were used in 

Eq. (29) for all analyses. 
The strain-time histories for the five cyclic fatigue tests are shown in Fig. 38 and 

compared with previously generated static creep histories. The test matrix, number of cycles, 
and times to failure are listed in Table 8. As the frequency was slowed, the general trend was 
toward more extensive total creep strain. Specimens PY6-1 and PY6-2 were tested at the 
two fastest frequencies, and their strain-time histories fell between the range of the static 
creep histories of specimens tested at 50 and 60 MPa. The average tensile stress of the 
triangular waveform used in this study was 55 MPa, so it is not altogether surprising that the 
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Fig. 38. Strain4 e histories of cyclic fatigue (CF) 
tests are compared with static fatigue (SF) strain histories. 

Table 8. Test matrix and cyclic fatigue results. Triangular waveform described by 
R = 0.1 and om,, = 100 Mpa 

*Test interrupted; specimen did not fail. 
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strain-time histories of at least some of the tested specimens fell within this range. Specimens 
PY6-3, PY6-4, and PY6-5 exhibited more total creep than the static creep test at 60 MPa, 
even though their average stresses were still 55 MPa. 

To determine the values of the parameters associated with Epm, multilinear regression 
(MLR) was employed on static creep data previously generated on PY6. MLR on creep 
strain as a function of stress and time was performed on the natural logarithm of the integrand 
in the third term in Eq. (29) or, 

In(&pm) = In(C2) + n h(o) + m In(t) , (30) 

for four static creep stresses of 50, 68, 75, and 100 MPa. It was determined that C2 = 

0.000104, n 2: 3.256, and m = 0.324. It was noteworthy that the stress dependence on the 
total creep strain was found to be 3.256, while the stress dependence on the minimum creep 
rate was previously determined to be 4.7 for PY6 at 1370°C, as described in Sect. 3.3. The 
time exponent of 0.324 is quite close to the one-third predicted by the classical Andrade 
analysis.34 The experimental data and the fitted curves are shown in Fig. 39. Even though 
the total strain is plotted as the ordinate in Fig. 39, the use of it (versus just the plastic strain) 
does not affect the slope determination of the plastic creep time exponent (Le., m) on the log- 

log plot because the elastic and aneiastic contributions are small and effectively constant over 
the life of the test. These three values of C,, n, and m were used in Eq. (29) for analyses. 
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Fig. 39. The variables C2, n, and m were determined 
from multilinear regression of total creep strain versus time from 
static creep histories. 



The MPM mode9 described by Eq. 429) was used to numerically fit the experimental 
data. The values of the parameters used in the analysis were: Q = d/q = 0.0004 s-1, 

C1 = 0.0026/a, n' = 1 ,  E = 308 GPa (435 x los psi), C2 =: 0.Q00404, n = 3.256, and 
m = 0.324. As an illustrative example, Figs. 40(a) and (b )  show an arbitrary triangular 
waveform and the prediction of elastic, anelastic, and plastic strain, and their sum, for one 
cycle of an arbitrary triangular waveform. Units of MPa and !LE (or prdm) were used 
consistently throughout the analysis. 
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plastic, and total strain are predicted (b) for one 
cycle using Eq. (29). 
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The predicted fits for the five specimens tested in this study are shown in Fig.41 
along with the experimental creep strain-time curves. The experimental cyck creep curves 
exhibit continued increases in their total strain indicative of creep-rachetting behavior.35 A 
large discrepancy between experimental and predicted cyclic response was observed at 
shorter frequencies or faster stressing rates. This discrepancy lessened as the test 
frequency was decreased, but it remained substantial for stressing rates equal to and above 
0.1 MPa/s, as shown in Figs. 41(a)-(c). The magnitudes of total creep strain predicted for 
(9.01 MPds were approximately equal to those of the experiment, as shown in fig. 41(d), 
although the creep rates were dissimilar throug~o~t  the test duration. The prediction of the 
cyclic creep response was quite good for the 0.001 MPds test, as shown in Fig. 41 (e). The 
predicted total creep strain profile was coincident with the experimental data up to 
approximately 175 ki, but the overall increase in the experimental creep rate after 175 h 
suggested an onset of tertiary creep. Tertiary creep behavior is a phenomenon that is not 
addressed in the MPM model. 

A reason why the MP model overpredicts the cyclic creep strain at faster test 
frequencies and stressing rates is in connection with the changing nature of the material's 
elastic stress h i t .  The elastic limit is a function of the stressing rate for PV6 sikon nitride and 
decreases with decreasing stressing rate at 1370°C. The present reference to an "elastic 
lirnif" is somewhat of a misnomer because at elevated temperatures where anelasticity is 
active, the strain limit describing the onset of nonlinearity is due to elastic plus anelastic 
effects;36 however, for the sake of convenience, this limit in the present study is referred to as 
the "elastic limit." 

To illustrate the stressing rate dependence on the elastic limit, the first 88 
0.88% strain) of Fig. 24(c) are shown in Fig. 42, Four of the five stressing rates shown match 
rates used in the present cyclic fatigue study; 37 MPds was included as a comparison to 
show a faster stressing rate response. Although it is somewhat of a subjective determination, 

e effective elastic limit is somewhere between z 80 to 100 MPa for 1 MPds and as low as 
z 30 MPa for 0.001 Pds. Note that these stressing rates were used in the cyclic fatigue 
tests for specimens PY6-2 and PY6-5, respectively. The MPM model predicts a plastic 
c o n t r ~ ~ ~ t ~ o ~  to the total strain for a// stresses during each cycle; whereas in the experimental 
case, there may only be a plastic strain contribution for stresses above the elastic limit for that 
corresponding stressing rate. For cyclic tests PY6-1, PY6-2, an PY6-3, the frequencies or 
stressing rates were fast enough that there was not an appreciable amount of time above 
the elastic limit for each stressing rate to accumulate the total strain predicted by the MPM 
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Fig. 41. Experimental cyclic creep strain as a function 
of time is compared with data predicted using the MPM model 
for specimens (a) PY6-1, 0.1 Hm, 18 MPds; (b)  PY6-2, 

(d) PY6-4, 0.000056 Hz, 0.01 MPa/s; and (e) PY6-5, 
0.0000056 Hz, 0.001 MPa/s. 

0.0056 Hz, 1 MPa/s; (c) PY6-3, 0.00056 Hz, 0.1 MPa/s; 
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Fig. 42. The elastic limit of PY6 silicon nitride is a 
function of the stressing rate. As the stressing rate is 
decreased, the elastic stress limit decreases and plastic creep 
occurs at lower stresses. Curves shown are taken from 
Fig. 24(c). 

model. This lack of acknowledgment of the elastic limit will cause the MPM model to 
consistently overpredict the total cyclic creep strain at faster frequencies or stressing rates, At 
the slower stressing rates of 0.01 and 0.001 MPa/s, the relatively low elastic limit, coupled 
with the long times that the stress in each cycle is in excess of it, results in more 
representative predictions of total cyclic creep strain. 

Instead of a critical or elastic stress limit argument, the perspective of a critical strain to 
explain the cyclic creep behavior also may be used. In this case, plastic strain only 
accumulates if &am is saturated or reaches some threshold anelastic strain (Le., ~ppm increases 
only if Earn = Ea' or Earn = constant Ea'). The basis for this comes from at least two sources. 
In Sect. 3.6.1, it was experimentally found that cyclic loading at 0.1 and 10 Hz at 1370°C 
always yielded less accumulated creep strain and longer lifetimes than static loading at 
comparable stresses. It was speculated that the viscoelastic or anelastic nature of the 
secondary phase acted in concert with the fast cyclic loading and unloading to slow the normal 
accumulation of creep damage. In a second study, cavitation (a permanent or plastic damage 
mechanism) was shown to account for as much as 85% of the total creep strain;37 however, 
the attainment of a small amount of accumulated strain was necessary before cavities were 
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detected. Both these studies support the daim that a critical strain (in this case, an anelastic 
strain) needs to be attained in order for plastic deformation to become active. This critical 
strain may indeed be stress dependent in a similar fashion to the dependence of Ea' on the Acr 

from the strain relaxation studies discussed in Sect. 3.4.1. If the anelastic strain is saturated, 
then no more anelastic strain can be accommodated, and high local stress intensities may 
develop which act to nucleate cavities. The MPM model does not take into account that the 
onset of plastic deformation requires a threshold of anelastic strain to be met; consequently, it 
will overpredict the plastic strain at faster frequencies or stressing rates where the critical strain 
is not attained. Indeed, there is some accumulation of plastic strain evident in Figs. 41 (a)-(c) 

for the faster frequencies; therefore, for this argument to be valid, an anelastic strain threshold 
must have been met for each cycle although the corresponding accumulation of plastic creep 
was relatively small. Of the arguments based on the plastic strain first requiring the 
attainment of a critical stress or strain, the latter is more versatile because it can more easily 
recondle plastic deformation under fast-frequency cyclic and static loading conditions. More 
detail on this discussion may be found in ref. 38. 

3.7 FLEXURAL DYNAMIC FATIGUE 
3.7.1 Motivation of Testing in Air and Inert Environments 

From Sect. 3.5, SCG was reported as the dominant mechanism at stressing rates 
greater than or equal to 10-i MPds, while the evolution of a damage region was the time- 
dependent failure mechanism when the stressing rates were slower than or equal to 

10-2 MPds. This damage region was examined on tensile creep-rupture specimens tested at 
1370°C described in Sect. 3.3. The failures were reported to initiate at the surface of the 
specimen, suggesting that oxidation was associated with its formation. In Sect. 3.3, this 
mechanism was referred to as a creep damage zone; however, this terminology is misleading 
for it was likely that its formation was also a result of oxidation effects. The formation of this 
damage zone was recreated in flexural dynamic fatigue testing at 1370°C, and it became 
defined as a stress-corrosion cracking (SCC) damage zone and includes the sum of all effects 
that result from stress and oxidation or corrosion. 

The present effort specifically examined the relationship between oxidation and the 
evolution of an SCC damage zone in PY6. The primary goal was to examine if and how the 
inhibition of oxidation affects the evolution of damage, which may have included mechanisms 
such as creep and SCG. To fulfrll this, parallel flexure dynamic fatigue tests were conducted 
in ambient air and inert environments at 1370°C in an effort to characterize the evolution and 
nature of this SCC damage zone in the presence or absence of oxidation. 
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The stressing rates were calculated by taking into account both the specimen 
geometry and a computer-controlled constant loading rate. Bend bar dimensions were 3 x 4 x 

50 mm, and the tensile side edges were beveled. Flexural dynamic fatigue tests were 
conducted at 1370°C in flexure and in ambient air (25"C, 30 to 50% RH); argon; and nitrogen 
using four-point bend fixtures with SIC loading pins (diam = 6.35 mm). Specimens were 
loaded to failure with one of the following stressing rates: 37 MPds (air, Ar, and N2); 1 MPds 
(air); 0.1 MPds (air, Ar, and N2); 0.01 MPds (air); 0.001 MPds (air, Ar, and N2); 

0.00036 MPds (Ar and N2); and 0.0006 MPds (air). 
The environmental flexure testing was conducted within an alumina retort (diam = 

100 mm) surrounded by a resistively heated clamshell furnace. The whole unit was vertically 
mounted on a universal testing machine. The supplied inert gases were 99.999% pure, and 
this was independently verified with an oxygen analyzer that continually measured the 
oxygen content of the inert gas that entered the retort during the test (400 to 800 ppb 0 2  

measured). A slight positive pressure of approximately 2 kPa was maintained in the  chamber 
while the flow rate of the inert gas was adjusted to approximately 8.5 mUs. The chamber 
was purged a minimum of three times for each test. The atmospheric conditions described 
were in effect by the time the chamber and specimen were heated to 300 to 350°C. 

Fractography was undertaken after testing and included both optical microscopy and 
SEM. The fracture surfaces of specimens tested in ambient air tended to oxidize at. i 370°@, 
which inhibited microstructural studies. This was overcome by refracturing the tested bend 
bars at room ternperature at their centers. Post-testing specimen curvature was identified 
through the use of an optical compactor to determine whether or not the specimen had 
undergone creep. 

The flexure strength, Sflex, of the specimens was calculated according to beam 

bending theory: 

where B is the maximum sustained load; SO and Si are the outer and inner spans of the four- 

point bend fixtures (40 and 20mm, respectively); b is the specimen width; and h is the 

specimen height. If permanent curvature was identified in the tested specimen, then the 
flexure strength described in Eq. (31) was adjusted after the analysis of Hollenberg et at.? 



where Sflex’ is the adjusted flexure strength for crept specimens, and n is the flexure creep 

exponent. It must be emphasized that this adjustment represents only a first approximation; 
uncertainty may be introduced because of neutral axis shifting and beam deflections which 
may be excessive.39 In spite of this uncertainty, a flexure creep exponent for this silicon 
nitride material at 1370°C has been measured to be 3.1 (ref. 3) and was used in Eq. (32). 

If a material is susceptible to SCG, then its strength will decrease with decreasing 
stressing rate. By appropriately applying fracture mechanics with dynamic loading, SC G 
parameters may be determined that will mathematically represent this susceptibility. The 
crack velocity (V) during SCG is often described in the power-law form: V = A ( KI / K I~ )~ ,  
where KI is the applied stress intensity, KIC is the critical stress intensity, and A and N are 
constants, When combined with the Griffith criterion (oi = Y.KI~*c-~/*, where oi is the applied 
stress, Y is a specimen geometry/crack shape parameter, and c is the crack length), an 
equation that relates flexure strength and stressing rate may be derived, namely: 

I (33) 

where Sflex’ is the adjusted flexure strength from Eq. (32), 6 is the stressing rate, N is the 

SCG exponent, and C is a constant. Equation (33) is quite similar to Eq. (13) that was used 
for the tensile dynamic fatigue analysis. The adjusted flexure strengths were plotted as a 
function of stressing rate on a log-log scale with the slope equaling 1/(N -t 1). Lower values 
of N describe greater SCG susceptibility. 

3.7.2 Effect of Oxidation on Stressed Components 

The results40 of the adjusted flexure strengths as a function of stressing rate for the 
three test environments are shown in Fig. 43. The flexure strengths of the specimens tested 
in argon and nitrogen were satisfactorily fitted by a single curve. The curve’s horizontal 
nature signifies that the PY6 was not susceptible to SCG in these two environments. 
Conversely, the flexure strengths of PY6 specimens tested in ambient air exhibited stressing 
rate dependence, represented by the relatively small values of the SCG exponents. A 
single, fitted cuwe did not adequately describe the adjusted flexure strengths over the whole 
range of stressing rates, a phenomenon which was similar to that described in Sect. 3.5. 
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Fig. 43. The adjusted flexure strength of PY6 silicon 
nitride at 1370°C was found to be independent and 
dependent of the stressing rate in inert environments and 
ambient air, respectively. 

Optical fractography showed evidence of the production of an SCC damage zorre on all the 
specimens tested in ambient air. The SCC damage zone originated at the tensile side of each 
berid bar. The transition region from this SCC damage zone to fast fracture on a specimen 
tested at MPds in ambient air is shown in Fig. 44. This SCC damage zone typically 
was quite large (5 Q.1 to 2 mm) and should not be confused with a passive oxidation layer 
(z 3 to 4 urn thick) observed on the surfaces of specimens tested in ambient air. At the scale 
shown in Fig. 44, the rough topography of the stress-oxidation damage zone is quite different 
from the smooth surface where fast fracture had occurred. At higher magnifications (> 1000~) 

however, no conclusive differences were observed in the microstructures in that they both 
predominantly exhibited intergranular fracture. These observations were consistent in all the 
specimens tested in ambient air. 

A word of caution is worth mentioning at this point. The SCG exponent, N, is used in 
the present study to show qualitative trends between adjusted flexure strengths and 
stressing rates for the three test environments. However, the SCG model reflected b y  
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Fig. 44. The transition f m  the stress- 
corrosion cracking (SCC) damage zone 
(lower half) to fast fracture (upper half) is 
shown on the specimen tested in ambient air 
at MPa/s. Note the rough versus 
smooth topography of the SCC damage and 
fast fracture zones, respectively. The 
surface shown was etched, and the arrows 
describe the crack propagation direction. 

Eq. (33) is usually associated with subcritical crack propagation stemming from an intrinsic 
flaw, whereas the SCG damage zone observed in these specimens tested in ambient air 
appears to initiate along the whole tensile side of each bend bar and not from a singular 
intrinsic flaw. In this sense, the N values cited above reveal qualitative and not quantitative 
trends. 

The advancement or extent of the SCC damage zone increased with decreasing 
stressing rates, and the resulting strengths dropped accordingly. The fracture surfaces of 
specimens tested at and MPds are shown in Fig. 45 and had adjusted flexure 
strengths of 191 and 96 MPa, respectively. Although it is not seen at the magnification in 
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Fig. 45. A stress-corrosion cracking 
(SCC) damage zone was observed on the 
fracture surfaces of all specimens tested in 
ambient air at 1370°C. The top and bottom 
specimens shown were tested at lo-* and 
1 0-4 MPals, with adjusted flexure strengths 
of 191 and 96 MPa, respectively. Tensile 
sides are beveled, and arrows show crack 
propagation direction. 
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Fig. 39, both these samples contained creep damage within the SCC damage zone. The 
SCC damage zone in these specimens was quite obvious and typically extended upwards 
along the whole tensile side of the fracture surface. 

The SCC damage zone present on specimens tested in ambient air was not identified 
during fractography on those specimens tested in inert environments. A comparison of 
fracture surfaces of specimens tested at 10-3 MPds in air and argon is shown in Fig. 46. The 
SCC damage zone on the specimen tested in ambient air is quite evident in Fig. 46. The 
fracture surfaces of specimens tested in inert atmospheres typically contained flaws that 
ultimately produced fast fracture markings; note the corresponding adjusted flexure strengths 
of the specimens. It is evident that the production of this stress-oxidation damage zone in 
ambient air severely diminished the flexure strength of this material. 

Polished cross sections of flexure specimens tested in ambient air exhibited a ring 

similar to that observed on polished tensile specimens (see Sect. 3.3.2). The ring is 
presumably due to long-term oxidation of the silicon nitride with the ambient environment. 
This statement is justified because flexure specimens tested in an inert environment did not 

show an analogous ring. A polished cross section of a bend bar tested in ambient air is 
compared with another bend bar that was tested in argon at 1370°C in Fig. 47. Consistent 
with the presence or absence of an outer ring for specimens tested in ambient air or argon, 
respectively, was the fact that SCC damage was only observed in specimens tested in 
ambient air. It is speculated that this outer ring contains a volume of material that has 

microstructurally changed due to the long-term oxidation with the ambient air. SCC appears 
to grow in this same volume of changed material. This suggests that if the effects of long-term 
oxidation can be slowed, then SCC will, in turn, be slowed, and higher strengths of PY6 
should be the result in ambient air. 

Creep damage was commonly observed at a microscopic scale in the form of 
cavitation near the tensile faces of the bend bars. Lenticular-shaped, two-grain junction 
cavities were typically observed and ranged in size up to 200 nm. Multigrain junction cavities 
were observed also and tended to be two to five times larger than the lenticular-shaped 
cavities. Cavitation was evident on all bend bars tested at stressing rates slower than 10-1 
MPa/s. In addition, the specimen tested in air at 10-1 MPa/s did show some evidence of 
cavitation, but only after a lengthy search. The content of cavitation was not quantified, but it 
was merely identified in order to show that a creep damage mechanism was active. 

It is apparent that cavity formation in this material at 1370°C will only occur if some 
minimum tensile strain is exceeded for a sufficient amount of time; this is consistent with the 
strain-saturation argument posed in Sect. 3.6.2. Since the Monkman-Grant-type relationship 
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Fig. 46. The stress-corrosion cracking 
damage zone was farmed when specimens 
were tested in ambient air (top) but not when 
tested in inert atmospheres (argon tested - 
bottom). Specimens shown were tested at 
10-3 MPa/s, and the adjusted flexure 
strengths were 118 and 530 MPa, 
respectively, Under similar conditions, the 
specimen tested in nitrogen had a strength of 
41 3 MPa. Tensile sides are beveled. 
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Fig. 47. Flexure specimens tested in ambient air 
showed a lightly shaded ring around their perimeters 
(top), while specimens tested in argon showed no 
analogous ring (bottom). Specimens shown were 
tested at 0.001 MPa/s. 
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was shown lo provide a good description of the strain rate dependence of fatigue life for PY6 

tested in tension at 137O"C, it is suggested that, at t h e  slower stressing rates where 
cavitation was produced, the creep damage mechanism may provide an added contribution to 
the formation of the SCC damage zone and further reduce the specimen lifetime as i?l 

consequence. This phenomenon is supported by the  lower N values for specimens tested in 
ambient air at stressing rates slower than 10-1 MPds. 

The validity of the reported stressing rates used in flexure was examined. The 
stressing ra?es were initially calculated using the  specimen geometry and a constant loading 
rate, with the assumption that the specimen elastically responded to an applied loading rate. 
The onset of creep (and its effect on the stressing rates) effectively reduces the magnitude of 
the reported stressing rates according io the Hollenberg ratio (see ref. 39). This ratio was 
previously used to adjust the flexure strengths as described in Eq. (32). For those 
specinlens that crept, the applied stressing rates were effectively reduced by G 22% for the 

durelion of their creep deformation using a flexure creep exponent of 3.1. In tcrms of stressing 
rates, this 22% reduction is insignificant when viewed on a logarithmic scale such as that uscd 

in Fig. 43. 

Cavitation is shown in Fig. 48 on the specimen tested in nitrogec at 8 stressing rate of 

10-3 MPds; specimens tested in air and argon at 1 0-3 MPds contained similar cavitation. All 
three specimens showecl creep behavior, as evidenced by this creep darnaye, but only the 
specimen tested in air also contained the macroscopic stress-oxidation damage zone. The 
fact that all three specimens crept, best only the spccimen tested in air had this stress- 
oxidation damage zone, is strong evidence that oxidation ultimately caused the Jormati0~7 of 
this stress-oxidation darnage zone, which consequently reduced the  flexure strength. 

The tensile strength of the PY6 exhibited little temperature sensitivity for temperatures 

The stress dependencics caf thc creep rates mcasured at 1260 and 1370°C were 

csnsistent with a diff ersional creep n-sechanism accompanied by cavitation, grain separation by 
viscous flow, and possibly grain boundary sliding. The creep rates at 1260 and 1370°C 

exhibited a very strong temperature sensitivity as reflected by the high act;vation energy of 
11 02 kJ/r-nole. Phis temperature sensitivity was altributed to either a large temperature 
dependency of the viscosity or the activation of additional volume-generating mechanisms as 
the temperature increased from 1260 to 1370°C. 

below 1000°C. However, the strength decreased sharply at temperatures above 1000°C 
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Fig. 48. Lenticular cpvitation was 
observed in specimens when CT €0.1 MPa/s. 
The microstructure of a nitrogen-tested 
specimen stressed at 10-3 MPds is shown. 
Specimens tested in air and argon at this 
stressing rate showed similar cavitation. 
Specimens were refractured at room 
temperature after testing but prior to microscopy 
in order to reveal the microstructure. 

The tensile fatigue data revealed two distinct faiture mechanisms. At 1 1 50°C, failure 
was controlled by an SCG mechanism. At 1260 and 1370°C, the accumulation of creep 
damage in the form of grain boundary cavities dominated the fatigue behavior. Oxidation also 
appeared to play a significant role in the damage accumulation process. In this temperature 
regime, the fatigue life was controlled by the minimum creep in accordance with a Monkman- 
G rant-type relation. 

Estimates of n and Qc based upon the flexural creep data were significantly less than 

those generated from tensile tests. This poor agreement was attributed to the simplified 
assumption of sign-independent creep rates used to calculate the flexural creep strains. As a 



consequence of this, the validity of many of the early flexural creep studies on silic~n nitride, 
which neglected the differences between the tension arid cornpi ession creep response, is 

A modified Monkman-Grant relationship was devaloped :hat acknowledges and 
predicts tempetalure depondence nf the relationship between time! to failure and rniriimut-n 

creep rate (i.e., temiL"eralure-de~~?BIc%ent stratification). The analysis also permits the 
consideratien thah the activation energies for static creap and fatigue may not be equivalent. 

'Pile Sherby-Darn temlaeraiure-co~Faens=teel titvie tc failure and minimum creep rate 

paratrreters were obtained from static Cree? tests at I 150, 1268, and I3'70"C. 41 bilinear fit of 
the data was found to be rrecessary. Prediction of iimc to failure and rniriimum creep rate at 
1200°C was made !;sing this informatioo and was mapared with actual times to failure and 

minimum creep mles from confirmatory static creep tests, and the rnateh was found to be very 

qucstionalole. 

cp3d. 
Stain relaxatiot-r (creep recovery) testing was i.:sed to determine that the relaation 

time constant of PY6 ;: 1370°C was 0.7 h. This information is meded far prediction of 
aecumi~~ated dynamic or cyclic strain The total amount of recoverable strain was fourad to be 

zar with tire chan3c irr stress af unloading and followed the relation Ea L- 5aAo for 

54 MPa I Aa 4 30 MPa, wiicre Is in units of nic;oslr&n. For a PY5 spcciimen ;hat is static 
creep tested at 137O"C, the anelastic contribution to ftw total creep strain becomes more 
insigi-iifimnt with tima. 

Stress relaxakiw tests conducted on PYG at 1370°C showed that this technique may 
be used with mutiom 20 describe creep rate-stress (elationships. The meth=dalogy of this 
teihnique is niathematically elegant. However, cauticn niust be exercised wi-ien comparing 
creep rate-stress data that this techn7ique generates with similar data genera?ed wia static 
creep tests. Miilimurn creep rates for static creep tests are commonly reported while the  creep 
tatss determined using stress relaxation 'rcsting will dcpzncl on the value (and its proxirriily in 
the pnmary or secondary creep regime) of the sira'n held co~rstawt during the stress relaxation 
test. For a sense of how the stress in PY6 relaxes, 3 test conducted with an initial stress of 
85 MPa at 420 )LE at 13'70°C relaxed ta an asymptotic stress of 25 B 5 MPa in about 1 to 2 h. 

Dynamic fatigue ~e~ulfs showed that the fatigua susceptibility of PY6 increased with 
tempetature in the range of 1150 to 1370°C. Comparison of effective time to failure and 
microstructural observations indicated that static and dynamic fatigue results at 1 150°C can be 

correlated in terms of at) SGC model A transition in the fatigue failure mechanism from SGG ts 
creep rupture appeared to ~ C L Y  at stressing rates 5 MPds for 1260 and 1370°C. The 
existence of this transition is; supported by macroscopic nonlinear stress-strain curves and 
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microscopic fractographic evidence. Caution is advised in the application of the SCG model 
to correlate static and dynamic fatigue behavior in ceramics at eievated temperatures where 
creep processes and crack blunting can compete with SCG. 

Comparison of stress-life relations between static and cyclic fatigue indicated that 
cyclic loading provided more extensive time to failure for PY6 at 1 150 to 1370°C. The tensile 
static and cyclic fatigue data could not be described by a universal SCG model at 
temperatures 2 1 150°C. Caution is advised in applying the SCG model to predict the stress- 
life relation for cyclic fatigue based on static fatigue data. This is especially pertinent at 
elevated temperatures where mechanisms other than SCG, such as creep processes, 
viscoelastic effects, and oxidation, may contribute to the final failure. 

The lack of measurable hysteresis in cyclic stress-strain behavior implied that little, if 
any, creep damage such as cavitation and microcracking was generated during cyclic fatigue 
testing. In this sense, strain ratchetting observed during cyclic fatigue testing was probably 
caused by a damage accumulation process analogous to SCG. This conclusion is supported 
by the greater values of crack growth exponent, N, and stress exponent, n, for cyclic fatigue 
over those generated by static fatigue at 1260 and 1370°C where creep rupture was the 
dominant failure mechanism. Moreover, microstructural analyses provide no evidence of 
extensive creep cavities in cyclic fatigue specimens. 

Cyclic loading of PV6 at elevated temperatures generated failures whose kinetics 
could not be interpreted in terms of static tests. Unloading might play a significant role in 
extending the time to failure for cyclic fatigue over static fatigue under the same maximum 
applied stress. ?he act of unloading could inhibit development of creep damage or relard 
accumulation of creep deformation resulting from the relaxation of local stress concentration and 
recovery of viscoelastic strain. As supported by the microstructural observations, it is likely 
that the primary failure mechanism for cyclic fatigue at 1260 and 1370°C might involve the 
subcritical extension of a localized damage zone originating from the specimen surface where 
oxidation-assisted damage or oxidation-modified pre-existent flaws provided a favorable site 
for crack nucleation. 

The amount of tension-tension cyclic creep strain was found to increase as the 
frequency or stressing rate of a triangular waveform (omax = 100 MPa and R = 1, average 
stress of cycle = 55 MPa) decreased far PY6 at 1370°C. For frequencies of 8.1 and 5.6 x 

10-3 H2 (stressing rates of 18 and 1 MPa/s, respectively), the amount of cyclic creep strain 
fell within a range bounded by static creep responses of 50 and 60 MPa. The total cyclic 

creep strain increased continually for comparable times for frequencies of 5.6 x 5.6 x 

10-5, and 5.6 x i  8-6 Hz (stressing rates of 0.1, 0.01 and 0.001 MPds, respectively). 
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An MPM m d e l  was successful at predicting representative low-frequency, cyclic 
creep responses from data and creep parameters extended from static creep and strain 
relaxation tests, The model predicted cyclic creep strains similar to those experimentally 
determined for 5.6 x Wz. It very accurately predicted the cyclic creep response for 
5.6 x 10-6 Hz. 

The MPM model did not satisfactorily predict cyclic creep response at frequencies 
equal to and faster than 5.6 x 10-4 Hz. The model overpredicted the cyclic creep strains at 
these faster frequencies. The model predicts the contribution of plastic strain for all stresses in 
the cyclic wavefarm used; however, it is evident that an elastic stress limit or an anelastic 
strain threshold needs to be attained prior to the accumulation of plastic strain, 

The flexure strength of PY6 significantly decreased with decreasing stressing rates in 

ambient air at i 370°C. Fractography showed that an SCC damage zone had formed in the 
fracture plane on all tested specimens. It was evident that oxidation, and not creep damage, 
ultimately initiated the formation of an SCC damage zone in PYG which significantly weakened 
it. Creep damage was observed on those specimens tested at stressing rates slower than 
lo-! MPds and appeared to exacerbate the already deleterious effects of the stress- 
oxidation damage zone. 

The flexure strength of this PY6 exhibited stressing rate independence at 1370°C in 
argon and nitrogen atmospheres. Specimens contained evidence of creep damage (i.e., 
cavitation) at stressing rates slower than 1 0-1 MPds. No SCC damage zone was observed 
for any of the specimens tested in either of these two environments. 

Flexural dynamic fatigue results suggested that manufacturers or end users of silicon 
nitride components can greatly reduce the deleterious effects which stern from the formation of 
SCC by appropriately suppressing oxidation in ambient air. 
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