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FOREWORD

This is the tweny-fourth in a series of semiannual technical progress reports on fusion materials.
This report combines the full spectrum of research and development activities on both metallic
and non-metallic materials with primary emphasis on the effects of the neutronic and chemical
environment on the properties and performance of materials for in-vessel components. This
effort forms one element of the materials program being conducted in support of the Fusion
Energy Sciences Program of the U.S. Department of Energy. The other major element of the
program is concerned with the interactions between reactor materials and the plasma and is
reported separately.

The Fusion Materials Program is a national effort involving several national laboratories,
universities, and industries. A large fraction of this work, particularly in relation to fission reactor
experiments, is carried out collaboratively with our pariners in Japan, Russia, and the European
Union. The purpose of this series of reports is to provide a working technical record for the use
of the program participants, and to provide a means of communicating the efforts of materials
scientists to the rest of the fusion community, both nationally and worldwide.

This report has been compiled and edited under the guidance of A. F. Rowcliffe by
Gabrielle Burn, Oak Ridge National Laboratory. Their efforts, and the efforts of the many
persons who made technical contributions, are gratefully acknowledged.

F. W. Wiffen
International and Technology Division
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TENSILE AND IMPACT PROPERTIES OF GENERAL ATOMICS 832864 HEAT OF
V-4Cr-4Ti ALLOY — H. Tsai, L. J. Nowicki, J. Gazda, M. C. Bilione, and D. L. Smith
(Argonne National Laboratory), W. R. Johnson and P. Trester (General Atomics)

A 1300-kg heat of V-4Cr-4Ti alloy was procured by General Atomics (GA) for the DIll-
D radiative divertor program. To determine the mechanical properties of this alloy,
tensile and Charpy tests were conducted on specimens prepared from pieces of
4.8-mm-thick as-rolled plates, a major product form for the DIlI-D application. The
tensile tests were conducted at three temperatures, 26, 280, and 380°C, the last
two being the anticipated peak:-temperatures during DII-D boronization and
postvéent bake-out, respectively. Results from these tests show that the tensile and
impact properties of the 832864 heat are comparable to those of the other smaller
V-(4-5)Cr-(4-5)Ti alloy heats previously developed by the U.S. Fusion Materials
Program and that scale-up of vanadium alloy production can be successfully
achieved as long as reasonable process control is implemented.

HIGH TEMPERATURE TENSILE PROPERTIES OF V-4Cr-4Ti — S. J. Zinkle,
A. F. Rowcliffe and C. O. Stevens (Oak Ridge National Laboratory)

Tensile tests have been performed on V-4Cr-4Ti at 750 and 800°C in order to
extend the data base beyond the current limit of 700°C. From comparison with
previous measurements, the yield strength is nearly constant and tensile
elongations decrease slightly with increasing temperature between 300 and 800°C.
The ultimate strength exhibits an apparent maximum near 600°C (attributable to
dynamic strain aging) but adequate strength is maintained up to 800°C. The

reduction in area measured on tensile specimens remained high (~80%) for test

temperatures up to 800°C, in contrast to previous reported resuits.

TENSILE PROPERTIES OF VANADIUM-BASE ALLOYS IRRADIATED IN THE
FUSION-1 LOW-TEMPERATURE EXPERIMENT IN THE BOR-60 REACTOR —
H. Tsai, J. Gazda, L. J. Nowicki, M. C. Billone, and D. L. Smith (Argonne National
Laboratory)

The irradiation has been completed and the test specimens have been retrieved
from the lithium-bonded capsule at the Research Institute of Atomic Reactors (RIAR)
in Russia. During this reporting period, the Argonne National Laboratory tensile
specimens were received from RIAR and initial testing and examination of these
specimens at ANL has been completed. The results, corroborating previous
findings, showed a significant loss of work hardening capability in the materials.
There appears to be no significant difference in behavior among the various heats
of vanadium-base alloys in the V-(4-5)Cr-(4-5)Ti composition range. The variations
in the preirradiation annealing conditions also produced no notable differences.

ROOM-TEMPERATURE FRACTURE IN V-(4-5)Cr-(4-5)Ti TENSILE SPECIMENS
IRRADIATED IN FUSION-1 BOR-60 EXPERIMENT — J. Gazda and M. Meshii
(Northwestern University) and H. Tsai (Argonne National Laboratory)

Specimens of V-(4-5)Cr-(4-5) Ti alloys were irradiated to =18 dpa at 320°C in the
Fusion-1 capsule inserted into the BOR-60 reactor. Tensile tests at 23°C indicated
dramatic yield strength increase (300%), lack of work hardening, and minimal (<1%)
total elongations. SEM analysis of fracture side surfaces were conducted to
determine reduction in area and the mode of fracture. The reduction of area was
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negligible. All but one specimen failed by a combination of ductile shear
deformation and cleavage crack growth. Transgranular cleavage cracks were
initiated by stress concentrations at the tips of the shear bands. [n side-view
observations, evidence was found of slip bands typically associated with dislocation
channeling. No differences due to pre-irradiation heat treatment and heat-to-heat
composition variations were detected. The only deviation from this behavior was
found in V-4Cr-4Ti-B alloy, which failed in the grip portion by complete cleavage
cracking.

EFFECTS OF IRRADIATION TO 4 DPA AT 390°C ON THE FRACTURE TOUGHNESS
OF VANADIUM ALLOYS — E. E. Gruber, T. M. Galvin, and O. K. Chopra (Argonne
National Laboratory)

Fracture toughness J-R curve tests were conducted at room temperature on disk-
shaped compact-tension DC(T) specimens of three vanadium alloys having a
nominal composition of V-4Cr-4Ti. The alloys in the nonirradiated condition showed
high fracture toughness; Jjc could not be determined but is expected to be above .

600 kJ/m2. The alloys showed very poor fracture toughness after irradiation to
4 dpa at 390°C, e.g., Jic values of =10 kd/m?2 or lower.

EFFECT OF IRRADIATION TEMPERATURE AND STRAIN RATE ON THE
MECHANICAL PROPERTIES OF V-4Cr-4Ti IRRADIATED TO LOW DOSES IN
FISSION REACTORS — 8. J. Zinkle, L. L. Snead, A. F. Rowcliffe, D. J. Alexander,
and L. T. Gibson (Oak Ridge National Laboratory)

Tensile tests performed on irradiated V-(3-6%)Cr-(3-6%)Ti alloys indicate that
pronounced hardening and loss of strain hardening capacity occurs for doses of
0.1-20 dpa at irradiation temperatures below ~330°C. The amount of radiation
hardening decreases rapidly for irradiation temperatures above 400°C, with a
concomitant increase in strain hardening capacity. Low-dose (0.1-0.5 dpa)
irradiation shifts the dynamic strain aging regime to higher temperatures and lower
strain rates compared to unirradiated specimens. Very low fracture toughness
values were observed in miniature disk compact specimens irradiated at 200-320°C
to ~1.5-15 dpa and tested at 200°C.

MICROSTRUCTURAL EXAMINATION OF V-(3-6%)Cr-(3-5%) Ti IRRADIATED IN THE
ATR-A1 EXPERIMENT — D. S. Gelles (Pacific Northwest National Laboratory)

Microstructural examination results are reported for four heats of V-(3-6%)Cr-(3-
5%)Ti irradiated in the ATR-A1 experiment to ~4 dpa at ~200 and 300°C to provide
an understanding of the microstructural evoiution that may be associated with
degradation of mechanical properties. Fine precipitates were observed in high
density intermixed with small defect clusters for all conditions examined following
the irradiation. The irradiation-induced precipitation does not appear to be affected
by preirradiation heat treatment or composition.

IRRADIATION-INDUCED PRECIPITATION AND MECHANICAL PROPERTIES OF
VANADIUM ALLOYS AT <430°C — H. M. Chung, J. Gazda, and D. L. Smith (Argonne
National Laboratory)

Recent attention to V-base alloys has focused on the effect of low-temperature
(<430°C) irradiation on tensile and impact properties of V-4Cr-4Ti. In previous
studies, dislocation channeling, which causes flow localization and severe loss of
work-hardening capability, has been attributed to dense, irradiation-induced
precipitation of very fine particles. However, efforts to identify the precipitates were

28

33

41

49




1.9

vii

unsuccessful until now. In this study, analysis by transmission electron microscopy
(TEM) was conducted on unalloyed V, V-5Ti, V-3Ti-18i, and V-4Cr-4Ti specimens
that were irradiated at <430°C in conventional and dynamic helium charging
experiments. By means of dark-field imaging and selected-area-diffraction analysis,
the characteristic precipitates were identified to be (V,Ti1-x) (C,O,N). In V-3Ti-18;,
precipitation of (V,Ti1.x) (C,O,N) was negligible at <430°C, and as a result,
dislocation channeling did not occur and work-hardening capability was high.

REACTIONS OF HYDROGEN WITH V-Cr-Ti ALLOYS — J. R. DiStefano, J. H. DeVan,
L. D. Chitwood (Oak Ridge National Laboratory), and D. H. Réhrig (Projekleitung
Kernfusion, Forschungszentrum Karlsr_uhe)

in the absence of increases in oxygen concentration, additions of up to 400 ppm
hydrogen to V-4 Cr-4 did not result in significant embrittiement as determined by
room temperature tensile tests. However, when hydrogen approached 700 ppm
after exposure at 325°C, rapid embrittlement occurred. In this latter case, hydride

formation is the presumed embrittlement cause. When oxygen was added during or

prior to hydrogen exposure, synergistic effects led to significant embrittlement by
100 ppm oxygen.

TENSILE PROPERTIES OF V-Cr-Ti ALLOYS AFTER EXPOSURE IN HYDROGEN-
CONTAINING ENVIRONMENTS — K. Natesan and W. K. Soppet (Argonne National
Laboratory)

A systematic study has been initiated at Argonne National Laboratory to evaluate
the performance of several V-Cr-Ti alloys after exposure to environments containing

- hydrogen at various partial pressures. The goal is to correlate the chemistry of the

exposure environment with hydrogen uptake in the samples and its influence on
the microstructure and tensile properties of the alloys. At present, the principal
effort has focused on the V-4Cr-4Ti alloy of heat identified as BL-71; however other
alloys (V-5Cr-5Ti alloy of heats BL-63, and T87, plus V-4Cr-4Ti alloy from General
Atomics) are also being evaluated. Other variables of interest are the effect of initial
grain size on hydrogen uptake and tensile properties, and the synergistic effects of
oxygen and hydrogen on the tensile behavior of the alloys. Experiments
conducted on specimens of various V-Cr-Ti alloys exposed to pHo levels of 0.01
and 3 x 1076 torr showed negligible effect of Ho on either maximum engineering
stress or uniform and total elongation. However, uniform and total elongation
decreased substantially when the alloys were exposed to 1.0 torr Ho pressure.
Preliminary data from sequential exposures of the materials to low-pO> and several
low-pHo environments did not reveal an adverse effect on the maximum
engineering stress or on uniform and total elongation. Further, tests in Ho
environments on specimens annealed at different temperatures showed that grain-
size variation by a factor of =2 had little or no effect on tensile properties.

OXIDATION BEHAVIOR OF V-Cr-Ti ALLOYS IN LOW-PARTIAL-PRESSURE
OXYGEN ENVIRONMENTS — K. Natesan and M. Uz (Argonne National Laboratory)

A test program is in progress at Argonne National Laboratory to evaluate the effect
of pO2 in the exposure environment on oxygen uptake, scaling kinetics, and scale
microstructure in V-Cr-Ti alloys. The data indicate that the oxidation process follows
parabolic kinetics in all of the environments used in the present study. From the
weight change data, parabolic rate constants were evaluated as a function of
temperature and exposure environment. The temperature dependence of the
parabolic rate constants was described by an Arrhenium relationship. Activation
energy for the oxidation process was fairly constant in the oxygen pressure range of
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1 x10"6to 1 x 101 torr for both the alloys. The activation energy for oxidation in air
was significantly lower than in low-pO2 environments, and for oxidation in pure Oo at
760 torr was much lower than in low-pOs environments. X-ray diffraction analysis of
the specimens showed that VO5 was the dominant phase in low-pO2 environments,
while VoOs was dominant in air and in pure oxygen at 760 torr.

MICROSTRUCTURAL CHARACTERIZATION OF EXTERNAL AND INTERNAL OXIDE
PRODUCTS ON V-4Cr-4Ti — B. A. Pint, P. M. Rice, L. D. Chitwood, J. H. DeVan, and
J. R. DiStefano (Oak Ridge National Laboratory) 77

Air oxidation of V-4Cr-4Ti at 500°C at 1 atm resulted in the formation of a thin (100-150 nm)
external vanadium nitride layer which was identified beneath a thicker (1.5 pm) vanadium
oxide scale. This nitride layer would only be detected by high-resolution, analytical electron
microscopy techniques. Subsequent tests comparing room temperature tensile properties
for exposure in laboratory air, dry air, and dry oxygen at 1 atm showed more embrittlement in
air than in O2. Internal oxidation of coarse-grained V-4Cr-4Ti at low oxygen pressures at
500°C was followed by TEM examination. In a sample with a 1400 ppmw O addition, which
is sufficient to reduce the ductility to near zero, there appeared to be an oxygen denuded
zone {150-250 nm) near the grain boundaries with precipitates at the grain boundaries and
uniform ultra-fine (<5 nm) oxygen particles in the matrix. In a similar O-loaded specimen
that was subsequently annealed for 4 h at 950°C to restore ductility, large oxide particles
were observed in the matrix and at the grain boundaries.

DEVELOPMENT OF ELECTRICALLY INSULATING CaO COATINGS — K. Natesan,
C. B. Reed, M. Uz, and D. L. Rink (Argonne National Laboratory) 82

A systematic study has been initiated to develop electrically insulating CaO coatings
by vapor phase transport and by in-situ formation in a fiquid Li environment. Several
experiments were conducted in vapor transport studies with variations in process
temperature, time, specimen location, specimen surface preparation, and
pretreatment. Several of the coatings obtained by this method exhibited Ca
concentration in the range of 60-85 wt.% on the surface. However, coating
thickness has not been very uniform among several samples exposed in the same
run or even within the same sample. The coatings developed in these early tests
degraded after 24 h exposure to Li at 500°C. Additional experiments are under way
to develop better-adhering and more dense coatings by this method.

A program to develop in-situ CaO coating in Li has been initiated, and the first set of
capsule tests at 800°C in three different Li-Ca mixtures will be completed in early
July. Specimens included in the run are bare V-4Cr-4Ti alloy, specimens with a grit-
blasted surface and O-precharged in 83.999% Ar, polished specimens precharged
in a 99.999% Ar and 5000 ppm O2-N2o mixture, and prealuminized V-5Cr-5Ti alloy
preoxidized in a 5000 ppm Oo-No mixture. Additional experiments at lower
temperatures are planned. '

LASER-WELDED V-Cr-Ti ALLOYS: MICROSTRUCTURAL AND MECHANICAL
PROPERTIES — K. Natesan, D. L. Smith, Z. Xu, and K. H. Leong (Argonne National
Laboratory) 87

A systematic study has been in progress at Argonne National Laboratory to examine
the use of YaG or COo lasers to weld sheet materials of V-Cr-Ti alioys and to
characterize the microstructural and mechanical properties of the laser-welded
materials. In addition, several postwelding heat treatments are being applied to the
welded samples to evaluate their benefits, if any, to the structure and properties of
the weldments. Hardness measurements are made across the welded regions of
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different samples to evaluate differences in the characteristics of various
weldments. Several weldments were used to fabricate specimens for four-point
bend tests. Several additional weldments were made with a YaG laser; here, the
emphasis was on determining the optimal weld parameters to achieve deep
penetration in the welds. A preliminary assessment was then made of the
weldments on the basis of microstructure, hardness profiles, and defects.

SILICON CARBIDE COMPOSITE MATERIALS

THERMOPHYSICAL AND MECHANICAL PROPERTIES OF SiC/SiC
COMPOSITES — S. J. Zinkle and L. L. Snead (Oak Ridge National Laboratory)

The key thermophysical and mechanical properties for SiC/SiC composites are
summarized, including temperature-dependent tensile properties, elastic
constants, thermal conductivity, thermal expansion, and specific heat. The effects
of neutron irradiation on the thermal conductivity and dimensional stability
(volumetric swelling, creep) of SiC is discussed. The estimated lower and upper
temperatures limits for structural applications in high power density fusion
applications are 400 and 1000°C due to thermal conductivity degradation and void
swelling considerations, respectively. Further data are needed to more accurately
determine these estimated temperature limits.

A REVIEW OF JOINING TECHNIQUES FOR SiCg/SiC COMPOSITES FOR FIRST

WALL APPLICATIONS — C. A. Lewinsohn and R. H. Jones (Pacific Northwest
National Laboratory)

Many methods for joining monolithic and composite silicon carbide are available.
Three techniques are candidates for use in fusion energy systems: in-situ
displacement reactions, pre-ceramic polymer adhesives, and reaction bonding.
None of the methods are currently developed enough to satisfy all of the criteria
required, i.e., low temperature fabrication, high strength, and radiation stability.

THE HFIR 14J SiC/SiC COMPOSITE AND SiC FIBER COLLABORATION —
G. E. Youngblood and R. H. Jones (Pacific Northwest National Laboratory),
Akira Kohyama and Yutai Katoh (Kyoto University), Akira Hasegawa (Tohoku
University), Reinhard Scholz (European Joint Research Commission, and
Lance Snead (Oak Ridge National Laboratory)

A short introduction with references establishes the current status of research and
development of SiCy/SiC composites for fusion energy systems with respect to
several key issues. The SiC fiber and composite specimen types selected for the
JUPITER 14J irradiation experiment are presented together with the rationale for
their selection.

NEUTRON JRRADIATION INDUCED AMORPHIZATION OF SILICON CARBIDE —
L. L. Snead and J. C. Hay (Oak Ridge National Laboratory)

This paper provides the first known observation of silicon carbide fully amorphized
under neutron irradiation. Both high purity single crystal hep and high purity, highly
faulted (cubic) chemically vapor deposited (CVD) S|C were irradiated at
approximately 80°C to a total fast neutron fluence of 2.6 x 10%° n/m®. Amorphization
was seen in both materials, as evidenced by TEM, electron diffraction, and x-ray
diffraction techniques. Physical properties for the amorphized single crystal material
are reported including large changes in density (-10.8%), elastic modulus as
measured using a nanoindentation technique (-45%), hardness as measured by
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nanoindentation (-45%), and standard Vickers hardness (-24%). Similar property
changes are observed for the amorphized CVD SiC. Using measured thermal
conductivity data for the CVD SiC sample, the critical temperature for amorphization
at this neutron dose and flux, above which amorphization is not possible, is
estimated to be greater than 130°C.

FERRITIC/MARTENSITIC STEELS

THERMOPHYSICAL AND MECHANICAL PROPERTIES OF Fe-(8-9)%Cr REDUCED
ACTIVATION STEELS — S. J. Zinkle, J. P. Robertson, and R. L. Klueh (Oak Ridge
National Laboratory)

The key thermophysical and mechanical properties for 8-3%Cr reduced activation
ferritic/ martensitic steels are summarized, including temperature-dependent tensile
properties in the unirradiated and irradiated conditions, stress-rupture behavior,
elastic constants, thermal conductivity, thermal expansion, specific heat, and
ductile-to-brittle transition temperature. The estimated lower and upper
temperatures limits for structural applications are 250 and 550°C due to radiation
hardening/embrittiement and thermal creep considerations, respectively.

ANALYSIS OF STRESS-INDUCED BURGERS VECTOR ANISOTROPY IN
PRESSURIZED TUBE SPECIMENS OF IRRADIATED FERRITIC-MARTENSITIC
STEEL: JLF-1—D. S. Gelles (Pacific Northwest National Laboratory) and

T. Shibayama (University of Hokkaido, Japan)

A procedure for determining the Burgers vector anisotropy in irradiated ferritic steels
allowing identification of all a<100> and all g-<11 1> dislocations in a region of

interest is applied to a pressurized tube specimen of JLF-1 irradiated at 430°C to
14.3 x 1022 n/cm? (E>0.1 MeV) or 61 dpa. Analysis of micrographs indicates large
anisotropy in Burgers vector populations develop during irradiation creep.

MECHANICAL PROPERTIES OF IRRADIATED 9Cr-3WVTa STEEL —
R. L. Klueh and D. J. Alexander (Oak Ridge National Laboratory), and M. Rieth
(Forschungszentrum Karisruhe Institut fiir Materialforschung |f)

An Fe-9Cr-2W-0.25V-0.07Ta-0.1C (9Cr-2WVTa) steel has excellent strength and
impact toughness before and after irradiation in the Fast Flux Test Facility and the
High Flux Reactor (HFR). The ductile-brittle transition temperature (DBTT)
increased only 32°C after 28 dpa at 365°C in FFTF, compared to a shift of =60°C for a
9Cr-2WV steel—the same as the 9Cr-2WVTa steel but without tantalum. This
difference occurred despite the two steels having similar tensile properties before
and after irradiation. The 9Cr-2WVTa steel has a smaller prior-austenite grain size,
but otherwise microstructures are similar before irradiation and show similar changes
during irradiation. The irradiation behavior of the 9Cr-2WVTa steel differs from the
9Cr-2WV steel in two ways: (1) the shift in DBTT of the 9Cr-2WVTa steel irradiated in
FFTF does not saturate with fluence by =28 dpa, whereas for the 9Cr-2WV steel
and most similar steels, saturation occurs at <10 dpa, and (2) the shift in DBTT for
9Cr-2WVTa steel irradiated in FFTF and HFR increased with irradiation temperature,
whereas it decreased for the 9Cr-2WYV steel, as it does for most similar steels. The
improved properties of the 9Cr-2WVTa steel and the differences with other steels
were attributed to tantalum in solution.
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MICROSTRUCTURAL ANALYSIS OF FERRITIC-MARTENSITIC STEELS
IRRADIATED AT LOW TEMPERATURE IN HFIR — N. Hashimoto (Oak Ridge
National Laboratory), E. Wakai (Japan Atomic Energy Research Institute),

J. P. Robertson and A. F. Rowcliffe (Oak Ridge National Laboratory)

Disk specimens of ferritic-martensitic steel, HT9 and F82H, irradiated to damage
leveis of ~3 dpa at irradiation temperatures of either ~80°C or ~250°C have been
investigated by using transmission electron microscopy. Before irradiation,
tempered HT9 contained only Mso3Cg carbide. lIrradiation at 90°C and 250°C
induced a dislocation loop density of 1 x 1022 m™3 and 8 x 1021 m™3, respectively. In
the HT9 irradiated at 250°C, a radiation-induced phase, tentatively identified as o',
was observed with a number density of less than 1 x 1022 m-3. Difference in the
radiation-induced phase and the loop microstructure may be related to. differences
in the post-yield deformation behavior of the two steels.

COPPER ALLOYS AND HIGH HEAT FLUX MATERIALS

PROGRESS REPORT ON THE INFLUENCE OF TEST TEMPERATURE AND
GRAIN BOUNDARY CHEMISTRY ON THE FRACTURE BEHAVIOR OF ITER
COPPER ALLOYS — M. Li and J. F. Stubbins (University of lllinois) and

D. J. Edwards (Pacific Northwest National Laboratory)

This collaborative study was initiated to determine mechanical properties at elevated
temperatures of various copper alloys by University of lllinois and Pacific
Northwestern National Lab with support of OMG Americas, Inc., and Brush Wellman,
Inc. This report includes current experimental results on notch tensile tests and pre-
cracked bend bar tests on these materials at room temperature, 200 and 300°C.
The elevated temperature tests were performed in vacuum and indicate a decrease
in fracture resistance with increasing temperature, as seen in previous
investigations. While the causes for the decreases in fracture resistance are still not
clear, the current results indicate that environmental effects are likely less important
in the process than formerly assumed.

COMPARISON OF PROPERTIES AND MICROSTRUCTURES OF TREFIMETAUX
AND HYCON 3HP™ AFTER NEUTRON IRRADIATION — D. J. EDWARDS (Pacific
Northwest National Laboratory), B. N. Singh, P. Toft, and M. Eldrup (Risg National
Laboratory)

Extended Abstract.

TENSILE AND ELECTRICAL PROPERTIES OF HIGH-STRENGTH HIGH-
CONDUCTIVITY COPPER ALLOYS — S.J. Zinkle and W.S. Eatherly (Oak Ridge
National Laboratory)

Electrical conductivity and tensile properties have been measured on an extruded
and annealed CuCrNb dispersion strengthened copper alloy which has been
developed for demanding aerospace high heat flux applications. The properties of
this alloy are somewhat inferior to GlidCop dispersion strengthened copper and
prime-aged CuCrZr over the temperature range of 20-500°C. However, if the
property degradation in CuCrZr due to joining operations and the anisotropic
properties of GlidCop in the short transverse direction are taken into consideration,
CuCrNb may be a suitable alternative material for high heat flux structural

‘applications in fusion energy devices. The elecirical conductivity and tensile

properties of CuCrZr that was solution annealed and then simultaneously aged and
diffusion bonded are also summarized. A severe reduction in tensile elongation is
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cbhserved in the diffusion bonded joint, particularly if a thin copper shim is not
placed in the diffusion bondline.

ROUND ROBIN COMPARISON OF TENSILE RESULTS ON GlidCop Al25 —

D. J. Edwards (Pacific Northwest National Laboratory), S. J. Zinkle (Oak Ridge
National Laboratory), S. A. Fabritsiev (DV Efremov Institute), and A. S. Pokrovsky
(Research Institute of Atomic Reactors)

A round robin comparison of the tensile properties of GlidCop™ AI25 oxide
dispersion strengthened copper was initiated between collaborating laboratories to
evaluate the test and analysis procedures used in the irradiation experiments in
SRIAR in Dimitrovgrad. The tests were conducted using the same tensile specimen
geometry as used in previous irradiation experiments, with tests at each laboratory
being conducted in air or vacuum at 25, 150, and 300°C at a strain rate of 3 x10"4 s~
1. The strength of the GlidCop™ AI25 decreased as a the test temperature
increased, with no observable effect of testing in air versus vacuum on the yield and
ultimate strengths. The uniform elongation decreased by almost a factor of 3 when
the test temperature was raised from room temperature to 300°C, but the total
elongation remained roughly constant over the range of test temperatures. Any
effect of testing in air on the ductility may have been masked by the scatter
introduced into the results because each laboratory tested the specimens in a
different grip setup. In light of this, the results of the round robin tests
demonstrated that the test and analysis procedures produced essentially the same
values for tensile yield and ultimate, but significant variability was present in both the
uniform and total elongation measurements due to the gripping technique.

PROGRESS REPORT ON THE BEHAVIOR AND MODELING OF COPPER ALLOY
TO STAINLESS STEEL JOINTS FOR ITER FIRST WALL APPLICATIONS — J. Min,
J. Stubbins, J. Collins {University of Illinois), and A. F. Rowcliffe (Oak Ridge National
Laboratory)

The stress states that lead to failure of joints between GlidCop TM CuAl25 and 316L
SS were examined using finite element modeling techniques to explain
experimental observations of behavior of those joints. The joints were formed by
hot isostatic pressing (HIP) and bend bar specimens were fabricated with the joint
inclined 45° to the major axis of the specimen. The lower surface of the bend bar
was notched in order to help induce a precrack for subsequent loading in bending.
The precrack was intended to localize a high stress concentration in close proximity
to the interface so that its behavior could be examined without complicating factors
from the bulk materials and the specimen configuration. Preparatory work to grow
acceptable precracks caused the specimen to fail prematurely while the precrack
was still progressing into the specimen toward the interface. This prompted the
finite element model calculations to help understand the reasons for this behavior
from examination of the stress states throughout the specimen. An additional
benefit sought from the finite element modeling effort was to understand if the
stress states in this non-conventional specimen were representative of those that
might be experienced during operation in ITER.

AUSTENITIC STAINLESS STEELS
No contributions. »
INSULATING CERAMICS AND OPTICAL MATERIALS

No contributions.
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SOLID BREEDING MATERIALS

LOW-TEMPERATURE LOW-DOSE NEUTRON IRRADIATION EFFECTS ON
BRUSH WELLMAN S65-C AND KAWECKI BERYLCO PO BERYLLIUM —
L. L. Snead (Oak Ridge National Laboratory)

The mechanical property results for two high quality beryllium materials subjected to
low temperature, low dose neutron irradiation in water moderated reactors are
presented. Materials chosen were the S65-C ITER candidate material produced by
Brush Wellman, and Kawecki Berylco Industries PO beryllium. Both materials were
processed by vacuum hot pressing. Mini sheet tensile and thermal diffusivity
specimens were irradiated in the temperature range of ~100-275°C from a fast
(E>0.1 MeV) neutron dose of 0.05 to 1.0x10% n/m? in the High Flux Isotope Reactor
(HFIR) at the Oak Ridge National Laboratory and the High Flux Beam Reactor
(HFBR) at the Brookhaven National Laboratory. As expected from earlier work on
beryllium, both materials underwent significant embrittlement with corresponding
reduction in ductility and increased strength. Both thermal diffusivity and volumetric
expansion were measured and found to be negligible in this temperature and
fluence range. Of significance from this work is that while both materials rapidly
embrittle at these ITER relevant irradiation conditions, some ductility (>1-2%)
remains, which contrasts with a body of earlier work including recent work on the
Brush-Wellman S65-C material irradiated to slightly higher neutron fluence.

RADIATION EFFECTS, MECHANISTIC STUDIES, AND
EXPERIMENTAL METHODS ‘

No contributions.

DOSIMETRY, DAMAGE PARAMETERS, AND ACTIVATION
CALCULATIONS

NEUTRON DOSIMETRY AND DAMAGE CALCULATIONS FOR THE ATR-A1
RRADIATION — L. R. Greenwood and R. T. Ratner (Pacific Northwest National
Laboratory)

Neutron fluence measurements and radiation damage calculations are reported for
the collaborative U.S./Japan ATR-A1 irradiation in the Advanced Test Reactor (ATR)
at ldaho National Engineering Laboratory (INEL). The maximum total neutron
fluence at midplane was 9.4 x 1021 n/cm2 (5.5 x 1021 n/fcm?2 above 0.1 MeV),
resulting in about 4.6 dpa in vanadium.

ANALYSIS AND RECOMMENDATIONS FOR DPA CALCULATIONS IN SiC —
H. L. Heinisch (Pacific Northwest National Laboratory

Recent modeling results, coupled with the implications of available experimental
results, provide sufficient information to achieve consensus on the values of
threshold displacement energies to use in DPA calculations. The values
recommended here, 20 eV for C and 35 eV for Si, will be presented for adoption by
the international fusion materials community at the next IEA SiC/SiC workshop.

MATERIALS ENGINEERING AND DESIGN REQUIREMENTS

IMPACT OF STRUCTURAL DESIGN CRITERIA ON FIRST WALL SURFACE HEAT
FLUX LIMIT — 8. Majumdar (Argonne National Laboratory)
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The irradiation environment experienced by the in-vessel components of fusion
reactors presents structural design challenges not envisioned in the development
of existing structural design criteria such as the ASME Code or RCC-MR. From the
standpoint of design criteria, the most significant issues stem from the irradiation-
induced changes in materials properties. Specifically, the reduction of ductility,
strain hardening capability, and fracture toughness with neutron irradiation.
Recently, Draft 7 of the ITER structural design criteria (ISDC), which provide new
rules for guarding against such problems, was released for trial use by the ITER
designers. The new rules, which were derived from a simple model based on the
concept of elastic follow up factor, provide primary and secondary stress limits as
functions of uniform elongation and ductility. The implication of these rules on the
allowable surface heat flux on typical first walls made of type 316 stainless steel and
vanadium alloys are discussed.

ELASTIC-PLASTIC ANALYSIS OF THE SS-3 TENSILE SPECIMEN S. Majumdar
{Argonne National Laboratory)

Tensile tests of most irradiated specimens of vanadium alloys are conducted using
the miniature $S-3 specimen which is not ASTM approved. Detailed elastic-plastic
finite element analysis of the specimen was conducted to show that, as long as the
uftimate to yield strength ratio is less than or equal {o 1.25 (which is satisfied by many
irradiated materials), the siress-plastic strain curve obtained by using such a
specimen is representative of the true material behavior.

IRRADIATION FACILITIES, TEST MATRICES, AND EXPERIMENTAL
METHODS

STATUS OF LITHIUM-FILLED SPECIMEN SUBCAPSULES FOR THE HFIR-
MFE-RB-10J EXPERIMENT -- J. P. Robertson, M. Howell, and K. E. Lenox
(Oak Ridge National Laboratory)

The HFIR-MFE-RB-10J experiment will be irradiated in a Removable Beryllium
position in the HFIR for 10 reactor cycles, accumulating approximately 5 dpa in steel.
The upper region of the capsule contains two lithium-filled subcapsules containing
vanadium specimens. This report describes the techniques developed to achieve a
satisfactory lithium fill with a specimen occupancy of 26% in each subcapsule.

SPECIMEN LOADING LIST FOR THE VARYING TEMPERATURE EXPERIMENT —
A. L. Qualls and R. G. Sitterson (Oak Ridge National Laboratory)

The varying temperature experiment HFIR-RB-13J has been assembled and
inserted in the reactor. Approximately 5300 specimens were cleaned, inspected,
matched, and loaded into four specimen holders. A listing of each specimen loaded
into the steady temperature holder, its position in the capsule, and the identification
of the corresponding specimen loaded into the varying temperature holder is
presented in this report.

STATUS OF THE IRRADIATION TEST VEHICLE FOR TESTING FUSION
MATERIALS IN THE ADVANCED TEST REACTOR — H. Tsai, |. C. Gomes, and
D. L. Smith (Argonne National Laboratory), A. J. Palmer, and F. W. Ingram
(Lockheed Martin Idaho Technologies Company), and F. W. Wiffen (U.S.
Department of Energy)

The design of the irradiation test vehicle (ITV) for the Advanced Test Reactor (ATR)
has been completed. The main appiication for the ITV is irradiation testing of
candidate fusion structural materials, including vanadium-base alloys, silicon
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carbided composites, and low-activation steels. Construction of the vehicle is under
way at the Lockheed Martin Idaho Technology Company (LMITCO). Dummy test
trains are being built for system checkout and fine-tuning. Reactor insertion of the
ITV with the dummy test trains is scheduled for fall 1998. Barring unexpected
difficulties, the ITV will be available for experiments in early 1999,

SCHEDULE AND STATUS OF IRRADIATION EXPERIMENTS — A. F. Rowcliffe,
M. L. Grossbeck, and J. P. Robertson (Oak Ridge National Laboratory)

The current status of reactor irradiation experiments is presented in tables
summarizing the experimental objectives, conditions, and schedule.
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TENSILE AND IMPACT PROPERTIES OF GENERAL ATOMICS 832864 HEAT OF V-4Cr-4Ti
ALLOY - H. Tsai, L. J. Nowicki, J. Gazda, M. C. Billone, and D. L. Smith (Argonne National
Laboratory), W. R. Johnson and P. Trester (General Atomics)

SUMMARY

A 1300-kg heat of V-4Cr-4Ti alloy was procured by General Atomics (GA) for the DIlI-D radiative
divertor program. To determine the mechanical properties of this alloy, tensile and Charpy tests
were conducted on specimens prepared from pieces of 4.8-mm-thick as-rolled plates, a major
product form for the DIlI-D application. The tensile tests were conducted at three temperatures, 26,
280 and 380°C, the last two being the anficipated peak temperatures during DIll-D boronization and
postvent bake-out, respectively. Results from these tests show that the tensile and impact
properties of the 832864 heat are comparable to those of the other smaller V-(4-5)Cr-(4-5)Ti alloy
heats previously developed by the U.S. Fusion Materials Program and that scale-up of vanadium
alfoy production can be successfully achieved as long as reasonable process control is
implemented.

OBJECTIVE

The objective of this task was to determine the tensile and impact properties of the 832864 heat of V-
4Cr-4Ti in the temperature regime of importance to the DIlI-D radiative divertor program.

BACKGROUND

Vanadium-base alloys are promising candidates for fusion reactor applications because of their low
activation and good thermal-mechanical properties and radiation resistance at high temperature. To
demonstrate the in-service behavior of vanadium alloys in a typical tokamak environment, and to
develop knowledge and experience on the design, processing, and fabrication of full-scale vanadium
alloy components, GA developed a pian to fabricate a vanadium alloy structure in the DIII-D radiative
divertor modification [1,2}. As part of this project, a 1300-kg heat of V-4Cr-4Ti alloy was procured by
GA. This heat was produced by Teledyne Wah-Chang of Albany according to specifications
developed by GA with input from ANL and ORNL. Particular attention was given to control of
impurities in order to meet the immediate goals for the DIll-D radiative divertor program and future
goals for development of vanadium alloys used in advanced fusion systems. = The requirements
included minimization of Nb, Mo, and Ag for low neutron activation; optimization of Si (400-1000
ppm} to suppress neutron-induced swelling; and control of O, N, C and other impurities to avoid
grain-boundary segregation and precipitation of embrittling phases [3]. A detailed report on the
production of this heat can be found elsewhere [4,5].

GA has conducted six tensile tests on the 832864-heat material at room temperature [6]. The
specimens, with gauge dimensions of 4.06 mm (thick) x 6.35 mm (width) x 25.4 mm (length), were
machined from either plate stock (4.8 mm thick) or rod stock (10.2 mm dia.). All specimens were
annealed at 1000°C for 1 h in vacuum (<1 x 10 torr, cryopumped) before the tests. The tests were
performed with attached gauge extensometers at a strain rate of 5 x 10%s. Results of these tests
are summarized in Table 1.

*wWork supported by U.S. Depariment of Energy, Office of Fusion Energy Research, under Contract W31-109-Eng-38.




Table 1. Room-temperature tensile properties of Heat 832864 determined by GA

Specimens  Yield Strength  Ultimate Tensile Total Reduction in

Made from {(MPa) Strength (MPa)  Elongation (%) Area (%)

Plate Stock 3086 398 41 93

Rod Stock 299 408 42 88
EXPERIMENTAL PROCEDURE

Specimen Preparation

The AN'L test specimens were prepared from two 4.8-mm-thick plates supplied by GA. They were
the trimmed edges from two as-rolled plates. To avoid altering the as-rolled microstructure, the test
specimens were electro-discharge machined with no further rolling of the pieces.

The tensile specimens were of the SS-3 design, which is the de facto standard for the fusion
materials program. The nominal dimensions of the gauge were 0.76 (t) x 1.52 (w) x 7.6 (I) mm,
and the longitudinal direction of the gauge was paralle! to the final rolling direction of the plate.

The Charpy impact specimens were 1/3-size, 3.3 mm (1) x 3.3 mm (w) x 25.4 mm (1), with a 30°,
0.61-mm-deep, 0.08-mm-root radius machined notch. The notch orientation (i.e., crack
propagation direction) was perpendicular to the final rolling direction and into the thickness of the
plate. This Charpy specimen design is also a de facto standard and has been used extensively in
previous fusion materials tests.

After the machining and cleaning, all specimens were annealed in an ion-pumped vacuum (<1 X
107 torr) at 1000°C for 1 h before the testing.

Test Procedure

One tensile test each was conducted at room temperature, 280, and 380°C, the last two being the
anticipated peak temperatures during the DIII-D boronization and postvent bake-out, respectively.
The room-temperature test was conducted in air; the elevated-temperature tests were conducted
in high-purity flowing argon. The tests were performed with an Instron machine without an
extensometer attached to the specimen gauge. Extensions due to slack in the grip and
deformation of the load frame were subtracted from the crosshead displacement to obtain the
correct gauge-section extension. The strain rate for all tests was 1.1 x 10%s, which is the
reference used in many previous fusion materials tensile tests.

All Charpy impact tests were conducted in air with a Dynatup drop-weight tester. Specimen
temperature during the impact test was measured with a thermocouple spot-welded to the end of
the specimen. For the above-ambient-temperature tests, a hot-air blower was used to provide the
heating. For the below-room-temperature tests, liquid nitrogen was used to chill the specimens.

RESULTS AND DISCUSSION
Tensile Tests
The results of the tensile tests are summarized in Table 2 and Fig. 1. The individual tensile

curves are shown in Fig. 2. Reduction-in-area measurements and fractographic examinations
have not yet been conducted.




Table 2. Tensile properties of 832864 heat determined at ANL

Test Yield Strength®  Ultimate Tensile Uniform Total
Temp. (°C) (MPa) Strength (MPa)  Elongation (%)  Elongation (%)
26 315 410 19.3 28.5
280 228 345 16.7 23.2
380 228 355 15.3 22.8

2Lower yield point.
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Fig. 1. Tensile properties of Heat 832864 as functions of test temperature

Compared to the data determined by GA (Table 1), the agreement in the room-temperature
strengths is good. The slight difference in strain rates (1.1 x 10%s in the ANL tests and 5 x 10%/s
in the GA tests) appeared to be a nonfactor, as previous studies have indicated [7]. The room-
temperature total elongation data from the ANL test, however, were notably lower than those from
the GA tests, ~29 vs. 41%. The cause of this discrepancy is probably related to differences in
specimen size and geometry but has not been fully determined.

Possibly the most insightful assessment of the 832864 heat is to compare its properties with those
of the previous V-4Cr-4Ti heats that have been extensively studied. In this regard, the 832864
heat appears to be fairly similar to the other heats, as described below.

In Fig. 3, ultimate tensile strength of the 832864 heat is compared to that in the existing V-4Cr-4Ti
data base. The 832864 data are near the center of the established data band. The data also
display the characteristic upturn with temperature in the ~300-600°C range.
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Fig. 2. Tensile plots for individual tests. Note occurrence of dynamic strain aging at 380°C.




Comparison of the yield strength and uniform elongation of the 832864 heat with those in the
existing V-4Cr-4Ti data base is shown in Fig. 4. Again, the data for the 832864 heat are
comparable with those of the previous heats. The yield strength of the 832864 heat is slightly
lower than the group average, possibly because of its lower impurity and Si contents.
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Fig. 3. Comparison of ultimate tensile strength of 832864 heat with that in existing data base [8].
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Fig. 4. Comparison of yield strength and uniform elongation of 832864 heat with those in existing
database [8].




Likewise, comparison of total elongation data (Fig. 5) revealed no significant differences between

832864 and the other heats.
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Fig. 5. Comparison of total elongation of 832864 heat with that in existing data base [8]. Neglect
open-symbol irradiated data in lower part of chart.

Charpy Impact Tests

The results of the Charpy tests are shown in Fig. 6 along with prior data from the 832665 sibling
heat of V-4Cr-4Ti. The upper-shelf energy of ~10-12 J of the 832864 heat is slightly lower than
that of the 832665 heat. Again, this may be due to differences in impurity contents. A transition
from upper-shelf to lower-shelf, in good agreement with the data trend, appears to occur at a low
temperature, =~ -180°C. From Fig. 6, we can concluded that the impact properties of the 832864
heat are good and comparable to those of the sibling 832665 heat.

FUTURE ACTIVITIES

Fractographic examination of the test specimens will be completed to determine the fracture mode
and reduction-in-area data.
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Fig. 6. Comparison of Chafpy impact properties of 832864 heat with existing data base [9,10].
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"HIGH TEMPERATURE TENSILE PROPERTIES OF V-4Cr-4Ti — S. J. Zinkle,
A. F. Rowciliffe and C. O. Stevens (Oak Ridge National L.aboratory)

OBJECTIVE
§ The objective of this report is to summarize recent high temperature data on the tensile properties
_ of V-4Cr-4Ti.
___—<UMMARY

Tensile tests have been performed on V-4Cr-4Ti at 750 and 800°C in order to extend the data
base beyond the current limit of 700°C. From comparison with previous measurements, the yield
strength is nearly constant and tensile elongations decrease slightly with increasing temperature
between 300 and 800°C. The ultimate strength exhibits an apparent maximum near 600°C
(attributable to dynamic strain aging) but adequate strength is maintained up to 800°C. The
reduction in area measured on tensile specimens remained high (~80%) for test temperatures up
to 800°C, in contrast to previous reported results.

PROGRESS AND STATUS
Introduction

The maximum operating temperature limit for vanadium alloys in fusion reactor design studies is
typically assumed to be ~700°C [1,2]. Alternatively, it was recently suggested that vanadium
alloys might be capable of operation at temperatures up to 750°C [3]. Although the maximum
operating temperature will likely be determined by creep (thermal and irradiation), helium
embrittlement, or corrosion effects, there are no known tensile data for V-4Cr-4Ti alloys at
temperatures above 700°C. High temperature tensile data would be beneficial to help guide
planned thermal creep experiments on V-4Cr-4Ti, and may provide some insight into the
maximum allowable operating temperature based on mechanical strength considerations.

Experimental Procedure

The specimens were prepared from the 500 kg US fusion program heat of V-4Cr-4Ti (heat
832665). A 50% cold-rolled plate (6.4 mm thickness) supplied by Teledyne Wah Chang Albany
was annealed at 1000°C for 2 h and then cross-rolled to a thickness of 3.81 mm (40% cold work).
Type SS3 miniature sheet tensile specimens (nominal gage dimensions 0.76 x 1.52 x 7.6 mm})
were electrodischarge machined and subsequently annealed at 1000°C for 2 h in a vacuum of
~2 x 107 torr. The specimens were engraved with ID codes gRC and RD series) prior to
annealing. The tensile specimens were tested in vacuum (~2 x 10 torr) at a constant crosshead
speed of 0.46 mm/minute, which corresponds to an initial strain rate of 1.0 x 10° s'. The
specimens were held at the test temperature for 20 to 30 minutes prior to the start of the tensile
test. Data were digitally acquired at an acquisition rate of 20 points per second. Following tensile
testing, the fracture surfaces were examined in a scanning electron microscope in order to
determine the reduction in area.

Results and Discussion

The tensile properties of the V-4Cr-4Ti specimens are listed in Table 1, and the load-elongation
tensile curves are shown in Fig. 1. Slight yield drops were observed at all three test temperatures,
simitar to what was previously observed at test temperatures up to 700°C [4]. The difference
between the upper and lower yield points was approximately 10 MPa in all three cases. The




Table 1. Summary of tensile data on V-4Cr-4Ti specimens.

Test temperature | Yield strength Ultimate Uniform Total Reduction in
strength | elongation elongation - area
600°C 228 MPa 387 MPa 11.5% 22% —
750°C 235 MPa 397 MPa 10.0% 17% 77%
800°C 234 MPa 337 MPa 10.5% 20% 82%

Luders band elongation was less than 2% at all three temperatures. The yield strength was
determined at the lower yield point, which occurred at 0.2-0.5% plastic extension. Serrations in
the stress-strain tensile curves were observed in specimens tested at temperatures up to 750°C,
although the amplitude of the serrations observed at 750°C was much smalier than that observed
at 600-700°C [4]. The amplitude of the serrations was very small (~1 MPa) at a {est temperature of
800°C. The Portevin-Le Chatelier serrations fell below the general level of the stress-strain curve
(Type C behavior [4]) at all three test temperatures.

The present iensile data are plotted along with previously reported tensile data [4-6] in Figs. 2-4.
The strength data shown in Fig. 2 were fitted to a 4th order polynomial, and the resulting
equations are given in the figure. The yield strength is nearly independent of test temperature
between 300 and 800°C. The ultimate strength exhibits a local maximum at test temperatures
near 600°C, and begins to significantly decrease at 800°C. As shown in Fig. 3, the uniform and
total elongation decrease slowly with increasing temperature. High tensile elongations are
observed at all temperatures up to 800°C. The reduction in area measured in the present study
(Fig. 4) was ~80% at both 750 and 800°C. Ductile dimple fracture surfaces were observed at
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Fig. 1. Load-elongation curves for V-4Cr-4Ti tensile specimens tested at 600-800°C. The tensile
curves have been horizontally offset for clarity.
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all temperatures investigated in this study. Previous studies [5,6] reported that the reduction in
area for V-4Cr-4Ti was nearly constant between 20 and 500°C with a value of ~90%, and
decreased rapidly at temperatures above 600°C. The reason for the apparent discrepancy in high
temperature reduction in area values between the present study and the values summarized in
ref. [5] is uncertain. Differences in the quality of the testing vacuum may be one possibility.
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TENSILE PROPERTIES OF VANADIUM-BASE ALLOYS IRRADIATED IN THE FUSION-1
LOW-TEMPERATURE EXPERIMENT IN THE BOR-60 REACTOR - H. Tsai, J. Gazda, L. J.
Nowicki, M. C. Billone, and D. L. Smith (Argonne National Laboratory)

- TIVE

w is a sodium-cooled fast reactor in Russia with the iow coolant inlet temperature of 300-
@‘" »-,5 .. The objective of the Fusion-1 experiment in BOR-60 was to study the effects of neutron
© ¢ ge in vanadium-base alloys in the 300-350°C temperature regime. Prior to this experiment,
\’* - ation testing of vanadium-base alloys in mixed-spectrum reactors and the fast reactor EBR-II
¥ nperatures below ~400°C had shown significant radiation hardening and embrittlement of
ials even at a relatively low neutron dose. The Fusion-1 experiment, a joint U.S.-Russia
\) to develop fusion materials, was designed to evaluate this low-temperature sensitivity at the

wate neutron fluence of ~20 displacements per atom (dpa).

SUMMARY

The irradiation has been completed and the test specimens have been retrieved from the lithium-
bonded capsule at the Research Institute of Atomic Reactors (RIAR) in Russia [1]. During this
reporting period, the Argonne National Laboratory (ANL) tensile specimens were received from
RIAR and initial testing and examination of these specimens at ANL has been compieted. The
results, corroborating previous findings [2-5], showed a significant loss of work hardening
capability in the materials. There appears to be no significant difference in behavior among the
various heats of vanadium-base alloys in the V-(4-5)Cr-(4-5)Ti composition range. The variations
in the preirradiation annealing conditions also produced no notable differences.

EXPERIMENTAL PROCEDURE

Test Specimens

The tensile specimens submitted by ANL for the Fusion-1 experiment were 1/3-sized sheet
specimens, with an overall length of 25.4 mm and a gauge section that was 7.62 mm long x 1.52
mm wide x 0.76 mm thick. The long direction of the gauge section was parallel to the final rolling
direction of the sheets.

The primary test variable of the ANL specimens was alloy composition: V-4Cr-4Ti (Heat 832665),
V-5Cr-5Ti (Heat T87), V-4Cr-4Ti with addition of 250 appm of boron (QN74), and a Russian heat
of V-4Cr-4Ti (VX8). Table 1 shows the nominal compositions of these alloys. Also included in
the test were weldment specimens from bead-on-plate laser welds of the Heat 832665 material.
The purpose of adding boron to the QN74 alloy was to study the effects of helium generation from
the B(n,a)Li reactions.

The secondary test variable was preirradiation thermal-mechanical treatment: all specimens
except the weldment were annealed in vacuum at 950 or 1000°C for 1 or 2 h to remove the prior
cold work (#50%). The laser weldment specimens received only a hydrogen outgassing at 400°C
for 1 h in vacuum after the welding, i.e., without a postweld heat treatment or the nominal 1000°C

annealing.

* Work supported by the U.S. Department of Energy, Office of Fusion Energy Research, under Contract W-31-109-ENG-38.




Table 1. Nominal composition of the four alloys investigated

Heat Ingot Nom. Composition Impurity Content (wppm)
Number Size (kg) (wt. %) o) N c Si
832665 500 V-3.8Cr-3.9Ti 310 85 80 780

T87 - 30 V-5.0Cr-5.0Ti 380 90 110 550
QN74° 15 V-4.0Cr-4.1Ti-B 350 220 200 870

vXxs® 100 V-3.7Cr-3.9Ti 350 70 300 500

Contams ~250 appm of "B.
®From Russia. Contains (in wppm) 1120 Al, 280 Fe, 500 Co, 270 Mo, 1280 Nb, and
19 Zr,

Irradiation Summary

The Fusion-1 test vehicle was a single, 508-mm-long, lithium-bonded stainless steel capsule with
a 36-mm OD and 32-mm ID. [1]. Inside the capsule, the test specimens were arranged in 10
equal-height tiers over the middle 361-mm region of the core. The ANL tensile specimens were
placed below the core midplane, in Tiers 2, 3, and 4 (Tier 1 being at the bottom of the capsule) fo
attain the desired low specimen temperatures.

During the irradiation, which started in July 1995 and ended in June 1996, the reactor power and
sodium inlet temperature were allowed to vary from time to time to comply with seasonal power
-output demands. Consequently, the specimen temperatures fluctuated during these operations.
Based on the results of thermal analyses, the deviation from the time-averaged means was
approximately £16°C. The calculated time-averaged temperatures for specimens in tiers 2, 3,
and 4 were 318, 320, and 323°C, respectively.

Displacement damage and transmutations in the specimens were calculated from the neutron flux
and spectrum data determined from prior in-depth spectrometry measurements and the flux
monitors incorporated in the Fusion-1 capsule. For Tiers 2, 3, and 4, the calculated displacement
damage in the specimens was 17, 18, and 19 dpa, respectively. Because of the lack of thermal
neutrons, atypical transmutations were insignificant. For specimens with added boron, the
calculated helium generation rate in the material was =500 appm per dpa.

Capsule Disassembly

Because of the relatively large size of the fusion-1 capsule, the conventional method of using
liquid ammonia to dissolve the lithium bond was impractical. An alternative technique of using
heated mineral oil to melt and remove the lithium bond was adopted. (This method had been
used before at RIAR to disassemble similar lithium-bonded capsules.) To ascertain that the
exposure to oil at a temperature of ~250°C for several hours would not adversely affect the
properties of the specimens, extensive confirmatory tests were conducted at ANL. The results of
these confirmatory tests showed only benign effects from the oil exposure and no measurable
uptake of interstitial impurities.

The capsule disassembly was completed in an air cell at the RIAR. After the top and bottom end
plugs of the capsule were removed with a low-speed saw, the capsule was immediately
immersed in a bath of mineral oil at room temperature. The oil was then heated to 250°C to meit
the lithium, which floated to the surface of the oil bath. The oil was then cooled to room
temperature and the specimens were refrieved from the bath. The specimens were then
repeatedly rinsed in alcohol at room temperature to remove residual oil and lithium and other
possible surface contaminants.
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RESULTS OF TENSILE TESTS

Thirteen tensile tests have been compieted. The tests were conducted either at room
temperature in air or at the irradiation temperature in high-purity flowing argon. Because the tests
were performed without a specimen extensometer, the gauge elongation was determined from
the crosshead displacement with the extension due to the slack in the grip and the deformation of
the load frame subtracted. The strain rate for all tests was 1.1 x 10°%/s. The results of these tests
are summarized in Table 2.

Table 2. Tensile data for ANL specimens irradiated in Fusion-1 experiment®®

Preirrad.
Heat - Test
Specimen Treatment Temp. YS®° UTS® UE® TE® RA%

ID No. Material/Heat (°C/h) (°C) (MPa) (MPa) (%) (%) (%)
71-2 V-4Cr-4Ti/832655 1000/1 23 1115 1120 0.3 04 <=3
71-1 V-4Cr-4Ti/832655 1000/1 318 913 932 0.7 1.3 tbd
71-2H2 V-4Cr-4Ti/832655 1000/2 23 1100 1115 0.3 0.5 <x3
71-2H1 V-4Cr-4Ti/832655 1000/2 318 892 926 04 22 tbd
71-B V-4Cr-4Ti/832655 950/2 23 1120 1125 0.5 0.8 <=3
71-A V-4Cr-4Ti/832655 950/2 318 953 962 0.4 1.3 tbd
72-2 V-5Cr-5TifT87 1000/1 23 1145 1150 0.4 0.4 <~3
72-1 V-5Cr-5Ti/T87 1000/1 323 953 955 0.1 18 tbd

70-2 V-4Cr-4Ti-B/QN74  1000/1 23 d d d d d
70-1 V-4Cr-4Ti-B/QN74 1000/1 323 N 842 & e thd
69-2 V-4Cr-4Ti/RF VX8 100071 23 1135 1170 1.4 28 <=4
69-1 V-4Cr-4Ti/RF VX8 1000/1 323 909 936 0.5 23 thd
71-L.Z-1 832665/Laser 400/1 320 f 782 0.0 0.0 tbd

“All specimens were irradiated in the narrow temperature range of 318-323°C (time-averaged) and
the dpa range of 17-19.
®All tests were conducted at a strain rate of 1.1 x 10™/s.
°YS: 0.2% offset yield strength; UTS: ultimate tensile strength; UE: uniform elongation; TE: total
elongatlon RA: reduction in area, tbd: fo be determined.
Specimen failed at grip at 727 MPa with no measurable plastic deformation before failure.
eChart-drlve malfunction prevented determination of these quantities.
f No measurable plastic deformation; offset yield strength could not be determined.
$See Ref. 6.

The yield strength of all of the materials was found to have increased significantly (by a factor of 3
to 4) over those of the nonirradiated materials. At the same time, there was a notable loss of
work hardening ability, manifested by the small measured uniform elongation. All specimens
failed rapidly due to plastic instability after yielding. Figure 1 shows the recorded tensile loading
curves for Specimens 71-2 (Heat 832665) and 69-2 (Heat VX8), both of which were tested at
room temperature. The load-displacement profiles of other specimens are similar. When tested
at room temperature, the specimen with added boron broke at the grip before reaching the yield
point, attesting to the material's brittleness after irradiation. The laser weldment specimens,
although fractured at the gauge section, was also brittle and showed no measurable elongation.
Uniform elongations for all other specimens were small (typically <1%). The Heat VX8 specimen
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showed a marginally greater uniform elongation at room temperature; however, when tested at
the irradiation temperature, its uniform elongation was essentially the same as those of the other
specimens. Within the data scatter, therefore, it appears that all of the heats of vanadium-base
alloys included in this test behaved similarly. The minor variations of the preirradiation heat
freatment of the Heat 832665 specimens produced little effects.
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Fig. 1. Tensile loading curves for Specimens 71-2 (top, Heat 832665) and 69-2 (bottom, Heat
VX8), both tested at room temperature. The gauge length of both specimens was 7.62
mm.

Fractographic examination with a scanning electron microscope is in progress. The objective of
the examination is to determine the mode of fracture and the reduction of gauge cross-sectional
area. The fractography of the room-temperature specimens has heen completed. All fractures
appear to be a mixture of ductile shear and brittle cleavage. Consistent with the elongation data,
the reduction-in-area values were all small, as shown in Table 2. A more complete report of the
fracture examination can be found in Ref. 6.
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FUTURE ACTIVITIES

Fractographic examination will be completed. Additional tests will be conducted at lower strain
rates to study dislocation channeling effects. The results from the present and future tests will be
compared with X530, ATR-A1 and HFBR test data to better define the low-temperature irradiation
effects.
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ROOM-TEMPERATURE FRACTURE IN V-(4-5)CR-(4-5)TI TENSILE SPECIMENS
IRRADIATED IN FUSION-1 BOR-60 EXPERIMENT"

J. Gazda and M. Meshii (Northwestern University) and H. Tsai (Argonne National Laboratory)

SUMMARY

Specimens of V-(4-5)Cr-(4-5)Ti alloys were irradiated to =18 dpa at 320°C in the Fusion-1 capsule
inserted into the BOR-60 reactor. Tensile tests at 23°C indicated dramatic yield strength increase
(>300%), lack of work hardening, and minimal (<1%) total elongations. SEM analysis of fracture
and side surfaces were conducted to determine reduction in area and the mode of fracture. The
reduction of area was negligible. All but one specimen failed by a combination of ductile shear
deformation and cleavage crack growth. Transgranular cleavage cracks were initiated by stress
concentrations at the tips of the shear bands. In side-view observations, evidence was found of
slip bands typically associated with dislocation channeling. No differences due to pre-irradiation
heat treatment and heat-to-heat composition variations were detected. The only deviation from
this behavior was found in V-4Cr-4Ti-B alloy, which failed in the grip portion by complete cleavage
cracking.

| G IVE
1 ‘?J tive of this study was to determine the room temperature tensile properties and fracture
r \ insile specimens of V-(4-5)Cr-(4-5)Ti alloys irradiated at =320°C in the BOR-60 reactor.

¥ & UCTION

f smperature irradiation performance data of V-4C-4Ti alloys are needed to establish
5 on the low-temperature limit of fusion reactors operation. These temperatures are also
' \ y 'transient operation of the reactors in start-up, shut-down, and idle modes. Recently, a
}i\i irradiation experiments was performed in various irradiation facilities to evaiuate the
il performance of V-4Cr-4Ti alloys at low doses (0.1-6 dpa) [1-5). The present irradiation
€ it was designed to complement the low-dose data with information on the irradiation
performance of V-(4-6)Cr-(4-6)Ti alloys in the temperature range of 310-350°C and at neutron
fluences of 15 to 20 dpa. The irradiation was a part of the Russian Federation (RF)-U.S.
collaborative Fusion-1 experiment in BOR-60 reactor. Specimens were delivered to Argonne
National Laboratory and testing was initiated in this reporting period. The six fractured tensile
specimens tested at 23°C were provided for our examination by the ANL Vanadium Alloy
Development Program.

N " (Y d s
-
',
.

In this study, three specimens of the 500kg heat (#832665) of V-4Cr-4Ti alloy after various
annealing treatments (1 h at 1000°C, 2 h at 1000°C, and 2 h at 950°C) were evaluated. The three
additional specimens were V-4Cr-4Ti-250wppm'°B (heat QN74) and V-5Cr-5Ti (heat T87) U.S.
alloys, and the V-4Cr-4Ti alloy manufactured in the RF (heat VX8). The goals of the present work
were to evaluate the mode of fracture and establish reasons for the dramatic yield strength
increase, loss of macroscopic work hardening, and lack of elongation. The results of the tensile
tests on these specimens are reported in a separate submission [6]. Here, we report on the
findings of scanning electron microscopy (SEM) analysis of the fracture and side surfaces of the
tensile specimens tested at 23°C.

*Work supported by U.S. Department of Energy Office of Fusion Energy Research and Argonne
Nationa! Laboratory Division of Educational Programs, under Contract W-31-109-Eng-38.




EXPERIMENTAL PROCEDURES

The ANL tensile specimens included in the Fusion-1 experiment were machined from sheet stock
to SS-3 geometry specifications (gauge dimensions: 7.62 mm length, 1.52 mm width, 0.76 mm
thickness). The long direction of the specimens was parallel to the final rolling direction of the
sheets. Two variables were investigated in the Fusion-1 experiment. First was the alloy’s
composition effects (listed in Table 1) and the second was the preirradiation heat treatment (listed
in Table 2). The purpose of boron addition to the heat QN74 was to evaluate the effects of He
generated by B(n,a)Li reactions. The ANL specimens were irradiated at =320°C to =18 dpa. The
temperature varied by +16°C during the irradiation period from July 1995 through June 1996 due
to changes in sodium coolant inlet temperature. The coolant inlet temperature was dictated by the
reactor’'s seasonal output demands. BOR-60, a fast breeder reactor, is used to generate electric
power for the city of Dimitrovgrad, and in summer the power demands are lower. Following
irradiation, the capsule was disassembied at the Research Institute of Atomic Reactors (RIAR).
During disassembly specimens were exposed to mineral oil at 250°C followed by alcohol rinses at
room temperature to dissolve the residual Li. Cleaned specimens were shipped to the USA.

Table 1. Nominal cbmpositions of the four investigated alloys

Heat ID Nominal Major Impurities (wppm)
Composition (wt.%) 0] N ‘ C Si
832665 V-3.8Cr-3.9Ti 310 85 80 780
T87 V-5Cr-5Ti 380 90 110 550
QN74 2 V-4Cr-4.1Ti-B 350 220 200 870
VX8 V-3.7Cr-3.97i 350 70 _ 300 500

Contains 250 appm of °B.
®  Manufactured in Russia; contains (in wppm) 1120 Al, 280 Fe, 500 Co, 270 Mo, 1280 Nb, and 19 Zr.

Table 2. Preirradiation heat treatments of investigated specimens

Specimen ID Heat D Pre-lrradiation Annealing
BL71-2 832665 1 hat1000°C
BL71-2H-2 832665 2hat1000°C
BL71-B 832665 : 2hat950°C
BL70-2 QN74 1 hat1000°C
BL72-2 T87 1 hat1000°C
BL69-2 VX8 1hat1000°C

Details of specimen handling and the testing procedures are given in the accompanying report
[6]. The tensile tests were conducted at 23°C and a 0.0011 s strain rate. In all tests, yield
strengths were dramatically higher (=300%) than in an unirradiated control specimens (=350-400
MPa at 23°C). Slip bands formed and led to minimal work hardening and limited total elongations in
specimens from heats 832665, T87 and VX8. The only specimen with appreciable macroscopic
plastic deformation was the VX8 alloy. The specimen of QN74 failed in the grip area with no plastic
deformation. The results of the tensile tests are given in Table 3.

After tensile testing, the specimens were examined by SEM in the ANL Alpha-Gamma Hot Cell
Facility. For the reduction-in-area determinations, specimens were mounted in a vertical clip
holder and oriented with cross-section parallel to the image plane. For the side-view observations,
specimens were tilted =45°. Photomicrographs were acquired on Type 55 Polaroid film producing
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both a positive print and a negative. The negatives were digitized by a Leafscan45 prepress
negative scanner. The areas of deformed cross-sections were measured on digitized images.
Figures for this report were prepared with Adobe PhotoShop software, and photographic quality
output was generated by a Codonics NP-1600 die sublimation printer.

Table 3. Tensile data for ANL specimens irradiated in the Fusion-1 experiment in BOR-60

Specimen 1D YS (MPa) __UTS (MPa) UE (%) TE (%)
BL71-2 1115 1120 0.3 0.4

BL71-2H-2 1100 1115 0.3 0.5
BL71-B 1120 1125 0.5 0.8
BL70-2 @ - - - -
BL72-2 1145 1150 0.4 0.4
BL69-2 1135 1170 1.4 2.8

* Specimen failed within the grip portion at 727 MPa with no plastic deformation.

RESULTS

SEM Fractography

Low magnification (=40X) head-on orientation fractographs of the five tensile specimens that
fractured within the gauge-length portion are presented in Fig. 1(a-e). A perspective view of the
QN74 specimen is shown in Fig. 1(f). Reduction-of-area values obtained from these
photomicrographs are listed in Table 4; all of these values are negligible. The slight variations from
the pretesting values in the cross-sectional areas measured from photomicrographs of the
fractured specimens are within the experimental error arising from misalignment of the specimens
(=8%). In all cases, however, fracture occurred by a combination of ductile shear and transgranular
brittle cracking. Percentages of the cross-sectional area showing cleavage fracture are also listed
in Table 4. Ductile shear fracture predominated in the specimens of V-4Cr-4Ti alloys (832665 and
VX8). The percentage of brittle area in the VX8 specimen was higher than in the BL71-2. The
difference in fracture behavior of these iwo specimens becomes apparent in observations with a
perspective view (Fig. 2). Shear fracture occurred in BL71-2, while the VX8 alloy fractured
transversely after limited necking. In both specimens, cleavage cracks propagated transversely to
the loading direction.

Higher-magnification fractographs were obtained to evaluate the direction of cleavage crack
propagation. The transitional regions, where cracks transformed from ductile to brittle mode were
also examined. Typical examples are shown in Fig. 3. In all five cases, the flow direction of the
“river pattemn” indicates that the cleavage cracks initiaied at a tip of shear band and propagated
toward the surface of the specimen. This crack propagation direction suggests that the cleavage
cracks were initiated by stress concentrations at the tip of the dislocation pileups impinging on
grain boundaries.

The specimen of QN74 alloy fractured within the grip portion, as shown in Fig. 1(f). Close
examination of the fracture surface revealed that the cleavage crack initiated at an outer edge of
the specimen and propagated toward the pinhole. The “river pattern” visible in Fig. 4 flows to the
pinhole. The average plane of the fracture surface was perpendicular to the loading direction.
However, the crack changed the local orientation from grain to grain, following randomly oriented
cleavage planes. Intergranular cracks were not observed.
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Fig. 1. SEM fractographs showing both ductile and brittle fracture areas of ANL tensile specimens
irradiated in Fusion-1 experiment and tested at 23°C. Head-on views used to determine
reduction in area: (a) BL71-2, (b) BL71-2H-2, (c) BL71-B, (d) BL72-2, (e) BL69-2, and (f)
side view of grip portion of BL70-2 specimen.

Table 4. Reduction in cross-sectional area and fraction of brittle fracture surface in specimens of
- V-(4-5)-(4-5)Ti alloys irradiated in Fusion-1 capsule in BOR-60 reactor and tested at 23°C

Specimen ID Cross-Sectional Area (mm?) Reduction Percentage of
Unirradiated  Post-irradiation in Area (%) Cleavage Fracture (%)
BL71-2 1.162 1.150 <<3 15.83
BL71-2H-2 1.116 1.102 <<3 65.78
BL71-B 1.185 1.178 <<3 31.37
BL69-2 1.040 0.997 =4 23.97

BL72-2 1.071 1.065 <<3 72.05




Fig. 2. Perspective views of specimens of V-4Cr-4Ti alioys with same preirradiation annealing
schedule {1 h at 1000°C): {a) shear fracture in Heat 832665 (BL71-2) and {b) mixed-mode
fracture in VX8 (BL69-2).

Fig. 3. SEM fractographs iilustrating transformation from shear ductile to cieavage cracks: (a)
BL71-2, (b)BL72-2, and (¢) BL69-2. Arrows indicate directions of cleavage crack
propagation.




Fig. 4.  View of inner surface of ‘pinhole and fracture surface of QN74 specimen.
Crack grew from outer specimen surface towards pinhole.

Side Surface Examinations

Side surfaces were examined to determine if slip bands characteristic of dislocation channeling
formed during testing. They were observed in &l five specimens thatl fractured in the gauge
portion. Typical examples from the BL71-2H-2 and from the VX8 specimens are shown in Fig. 5.
Short transverse cracks initiated at the surface were also found; they grew perpendicular 10 the
direction of the applied tensile load, but did not exdend far info the specimens. These cracks and
siip bands were observed only in the necked regions.

s

Fig. 5. Typical examples of surface steps indicating occurrence of dislocation channeling found
on the side surfaces of the {a) heat 832665 - 2h anneal at 950°C, and (b) in VX8 specimen.
The surface cracks also visible in these photomicrographs are perpendicular o tensile
direction.




26

DISCUSSION

The occurrence of slip bands, shear bands, and shear cracks indicate that dislocation channels
play a major role in the fracture of low-temperature-irradiated V-4Cr-4Ti alloys. Yield strengths
observed in the present test are only slightly higher than those found in the earlier investigations
of V-4Cr-4Ti alloy specimens irradiated to =6 dpa at 325°C in the HFR reactor [7], to =4 dpa at
390°C in the X530 experiment in the EBR-I reactor [8], and to =4 dpa at 280°C in the ATR-A1
experiment [9]. The same specimen geomeiry as in the present study was used in the EBR-Il and
ATR work. The HFR irradiation study used bar specimens with 4-mm-diameter gauge portions. All
of these irradiations led to increased yield strength, lack of work hardening, and minimal
elongations. in fractography evaluations of specimens from the X530 and ATR-A1 experiments,
surface steps were found [10]. Dislocation channels were observed by TEM in the specimens
irradiated at 390°C [11]. In the HFR study, a combination of cleavage and shear cracking was
found [7]. Those data, combined with the resuits of the current study, indicate that irradiation of V-
4Cr-4Ti below 400°C leads to detrimental hardening. They aiso indicate that dislocation
channeling is not an effect of specimen geometry but rather an intrinsic response of the radiation-
hardened alloy to the applied siress. From an engineering point of view, even the limited plastic
deformation provided by the shear bands is preferred to complete brittle fracture. In additional
papers, we identified the platelet precipitates formed in V-4Cr-4Ti during heavy ion and fast
neutron irradiations at low temperatures . (<420°C). We also described their role in irradiation
hardening [12, 13]. Further alloy design work to prevent irradiation-induced precipitate formation
or to change the particle geometry will be necessary to improve ductility of V-4Cr-4Ti after low-
temperature irradiation.

Heat-to-heat compositional variations did not play a major role in the response of the specimens to
loading. Although the V-5Cr-5Ti alloy (T87) showed a considerably higher percentage of brittle
fracture than did the V-4Cr-4Ti alloys, both ductile shear and brittle cracking contributed to its
failure. Variations of annealing treatment of V-4Cr-4Ti (heat 832665) did not suppress the brittle
cracking. ' ’

FUTURE WORK

Fractography study will be continued to evaluate the tensile specimens tested at irradiation
temperatures. TEM investigations of cross-sections of irradiated and deformed specimens will
also be conducted to determine effects of irradiation on the microstructure and the interaction
mode of glide dislocations with radiation defects. The 3-mm discs irradiated in BOR-60 have not
yet been delivered to ANL. Evaluations of these specimens will commence as soon as they arrive.

CONCLUSIONS

1. Both ductile-shear and transgranular cleavage fracture were observed in V-(4-5)Cr-(4-5)Ti
alloys irradiated in the Fusion-1 capsule in the BOR-60 reactor after tensile testing at 23°C.
The reductions of area were negligible except for that in the VX8 alloy which showed =4%
reduction in area. A V-4Cr-4Ti-250appm'°B specimen fractured by cleavage within the grip
portion with no significant plastic deformation in the gauge length. Intergranular fracture was
not observed in any of the specimens.

2. Heat-to-heat compositional variations and preirradiation annealing treatments had no effects
on the fracture behavior. In all specimens, slip localization by shear bands and dislocation
channeling was observed. Cleavage cracks initiate at the shear bands and propagate toward
the surfaces of the specimens.

3. Slip localization and dislocation channeling provide the only plastic deformation found in
these specimens. Occurrence of any plastic flow in radiation-hardened V-(4-5)Cr-(4-5)Ti alloys
with yield strengths >1000 MPa is noteworthy.
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EFFECTS OF IRRADIATION TO 4 DPA AT 390°C ON THE FRACTURE TOUGHNESS
OF VANADIUM ALLOYS®

E. E. Gruber, T. M. Galvin, and O. K. Chopra (Argonne National Laboratory)

OBJECTIVE

The objective of this task is to study the effects of neutron irradiation on the fracture toughness of
vanadium-base alloys.

SUMMARY

Fracture toughness J-R curve tests were conducted at room temperature on disk-shaped compact-
tension DC(T) specimens of three vanadium alloys having a nominal composition of V-4Cr-4Ti. The
alloys in the nonirradiated condition showed high fracture toughness; Jic could not be determined
but is expected to be above 600 kd/m2. The alloys showed very poor fracture toughness after
irradiation to 4 dpa at 390°C, e.g., Jic values of =10 kJ/m? or lower.

EXPERIMENTAL PROGRAM

The heats of vanadium alloy selected for the study had compositions of V-3.8 wt.%Cr-3.9 wt.%Ti
(Heat #832665, designated BL-71, 783 wppm Si, 310 wppm O, 85 wppm N, 80 wppm C); V-4.1
wt.%Cr-4.3 wt.%Ti (Heat #9144, designated BL-47, 870 wppm Si, 350 wppm O, 220 wppm N, 200
wppm C); and V-4.0 wt.%Cr-4.1 wt.%Ti-B (designated BL-70 or QN74, 350 wppm Si, 480 wppm O, 79
wppm N, 54 wppm C, =250 appm B-10). Prior to testing, the alloys were annealed in high-purity
vacuum for 1 h (at 1025-1050°C for BL-47, and at 1000°C for BL-71 and BL-70). Alloy BL-71 was
tested in the nonirradiated condition and alloys BL-47 and BL-70 were irradiated to =4 dpa at 390°C
in lithium in the EBR-II reactor experiment X530 (located in subcapsule S2 for BL-47 and S$14 for BL-
70). The room-temperature tensile properties of the various vanadium alloys [1] before and after
irradiation are given in Table 1. The tensile properties of BL-47 were also used to determine the flow
stress for irradiated alloy BL-70.

Table 1. Room-temperature tensile properties of nonirradiated and irradiated vanadium alloys

Alioy Irradiation Yield Ultimate
Designation Experiment Strength (MPa) Stress (MPa)
BL-47 - 404 460
BL-71 - 355 429
BL-472 X5300 880 935

aprior fo irradiation, the alloy was warm-rolied at 400°C and annealed at 950°C.
bDC(T ) specimens irradiated to ~4 dpa at 390°C in EBR |! reactor.

Fracture toughness J-R curve tests were conducted according to ASTM Specification E 1737
(Standard Test Method for J-Integral Characterization of Fracture Toughness) at room temperature on
disk-shaped compact-tension DC(T) specimens of the various vanadium-base alloys. The method
involves pin loading of fatigue-precracked specimens and determination of the J-integral as a function
of crack growth. A detailed description of the facility is presented in Ref. 2. The facility is designed
for conducting fracture toughness J-R or fatigue crack growth tests on 1/4 T DC(T) or C(T) specimens
in air or light water reactor (LWR) environments at temperatures up to 300°C. Specimen extension is
monitored and controlled outside of the high-temperature zone. The displacement of load points
(center of the loading pins) is determined by subtracting the machine compliance from the measured
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extension. Crack length was determined by the elastic unloading compliance method. The
configuration of the 1/4T DC(T) specimens used in the present study is shown in Fig. 1. Crack length
and J-integral were calculated by using the correlations recommended for DC(T) specimens in ASTM
Specification E 1737.

Several validation tests were conducted in which the actual displacements of load points were |
measured optically and compared with the estimated loadline displacements. Measured loadline ‘
displacements showed very good agreement with the estimated values [3]; for loadline displacements ‘
of up to 2 mm, the error in the estimated values was <0.02 mm. Fracture toughness J-R curve tests

were also conducted at room temperature and 288°C on 1/4-T C(T) specimens of two heats of

thermally aged CF-8M cast stainless steel; the results were compared with data obtained on 1-T C(T)

specimens to validate the test procedure [3].
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Figure 1. Configuration of disk—shaped compact—tension specimen for this study

Prior to testing, the specimens were fatigue—precracked at room temperature and at loads based on
the maximum allowable load Pm given by the relation

Pm = (0.4 of By b2)/(2W + a), )

where W is specimen width, a is crack length, By is net specimen thickness {distance between roots
of the side grooves), b is noncracked ligament (distance from the crack front to the back edge of the
specimen, i.e., W —a), and oj is flow stress expressed as the mean of the yield and ultimate stress.
The final fatigue precrack extension was carried out at loads <Pp,, or a load such that the ratio of the
maximum stress intensity applied during fatigue precracking to the elastic modulus (Kmax/E) was
<1.6 x 104 m1/2 (<0.001 in.1/2).
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The fatigue-precracked specimens were loaded at a constant extension rate and the tests were
interrupted periodically to determine the crack length. The maximum range of unicad/reload for crack
extension measurements was the smaller of 0.5Pm or 50% of the current load. The final crack size
was marked by fatigue cycling. After the test, the specimens were fractured and the initial (i.e.,
fatigue-precrack) and final (test) crack lengths were measured optically on both halves of the fractured
specimen. The crack lengths were determined by the 9/8 averaging technigue, i.e., the two—-near—
surface measurements were averaged and the resultant value was averaged with the remaining seven
measurements.

RESULTS AND DISCUSSION

The load-versus-loadiine displacement curves and fracture toughness J-R curves for nonirradiated
specimens of alloy BL-71 are shown in Figures 2 and 3, and for irradiated specimens of alloys BL-47
and BL-70 in Figures 4 and 5. A slope of two times the flow stress was used to define the blunting
and offset lines. Also, because displacement was monitored and controlled away from the specimen,
loadiine displacement is not constant during periods of unstable crack growth (observed in irradiated
alloys) but is increased because of the accompanying foad drop.
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Figure 2. Load versus loadline displacement for specimens V71-01 and V71-02 of nonirradiated
Heat 71 tested at room temperature
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For the nonirradiated alloy BL-71, maximum load or displacement limit for the test facility was reached
before the onset of stable crack extension, i.e., Jic could not be determined but is expected to be
above 600 kJ/m2. The results for alloy BL-71 (Fig. 3) show excellent agreement with the data
obtained earlier on production-scale Heat 832665 of V-4Cr-4Ti alloy [4].

Alloys BL-47 and BL-70 irradiated to =4 dpa at 390°C show very poor rcom-temperature fracture
toughness. The Jic values are 6 and 11 kJ/m? for BL-47 and BL-70, respectively. Both alioys
showed several bursts of unstable crack extension. A detailed metallographic evaluation of the
fracture surface has not been conducted; however, preliminary examination indicates that fracture
occurred predominantly by cleavage.
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EFFECT OF IRRADIATION TEMPERATURE AND STRAIN RATE ON THE
MECHANICAL PROPERTIES OF V-4Cr-4Ti IRRADIATED TO LOW DOSES IN
FISSION REACTORS — S. J. Zinkle, L. L. Snead, A. F. Rowcliffe, D. J. Alexander, and
L. T. Gibson (Oak Ridge National Laboratory)

OBJECTIVE

The objective of this report is to summarize recent data on the temperature-dependent tensile
and fracture toughness properties of V-Cr-Ti alloys irradiated in the HFBR, ATR and BOR-60
fission reactors.

SUMMARY

Tensile tests performed on irradiated V-(3-6%)Cr-(3-6%)Ti alloys indicate that pronounced
hardening and loss of strain hardening capacity occurs for doses of 0.1-20 dpa at irradiation’
temperatures below ~330°C. The amount of radiation hardening decreases rapidly for irradiation
temperatures above 400°C, with a concomitant increase in strain hardening capacity. Low-dose
(0.1-0.5 dpa) irradiation shifts the dynamic strain aging regime to higher temperatures and lower
strain rates compared to unirradiated specimens. Very low fracture toughness values were
observed in miniature disk compact specimens irradiated at 200-320°C to ~1.5-15 dpa and tested
at 200°C.

PROGRESS AND STATUS

Introduction

Several recent studies have shown that V-4Cr-4Ti alloys exhibit significant radiation hardening
and a dramatic decrease in strain hardening capacity following neutron irradiation at temperatures
up to ~400°C [1-6]. The radiation hardening produces large increases in the ductile to britile
transition temperature, as measured by Charpy impact testing [1,2,6]. Further work is needed to
accurately determine the minimum acceptable operating temperature for vanadium alloys in a
fusion reactor environment (currently estimated to be 400°C), which will be determined by
radiation hardening/embrittlement considerations. In order to provide additional mechanical
properties data, we have recently measured the tensile properties of V-(3-6%)Cr-(3-6%)Ti alloys
irradiated in the HFBR, ATR, and BOR-60 reactors at relatively low irradiation temperatures
(<505°C). In addition, a limited number of fracture toughness tests were performed on irradiated
V-4Cr-4Ti.

Experimental Procedure

Tensile measurements were performed on type SS-3 sheet tensile specimens (nominal gage
" dimensions 0.76 x 1.52 x 7.6 mm) from three recent neutron irradiation experiments. The first set
of specimens were fabricated from the 500 kg US fusion program heat of V-4Cr-4Ti (heat
832665) and were irradiated at 160-504°C to doses of 0.1-0.5 dpa in the High Flux Beam Reactor
{HFBR) [2]. Most of the HFBR specimens were vacuum annealed at 1000°C for 2 h prior to
irradiation. Several specimens were given an alternative heat treatment of 900°C for 2 h prior to
the HFBR irradiation. The second set of specimens consisted of V-4Cr-4Ti (heat 832665) and
small (14 kg) heats [7] of V-3Cr-3Ti (heat T91), V-6Cr-3Ti (heat T92), and V-6Cr-6Ti (heat T90), ali
of which were irradiated in the Advanced Test Reactor (ATR) as part of the Gd-shielded ATR-A1
irradiation experiment [6]. Ali of the tested ATR specimens were vacuum annealed at 1000°C for




2 h prior to irradiation. The specimens were irradiated in ATR-A1 subcapsules AS5, AS6, AS11,
or AS12 to doses of 3.0-3.5dpa at calculated temperatures of 205-230 and 4.5-4.7 dpa at 290-
295°C. The third set of specimens included V-4Cr-4Ti (heats 832665 and T89), V-3Cr-3Ti (heat
T91), V-6Cr-3Ti (heat T92), and V-6Cr-6Ti (heat T90), all of which were irradiated in the Li-bonded
BOR-60 Fusion 1 irradiation experiment [8]. The V-4Cr-4Ti tensile specimens were annealed at
either 1000°C for 2 h or 1050°C for 1 h prior to irradiation. The small heat tensile specimens (heats
T89, T90, T91, T92) were annealed at 1050°C for 2 h prior to irradiation. Tensile specimens
fabricated from gas tungsten arc and electron beam welds (fusion zone in the center of the gage
length) in the as-welded and vacuum annealed (950 C, 2h) condition were also included in the
BOR-60 capsule. The BOR-60 specimens tested in the present study were, trradlated at tiers 1-5
of the Fusion 1 capsule at 316-325°C to doses of 15-20 dpa (2.2-2.9x10%° n/m?, E>0.1 MeV).
Further details of the specimen preparation and irradiation conditions for the HFIR [2], ATR [6],
and BOR-60 [8] capsules are given eisewhere.

Miniature disk compact tension specimens with dimensions 12.5 mm diameter by 4.6 mm
thickness (DCT) or 9.6 mm diameter by 3.56 mm thickness (DCT-A) were fabricated from the 500
kg heat of V-4Cr-4Ti in the T-L orientation. The specimens were annealed at 1000°C for 2 h and
then fatigue pre-cracked at room temperature and side-grooved 10% of their thickness on each
side prior to irradiation in ATR-A1 [6] and BOR-60 Fusion 1 [8] capsules. The ATR-A1 specimens
(DCT-A geometry) were irradiated in subcapsules AS3 and AS13 at ~190°C,1.5 dpa and ~250°C,
2.3 dpa, respectively. The BOR-60 specimens (DCT geometry) were irradiated in tier 1 of the
Fusion 1 capsule at 316°C to a dose of 15 dpa (2.2 x 10°° n/m? E>0.1 MeV).

Following irradiation, the tensile specimens were tested in vacuum (<2.5 x 10 torr) at the
irradiation temperature at constant crosshead speeds ranging from 0.025 to 12.7 mm/minute,
which corresponds to initial strain rates of 5.6 x 10° to 0.028 s™'. The fower yleld point was
recorded as the yield strength in cases where a yield drop was observed In specimens with very
low uniform elongation (<0.5%), the lower yield point was determined by graphical analysis of the
load-elongation curve . The irradiated DCT specimens were tested in air under stroke control on a
445 kN capacity servohydraulic test machine in general accordance with ASTM E813-89,
Standard Test Method for J,c and ASTM 1152-87, Standard Test Method for Determining J-R
Curves. Further details of the DCT test technique are given elsewhere [9].

Results _and Discussion

The tensile properties of the irradiated V-4Cr-4Ti specimens are listed in Tables 1-3. The relatively
low irradiation temperatures used for this study caused considerable radiation hardening with an
accompanying reduction in strain hardening capacity. The uniform elongation ranged from ~0.1-
0.5% in the specimens irradiated at temperatures below 325°C, even for irradiation doses as low
as 0.1 dpa. High uniform elongation (~7-11%) was observed in V-4Cr-4Ti irradiated to 0.1 dpa at
390 and 505°C and to 0.5 dpa.at 415°C (Table 1). The unirradiated uniform elongations in V-4Cr-
4Ti is15-20% at test temperatures of 200-400°C It is worth noting that the fine-grained
specimens (900°C/2 h anneal) had 30 to 80 MPa higher irradiated strengths than the coarse-
grained (1000°C/2 h) HFBR specimens for irradiation temperatures up to 300°C. As an aside,
there was a typing mistake in the HFBR irradiated reduction in area measurements reported in
Table 3 of ref. [2]. The reduction in area listed for specimen WH25 (87%) should be deleted, and
a value of 78% should be inserted for specimen WH23.

The tensile curves in the specimens irradiated at temperatures below 325°C were characterized
by a yield peak at elongations <0.2%, followed by a monotonically decreasing engineering stress
with increasing elongation. As shown in Fig. 1 and in previous studies [2], a significant change in
the slope of the irradiated foad-elongation curve typically occurred at elongations of ~0.5%. The
stress at the transition point was recorded as the vield stress (lower yield point), since the 0.2%
plastic offset stress was typically equal to the ultimate stress. The V-3Cr-3Ti specimen XCO01
irradiated in BOR 60 (Table 3) did not exhibit an observable yield drop/ macroscopic plastic
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instability, although the strain hardening capacity was very low. The 0.2% plastic offset stress was
used as the yield stress in Table 3 for this specimen.

Figure 2 shows the dose dependence of the yield strength in V-4Cr-4Ti irradiated at low
temperatures, based on the present study and previous studies by several investigators. The
data suggest that the radiation hardening approaches a saturation level for doses of ~5 dpa for
irradiation temperatures of ~300 and ~400°C. There are no data available at doses between ~0.5
and 4 dpa to determine if saturation occurs at doses lower than 5 dpa. The data in Fig. 2 suggest
that the yield strength decreases slightly with increasing dose above 5 dpa for irradiation
temperatures of 400-430°C. However, further studies (particularly at doses of 1-10 dpa) are
needed to determine the detailed dose dependence of the radiation hardening. It is possible
that the apparent “radiation softening” that occurs at doses above 5 dpa at 400-430°C may be
due to the higher irradiation temperatures (425-430°C)of the available data at doses >10 dpa
compared to that at 4-10 dpa (400°C). Alternatively, coarsening of the microstructure may be
occurring at doses above ~5 dpa which may lead to a reduction in the amount of radiation
hardening at high doses. '

Table 1. Summary of recent tensile data on V-4Cr-4Ti specimens irradiated in HFBR. The yield
strength was determined at 0.2% plastic offset for the specimens irradiated at >325°C, whereas
the lower yield point (typically occurring at ~0.5% plastic deformation) was used for the low
irradiation temperature (<325°C) data marked with an asterisk. The data in italics refer to

specimens which were given the alternate heat treatment of 900°C/2h prior to irradiation.
Specimen ID, Yield Ultimate Uniform Total
dpa, T, Test conditions strength strength | elongation | elongation

WH28, 0.5dpa, 160°C | 160°C, 5.6x10°s" | 700 MPa* | 739 MPa® 0.1% 10.0%
WH29, 0.5dpa, 160°C | 160°C, 0.028 s' | 735 MPa* | 766 MPa® 0.2% 9.8%
WHS30, 0.5dpa, 160°C { 160°C, 0.028 s | 750 MPa* | 777 MPa® 0.2% 9.3%
ST14, 0.5dpa, 160°C | 160°C, 1.1x10°%s" | 684 MPa* | 752 MPa® 0.1% 10.0%
ST15, 0.5dpa, 160°C | 160°C, 1.1x10°%s™ | 672 MPa* | 770 MPa® 0.1% 9.3%
ST45, 0.5dpa, 160°C | 160°C, 1.1x10° s’ | 764 MPa* | 840 MPa" 0.2% 8.7%
ST21, 0.5dpa, 268°C | 270°C, 1.1x10”s” | 639 MPa* | 706 MPa® 0.1% 9.3%
ST41, 0.5dpa, 268°C | 270°C, 1.1x10° s' | 707 MPa*| 752 MPa" 0.1% 8.7%
ST23, 0.5dpa, 260°C | 260°C, 1.1x107 s” | 647 MPa* | 712 MPa* 0.2% 9.5%
ST42, 0.5dpa, 260°C | 260°C, 1.1x10° s' | 702MPa* | 773 MP&" 0.1% 7.7%
ST27, 0.5dpa, 324°C | 325°C, 1.1x10° s | 592 MPa* | 635 MPa* 0.2% 9.2%
S8T43, 0.5dpa, 324°C | 325°C, 1.1x10° s | 605 MPa | 605 MPa 0.5% 9.0%
ST44, 0.5dpa, 307°C | 305°C, 1.1x10° s’ | 597 MPa | 601 MPa 0.7% 9.2%
ST33, 0.5dpa, 414°C | 415°C, 1.1x10°s” | 354 MPa | 449 MPa 8.2% 17.8%
ST34, 0.5dpa, 414°C | 415°C, 1.1x10°%s* | 352 MPa | 443 MPa 6.6% 16.7%
ST49, 0.1dpa, 105°C | 105°C, 1.1x10° s’ | 632 MPa* | 669 MPa 0.2% 9.3%
ST61, 0.1dpa, 256°C | 255°C, 1.1x10”s" | 491 MPa* | 504 MPa | 0.2% 11.8%
ST51, 0.1dpa, 256°C | 255°C, 1.1x10° s’ | 526 MPa* | 533 MPa 0.2% 11.3%
.ST68, 0.1dpa, 391°C | 390°C, 5.6x10°s” | 348MPa | 425MPa | 11.0% 22.3%
ST69, 0.1dpa, 391°C | 390°C, 0.028 s | 348 MPa | 415 MPa 9.0% 18.0%
ST58, 0.1dpa, 504°C | 505°C, 5.6x10° s | 271 MPa | 434 MPa 9.5% 19.2%
ST75, 0.1dpa, 504°C | 505°C, 0.028 s’ | 281 MPa | 407 MPa 12.1% 21.7%

*lower yield point
dupper yield point




Table 2. Summary of tensile test results on vanadium alloys irradiated in the ATR-A1 capsule. All
tests were performed at a strain rate of 1.1x10° s™. The vyield strength was determined at the
lower yield point and the ultimate strength was measured at the upper vield point in all specimens. -

Test Yield Ultimate Uniform Total

Irradiation| temperature | Strength | Strength | Elongation | Elongation

Alloy, ID number jconditions] ('C) {(MPa) (MPa) (%) (%)

V-3Cr-3Ti, XC08} 3.0 dpa, 200 857 894 0.1 7.1
205°C

V-6Cr-3Ti, UC08} 3.5 dpa, 200 863 906 0.15 7.0
230°C '

V-6Cr-6Ti, ZC08| 3.0 dpa, 200 943 957 0.3 7.3
205°C

V-3Cr-3Ti, XC06 | 4.5 dpa, 300 775 777 0.1 6.1
290°C

V-6Cr-3Ti, UC0O7| 4.7 dpa, 300 882 897 0.1 5.7
295°C

V-6Cr-6Ti, ZC06 | 4.7 dpa, 300 869 876 0.2 8.2
295°C

V-6Cr-3Ti, UC06| 4.7 dpa, 200 903 944 0.2 5.7
295°C

Table 3. Summary of tensile test results on vanadium alloys irradiated in BOR-60 (1.1x10° s™
strain rate). The yield strength was determined at the lower yield point and the ultimate strength
was measured at the upper yield point in all base-metal specimens except XC01.

Alloy, ID number Irradiation Test Yield Ultimate Uniform Total
conditions | temperature| Strength | Strength |Elongation|Elongation
(©) (MPa) (MPa) (%) (%)
V-4Cr-4Ti 15 dpa, 320 949 979 0.1 5.1
(1000°C,2h), WEO1 316°C
V-4Cr-4Ti 19 dpa, - 320 962 975 0.2 4.3
(1050°C,1h), WE21 323°C '
V-4Cr-4Ti-.1Gi (T89), { 19 dpa, 320 977 993 0.15 5.7
YCO1 323°C '
V-6Cr-3Ti, UC01* 19 dpa, 320 960 980 0.1 6.0
323°C
V-3Cr-3Ti, XCO1 20 dpa, 320 931 835 0.3 4.0
325°C
V-6Cr-6Ti, ZCO1* 20 dpa, 320 940 942 0.2 5.4
325°C
V-4Cr-4Ti (GTA as- 18 dpa, 320 976 976 0.1 0.3
welded), WF08 320°C .
V-4Cr-4Ti 18 dpa, 320 (882) (882) 0.0 0.0
(GTA+950°C,2h), 320°C
WF01
. V-4Cr-4Ti 18 dpa, - 320 (329) (329) 0.0 0.0
(EB+950°C,2h), 320°C
WF16

*the UC and ZC specimens were mislabeled in earlier loading lists [8]; the UC tensile series is
V-6Cr-3Ti (heat T-92) and the ZC series is V-6Cr-6Ti (heat T-90)
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Fig. 1. Typical load-elongation tensile curves for V-Cr-Ti alloys irradiated in the ATR-A1 and BOR-
60 Fusion 1 irradiation experiments. The tensile curves have been horizontally offset for clarity.
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Fig. 2. Dose dependence of radiation hardening in V-(4-5%)Cr-(4-5%)Ti trradlated at low
temperatures [1-3,10,11].
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Fig. 3. Load-elongation curves for V-4Cr-4Ti tensile specimens irradiated in HFBR to 0.1 dpa at
504°C and tensile tested at 505°C. The tensile curves have been horizontally offset for clarity.
The tensile data for specimen ST71 are tabulated elsewhere [2].

Somewhat lower vyield strengths were reported by Kazakov and coworkers [4] for V-4Cr-4Ti
irradiated to ~18 dpa at ~330°C in the same Fusion 1 capsule as the present BOR-60 specimens
listed in Table 3. Since the total elongation was reported to be nearly zero (<1%, with brittle
transgranular or mixed-mode fracture surfaces), the lower strength in their study may be
attributable to embrittlement effects. Differences in the impurity content or differences in
experimental technique (shoulder loaded Russian tests vs. pin-loaded ORNL tests, eic.) are
possible explanations for the difference in tensile behavior. Recently reported tensile data on
pin-loaded type SS-3 tensile specimens of V-4Cr-4Ti (heats 832665 and BL47) irradiated in the
ATR-A1 capsule [6] are in agreement with the yield strength data shown in Fig. 2.

Serrations in the stress-strain tensile curves were only observed in specimens irradiated and
tested at relatively high temperatures (>400°C). Figure 3 shows stress-strain curves for V-4Cr-4Ti
irradiated to a dose of 0.1 dpa at 504°C in HFBR. The Portevin-Le Chatelier serrations fell below
the general level of the stress-strain curve at the lowest strain rate (5.6x10° ™) investigated (Type
C behavior [12]), whereas the serrations oscillated about the mean level of the stress-strain curve
at higher strain rates (Type B behavior [12]). A similar transition from Type C to Type B serrations
was observed in unirradiated V-4Cr-4Ti tested at 500°C at the same strain rates [12-14]. The
amplitude of the oscillations decreased with increasing strain rate in both the unirradiated and
irradiated specimens.
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Previous work on unirradiated [12-14] and irradiated [14] V-4Cr-4Ti has found that the tensile
strength increases with increasing strain rate at low temperatures and decreases with increasing
strain rate at high temperatures (where dynamic strain aging is observed) The transition from a
negative to a positive strain rate dependence occurs at 300°C in unlrradlated V-4Cr-4Ti, with
negative strain rate exponents observed at stram rates below 1 x 10° s™" and positive strain rate
exponents observed at strain rates above 1 x 10° s, The measured value of the hardening strain
rate exponent in the HFBR specimens irradiated to 0.1 dpa at 504°C (Fig. 3) is m=-0.010, where
m is defined by [15]

1 do

o dlng

M.

where ¢ is the stress and ¢ is the strain rate. This strain rate exponent is of slightly lower
magnitude than that observed in unirradiated V-4Cr-4Ti specimens {m~-0.014 at 500°C).
Previous work found that the strain rate exponent was reduced to m= -0.004 at 400°C following
neutron irradiation to 4 dpa at 400°C, compared to the unirradiated value of m=-0.013 at 400°C
[14]. The presence of a negative strain rate exponent is an indication of a significant interstitial
solute concentration in the matrix which is free to migrate to dislocations during tensile testing.
This implies that some of the C, O, N solute in the irradiated V-Cr-Ti alloys remains dissolved in the
matrix and is not contained in titanium oxycarbonitride precipitates or solute-point defect clusters
produced durmg irradiation [186), although the concentration of free interstitial solute is lower in
irradiated specimens compared to unirradiated specimens. Since defect clusters introduce a
weakly positive component to the strain rate exponent [17], the presence of defect clusters may
be partially responsibie for the reduced magnitude of the negative strain rate exponent in
irradiated V-4Cr-4Ti specimens compared to unirradiated material. Interstitial solute bound to
defect clusters or small precipitates would also decrease the magnitude of the irradiated strain
rate exponent at 400-500°C compared to unirradiated values.

Table 4 summarizes the fracture toughness data obtained on V-4Cr-4Ti disk compact tension
specimens irradiated in the ATR-A1 and BOR-60 Fusion 1 capsules. The result from an
unirradiated BOR-60 control specimen is also included in Table 1 for purposes of comparison.
Although the fracture toughness measured on the unirradiated control specimen does not meet
the ASTM validity criteria, the high value is indicative of a high toughness. Similar high toughness
values have been reported on larger unirradiated V-4Cr-4Ti specimens [18]. All of the irradiated
specimens exhibited very low fracture toughness compared to unirradiated control specimens. -
Sample QAO05 broke during preloading at an applied load of 14 pounds. The other two irradiated
samples broke during the first three cycles of testing.

Table 4. Fracture toughness measured on irradiated and unirradiated disk compact tension
specimens of V-4Cr-4Ti.

Sample ID Irradiation conditions Test temperature {°C) K, (MPa-m ")
QA05 (ATR-A1) 190°C, 1.5 dpa 200 {~3)
QAO1(ATR-A1) 250°C, 2.3 dpa 200 30
WC01(BOR-60) 316°C, 15 dpa 200 - 32

WC12 unirradiated 20 233
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MICROSTRUCTURAL EXAMINATION OF V~(3-6%)Cr-(3-5%)Ti IRRADIATED IN THE ATR-A1
EXPERIMENT - D. S. Gelies (Pacific Northwest National Laboratory)”

OBJECTIVE

The objective of this effort is to provide understanding of microstructural evolution in irradiated
vanadium alloys for first wall applications in a fusion reactor.

SUMMARY

Microstructural examination results are reported for four heats of V-(3-6%)Cr-(3-5%)Ti irradiated
in the ATR-A1 experiment to ~4 dpa at ~200 and 300°C to provide an understanding of the
microstructural evolution that may be associated with degradation of mechanical properties.
Fine precipitates were observed in high density intermixed with small defect clusters for all
conditions examined following the irradiation. The irradiation-induced precipitation does not
appear to be affected by preirradiation heat treatment or composition.

PROGRESS AND STATUS
Introduction

Vanadium-based alloys are being developed for application as a first wall material for magnetic
fusion power system. It has been shown that alloys of composition V-(4-5%)Cr-(4-5%)Ti have
very promising physical and mechanical properties.! Recent attention in this alloy class has
focused on several issues, such as the effect of low-temperature irradiation on fracture
toughness, the effect of helium generation, the effect of minor impurities, and heat-to-heat
variation in work-hardening behavior at low irradiation temperatures. While other classes of
alloys are still considered, the V-(4-5%)Cr-(4-5%)Ti alloys are being optimized to suppress their
susceptibility to loss of work-hardening capability following irradiation at low temperatures by
consideration.of minor changes in major alloying levels. Susceptibility of the alloy class to this
process under fusion-relevant conditions is considered to be a major factor in governing the
minimum operating temperature of magnetic fusion devices.

Recent irradiation experiments at <430°C have shown that the loss of work-hardening capability
and uniform elongation of V-4Cr-4Ti vary from heat to heat.? The present effort is a continuation
of the effort to provide an understanding of the microstructural evolution in these alloys under
irradiation with an expansion of the composition range to V-(3-6%)Cr-(3-5%)Ti by examination
of specimens irradiated at low temperatures in the recent ATR-A1 experiment along with
corresponding mechanical properties specimens.>*

Experimental Procedure

Specimens in the form of microscopy disks 3 mm in diameter were included in the ATR-A1 test.
Companion miniature tensile specimens were also irradiated providing the opportunity for

comparison with shear punch and tensile response* at a later date. Twelve specimen conditions
were selected for examination comprising four heats of material irradiated side-by-side at two

*Paciﬁc Northwest National Laboratory (PNNL) is operated for the U.S. Department of
Energy by Battelle Memorial Institute under contract DE-AC06-76RLO-1830.




irradiation temperatures with corresponding unirradiated control specimens. The compositions
of the heats are given in Table 1°° and the specimen conditions examined are shown in Table
2. Compositions covered the range V-(3-6%)Cr-(3-5%)Ti based on the availability of two heats .
recently prepared by ORNL.2 All were heat treated at 1000°C for 1 or 2 h under vacuum (<107
torr) at ANL. Specimens were irradiated in ATR-A1 Subcapsules AS5 and AS11.5
Temperatures and fluences have been estimated for these subcapsules as 284-300°C to 4.1
dpa and 223-234°C to 3.5 dpa, respectively,® but will be referred to as 300 and 200°C to 4 dpa
in subsequent text. Specimen preparation and examination involved standard procedures. All

images were computer processed and printed from scanned negative information.

Table 1. Compositions of heats examined

Minor Impurities fappm]

na: not applicable

Heat # Nominal Composition,
. wi% 0 N C Si Other
832665, BL- V-3.8Cr-3.9Ti 310 | 85 80 | 783 | 220 Fe, 190 Al l
71
T87, BL-72 V-5.0Cr-5.0Ti 380 | 90 | 110 | 550
T91 V-2.84Cr-3.02Ti 230 | 62 | 120 | 940 | 130 Fe, 200 Al
T92 V-5.97Cr-2.94Ti 280 | 95 | 105 | 950 | 165 Fe, 255 Al
Table 2. Conditions of specimens examined by TEM
Specimen ID | Heat# Heat treatment Irradiation Irradiation Dose
Temperature
P8 832665, | 1000°C/1h na 0 dpa
BL-71
p837 223-234°C 3.5dpa
P811, P832 284-300°C 4.1 dpa
P7 787, 1000°C/1h na 0 dpa
BL-72
P706 223-234°C 3.5dpa
P710 284-300°C 4.1 dpa
P1 T91 1000°C/2h na 0 dpa
P113 223-234°C 3.5 dpa
P107, P123 284-300°C 4.1 dpa
P2 T92 1000°C/2h na 0 dpa
P224 223-234°C 3.5 dpa
P215 284-300°C 4.1 dpa
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Results
Pre-irradiation microstructures

The purpose of this work was to provide information on effects of radiation on microstructure in
order to provide interpretation of mechanical properties response. As a result, emphasis was
placed on examination of irradiated specimens. However, sufficient information was obtained
to provide some comparison of the preirradiation microstructures for all four heats. All
preirradiation microstructures appeared similarly, consisting, in general, of large equiaxed grains
with large Ti,V(O,C,N) precipitate particles non-uniformly distributed. The particles observed
were as large as 500 nm in heats 832665 and T87, but were generally 200-300 nm with many
smaller particles. However, due to the non-uniform distribution, it is difficult to compare
precipitate volume fraction from heat to heat based on electron microscopy. Grain boundaries
were often distorted in the vicinity of such particles and many examples could be found where
small grains were distributed amongst the larger grains, often where friple points would normally
be found. In heats T87 and T92, areas were found where recrystallization had not occurred
retaining a refaxed subgrain structure, but the volume fraction is expected to be fow. This may
be an indication that higher chromium contents discourage recrystallization.

Grain boundaries were often decorated with fine non-equiaxed precipitation on the order of 50
nm, but size and distributions varied from one grain boundary to another. Such precipitation is
typically produced during cooling following the 1000°C annealing treatment.®

Microstructures following irradiation

The major effects of irradiation both at 200 and at 300°C were development of fine structure and
evidence of increased internal strain based on lack of Kikuchi band structure. The fine structure
was apparent under strain contrast conditions and can be expected to be the cause of the
internal strain. Diffraction patterns showed little detail, but evidence for streaking at
approximately %<222>, found previously,® could be identified easily whereas streaking at
%<200> was very faint and usually impossible to see. Images using 24<222> were very weak,
but the scale of the structure matched that found in matrix dark field images approaching weak
beam conditions. Therefore, it is apparent that precipitation due to 25<222> is responsible for
the fine structure and internal strain observed.

Examples

Examples of these microstructures are provided in Figures 1, 2 and 3. Figure 1 shows two low
magnification examples for each alloy of interest in the heat treated condition. In all cases, areas
were selected to show grain boundary structure. Detailed inspection reveals fine precipitates
on grain boundaries, with different size and spacial distributions on neighboring boundaries near
triple points. Several examples are included where grain boundaries have been distorted due
to associated large precipitate particles. Note that examples of smaller grains at triple points are
shown in Figures 1a and 2h, and examples of unrecrystallized grain substructure can be found
in Figures 2d and 2g, demonstrating further features of these microstructures prior to irradiation.

Figure 2 provides an example for each of the irradiated conditions at low magnification. The
structures appear similar to those found in the unirradiated conditions except that fine
precipitates on grain boundaries are no longer visible, and fine structure can be seen within
grains. Large precipitate particles, present prior to irradiation, are retained.
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Figure 1. Low magnification examples of microstructures in specimens of V-(3-6%)Cr-(3-5%)Ti
prior to irradiation showing the large heat 832665 in a and b, heat T87 in ¢ and d, heat T91 in
e andf, and heat T92 in g and h.

Figure 3 was prepared to show features of the fine structure within grains at higher
magnification. For each irradiation condition, weak beam dark field images for the same area
are shown using §=[011] and [200], respectively, for foil conditions near (011) so that the
corresponding g vectors are orthogonal with <200> horizontal. Where the information was
available, the (011) pattern, with 000 on the lower left, has been inset. Also of note is that under
the specimen identification code P224 a precipitate dark field image with g= ~34[222] has been
inset. From this figure, the following can be demonstrated. Diffraction information only indicates
the presence of intensity in the vicinity of 25<222>; intensity in the vicinity of ~%4<200> is very
weak. Precipitate dark field images formed using g=24<222> are very weak but indicate the
presence of very small particles. Similar features can be seen in all weak beam images,
indicating that the responsible precipitate particles provide strain fields visible under strain
contrast conditions (or that matrix [200] and [011] reflections superimpose on precipitate
reflections.) Comparison of [200] and [011] images consistently shows fine structure in both, but
coarser structure as well in the [200] images. Figure 3f in particular can be interpreted to
indicate the presence of dislocation loops approximately 20 nm in diameter. Therefore, the
dislocation density is likely to be significantly lower than the precipitate particle density.
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Figure 2. Low magnification examples of irradiated microstructures in specimens of V-(3-6%)Cr-
(3-5%)Ti irradiated in the ATR-A1 experiment showing the large heat 832665 at 200 and 300°C
in a and b, heat T87 at 200 and 300°C in ¢ and d, heat T91 at 200 and 300°C in e and f, and
heat T92 at 200 and 300°C in gand h.

Quantification of precipitation

As all weak beam images presented in Figure 3 were taken with matching stereo pairs, it is
possible to quantify the precipitate features in order to estimate the consequences of such
features on mechanical properties. Table 3 provides results from measurements of the fine
structure observed on <011> images, assuming the particles are spherical. Based on
examination of sterec information in thin areas, it can be noted that the precipitates are non-
uniformly distributed. Precipitation is in patches, with areas of similar size separating the
patches. The results in Table 3 indicate that precipitates are between 3 and 4 nm in average
diameter at number densities between 1 and 3 x10" cm™ corresponding to volume fractions on
the order of 0.5%. Surprisingly, the observed response appears to be insensitive to irradiation
temperature.
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Figure 3. Dark field images using §=[011] and [200], respectively, of irradiated microstructures
in specimens of V-(3-6%)Cr-(3-5%)Ti from the ATR-A1 experiment showing the large heat
832665 at 200°C in 2 and b and at 300°C in ¢ and d, heat T87 at 200°C in e and f and 300°C
ingandh, heat T91 at 200°C iniand j and at 300°C in k and |, and heat T92 at 200°C in m and
nand at 300°C in 0 and p. Where available, (011) diffraction patterns have been inserted and
P224 contains an insert showing precipitate dark field contrast.
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Discussion

The purpose of this work is to provide microstructural information allowing interpretation of test
results for mechanical properties measurements including those on miniature tensile specimens
and disks tested by shear punch procedures.®* Results are not yet available, but preliminary
results'® indicate that all materials showed large degradation in properties following irradiation.

Based on the present and previous microstructural observations,” mechanical property
degradation appears to be due to precipitation during irradiation. Unfortunately, the composition
of the precipitate has not yet been established, so that it is not yet possible to provide
recommendations for composition modifications for improved properties. However, recent
results''? indicate that precipitation of interstitial elements with titanium is likely responsible.
This discussion is provided as further speculation on the likely causes for the behavior observed.

Table 3. Irradiation induced precipitate size and density as determined from weak beam images

Specimen | Conditions: Mean diameter | Number density | Volume fraction
ID Heat/dose/temp. (nm) (10" cm’®) (%)

P837 BL-71/4 dpa/200°C 3.29 3.2 0.6

P832 BL-71/4 dpa/300°C 3.46 25 0.6

P706 T87/4 dpa/200°C 3.89 1.6 0.6

P710 T87/4 dpa/300°C 3.64 1.6 0.5

P113 T91/4 dpa/200°C 3.83 1.8 0.6

P123 T91/4 dpa/300°C 3.01 1.1 0.2
P224 T92/4 dpa/200°C 3.89 1.6 0.5
P215 T92/4 dpa/300°C 3.80 2.0 0.7

It is noteworthy that diffraction response for precipitates formed during irradiation is found to vary
with irradiation temperature. Following irradiation at 400°C to 4.5 dpa in HFIR, streaks were
found both at 34<200> and %4<222>, whereas the present results following irradiation at 200 and
300°C to 4 dpa show streaks only at 25<222>. Therefore, two types of precipitation formed at
400°C, but at lower temperatures, one of those precipitates is not found, at least following
irradiation to doses on the order of 4 dpa.

The precipitation identified following irradiation in the ATR-A1 experiment at 200 and 300°C is
found to consist of particles on the order of 3 nm in diameter at densities in the range 1 to 3 x10"
cm™ corresponding to volume fractions on the order of 0.5%. As the precipitates are best
imaged using strain contrast, it is likely that strain centers of this size and density would have
a major effect on hardening and embrittlement. 1t is not yet understood why precipitation is
similar in size following irradiation at both 200 and 300°C. Nor is it understood why number
densities are found to vary as a function of composition such that heat 832665 gave higher
densities by about a factor of two. Given the very small sizes of the precipitates, perhaps the
best explanation lies in experimental uncertainty. Errors on the order of a factor of 2 are not
unreasonable with such fine microstructures.
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CONCLUSIONS

Eight specimen conditions from the ATR-A1 experiment irradiated at ~200 and 300°C to ~4 dpa,
comprising four heats of V-(3-6%)Cr-(3-5%)Ti given similar preirradiation heat treatments and
directly corresponding to mechanical properties specimens, have been examined to identify the
cause of irradiation hardening. It is found that hardening is due to precipitation of a high density
of small particles, but differs from response at 400°C, because one precipitate type dominates
at the lower irradiation temperatures. Particle sizes are on the order of 3 nm in diameter at
densities in the range 1 to 3 x10'” cm™ corresponding to volume fractions on the order of 0.5%.
The irradiation-induced precipitation appears te be insensitive (to within a factor of ~2) to
preirradiation heat treatment and composition.

FUTURE WORK
This work will be continued within the confines of funding and specimen availability.
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IRRADIATION-INDUCED PRECIPITATION AND MECHANICAL PROPERTIES OF VANADIUM
ALLOYS AT <430°C, H. M. Chung, J. Gazda, and D. L. Smith (Argonne National Laboratory)

OBJECTIVE

The objective of this study is to identify dense irradiation-induced precipitation of very fine
particles that causes severe dislocation channeling and poor work-hardening capability in V-
4Cr-4Ti at <430°C.

ABSTRACT

Recent attention to V-base alloys has focused on the effect of low-temperature (<430°C)
irradiation on tensile and impact properties of V-4Cr-4Ti. In previous studies, dislocation
channeling, which causes flow localization and severe loss of work-hardening capability, has
been attributed to dense, irradiation-induced precipitation of very fine particles. However,
efforts to identify the precipitates were unsuccessful until now. In this study, analysis by
transmission electron microscopy (TEM) was conducted on unalloyed V, V-5Ti, V-3Ti-1Si, and
V-4Cr-4Ti specimens that were irradiated at <430°C in conventional and dynamic helium
charging experiments. By means of dark-field imaging and selected-area-diffraction analysis,
the characteristic precipitates were identified to be (V,Ti1-%)(C,O,N). Evidence indicates that
severe dislocation channeling and poor work-hardening capability in V-4Cr-4Ti occur at
<430°C as a result of dense precipitation of (V,Ti1x)(C,O,N). In V-3Ti-1Si, precipitation of
(V,Ti1-x)(C,0O,N) was negligible at <430°C, and as a result, dislocation channeling did not occur
and work-hardening capability was high.

INTRODUCTION

Recently, attention to vanadium alloy development for fusion reactor application has focused
on the performance of V-(4-5)Cr-(4-5)Ti after low-temperature irradiation; tensilel-7 and
impact#:6,7 properties after irradiation at <430°C have been of special interests. It has been
reported that a 500-kg heat (832665) and a 30-kg heat BL-47 of V-4Cr-4Ti and a 80-kg heat
BL-63 of V-5Cr-5Ti exhibited low uniform elongation as a result of virtual loss of work-
hardening capability after irradiation at 80-430°C in several fission-reactor experiments, i.e.,
in HFBR,! HFIR,2,3 EBR-II X530,4.5 ATR,® FFTF MOTA,” and FFTF COBRA-1A27 experiments.
In contrast to the tensile behavior at <430°C, V-Cr-Ti, V-Ti, and V-Ti-Si alloys exhibited
generally good work-hardening capability after irradiation at >500°C.8 The 500-kg heat of V-
4Cr-4Ti also exhibited poor impact properties after irradiation at <390°C.4.6.7 This was
surprising, in view of a previous report that the 30-kg heat of V-4Cr-4Ti exhibited good impact
properties after irradiation at >430°C in the FFTF,9 and that the 500-kg heat exhibited
excellent impact properties in the nonirradiated state.®8 In subsequent studies of the tensile
behavior of the 500-kg heat, the poor work-hardening capability was found to be due to
dislocation channeling that occurred extensively in the alloy after irradiation at <390°C.10-12
Furthermore in these studies, severe dislocation channeling was attributed to dense
precipitation of very fine particles (<10 nm in size) during irradiation at the low
temperatures.10-12 Therefore, identification of the irradiation-induced precipitates and
understanding the mechanism of dislocation channeling have been of major importance in
understanding the irradiation performance of V alloys at <430°C. However, initial efforts to
gain information on the composition of the very fine precipitates by electron energy loss
spectroscopy were inconclusive.11,12

In this work, TEM selected-area-diffraction (SAD) analysis and dark-field imaging techniques
were utilized to identify the very fine irradiation-induced precipitates in the 500-kg heat of V-
4Cr-4Ti that was irradiated in an Li environment in the EBR-II at =390°C, and in laboratory
heats of V, V-5Ti, V-3Ti-18i, and V-4Cr-4Ti (BL-47) that were irradiated at =420-600°C in the
dynamic helium charging experiment (DHCE) in the FFTF.8:13 In contrast to the poor work-
hardening capability of the large-scale and laboratory heats of V-4Cr-4Ti irradiated in the
conventional irradiation experiments (i.e., non-DHCE) at 390 and =430°C, respectively, work-
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hardening capabilities of the laboratory hedts of V-4Cr-4Ti and V-3Ti-18i were significantly
higher after irradiation in the DHCE at =430°C. This variation in work-hardening capability is
manifested by significant variation in uniform elongation as shown in Fig. 1.7 Therefore, of
particular interest in this study was not only identification of the irradiation-induced
precipitates but also relationship among degree of precipitation, dislocation channeling, and
work-hardening capability of several alloys that were irradiated at <430°C.
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Fig. 1. Uniform elongation as a function of irradiation temperature (same as test
temperature) of V-4Cr-4Ti (A) and V-3Ti-Si (B), showing significant variation
in work-hardening capability, depending on heat and irradiation condition.

EXPERIMENTAL PROCEDURES

The elemental composition of the alloys investigated in this study, determined prior to
irradiation, is given in Table 1. TEM analysis was not conducted on Heat VX-8 (V-3.7Cr-
3.9Ti; O, 350 wppm; N, 70; C, 300; Si, 500; Nb, 1280; Al, 1120; Co, 500; Fe, 280; Mo, 270;
and Zr, 19 wppm) and Heat BL-27 (V-3.1Ti-0.258i; O, 210; N, 310; and C, 310 wppm),
although uniform elongation of the heats was relatively high, as shown in Fig. 1. Details of
conventional and DHCE irradiation experiments, in which TEM disks and tensile specimens
of these alloys were irradiated- are summarized in Table 2. TEM disks and tensile specimens
were machined out of cold—-worked sheets =0.3 and =1 mm thick, respectively, followed by
annealing at 1050-1125°C for 1 h in ion-pumped vacuum. The irradiated specimens were
then retrieved from the irradiation capsules, and Li that was bonded onto the specimens was
cleaned off in a bath of liquid ammonia. Then, the specimens were further cleaned
ultrasonically in a bath of ethyl alcohol. TEM disks were also prepared out of the gage area of
broken tensile specimens. All TEM disks were jet-thinned at -10°C in a solution of 15%
sulfuric acid, 72% methanol, and 13% butyl cellulose. TEM was conducted with a JEOL
100CX-II scanning transmission electron microscope (100 keV) or with a Philips CM-30
analytical electron microscope (300 keV).

Table 1. Chemical composition of vanadium alloys

Nominal Comp. Impurity Concentration {wt. ppm)
Heat ID (wt.%) O N C Si
BL-192 v 1101 161 360 -
BL-462 4.6Ti 305 53 85 160
BL-452 2.5Ti-18i 345 125 90 9900
BL-47b 4.1Cr-4.3Ti 350 220 200 870
832665¢ 3.8Cr-3.9Ti 310 85 80 783
a15-kg laboratory heat
b30—kg laboratory heat

€500-kg production-scale heat
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RESULTS

A typical bright-field image of dislocation channels, shown in Fig. 2, was obtained from the
500-kg Heat 832665 of V-4Cr-4Ti that was irradiated to ~4 dpa and tensile-tested at 390°C.
Several SAD patterns were obtained from the precipitate-rich regions, such as those in Fig. 2,
in one orientation, e.g., (110) zone of the matrix. Using reflections from the precipitates, we
obtained many dark-field images in this orientation . Then, the specimen was tilted to several

Table 2. Summary of conditions under which TEM disks and tensile
specimens were irradiated

Alloy Type  Alloy Heat Irradiation Environment Temperature (°C) dpa

V-4Cr-4Ti 832665 EBR-II X530 Li =390 4
v BL-19 FFTF-DHCE Li - 430-600 13-27
V-5Ti BL-46 FFIF-DHCE Li - 430-600 13-27
V-3Ti-18i BL-45 FFTF-DHCE Li 430-600 13-27
V-4Cr-4Ti BL-47 FETF-DHCE Li 430-600 13-27

Fig. 2.

Bright-field image of
dislocation channels in
500-kg V-4Cr-4Ti Heat
832665  tensile
specimen irradiated to

=4 dpa at 390°C in
EBR-II X530
experiment and
tensile-tested at 390°C

other orientations, e.g., (100), (120), and (310) zones of the matrix, and more SAD patterns
and dark-field images of the precipitates were obtained at the new orientation. Because Heat
832665 V-4Cr-4Ti specimens that were irradiated at =390°C in the EBR-II X530 experiment
contained a significantly high volume fraction of the precipitates,!! dark-field images of the
unknown precipitates could be obtained without much difficulty. Typical examples of SAD
patterns are shown in Figs. 3-5, which correspond, respectively, to the (110}, (310}, and (320)
zones of the matrix. For most SAD patterns, many double- diffraction spots are present, and,
at the same time, precipitate reflections are superimposed on most matrix reflections. As a
result, "pure" matrix reflections were difficult to find. Because of these two factors, significant
difficulty was commonly encountered in isolating and identifying the operating precipitate zone
in a given SAD pattern. :

A typical example of a dark-field image of the precipitates, observed in a TEM disk of the 500-
kg V-4Cr-4Ti heat after irradiation to =4 dpa at =390°C in the EBR-II, is given in Fig. 6. Very
fine (size 3-10 nm), dense precipitates are visible; number density and volume fraction of
precipitates in the figure correspond to =3.5 x 1017 cm-3 and =1.2%, respectively.

The SAD pattern in Fig. 3 shows numerous double-diffraction spots and precipitate reflections
that correspond to the {111) zone of an fcc structure that is parallel to the {(110) zone of the
bce matrix. Exactly the same orientational relationship was observed for relatively larger




52

precipitates in unalloyed V (BL-19) irradiated in the FFTF-DHCE to =18 dpa at 600°C (see the
SAD pattern and dark-field image in Fig. 7). Furthermore, the lattice spacing of the fcc
structure measured from the (111) zones of the SAD patterns in Figs. 2 (V-4Cr-4Ti, 832665)
and 7 (unalloyed V, BL-19) was identical, i.e., ap = 0.415-0.420 nm. This finding shows that
the same type of precipitation occurred in unalloyed V and V-4Cr-4Ti, although irradiation
conditions and the size and density of the precipitates differed significantly.

The type of fcc precipitates that exhibited exactly the same diffraction characteristics and
orientational relationship as those of the very fine precipitates, produced at =390°C in EBR-II,
were observed in other alloys that were irradiated in the FFTF-DHCE, i.e., V-5Ti (BL-46) (Fig.
8), 30-kg V-4Cr-4Ti ( BL-47) (Fig. 9), and V-3Ti-1Si (BL-45) (Fig. 10). For the orientation
shown in Fig. 8, i.e., the (100) zone of the precipitate parallel to the (100) zone of the matrix,
all precipitate reflections are hidden behind the matrix reflections. Therefore, the presence of
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irradiation-induced precipitates is indicated only by the streaks, and dark-field images could
be obtained only with the streaks that are visible near the matrix reflections. Such streaks are
absent in the (100) zone of V-3Ti-1Si irradiated in the FFTF-DHCE to =27 dpa at =430°C (Fig.
10), indicating that precipitation in this alloy was insignificant under the irradiation
conditions.

Initially, it was suspected that the characteristic precipitates could be either irradiation-
enhanced precipitates of o-Ti (hcp, ag = 0.29504 nm, ¢y = 0.46833 nm), Ti;O (hcp, ap = 0.2959

nm, ¢o = 0.4845 nm), TizO (hep, ao = 0.4991 nm, ¢, = 0.2879 nm), or metastable w-phase
(hep, agp = 0.4573-0.4598 nm, ¢y, = 0.2804-0.2818 nm). A Ti-rich Ti-V phase has been
observed in Ti-V alloys by several investigators.14,15 However, the diffraction behavior, such
as that manifested in the SAD patterns in Figs. 2-4 and 6-9, was not consistent with any of
these systems. Of particular importance is fact that the characteristic precipitates that exhibit
the same diffraction behavior were also observed in unalloyed vanadium (BL-19, Fig. 6).
Therefore, we searched for an fcc compound based on V.

Fig. 6.

Reverse-contrast

dark-field image of
{(V,Ti1.)(C,O,N) pre-
cipitates in V-4Cr-
4Ti Heat 832665
TEM disk irradiated
to =4 dpa at 390°C
in EBR-II X530
experiment.
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Fig. 7. SAD pattern (left) and reverse-contrast dark-field image (right) of V(C,O,N)
precipitates observed in unalloyed V Heat BL-19 TEM disk irradiated to =18
dpa at 600°C in FFTF-DHCE, showing (111) zone of precipitate parallel to (110)
zone of matrix. Letters V, VC, and DD denote, respectively, matrix, V(C,O,N},
and double diffraction spots.

The SAD patterns shown in Figs. 3-5 and 7-10 could be indexed precisely only on the basis of
the structure of VC, an fcc compound with a lattice constant of ap = 0.4168-0.4169 nm.16,17
Meanwhile, VO (fcc, a, = 0.409 nm) and VN (fcc, ag = 0.413 nm) are isostructural with VC, and
lattice constants of the three phases are similar.16.17 Considering this and the fact that the
three compounds are mutually soluble, we conclude that the precipitates are V(C,0O,N), an fcc
(NaCl) structure {space group Fm3m) with a lattice constant a, = 0.415-0.420 nm.

This measured lattice spacing is =1.5-2.0% smaller than the lattice spacings reported for TiC
(fce, ap = 0.4313-0.4330 nm), TiO (fce, ao = 0.422-0.425 nm), or TiN {fce, ap = 0.4182-0.4243
nm).16,17 However, this small difference in lattice spacing cannot be discerned conclusively
from TEM SAD patterns. Therefore, based on measured lattice spacing alone, it is not possible
to conclude whether the precipitates are V- or Ti-based precipitates, i.e., V(C,O,N) or Ti(C,O,N).
However, the fact that the characteristics precipitates were observed in unalloyed V (BL-19,
Fig. 7) provides conclusive evidence that they are of the V(C,0,N) type. This is supported
further by the following observations.

The diffraction characteristics and morphology of the precipitates that formed at higher
irradiation temperatures, such as those shown in Figs. 7 (unalloyed V at 600°C), 8 (V-5Ti at
600°C), and 10 (V-3Ti-1Si at 500°C), are essentially the same as the (Vg.75Tig.25)(C,O,N)
precipitates that were observed in laser and electron-beam welds of V-4Cr-4Ti Heat 832665
after postwelding annealing at 1000°C for 1 h.1® Kazakov et al. reported that carbides of V
(VC or V,C) were observed in the fusion and heat-affected zones of gas-tungsten-arc welds of
V-2.5Zr-0.35C.19 The morphology of these carbides is essentially the same as that of V(C,O,N)
precipitates observed in V, V-5Ti, and V-3Ti-1Si in this study and in the laser and electron-
beam welds of Ref. 18. The morphology of V carbides observed by Kazakov et al. in the V-
2.5Zr-0.35C welds was in distinct contrast to the spherical morphology of ZrC, which was
observed only in the fusion zone of the alloy. Hence, we believe that the irradiation-induced
precipitates observed in this study have essentially the fcc (NaCl) structure of VC that is
modified in elemental composition; namely, O, and to a lesser extent, N atoms replacing some
C atoms and Ti replacing some V in the Ti-containing V alloys.
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Fig. 10. SAD pattern (TEM disk, =27 dpa at 430°C} and dark-field image (TEM disk, =18
dpa at 500°C) of (V,Ti14)(C,O,N) precipitates from V-3Ti-1Si BL-45 irradiated in
FFTF-DHCE. The SAD pattern shows (100) zone of matrix free of streaks,
indicating that (V,TizJ(C,O,N) precipitation at =27 dpa at 430°C was
insignificant.

Thermal Ti(O,N,C) precipitates form in Ti-containing V alloys during ingot melting and
fabrication when combined concentrations of O, N, and C exceed =400 wppm.20 The
morphology of this type of mostly 300-500-nm Ti(O,N,C) is invariably ellipsoidal or spherical,
which is in distinct contrast to the elongated morphology of V(C,0,N) type precipitates such as
those shown in Figs. 7, 8, and 10 in this study and those observed in welds in Refs. 18 and
19. Furthermore, thermally formed Ti{ O,N,C) exhibits an orientational relationship of

(100)Ti(o,N,c)/ /(1 10)y.

In contrast to this, the irradiation-induced precipitates of (V,Ti;.x)(C,0,N) analyzed in this
study exhibit two orientational relationships, i.e., (111)v(c,0,N)//(110)v ( Figs.3, 7, and 9) and
(100)v(c,0,N)/ /(100}y (Fig. 8). The latter orientation is identical to the orientation
(110)v(c,0,N)/ /(110}y that was observed for the (VTi;_x)(C,0,N) precipitated in the welds of the
500-kg V-4Cr-4Ti.18 The diffraction spots from the very fine (V,Ti1.x)(C,0,N) precipitates in
the 500-kg V-4Cr-4Ti specimens, irradiated to =4 dpa at 390°C, exhibit, as shown in Figs. 4
and 5, streaks in the <110> and <111> directions of the precipitate, indicating that they are
extremely thin, needlelike precipitates. In contrast to this, the relatively large (V,Ti;x}(C,O,N)
precipitates in V-5Ti, irradiated to =18 dpa at 600°C, exhibit streaks in the <110> direction
only, showing that they are thin platelets (=10 nm thick and 50-120 nm in diameter).

The diffraction characteristics of (V,Ti1-x){(C,0,N) in the (100) orientation, such as those shown
in Fig. 8, are in sharp contrast to those of the irradiation-induced TisSiz precipitates at the
same matrix orientation.?? For example, diffraction patterns that are characteristic of the
latter type of precipitates are shown in Fig. 11 [Ti5Siz on the (100) and (111} zones of the
matrix], which was obtained from V-3Ti-18i {BL-45) irradiated to =18 dpa at 600°C in the
FFTF-DHCE. Although the morphology of the TisSi3 precipitates shown in the figure is similar
to that of thermally formed ellipsoidal Ti(O,N,C), their diffraction patterns differ from those of
Ti(C,0,N)20 and (V,Ti1.x)(C,0O,N), e.g., those on the (100) zone of the matrix shown in Fig. 8.
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V-3Ti18i, BL-45 V-3Ti-18i, BL~45
DHCE-5C2 DHOE-5C2
18 dpa at 600 18 dpa at 600°C

Fig. 11.

SAD patterns [top left and right,
respectively, {100} and {111) zone
of matrix] and reverse-contrast
. dark-field image (left) of TizSiz
precipitates in V-3Ti-1S5i (BL-45)
irradiated to =18 dpa at 600°C in
FFTF-DHCE.

R

DISCUSSION

For the specimens of the 500-kg V-4Cr-4Ti (Heat 832665) that was irradiated to =4 dpa at
390°C in the EBR-1I X530 experiment, the number density of the (V,Ti;_x)(C,0,N) precipitates
was extremely high, as shown in Fig. 6, whereas irradiation-induced precipitation of other
phases in the same specimens, such as TisSi3, was negligible. It seems quite possible that
irradiation-induced hardening of the material is mostly due to the high—density (V,Ti1x)(C,O,N)
precipitates rather than to defect clusters or dislocation loops that act as primary barriers to
dislocation motion. In agreement with a previous investigation,!l it was difficult to obtain
dark-field images of pure defect clusters {dislocation loops free of precipitate) in TEM disks or
tensile specimens of this material, because most precipitate reflections were superimposed on
matrix reflections. The size and number density of (V,Ti1.x)(C,0,N) precipitates that were
visible in dark-field images, and the size and number density of all types of barriers {defect
clusters, dislocation loops, and precipitates) that were visible in the bright-field image were
similar. This observation indicates that (V,Ti1-x)(C,0,N) precipitated on or near most defect
clusters and dislocation loops in the material.

From bright-field images (e.g., Fig. 2) alone, we cannot obtain direct evidence that helps clarify
the role of the precipitates in dislocation channeling, nor can we gain insight into what
alloying or impurity elements are responsible for precipitation-induced microstructural
modification. However, the dark-field images (e.g., Fig. 12) provide more direct evidence for
the role of (V,Ti1-x}(C,0,N) precipitates in dislocation channeling. The dark-field image in Fig.
12 shows that (V,Ti1-x)(C,0,N) precipitates, contained in a tensile specimen of the 500-kg V-
4Cr-4Ti (Heat 832665) that was irradiated to =4 dpa at 390°C in the EBR-II X530 and tested at
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390°C, were either sheared or plowed out of dislocation channels. Therefore, the severe
dislocation channeling and poor work-hardening capability {manifested by uniform elongation
<0.8%, Fig. 1A} of the material did, indeed, seem to be a direct consequence of extensive
irradiation-induced precipitation of (V,Ti1-x)(C,0,N) in the material. Likewise, the poor impact
property of the material? is believed due to the same precipitation-induced microstructural
degradation.

Fig. 12.

Reverse-contrast dark-field
image of (V, Ti;«)(C,O,N)
precipitates and dislocation
channels in 500-kg V-4Cr-
4Ti (Heat 832665)
irradiated to =4 dpa at
e - 390°C in EBR-II X530 and
&; gﬁﬁ- plowed. tensile tested at 390°C,
of dislocation'.channels showing that the
precipitates were sheared
or plowed out of dislocation
channels. :

In contrast to the case of the 500-kg heat V-4Cr—4Ti that was irradiated in the EBR-II,
uniform elongation (i.e., 1.4-2.0 %) and work-hardening capability of the 30-kg V—-4Cr—4Ti
heat were relatively higher after irradiation to =27 dpa at =430°C in the FFTF-DHCE (see Fig.
1A).7 This finding is consistent with the dark-field image of the microstructure of the latter
material, shown in Fig. 9. The density of the fine (V,Ti; x}(C,0O,N) precipitates produced in the
30-kg heat was more than an order of magnitude lower than that of the 500-kg heat, and as a
consequence, the 30-kg heat seems to be more resistant to dislocation channeling, and hence,
to flow localization. Similarly, a 15-kg heat of V-3Ti~1Si (BL-45) exhibited no sign of
{V,Ti1x)}(C,O,N) precipitation after irradiation at 430°C in the FFTF~DHCE or at 390°C in the,
COBRA-1A2 experiment. This observation is also consistent with the relatively higher work-
hardening capability of the BL-45 specimens that is manifested by uniform elongations as
high as 3.8-6.5% (see Fig. 1B). Thus, at least for three irradiated materials, i.e., V-4Cr-4Ti
Heat 832665 irradiated to =4 dpa at 390°C in the EBR-II X530, V-4Cr-4Ti Heat BL-47
irradiated to =27 dpa at 430°C in the FFTF-DHCE, and V-3Ti-1Si Heat BL-45 irradiated to
=27 dpa at 430°C in the FFTF-DHCE, we observed direct evidence for good correlation among
the number density of the fine (V,Ti1-x)(C,0,N) precipitates, the degree of dislocation
channeling, and work-hardening capability.

Obviously, one way to improve work-hardening capability (and, at the same time, impact
properties} of V-base alloys that are to be irradiated at <430°C is to suppress or prevent
irradiation-induced precipitation of (V,Ti1x)(C,0,N). As shown in Fig. 1A, the coldworked
specimen of BL-47 V—4Cr-4Ti exhibited better work-hardening capability than the annealed
material (i.e., uniform elongation =2.3 vs. 0.9% after irradiation at 390°C), indicating that
coldwork improves work—hardening capability. However, optimizing alloy or specimen
fabrication procedures, such as coldworking, keeping C, O, and N concentrations at a
sufficiently low level, or maximizing thermal precipitation, is probably either insufficient, too
costly, or impractical. Alternatively, it may be feasible, by adding certain doping element(s}, to
shift the range of temperature of irradiation-induced (V,Ti;-x)(C,O,N) precipitation to
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sufficiently lower temperatures, e.g., <350°C, or even entirely eliminate precipitation in the
temperature range of interest for fusion application.

Doping V-4Cr-4Ti with >1% Si appears to be an attractive idea. As shown in Fig. 1B, the
work-hardening capability of BL-27 V-3Ti-0.25Si was significantly inferior to that of BL-45 V-
3Ti-18i. Although not conclusive at this time, this difference in work-hardening capability
may be a manifestation of a beneficial effect of sufficiently high Si concentration in V-3Ti-Si
alloys; e.g., (V,Ti1-x)(C,O,N) precipitation and dislocation channeling is suppressed in the high-
Si heat but is still active in the low-Si heat. Likewise, a sufficiently high Si concentration
could also help to suppress or prevent (V,Ti1x)(C,O,N} precipitation in V-4Cr-4Ti at
temperatures <450°C.

CONCLUSIONS

1. Dislocation channeling and poor work-hardening capability of the 500-kg heat of V-4Cr-
4Ti, observed after irradiation at low temperatures {e.g., at <400°C), are caused by high-
density irradiation-induced precipitation of very fine <10-nm particles. By dark-field
imaging and selected area diffraction analysis, the characteristic precipitates were
identified as (V,Ti1-x}(C,0,N), which has an fcc structure and modified composition of VC,
with some V replaced by Ti and some C replaced by O, and, to a lesser extent, by N. The
same type of precipitates were also observed in unalloyed V, V-5Ti, V3Ti-15i, and a 30-kg
heat of V-4Cr—4Ti irradiated at 430-600°C in the dynamic helium charging experiment;
precipitation behavior was influenced strongly by irradiation temperature.

2. Irradiation—induced precipitates of (V,Tij-x)(C,0,N) exhibited two orientations:
(11)vc,0n//(110)v , [0-22]v(c,0,n//[002]v ; and (100)vic,0,n)//(100)v,
[002}v(c,0,N)/ /[011]y. Diffraction spots from the <10-nm (V,Ti1x)(C,0O,N) precipitates in the
500-kg V-4Cr-4Ti, irradiated to =4 dpa at 390°C, exhibited streaks in the <110> and <111>
directions, indicating that they are very fine needlelike precipitates. In contrast, relatively
large (V,Ti1-x)(C,O,N) precipitates produced during irradiation at 600°C exhibited streaks in
the <110> direction only, showing that they are thin platelets (=10 nm thick and 50-120
nm in diameter). Thermally formed platelet (V,Ti;.x)(C,0O,N) precipitates were also observed
in unirradiated postwelding-annealed laser and electron-beam welds of the 500-kg V-4Cr—
4Ti.

3. In V-4Cr-4Ti at <27 dpa, (V,Ti1-x}(C,O,N) precipitation is predommant for irradiation at
<430°C, whereas TisSi3 precipitation is favored at >500°C.

4. Dark-field images provided direct evidence that (V,Ti;.x)(C,O,N) precipitates in tensile
specimens of the 500-kg V-4Cr-4Ti (Heat 832665) that were irradiated and tested at 390°C
were either sheared or plowed out of dislocation channels. The severe dislocation
channeling and poor work-hardening capability of the material is a direct consequence of
extensive irradiation-induced precipitation of (V,Tijx)(C,0,N). The poor impact property of
the heat observed after irradiation at <390°C is probably also due to the same
precipitation-induced microstructural degradation.

5. The number density of (V,Ti;.x)(C,O,N) precipitates in the 30-kg heat V-4Cr—4Ti, irradiated
to =27 dpa at =430°C in the dynamic helium charging experiment, was more than an order
of magnitude lower than that of the 500-kg V-4Cr—4Ti heat that was irradiated at 390°C in
a conventional experiment, and as a consequence, the heat was more resistant to
dislocation channeling, and work-hardening capability was higher.

6. A 15-kg heat of V-3Ti~1Si showed no sign of (V,Ti1-x)(C,0,N) precipitation after irradiation
at <430°C in either conventional or dynamic helium charging experiments, indicating that
the heat is inherently resistant to dislocation channeling. This finding is consistent with
high work-hardening capability (uniform elongation of 3.8-6.5% at <27 dpa) that was
observed for the alloy.
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The work-hardening capability and impact properties of V-base alloys irradiated at <430°C
can be improved by preventing irradiation-induced precipitation of (V,Ti;.x)(C,O,N).
Optimizing alloy or specimen fabrication procedures, e.g., coldworking, keeping C, O, and N
concentrations sufficiently low, or maximizing thermal precipitation, is probably either
insufficient, too costly, or impractical. Alternatively, it may be feasible to suppress or
prevent (V,Tijx)(C,O,N) precipitation by adding certain doping element(s). Doping V-4Cr-
4Ti with >1% Si appears to be an attractive idea.
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REACTIONS OF HYDROGEN WITH V-Cr-Ti ALLOYS — J. R. DiStefano, J. H. DeVan,
L. D. Chitwood (Oak Ridge National Laboratory), and D. H. Rohrig (Projektleitung Kernfusion,
Forschungszentrum Karlsruhe)

OBJECTIVE

The objective of this task is to assess the effects of hydrogen on the mechanical properties of
V-Cr-Ti alloys.

SUMMARY

In the absence of increases in oxygen concentration, additions of up to 400 ppm hydrogen to
V-4 Cr-4 Ti did not result in significant embrittlement as determined by room temperature tensile
tests. However, when hydrogen approached 700 ppm after exposure at 325°C, rapid
embrittlement occurred. In this latter case, hydride formation ins the presumed embrittlement
cause. When oxygen was added during or prior to hydrogen exposure, synergistic effects led to
significant embrittlement by 100 ppm hydrogen.

PROGRESS AND STATUS q\

Experimental Program i"»’f
%

Two alloys, V-5 Cr-5 Ti and V-4 Cr-4 Ti, were exposed {o hyt :}{? vironments. Samples were
given various heat treatments before and after exposure to1  ° 1o evaluate their effects on
hydrogen embrittlement. The alloys were exposed fo hydrog fz apparatus consisting of a
gas supply, an alumina reaction tube coupled to an ultra high  *~. ystem, and a high

temperature furnace around the reaction tube. High purity hy as (99.9999%) was
admitted through a controllable leak valve while the system wi wacuated by the vacuum
system. Temperatures of exposure were in the range 3250 ¢ some cases specimens

were rapidly cooled after exposure by withdrawing them to a corrZohe above the furnace, while
other specimens remained in the furnace zone as it was cooled to room temperature. Hydrogen
flow was maintained during cool down. The amounts of hydrogen picked up were monitored by
weight changes and selective chemical analyses. Room temperature tensile tests were used to
determine the effect of hydrogen on the mechanical properties of the two vanadium alloys.

initially, tests in hydrogen were conducted on two heats of V-5 Cr-5 Ti (Table 1) at 450-500°C.
Specimens were generally vacuum-anneaied at 1125°C prior to hydrogen exposure. Hydrogen
pressures were in the range 102to 10 Pa (10 to 10" torr) and exposures were for 24 or 100 h.
Subsequently, hydrogen uptake by V-4 Cr-4 Ti (Table 1) was determined at 10 Pa (~10! torr) and
450°C or at 325°C between 25-250 Pa (0.2-2 torr). In the latter tests on V-4 Cr-4 Ti, the gas :
supply system was modified by the addition of a hydrogen gas purifier that contained a Pd-Ag
membrane to exclude oxygen and water vapor from the system, and the pre-test annealing
temperature was lowered to 1050°C. '

Table 1. Compositions of V-Cr-Ti Alloys

Nominal
composition | Heat D Concentration (wt %) Concentration (wppm)
(wt %)
Cr Ti Fe ®) N C Si
V-5Cr-5Ti ORNL 4.0 5.6 0.11 324 512 204 1100
V-5Cr-5Ti |- 832394 4.2 5.4 <0.045] 427 52 40 <310
V-4Cr-4Ti 8326 3.1 4.1 0.022 310 85 86 780
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Results and Discussion

In the initial tests on the two heats of V-5 Cr-5 Ti, exposures at 102-10" Pa resulted in only minor
hydrogen uptake and weight change, with minimal effects on mechanical properties. However, at
hydrogen pressures of 1-10 Pa, weight gains generally exceeded those attributable to hydrogen
alone, and selected chemical analyses indicated a concomitant increase in oxygen content. For
any given exposure condition, the uptake of hydrogen was similar for the two heats. However, as
shown in Fig. 1, specimen furnace (slowly) cooled under the hydrogen exposure pressure showed
higher hydrogen concentrations than companion specimens moved quickly to a relatively cool
region of the fumace. Some effect of grain size on tensile ductility was noted as indicated in

Fig. 2. (Numbers refer to oxygen concentration associated with hydrogen concentration.) The
heat of V-5 Cr-5 Ti identified as 832394 exhibited a larger grain size for a given annealing
temperature and, in general, was more susceptible to hydrogen (plus oxygen) embrittiement.
Hydrogen concentrations <50 wppm seriously embrittled this heat, while 70-80 wppm hydrogen
resulted in only slight embrittliement of the finer-grained ORNL heat. Post-exposure heat treating
the V-5 Cr-5 Ti alloys in vacuum for 100 h at 500°C was effective in removing hydrogen, as
shown in Table 2. Although this treatment recovered most of the ductility in the finer-grained
ORNL heat, heat 832394 remained brittle, an indication that oxygen contamination was a
significant factor in the embrittiement of the latter heat.

100 . et gy

| —e~—Pure V (literature data)
|| —o—V-5Cr-5Ti (fast cooled)
—=—\/-5Cr-5Ti (slow cooled) ¥,
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g
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Fig. 1. Hydrogen concentrations in V-5 Cr-5 Ti and unalloyed vanadium [9,10] after exposure to
low-pressure hydrogen at 500°C.
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Fig. 2. Room temperature elongation (a) and yield strength (b) of two heats of V-5 Cr-5 Ti
annealed at 1125°C prior to exposure to high purity hydrogen gas at 500°C. Numbers above
data points show increases in oxygen concentration (ppm) accompanying hydrogen exposures.

Table 2. Effect of hydrogen exposure at 3 x 102 torr on V-5Cr-5Ti at 500C
before and after vacuum heat treating at 500C*
(Exposure and heat treating times were 100 h, respectively)

Cooling Concentration (ppm) Yield Ultimate .
Heat rate in I’Yeaa('t:l’::le?t strength | strength E’°'(‘§:;"'°"

hydrogen Hydrogen | Oxygen (MPa) {MPa)
832394 Fast No 45 172 FBY® FBY? 0.0
832394 Slow No 107 245 FBY® FBY? 0.0
832394 Slow Yes 24 185 506 515 0.3
ORNL Fast No 59 284 476 515 18.0
ORNL Slow No 150 332 493 533 7.0
ORNL Slow Yes 0.8 246 453 561 226

2Samples annealed at 1125C prior to exposure to hydrogen.
bFailed before yield.




To avoid the complexity of oxygen contamination effects, the test system was modified by the
addition of a hydrogen purifier. The Pd-Ag alloy membrane in the purifier permitted only
hydrogen to pass through, effectively eliminating oxygen as an impurity. This was verified by a
residual gas analyzer which indicated that, except for a small amount of residual water vapor,
hydrogen was the only gas that could be detected in the system.

Hydrogen uptake by V-4 Cr-4 Ti was then determined as shown in Fig. 3. The data in Fig. 3 for
hydrogen concentration in V-4 Cr-4 Ti as a function of pressure at 325°C can be described by a
Sievert's law relation and correlate with the data for fast-cooled V-5 Cr-5 Ti at 500°C, shown in
Fig. 1. The agreement of the present data (shown as individual points in Fig. 3) with isotherms
(tlines in Fig. 3) derived from the literature for the V-H system,’? demonstrates that V-Cr-Ti
behaves similarly to pure vanadium with respect to hydrogen uptake at a given hydrogen pressure
and temperature.
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Fig. 3. Comparison of hydrogen concentrations in V-4 Cr-4 Ti with calculated concentrations in
unalloyed vanadium at 450 and 300°C [9,10].

Results of room temperature tensile tests on V-4 Cr-4 Ti after exposure to hydrogen at 325°C are
shown in Fig. 4. When oxygen was excluded, the addition of up to 400 ppm hydrogen increased
the room temperature tensile strength slightly with only a small decrease in tensile elongation
(Fig. 4). The fractures tended to be the cup/cone type, similar to that of the as-received alloys.
However, a further increase in hydrogen concentration to 700 ppm resulted in complete
embrittlement (Fig. 4). As shown in Fig. 5, this hydrogen concentration corresponds to the
solubility threshold for hydride formation in pure vanadium below 80°C and is indicative that the
ductile-brittle transition for specimens containing more than 400 ppm hydrogen is most likely
associated with hydride formation.
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Fig. 4. Effect of hydrogen on room temperature elongation of V-4 Cr-4 Ti.
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Fig. 5. Hydrogen concentrations in unalloyed vanadium at 50-325°C [10]. Horizontal portions
represent two-phase regions (hydride + solid solution).




The synergistic effect of oxygen in combination with hydrogen was determined for V-4 Cr-4 Ti by first
exposing the specimens to oxygen at 500°C, heat treating in vacuum at 800°C and then exposing
the oxygenated specimens to hydrogen (Fig. 4). The initial addition of ~850 wppm oxygen reduced
room temperature elongation from approximately 30 to 20%. However, subsequent exposure of a
similar specimen to hydrogen drastically reduced its elongation to 5% after only 100 wppm hydrogen
was added, whereas, in the absence of oxygen, >500 ppm hydrogen was generally required before
room temperature ductility fell precipitously. Fracture cross sections indicated that the oxygen-doped
specimens retained a relatively ductile core until the hydrogen concentration approached its solubility
limit (Fig. 6). Oxygen was confined to a fixed depth below the surface, and embrittlement appeared
to be associated with the combined effects of oxygen and hydrogen in this outer case. However,
initiation of cracks in the outer case could also affect the fracture toughness of the hydrogen
strengthened, ductile core, thereby further reducing the ductility.

Where embrittlement is due to the combined effects of oxygen and hydrogen, desorbing hydrogen by
vacuum heat treating will generally improve the ductility, although embrittlement induced by oxygen
is not reversed by heat treatments in the range normally used to remove hydrogen (<500°C). In fact,
embrittlement by oxygen is exacerbated by heat treating in the 400-500°C temperature range,® and
the desorption of hydrogen advisedly should be conducted above or below this range. The heat
treatment needed to counter embrittiement by oxygen, when it is absorbed at 400-500°C, was shown
to be in the range of 950°C and higher,® where the oxygen is precipitated from the matrix in the form
of TiO,.

Based on the present results, serious embrittlement of the reference V-Cr-Ti alloys by hydrogen
isotopes would not be expected under nominal fusion reactor operating conditions, providing that
oxygen pickup is carefully controlled. Given present estimates of plasma leakage to the first wall,
our calculations of the deuterium-tritium pressures behind the currently proposed light element
coatings (i.e., in cracks or crevices) show them to be on the order of 10" Pa (102 torr). At this
pressure, as shown by the present results and those of Natesan,* hydrogen concentrations in V-Cr-Ti
alloys are well within the solid solution range, and the principal mechanical property effect would be
limited to slight hardening. One caveat is a possible additive effect with radiation damage, where
protium produced in the alloys by transmutation reactions and radiation hardening may lead to an
increase in the ductile-to-brittle transition temperature. Also, depending on design, hydrogen
isotopes could affect the properties of V-Cr-Ti alloys if used for components on which plasma directly
impinges, such as the divertor.

One of the major concems in the application of V-Cr-Ti alloys to fusion reactors will be oxygen
pickup, particularly in welds during reactor construction and during system bake-out prior to
operation. As shown earlier,® oxidation that occurs internally at lower temperatures (e.g., 500°C)
can of itself cause serious embrittlement, and, as shown here, the uptake of relatively small
concentrations of hydrogen further increases the degree of embrittlement for a given level of oxygen.
Accordingly, the permissible level of oxygen contamination will be strongly impacted by the uptake of
hydrogen isotopes expected during reactor operation.
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Fig. 6. SEM secondary electron images of V-4 Cr-4 Ti tensile fracture sections. Specimens were
pre-exposed to oxygen (=850 ppm) and aged at 800°C prior to hydrogen exposure at 325°C. The
region of brittle cleavage and intergranular cracking increased in depth as H concentration increased
from (a,b) 800 ppm to (c,d) 500 ppm.
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TENSILE PROPERTIES OF V-Cr-Ti ALLOYS AFTER EXPOSURE IN HYDROGEN-CONTAINING
ENVIRONMENTS”
K. Natesan and W. K. Soppet (Argonne National Laboratory)

OBJECTIVE

The objectives of this task are to (a) determine the hydrogen uptake of V-Cr-Ti alloys as a function
of temperature and partial pressure of hydrogen (pHo) in the exposure environment, (b) examine
the microstructural characteristics of surfaces and cross sections of the alloys after exposure,
(c) evaluate the influence of hydrogen uptake in low-pH2 environments on the tensile properties
and cracking propensity of the alloys at room and elevated temperatures, and (d) determine the
effects of oxygen/hydrogen interactions on the tensile properties of the alloys.

SUMMARY

A systematic study has been initiated at Argonne National Laboratory to evaluate the performance
of several V-Cr-Ti alloys after exposure to environments containing hydrogen at various partial
pressures. The goal is to correlate the chemistry of the exposure environment with hydrogen
uptake in the samples and its influence on the microstructure and tensile properties of the alloys.
At present, the principal effort has focused on the V-4Cr-4Ti alloy of heat identified as BL-71;
however other alloys (V-5Cr-5Ti alloy of heats BL-63, and T87, plus V-4Cr-4Ti alloy from General
Atomics [GA]) are also being evaluated. Other variables of interest are the effect of initial grain size
on hydrogen uptake and tensile properties, and the synergistic effects of oxygen and hydrogen
on the tensile behavior of the alloys. Experiments conducted on specimens of various V-Cr-Ti
alloys exposed to pHa levels of 0.01 and 3 x 1076 torr showed negligible effect of Ho on either
maximum engineering stress or uniform and total elongation. However, uniform and total
elongation decreased substantially when the alloys were exposed to 1.0 torr Ho pressure.
Preliminary data from sequential exposures of the materials to low-pOs and several low-pHo
environments did not reveal an adverse effect on the maximum engineering stress or on uniform
and total elongation. Further, tests in Ho environments on specimens annealed at different
temperatures showed that grain-size variation by a factor of =2 had little or no effect on tensile
properties.

EXPERIMENTAL PROGRAM

The heats of vanadium alloy selected for the study had nominal compositions of V-5 wt.%Cr-5
wt.%Ti (designated as BL-63 and T87) and V-4 wt.%Cr-4 wt.%Ti (designated as BL-71 and 44 from
the GA heat). Detailed chemical analyses of these heats were given in an earlier report (1). The
tensile specimens were fabricated according to ASTM Standard E8-69 specifications and had a
gauge length of =19 mm and a gauge width of =4.5 mm. Specimens were annealed for 1 h at
1050°C prior to hydrogen exposure and tensile testing. Some specimens of BL-63 and BL-71
heats were aiso annealed for 2 h at 1200°C to obtain a larger grain size before hydrogen exposure.

Tensile samples of the alloys were exposed for 100 h at 500°C to environments containing Ho at

partial pressures of 3 x 10°6 and 1.0 torr and subsequently tensile-tested at a strain rate of 1.8 x 10°
4 51 in room-temperature air. The specimens were loaded by means of pins that pass through
holes in the grips and enlarged end sections of the specimen, thus minimizing misalignment. Total
elongation was measured with a vernier caliper and load/elongation chart records. The fracture
surfaces and longitudinal and axial cross sections of the tested specimens are being examined by
scanning electron microscopy.
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RESULTS AND DISCUSSION
Effect of Hydrogen Exposure

The engineering stress/engineering strain plots at room temperature for V-4Cr-4Ti and V-5Cr-5Ti
materials in as-annealed condition and after exposure to Ho at partial pressures of 3 x 10-6 and 0.01
torr were reported in Ref. 1. The results showed that in the pHp range of the present study, BL-63
exhibited a negligible effect of Ho on tensile properties, while BL-71 exhibited a small decrease in
uniform and total elongation after Ho exposure. During this period, additional tensile specimens of .
the two alloys were exposed for 100 h at 500°C to Ho gas at pressures of 1 x 1074, 1 x 102, 5 x 102,
and 1 torr,

Engineering stress/engineering strain curves from different tests at room temperature were
analyzed to evaluate several tensile properties for the alloys after several Ho treatments. Table 1
shows the values for maximum engineering stress and uniform and total elongation in the two
materials after exposure at different pHo levels. Figure 1 shows the maximum engineering stress
values as a function of H concentration for both the alloys. The results show that Ho pressures in
the range of the present study have little or no effect on the maximum engineering stress for either
alloy. The uniform and total elongation values for the two alloys are 0.14-0.19 and 0.18-0.31,
respectively, at Ho pressures of 3 x 106 10 5 x 102 torr. After exposure at an Hp pressure of 1 torr,
both alloys showed significant decrease in uniform and total elongation, indicating that this Ho
pressure may be the threshold for embrittlement of the alloys. Figure 2 is a plot of uniform and total
elongation values as a function of Ho concentration for both alloys. The hydrogen concentrations
in the BL-63 and BL-71 alloys after exposure for 100 h at 500°C in 1 torr Hp pressure were 330 and
358 wppm, respectively.

Effect of Oxygen Pretreatment

>

To examine the synergistic effect, if any, of oxygen and hydrogen in the alloy on the tensile
behavior of V-Cr-Ti alloys, tensile specimens of the two alloys were pretreated in several low-pOs
environments for 100 h at 500°C. Subsequently, the exposure gas was changed from Oo to Ho at
the same temperature and exposure of the specimens was continued for another 100 h. The
preexposure of the specimens to the low-pO2 environments resulted in different concentrations
of O in the alloys, which were subsequently exposed to different Ho pressures. The specimens
exposed to the dual treatment were analyzed for O and H by the vacuum fusion technique. Table 2
lists the O and H concentrations for specimens with different treatments. The O concentrations
ranged from 550 to 2230 wppm, while the H concentration was 6 to 16 wppm. It should be noted

Table 1. Effects of 100 h hydrogen exposure at 500°C on room-temperature tensile
properties of V-Cr-Ti alloys, initially annealed for 1 h at 1050°C in vacuum

pHa2 in Maximum engineeting
exposure stress .
environment (MPa) Uniform elongation Total elongation
(torr) BL-63 BL-71 BL-63 BL-71 BL-63 BL-71
- 469 424 0.165 0.186 0.303 0.322
3x 106 437 440 0.189 0.174 0.313 0.263
1x104 523 467 0.157 0.154 0.182 0.227
1x 104 487 491 0.169 0.148 0.249 0.206
{repeat)
1x102 445 459 0.194 0.169 0.313 0.263
5x 102 483 477 0.143 0.142 0.223 0.191

1 481 468 0.0077 0.0016 0.020 . 0.0016
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Table 2. Oxygen and hydrogen concentrations in pretreated
tensile specimens

pO2 in pre- pHain

exposure exposure Concentration (in wppm) of
environment?  environment Oxygen Hydrogen
(torr) (torr) BL-63 BL-71 BL-63 BL-71

- 3x10°6 550 670 12 11
3x107 1x10°6 625 620 16 16
1x10°® 1x106 730 80 6 7
1x 104 3x 106 2230 2020 15 13

apreexposure time was 100 h at 500°C.
DExposure time in hydrogen was 100 h at 500°C.

that the diffusion coefficient for O is a few orders of magnitude lower than that for H in these alloys;
as a result, after the 100-h exposures the measured H concentration will be uniformly distributed
over the entire 1-mm-thick section of the specimens, while the O concentration will be confined to
a depth of =50 um from the surface [2,3].

The pretreated tensile specimens were tensile-tested at a strain rate of 1.8 x 104 s-1 in room-
temperature air. Engineering stress/engineering strain curves from different tests were analyzed
to evaluate several tensile properties for the alloys after the dual treatments. Table 3 shows the
values for maximum engineering stress and uniform and total elongation for the two materials after
the dual treatments. Figures 3 and 4 show the maximum engineering stress and the uniform and
total elongation as a function of O concentration for both the alloys. 1t is evident that O
concentration up to =2300 wppm, even though confined to the surface regions of the specimens,
has a negligible effect on tensile properties; no synergistic effect of O and H on the properties is
observed, based on the present study. Additional experiments are planned to examine this issue
at higher O and H concentrations in the material, as well as at temperatures above room
temperature.

Effect of Initial Grain Size

To examine the effect of initial grain size on subsequent Hy uptake and tensile propetties,
specimens of BL-71 and BL-63 were annealed for 2 h at 1200°C; this increased the grain size by at
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Table 3. Effects of 100 h hydrogen exposure at 500°C on room-temperature tensile properties of
V-Cr-Ti alloys, initially annealed for 1 h at 1050°C in vacuum and pretreated in
low-pO2 environment

pO2 in pre- pHoin Maximum engineering
exposure exposure stress
environment® environment (MPa) Uniform elongation Total elongation

(torr) (torr) BL-63 BL-71 BL-63 BL-71 BL-63 BL-71
- - 469 424 0.165 0.186 0.303 0.322
- 3% 106 437 440 0.189 0.174 0.313 0.263
3x107 1x 106 452 453 0.173 0.162 0.297 0.266
1x10° 1x 106 507 475 0.165 0.146 0.268 0.228
1x 104 3% 106 484 451 0.132 0.136 0.184 0.177

8preexposure time was 100 h at 500°C.

Table 4. Effects of 100 h hydrogen exposure at 500°C on room-temperature tensile properties of
enlarged-grain V-Cr-Ti alloys, initially annealed for 2 h at 1200°C in vacuum

pHz in Maximum engineering
exposure stress
environment (MPa) Uniform elongation Total efongation
(torr) BL-63 BL-71 BL-63 BL-71 BL-63 BL-71

35106 515 472 0.144 0.159 0.250 0.225

1x10°2 524 479 0.160 0.153 0.244 0.227

5x 102 544 509 0.129 0.082 0.188 0.082
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Figure 3. Maximum engineering stress as a Figure 4. Uniform and total elongation as a
function of O uptake during preoxidation and function of O uptake during preoxidation and
subsequent Ho exposure for V-4Cr-4Ti and V- subsequent Ho exposure for V-4Cr-4Ti and V-5Cr-
5Cr-5Ti alloys tested at room temperature 5Ti alloys tested at room temperature

least a factor of 2 over those of alloys annealed for 1 h at 1050°C. Engineering stress/engineering
strain curves for large- and small-grain materials after 100 h exposure at 500°C to a pHg of 0.01 torr
were presented in the previous report [1]. During this period, additional tests were conducted on
larger-grain-size materials after 100 h exposure in 5 x 1072 torr of Ho pressure. With the increased
grain size, both alloys exhibited a slight increase in strength and some decrease in elongation.
Decrease in uniform and total elongation was much more pronounced at the higher Ho pressure of
5 x 10°2 torr. Examination of the fracture surfaces and specimen cross sections, and
measurements of hardness profiles, are in progress and the results will be used to correlate the
microstructure, H concentration, and hardness data with the tensile properties of the alloys.
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OXIDATION BEHAVIOR OF V-Cr-Ti ALLOYS IN LOW-PARTIAL-PRESSURE OXYGEN
ENVIRONMENTS"
K. Natesan and M. Uz (Argonne National Laboratory)

OBJECTIVE

The objectives of this task are to (a) quantify the oxygen partial pressure (pO2) in argon and
helium environments of various different purity levels, (b) determine the oxygen uptake of V-Cr-Ti
alloys as a function of temperature and pO2 in the exposure environment, (c) examine the
microstructural characteristics of oxide scales and oxygen trapped at the grain boundaries in the
substrate alloys, and (d) establish performance relationships between exposure time, exposure
temperature, and oxygen concentration in the alloy for application in fusion reactor systems.

SUMMARY

A test program is in progress at Argonne National Laboratory to evaluate the effect of pOs in the
exposure environment on oxygen uptake, scaling kinetics, and scale microstructure in V-Cr-Ti
alloys. The data indicate that the oxidation process follows parabolic kinetics in all of the
environments used in the present study. From the weight change data, parabolic rate constants
were evaluated as a function of temperature and exposure environment. The temperature
dependence of the parabolic rate constants was described by an Arrhenius relationship.
Activation energy for the oxidation process was fairly constant in the oxygen pressure range of1 x
106 to 1 x 1071 torr for both the alloys. The activation energy for oxidation in air was significantly
fower than in low-pO2 environments, and for oxidation in pure Os at 760 torr was much lower than
in low-pOs environments. X-ray diffraction analysis of the specimens showed that VO3> was the
dominant phase in low-pO2 environments, while VoOs was dominant in air and in pure oxygen at
760 torr.

EXPERIMENTAL PROGRAM

The heats of vanadium alloy selected for the study had nominal compositions of V-5 wt.%Cr-5
wt.%Ti (designated BL-63) and V-4 wt.%Cr-4 wt.%Ti (designated BL-71). Sheets of the alloys
were annealed for 1 h at 1050°C prior to oxidation and tensile testing. Coupon specimens that
measured =15 x 7.5 x 1 mm were used for the oxidation studies. Our earlier work on oxidation of
these alloys was conducted in air in a thermogravimetric test apparatus at temperatures of 300 to
650°C [1-4]. During this period, several oxidation experiments were conducted on V-4Cr-4Ti
(identified as 44) and V-5Cr-5Ti (identified as 55) alloys at oxygen partial pressures in the range 1 x
106 t0 1 x 1071 torr at several temperatures in the range of 400-700°C. Specimens were exposed
to these environments in a reaction chamber with an Os bleed/feed system to maintain the
desired oxygen pressure. Specimens were retrieved periodically and weighed, and dimensions
were measured. The oxidation products were examined by X-ray diffraction (XRD) analysis, and
the scale microstructures were evaluated by scanning electron microscopy (SEM) and energy-
dispersive X-ray analysis. In addition, microhardness was measured on cross sections of exposed
specimens to obtain hardness profiles and correlate them with oxygen concentration in the alloys.

RESULTS AND DISCUSSION

Extensive studies were conducted on the oxidation kinetics of 44 and 55 alloys in air over a
temperature range of 300-650°C; the results were reported earlier [1-4]. The current oxidation
study on the two alloys involves exposure of the alloys to low-pO2 environments. Tables 1 and 2
list the experimental variables such as pOs» in the exposure environment and test temperature
used in several of the experiments for the 44 and 55 alloys, respectively. Figure 1 shows
normalized weight changes (in mg/mm?) for 44 and 55 alloys after exposure at 500°C in several
low-pOs environments. Similar data were obtained at other temperatures listed in Tables 1 and 2.
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Table 1. Oxidation parameters of V-4Cr-4Ti alloy at various oxygen pressures

Oxygen pressure Temperature Kp ko Q
(torr) (°C) (mgmm~“#h!)  (mg2mm4h-1) (kd/mol)
5x 106 500 1.6 x10°7 8.6 x 104 174
600 31 X‘IO'B
700 4.1 x105
5x 1074 500 1.3 x10°7 3.9x10° 185
600 3.2 x10°6
700 4.7 x10°
1x10°1 500 4.0 x10-8 9.9 x 10° 199
600 1.7 x107
700 2.2 x10°5
160 (air) 400 1.4 x10°7 2.2x 102 120
500 1.1 x108 ‘
575 1.2 x10°°
620 2.5 x10°5
760 450 2.6 x10-8 1.5x 109 231
525 1.6 x10°6
600 1.9 x10°5

Table 2. Oxidation parameters of V-5Cr-5Ti alloy at various oXygen pressures

Oxygen Pressure Temperature Kp ko Q
(torr) (°C) (mg2mm#h ) (mg2mm-4h-1) (kJ/mol)

5x10°6 500 1.3 x10°7 1.4 x 104 168
600 2.1 x10°7
700 3.4 x10°°

5x 1074 500 1.1 x10°7 8.8 x 104 177
600 2.3 x106
700 3.0 x10°9

1x 101 500 3.6 x10°8 4.8 x 109 195
600 9.4 x10°7
700 1.8 x10°0

160 (air) 400 8.9 x10-8 53x 103 137
500 7.1 x10°7
575 ° 4.6 x10°8
650 9.0 x10°5

760 450 1.8 x10-8 15x 1010 247
" 525 1.7 x10-6
600 2.0 x10°

The weight change data were correlated with time by the parabolic relationship w2 = kp-t, where w
is weight change, t is exposure time, and kp is a parabolic rate constant. The kp values calculated
for various exposure conditions are also listed in Tables 1 and 2. Figure 2 shows the temperature
dependence of the parabolic rate constant for the two alioys exposed to different oxygen
pressures. The temperature dependence of the parabolic rate constant was described by the
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Fig. 2. Temperature dependence of parabolic rate constant for oxygen uptake of 44 (left) and 55
(right) alloys in several low-pO2 and air environments.

relationship kp = ko exp[-Q/(RT)], where kg is a preexponential term, Q is the activation energy for
the oxidation process, R is a gas constant, and T is absolute temperature. The values for kg and
Q, calculated from the best fit of the experimental data at various oxygen pressures, are also listed
in Tables 1 and 2. The results show that the activation energy for the oxidation process is fairly
constant at oxygen pressures in the range 1076 to 10-1 torr. The activation energy calculated from
data in the air tests was significantly lower, and in pure oxygen-tests (at 760 torr) was substantially
higher than the values obtained at low-pO»> conditions. it is not clear at present whether the type
of scale (predominantly VoOs) that forms in air and in pure O» is the cause for this difference.

Table 3 lists the XRD data obtained on several specimens exposed to various oxygen pressures.
The oxide VO»> was the predominant phase that formed in both alloys when exposed to oxygen
pressures in the range 106 to 10°7 torr. VoOs was the primary phase in specimens exposed to air
- and to pure oxygen at 760 torr. Detailed microstructural evaluation of the specimens, especially
those exposed to low-pO2 environments, is in progress to characterize the role of pO2 variation

on the morphology of the scales and substrate penetration of oxygen.
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Table 3. Phases identified® in V-4Cr-4Ti and V-5Cr-5Ti alloys by X-ray diffraction® analysis

Oxygen Temperatur Phases identified in alloy
pressure e
(Torr) (°C) V-4Cr-4Ti V-5Cr-5Ti
5x 100 500 : VO2, TiV401g VO2, VoO4q
700 V02, V1803, CrVoOg V2035, V509, V1603
5X 104 600 V02, V204, CIVO4 VOo, V204, CrVO4
700 VOpo, V204, CrVOyq © VO2, V204, CrV0O4
0.1 600 . VO2,V204 VOo, V204, CrVO4
, 700 V02, V204, CrVO4 v VO», V204, CrVO4g
760 375 V205, V203, V307 V205, VO2, VoO4g
600 V20s5, V2Tig0Og, VO2 V205, VO2

@Phases identified in all samples oxidized in air (pO2 = 160 torr) were primarily V2Os.
bX-ray diffraction unit was run at 1 degree/min.

[2] K. Natesan and W. K. Soppet, “Effect of Oxygen and Oxidation on Tensile Properties of V-
5Cr-5Ti Alloy,” J. Nucl. Mater., 233-237 (1996) 482-487.

[8] K. Natesan and M. Uz, “Oxidation Kinetics and Microstructure of V-(4-5) wt.%Cr-(4-5) wt.%Ti
Alloys Exposed to Air at 300-650°C,” Fusion Reactor Materials Semiannual Progress Report
for Period Ending June 30, 1996, DOE/ER-0313/20, p. 105, Oct. 1996.

[4]. M. Uz, K. Natesan, and V. B. Hang, J. Nucl. Mater. 245 (1997) 191-200.
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MICROSTRUCTURAL CHARACTERIZATION OF EXTERNAL AND INTERNAL OXIDE
PRODUCTS ON V-4Cr-4Ti -- B. A. Pint, P. M. Rice, L.D. Chitwood, J. H. DeVan and
J. R. DiStefano (Oazk Ridge National Laboratory)

OBJECTIVE

The objective of this task is to assess the reaction product and microstructural changes in V-4Cr-
4Ti after exposure to 1atm air and low oxygen pressures (10-6Torr) at 500°C. In both cases, trans-
mission electron microscopy (TEM) is required to observe the fine structure of the oxide scale and
grain boundaries of the internally-oxidized vanadium alloys.

SUMMARY

Air oxidation of V-4Cr-4Ti at 500°C at 1atm resulted in the formation of a thin (100-150nm) exter-
nal vanadium nitride layer which was identified beneath a thicker (1.5um) vanadium oxide scale.
This nitride layer would only be detected by high-resolution, analytical electron microscopy tech-
niques. Subsequent tests comparing room temperature tensile properties for exposure in labora-
tory air, dry air and dry oxygen at 1atm showed more embrittlement in air than in O,. Internal oxi-
dation of coarse-grained V-4Cr-4Ti at low oxygen pressures at 500°C was followed by TEM exam-
ination. In a sample with a 1400ppmw O addition, which is sufficient to reduce the ductility to near
zero, there appeared to be an oxygen denuded zone (150-250nm) near the grain boundaries with
precipitates at the grain boundaries and uniform ultra-fine (<5nm) oxygen particies in the matrix.
In a similar O-loaded specimen that was subsequently annealed for 4h at 950°C to restore ductil-
ity, large oxide particles were observed in the matrix and at the grain boundaries.

PROGRESS AND STATUS

Experimental Procedure

All of the experiments were conducted on V-4Cr-4Ti. Exposures at 1atm were conducted in a tube .
furnace at 500°C using both coupons and tensile specimens annealed at 1050°C. Experiments
were conducted in both laboratory air (tube open) or in dry air or dry oxygen using endcaps on the
tube and bottled gas. After exposure, samples were analyzed using scanning electron microscopy
(SEM), glancing angle x-ray diffraction (GAXRD) and TEM equipped with an energy dispersive x-
ray diffractometer (EDX) and an electron energy loss spectrometer (EELS).

Low pressure exposures were conducted in an ultra high vacuum system with a leak valve to
achieve an oxygen partial pressure of 10-6Torr. Prior to exposure the samples were annealed at
1200°C to produce a relatively large grain size. The coupons were exposed for 48h at 500°C and
then annealed for 100h at 600°C to homogenize the oxygen distribution. Oxygen content was
determined by weighing the samples before and after exposure. Half of the samples were then
annealed for 4h at 950°C, which has been shown t0 restore room temperature ductility to O-
loaded vanadium1.

TEM samples were prepared in parallel (using electropolishing) near the center of the specimen
and in section by a combination of mechanical thinning and precision ion milling.
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Results and Discussion

Using SEM, the oxide on V-4Cr-4Ti after 200h at 500°C was observed to have blade-like
grains and to be 3-4um thick. GAXRD identified VoOg, V5043, and V4Og but no nitrides or Cr- or
Ti-rich phases. Using cross-sectional TEM/EELS, four regions were identified in the reaction layer
(Figure 1) with grain size, d:

(A) 0-150nm from metal; no visible crystal structure d<5nm VN, layer
(B) 150-450nm from metal; very fine grains d=10-15nm VO,
(C) 450-1um from metal; small grains d=50nm VOy
(D) >1um from metal; large, faulted grains d=250-1000nm VO,

The inner layer (Figure 2) was analyzed by EELS in order to determine the presence of nitrogen
and the absence of any Ti enrichment (Figure 3). Some particles were observed at the metal-
oxide interface but also were not enriched in Ti. No segregation was observed at oxide grain
boundaries. There was a slight reduction in the O/V ratio towards the gas interface which may
reflect the different oxides observed by GAXRD. Previous work had suggested a titanium nitride
layer formed during air oxidation2. The vanadium nitride layer observed in the present work is too
thin to be detected by conventional microprobe, SEM/EDX analysis or GAXRD.

metal
Figure 1. TEM bright field image of the external scale formed on V-4Cr-4Ti after 200h at 500°C.
Four distinct layers are identified with increasing grain size. Layer A is rich in nitrogen while the
others are vanadium oxide.
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Figure 2. TEM bright field image of the external scale formed on V-4Cr-4Ti after 200h at 500°C.
The line denotes where the EELS profile in Figure 3 was performed across the metal-scale

interface.
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Figure 3. TEM/EELS profile along the line marked in Figure 2. The layer is clearly enriched in N
but not in Ti, indicating a VN, layer. Regions A and B correspond to the layers indicated in Figure
1.
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In order to explore any possible role of this nitride layer in affecting diffusion through the external
scale or changing the mechanical properties of the underlying alloy, coupons and tensile speci-
mens were exposed in flowing dry oxygen, dry air and laboratory air. In general, there was fittle
difference between the rate of weight gain in air and oxygen indicating that the nitride layer was
neither accelerating or decelerating the rate of corrosion. Relative to changes in mechanical prop-
erties, there was slightly more embrittlement in laboratory air than in dry O, (Table ). Results for
dry air were in between, possibly indicating a slight effect of water vapor on embrittlement.

Table I. Mechanical properties results comparing samples exposed at 500°C in 1atm of laborato-
ry air and oxygen. The laboratory air exposure appeared to embrittle the alloy more than a com-
parable exposure in dry oxygen. The dry air exposure had an intermediate effect.

Dry Oxygen Laborétory Air Dry Air

Yield Elong- Yield Elong- Yield Elong-
Oxidation Strength ation Strength ation Strength ation
Time: (MPa) (%) (MPa) (%) (MPa) (%)
50h 338,356 17.8,20.3 405, 405 14.2, 144 355,371 - 17.7,18.2
200h 355,376 114,120 386,413 7.2,7.7 383,395 8.395

Characterization of the vanadium alloy after exposure to a low oxygen partial pressure at 500°C
(1434ppmw O addition) revealed a uniform matrix microstructure with ultra fine oxide precipitates,
Figure 4. At every grain boundary there was a 100-200nm denuded zone adjacent to the bound-
ary and precipitates along the boundary. Chemical analysis has not yet been performed on these
precipitates.

After a similar oxygen addition at 10-6Torr and 500°C (1160ppmw O) followed by annealing for 4h
at 950°C, the microstructure was remarkably different (Figure 5). Large TiO, precipitates were
observed in the matrix and on the boundaries. The platelets followed established crytallographic
patterns in the vanadium alloy. The denuded zone appeared to be retained adjacent to the grain
boundaries indicating that the fine precipitates prior to annealing at 950°C grew significantly. The
950°C anneal improves the room temperature alloy ductility from near 0% to 15-20%. Without the
anneal, the fracture is predominantly intergranular. Since grain boundary precipitates are
observed before and after annealing, their presence does not appear to affect ductility. The
denuded zone adjacent to the boundaries has been proposed io be an important factor in the
failure® and future work will focus on characterizing the composition of this region.
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Figure 4. TEM bright field image of V-4Cr-4Ti after the addition of 1434ppmw O at 500°C and
annealing for 100h at 600°C. Fine oxide precipitates are observed in the malrix and larger pre-
cipitates al the grain boundary which is surrounded by a precipitate denuded zone.

Figure 5. TEM bright field image of a similarly exposed alloy as in Figure 4 (1160ppmw O) but
including a 4h at 950°C anneal. In this case, large oxide precipitates are observed.
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DEVELOPMENT OF ELECTRICALLY INSULATING CaOCOATINGS"
K. Natesan, C. B. Reed, M. Uz, and D. L. Rink (Argonne National Laboratory)

OBJECTIVE

The objectives of this task are to (a) develop electrically insulating coatings with emphasis on basic
understanding of the thermodynamic conditions and kinetics of coating development in lithium-
calcium mixtures to achieve stable in-situ coatings of CaO in an Li/Li-Ca environment; (b) perform
detailed postexposure analysis of the surface layers using several electron-optical techniques to
characterize the elemental and phase compositions, quantify stratification in the layers, and
establish the role of compositional changes on the coating defect and microstrucure; (¢} measure
the electrical resistance of the coatings, initially external to Li and eventually in situ in an Li
environment; and (d) establish optimal procedures from the standpoint of sample preparation, Li
chemistry, exposure time and temperature, and sequence of operations to obtain reliable and
reproducible coatings with adequate electrical resistance for use in an Li environment.

SUMMARY

A systematic study has been initiated to develop electricaily insulating CaO coatings by vapor
phase transport and by in-situ formation in a liquid Li environment. Several experiments were
conducted in vapor transport studies with variations in process temperature, time, specimen
location, specimen surface preparation, and pretreatment. Several of the coatings obtained by this
method exhibited Ca concentration in the range of 60-95 wt.% on the surface. However, coating
thickness has not been very uniform among several samples exposed in the same run or even
within the same sample. The coatings developed in these early tests degraded after 24 h
exposure to Li at 500°C. Additional experiments are underway to develop better-adhering and
more dense coatings by this method.

A program to develop in-situ CaQ coatings in Li has been initiated, and the first set of capsule tests
at 800°C in three different Li-Ca mixtures will be completed in early July. Specimens included in
the run are bare V-4Cr-4Ti alloy, specimens with a grit-blasted surface and O-precharged in
99.999% A, polished specimens precharged in a 99.999% Ar and 5000 ppm O»-N2 mixture, and
prealuminized V-5Cr-5Ti alloy preoxidized in a 5000 ppm Oo-No mixture. Additional experiments at

lower temperatures are planned.

BACKGROUND

The primary mechanism of CaO coating formation involves reactions of oxygen from the V alloy with
Ca dissolved in the Li. Several variables in this reaction include temperature, time, O concentration
in V alloy, and Ca concentration in Li. Scoping tests were conducted by exposing small coupons
of V alloys at several temperatures to Li containing various concentrations of Ca(2-50 at %).
Generally, increasing the O concentration in the surface regions of V by exposure to low-pressure
02 environments before exposure to the Li-Ca alloy produced thicker oxide reaction products, but
the results were not conclusive. A range of conditions (temperature, oxygen pressure during
preexposure, and time) were investigated to determine which provided the best coating
characteristics. In the initial investigations, CaO coatings were obtained by reacting V alloy

coupons in Li-Ca in small capsules (<100 cm3) at temperatures of 400-800°C. CaO coatings =10
mm thick were successfully formed on V alloys; however, microcracks were observed at room
temperature but spallation of the coating was not observed.

Additional tests were conducted to evaluate the effects of thermal cycling/thermal shock
resistance of these coatings. Results obtained by thermally cycling the Li-Ca vessel indicated that
the ceramic resistivity behavior (increase in resistivity with a decrease in temperature) initially
observed was followed by a sharp decrease in resistivity. This decrease was attributed to cracking
of the coating. An increase in temperature was followed by an increase in resistance, with a
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possibility of self-healing of the cracks. These types of tests were duplicated with similar resuits.

Significant resistances (R x A > 1000 Q.cmz) were obtained from these “self-healing”
experiments; however, the resistance values were typically much lower than the initial high
resistance values.

Results obtained in these experiments were considered sufficiently encouraging to initiate tests
on a larger scale, i.e., a static test vessel containing =3 L of Li-Ca alloy. These tests were
conducted with rod-type (pencil) specimens with rounded ends in an attempt to minimize
adherence of residual liquid metal to the end of the specimens and possible cracking at sharp
corners. V-alloy specimens exposed to Li-Ca at temperatures of 400-500°C exhibited a modest
increase in resistance with time, indicating formation of a very thin insulating coating.

A range of coating parameters (exposure temperatures and times, Ca content in Li, and pre-
oxidation) were investigated. These tests were conducted primarily with only a few percent Ca in
Li; however, the general procedure remained the same; viz., oxygenation of the V alloy surface,
exposure of the specimen to the Li-Ca alloy, gas-phase oxidation of the Ca coating in most cases,
and subsequent compatibility or resistance testing in the Li (usually in Li with low Ca content to
ensure self-healing). These tests generally were less successful than the previous tests, typically
exhibiting thinner coatings and much lower resistance values from in-situ measurements.
Resistance measurements by probes indicated high resistance over most of the surface at room
temperature, whereas many specimens exhibited very low resistance immediately upon insertion
into the liquid. In several cases, relatively high resistance was observed initially, but upon
exposure to Li-Ca, electrical shorting (low resistance) occurred after <1 hr exposure.

An important result obtained in the analysis of the coatings involved the composition, in particular

the amount of V in the insulator coating. High resistivity was observed at Ca/V ratios above 4,

whereas significantly lower resistivities were obtained when V concentration in the coatings
significantly exceeded 20% of the total cation concentration.

In general, the CaO coatings developed on pencil samples exhibited several microscopic and
macroscopic defects upon reexposure to Li, and in-situ resistance measurements of these
specimens showed significant decreases to values corresponding to those of uncoated
specimens within a few minutes of exposure. Several specimens were examined for defects by
masking different regions of specimens with Ga; resistance measurements were conducted on the
masked specimens. The results showed high resistance at several locations, indicating that the
specimens develop some type of layer with high resistance but that this layer is neither uniform nor
defect-free.

Several of these specimens were also examined by scanning electron microscopy (SEM) and
energy dispersive X-ray (EDX) techniques, both radially at a given elevation of the specimen and
axially at various elevations. Resuits indicated that the innermost region, adjacent to the V alloy,
consisted of V, Ca, and O (and probably Li, which was removed during the alcohol wash). Away
from this region and toward the Li side of the interface, the specimens exhibited a higher Ca
content and lower V content than in the interior. It is possible that this layer consisted of Li, Ca, and
O. Based on the results for the microstructures and elemental compositions of several of the
pencil specimens, we concluded that the specimens develop layers that contain Ca and have high
resistance at several locations within a specimen. Such a layer does not consist of CaO alone, but
displays a gradation in composition with high V/low Ca at the specimen surface and high Ca/low V
at the Li side of the interface. We was also concluded that the thickness of the coating is an
important variable and that initially a high-V layer develops over which a high-Ca layer (which imparts
high resistance) develops. It appears that coating thicknesses in excess of 5 um may be needed
to obtain high resistance values and to ensure adequate coverage in all areas.

In addition to evaluating the coatings developed on the pencil specimens, several coupon
specimens of V alloy were were exposed to the same procedure as the pencil specimens, except
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that the Ca-deposited specimens were oxidized at 550 or 625°C. The surface layers on these
specimens (without cleaning treatment in alcoho! and water) were examined by SEM/EDX and X-
ray diffraction (XRD). The results showed that at both temperatures, the outer layer consisted of
LioO, CaO0, and LigV0Og4, and the inner layer contained CaO and Li3VO4. Only trace amounts of
Li2O and V409 were detected in the inner layer. SEM analysis of the specimen oxidized at 550°C
indicated isolated patches of Ca-rich oxide and V-rich oxide in the innerlayer. Similar analysis of the
specimen oxidized at 625°C indicated predominantly a single phase consistingof Ca, V, and O. Of
course, some Li might have been present in these regions (since Li could not be detected by
EDX) but the amount should be small, based on the XRD results for the inner layers. The results
indicate that oxidation at temperatures <550°C may be beneficial in developing Ca-rich oxides.

Several experimental and procedural variables can have a significant effect on the chemical and
mechanical integrity of the coating. The key experimental variables are oxygen precharging time,
temperature, and oxygen content of the gas phase; time, temperature, composition and
concentration of impurities (e.g., H and N) in the Li-Ca mixture used for exposure of oxygen-
precharged specimens; and time, temperature, and oxygen content of the gas phase for oxidation
of the Ca-rich surface layer. In addition, the procedural variables inciude removal of Li after
exposure to the Li-Ca mixture and before oxidation, method of Li removal (such as alcohol
dissolution, vacuum distillation, efc.), time allowed to drip-clean a sample of Li by allowing the
sample to remain in the cover-gas environment above the liquid Li, and removal of residual Li/Li2O
from the sample after Ca oxidation.

EXPERIMENTAL PROGRAM

In an attempt to gain further fundamental understanding, experiments were conducted to develop
Ca-rich coatings by using the pack diffusion process. The experiments involved exposure of
specimens of V alloy to a pack of fine pellets of Ca at temperatures of 700-800°C. The specimens
were either completely enclosed within the pack or were hung above the pack material in a static Ar
environment. The vapor pressure of Ca at 700-800°C is sufficient’to deposit a layer of Ca on the
specimens. Several geometrical arrangements were examined to obtain a uniform coating of Ca on
the specimens, which were typically coupons measuring 5 to 10 x 5 x 1 mm. The alloys included V-
4Cr-4Ti and V-5Cr-5Ti with and without prealuminization. in addition, specimens with various
surface roughnesses (polished, grit-blasted, etc.) were included in the evaluation. Deposition of
Mg at =600°C was also attempted.

The present work on in-situ development of insulator coatings emphasizes a basic understanding
of the thermodynamic conditions and kinetics of coating development in Li-Ca mixtures o achieve
stable coatings of CaO in-situ in a Li/Li-Ca environment. The effort will concentrate on detailed
postexposure analysis of the surface layers by using several electron-optical techniques to
characterize the elemental and phase compositions, quantify stratification in the layers, and
establish the role of compositional changes on coating defects, microstructure, and resistance.
Among the key variables that influence coating formation and its chemical and mechanical integrity
are test temperature, test time, Li chemistry (including Ca content and trace element
concentrations), and alloy chemistry and specimen surface preparation. To ensure flexibility in
adjusting the Li-Ca chemistry in these experiments, capsules containing =50-60 mL of Li-Ca
mixture are used for specimen exposure. The capsules are made of Type 300 series stainless
steel with a retractable 0.25-mm-thick liner of V-alloy to avoid Li contact with the steel. The
materials to be evaluated include V-4Cr-4Ti in bare and prealuminized conditions with various
surface treatments in terms of roughness and precharging of in surface regions with oxygen.

Initially, four exposure temperatures of 800, 700, 600, and 500°C are used for exposure of
samples in the Li-Ca mixture. Ca contents of the mixture are10-20 wt.% and exposure time will be
=100 h. At Ca contents >30 wt.%, the Calio phase is expected 1o deposit as the specimens are
cooled, while at a Ca content of 10 wt.%, p-Ca and o-Ca deposits are expected. A furnace has
been set up to accommodate at least five capsules simultaneously at a given temperature. The
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capsules undergo rocking action to enable mixing of the Ca-Li mixture at elevated temperature.
Upon exposure, the capsules will be inverted at temperature to drain the specimens of Li and will
then be cooled to room temperature. Subsequently, the capsules will be cut open, the sample
holder will be retrieved, and the specimens (without removing the Li}) will undergo postexposure
examination. Both XRD and SEM with EDX will be the primary modes for analyzing the specimens.
After the specimens are examined, they will be oxidized in either air or 99.999% Ar to oxidize the
Ca into CaO. The specimens will be reexamined after oxidation to determine the thickness,
composition, and morphology of the oxide layer, and its adhesion characteristics with the
substrate at room temperature. The results will be correlated with the metallurgical and chemical
structures of the coatings and the lithium exposure conditions. These initial capsule experiments
will establish the roles of several key variables on coating development.

RESULTS AND DISCUSSION
Coating by Vapor Phase Transport

Figure 1 shows typical photomicrographs of the surface of a Ca-deposited V-4Cr-4Ti specimen and
of the surface and cross section of the specimen after oxidation. The layer in the cross-section
photograph is =8-10 um thick. EDX analysis of the specimen showed a gradation in composition,
with more V in the alloy side of the scale and more Ca in the outer region of the scale. The Ca
content range was 0-70 wt.% as a function of depth.

In all, 12 runs were conducted for deposition of Ca or Ca/Mg on V alloys. After deposition, the
specimens were oxidized in air at 600°C to convert the deposited metals into their respective
oxides. The specimens exhibited insulating characteristics after this oxidation step. Detailed XRD
studies on these specimens showed good correlation between high resistance values (at room
temperature) and high Ca/Mg concentration in oxide form. Ca concentrations in the range of 60-80
wt.% were obtained in several specimens. However, coating thicknesses in a given specimen or
between different specimens were not uniform; in some specimens, coating spallation was noted.
Several promising coated specimens were exposed to high-purity Li at 500°C for 24-48 h to
examine coating integrity. In some cases, Li-exposed specimens exhibited high resistance but
only in isolated locations, indicating that the coating deteriorated during Li exposure. XRD analysis
of the Li-exposed specimens showed some indication that locations with high Ca content had high
resistance at room temperature. The results also showed that Ca and/or Mg deposition via vapor
phase transport is possible but that the thickness of the coating and adhesive bonding of the
coating with the substrate produced by this method may need further improvement. Additional
experiments with several procedural modifications are currently in progress.

In-Situ Coating Development

Figure 2 shows the specimen assembly used in the capsule experiments in Li. The first capsule
experiment at 800°C has been initiated. Three Li-Ca mixtures with Ca contents of 39, 59, and 85
wt.% were used in this run. Specimens included in the run are bare V-4Cr-4Ti alloy, a specimen
with a grit-blasted surface and O-precharged in 99.999% Ar, polished specimens precharged in
99.999% Ar and 5000 ppm Oo-No mixture, and a prealuminized V-5Cr-5Ti alloy preoxidized in
5000 ppm O2-Np mixture. The first run is expected to be completed in early July.
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Fig.1. SEM photomicrographs of surface of V-4Cr-4Ti alloy after Ca deposition (top left), after
oxidation of Ca deposited specimen (top right), and cross section of oxidized specimen (bottom).

Fig. 2. Macrophotograph of specimen assembly
used for in-situ coating development in liquid Li.




87

LASER-WELDED V-Cr-Ti ALLOYS: MICROSTRUCTURAL AND MECHANICAL PROPERTIES”
K. Natesan, D. L. Smith, Z. Xu, and K. H. Leong (Argonne National Laboratory)

OBJECTIVE

The objectives of this task are to (a) determine the optimal parameters for laser beam welding of
sheets of V-Cr-Ti alloys; (b) examine the microstructural characteristics of welded sections,
including base metal, heat-affected-region, and core of weid; (c) evaluate the influence of different
postwelding heat treatments on microstructural characteristics; and (d) evaluate the mechanical
properties, such as tensile and impact, of laser-welded materials.

SUMMARY

A systematic study has been in progress at Argonne National Laboratory o examine the use of
YaG or COp lasers to weld sheet materials of V-Cr-Ti alloys and to characterize the microstructural
and mechanical properties of the laser-welded materials. In addition, several postwelding heat
treatments are being applied to the welded samples to evaluate their benefits, if any, to the
structure and properties of the weldments. Hardness measurements are made across the welded
regions of different samples to evaluate differences in the characteristics of various weldments.
Several weldments were used to fabricate specimens for four-point bend tests. Several additional
weldments were made with a YaG laser; here, the emphasis was on determining the optimal weld
parameters to achieve deep penetration in the welds. A preliminary assessment was then made of
the weldments on the basis of microstructure, hardness profiles, and defects.

EXPERIMENTAL PROGRAM

-The heat of vanadium alloy selected for the study had a nominal composition of V-4 wt.%Cr-4
wt.%Ti (designated as BL-71). A 4-mm-thick sheet of the alloy was used for the welding study.
Earlier microstructural and hardness results were reported on several different welds made under
the same welding conditions but subsequently given different postwelding heat treatments [1].
Several of these weldments were fabricated into four-point bend specimens with a cross section of
3.3 mm and a shallow notch in the base-metal side of the welded specimen. Testing of these
specimens at several temperatures (such as that of liquid N2, -100°C, -40°C, and room
temperature) is in progress. During this period, welding of an additional 4-mm-thick plate was

" continued with a YaG laser in a pulsed mode. The purpose of this study is to increase the weld

“penetration from =1.2 mm in earlier welded samples to as deep as 3 mm or more. Welding
parameters such as power, traverse speed, pulse time, overlap, etc., are being examined to obtain
optimal quality in the final weld. Samples are being cut from different welds, and detailed
microstructural analysis and hardness measurements are being conducted.

RESULTS AND DISCUSSION

In the last report, we presented microstructural and hardness data on laser-welded V-4Cr-4Ti alloy.
The welds in that study were made with a YaG laser in a continuous mode of operation and with an
spatial overlap of 90-95%. Weld depth in those specimens was =1.2 mm and the hardness profiles
showed a substantial increase (from an initial Vickers hardness value of 170-180, upto 240-280) in
the center of the weid; this value stayed high across almost the entire weld zone. The eatiier effort
directed at developing an acceptable postwelding heat treatment showed that five passes of
diffused laser beam over the welded region softened the weld material, especially in the root
region of the weld. Several of these post-welded materials have been used to fabricate four-point
bend specimens and testing of these specimens, at room temperature has begun.

During this period, YaG laser welding of additional 4-mm-thick plate was continued in the pulsed
mode. The purpose of this study is to increase the weld penetration from =1.2 mm in earlier-
welded samples to as deep as 3 mm or more. In the pulsed mode, the energy of the laser beam
was increased to values of 4.5-5.5 J/ms; pulse width was maintained at 3 ms. Further, workpiece
traverse speed was varied between 10 and 40 mm/s.



Fig. 1. Scanning electron photomicrograph of Fig. 2. Scanning electron photomicrograph of
weldment A. weldment 5.

Fig. 3. Scanning electron photomicrograph of weldments 3 (left) and D (right).

Four different welds (identified as A, B, C, and D) were made with laser energy in the range of 5.2-
5.5 J/ms. The work piece traversed at 30, 20, 25, and 25 mm/s for welds A, B, C, and D,
respectively. Penetration depths in the four welds were 1.80, 2.46, 2.23, and 2.23 mm,
respectively. Weld A, with a shallower penetration, exhibited almost no porosity, and no undue
material transfer to the weld surface was noted. Figure 1 shows a low-magnification
photomicrograph of weld A. Welds B, C, and D, with somewhat deeper penetration, exhibited root
porosity in the weld as shown in Figure 2 for weld D, which is typicai of the others. The cause of
this root porosity and the adjustments to welding parameters in order to eliminate this defect are
under investigation.

Six different welds (identified as 1, 2, 3, 4, 5, and 6) were made with laser energy of 4.2 J/ms; pulse
width was maintained at 3 ms. The workpiece traverse speed was maintained at 40 mm/s for welds
1, 2, and 3, while for welds 4, 5, and & it was 30 mm/s. Depths of penetration in the six welds were
1,26, 1.37, 1.26, 1.65, 1.78, and 1.59 mm, respectively. Examination of the weld cross sections
showed that 4, 5, and 6 had almost no macroporosity, but 1, 2, and 3 exhibited significant root
porosity. Figure 3 shows low-magnification photomicrographs of weld 3 (typical of 1, 2, and 3) and
weld 5 (typical of 4, 5, and 6). Two conclusions can be drawn from this study. First, {o increase the
depth of penetration of the weld, the laser energy must be higher; it is evident that the higher
energy used for welds A-D resulted in deeper penetration than the lower power used for welds 1-
6. Second, the traverse speed of the workpiece seems to have an effect (which may not display a
1:1 correlation) on development of root porosity in the welds. For example, welds 1-3 (made with a
traverse speed of 40 mm/s) showed defects, while welds 4-6 (with a traverse speed of 30 mm/s)
exhibited no defects. On the other hand, weld A (made with a laser energy of 5.2 J/ms and
traverse speed of 30 mm/s) was defect-free, while welds B and C, (made with the same laser
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energy and traverse speeds of 20 and 25 mm/s) exhibited defects.

In all the welds (1-6 and A-D) made in the present batch, variation in grain size from the root of the
weld to the free-surface region was lower than that observed in welds reported earlier [1]. Also, in
the earlier welds, the grains near the top of the weld were columnar, which is dictated by rate of
cooling and solidification, but such a structure was confined to only the center region in the
present welds. Further, the weld cross section shows definite contours evenly spaced in the root
region, similar to those observed in earlier welds. The dark- and light-shaded grains in the weld are
due to differences in grain orientation, and virtually no compositional variations were observed
between these grains.

Vickers hardness measurements were made on defectless weldments in the surface-to-root
direction and from the centerline of the weld toward the base metal at half-width of the weld.
Measurements were on welds A, 4, 5, and 6. Figure 4 shows the hardness profiles for these welds
in the two directions. The results indicate that in three of the four (specimens A, 4, and 6)
weldments, the hardness value gradually decreases from =200-210 in the centerline of the weld to
=160 in the base metal over a distance of 0.4-0.5 mm from the weld centerline. In these three
weldments, hardness was fairly constant in the range of 200-210 from the surface-to-root direction,
after which a sharp drop in hardness is noted. Weldment 5 exhibited unusually high hardness in
both directions, the cause for which is not known at present. The resulis also indicate that
substantial additional work is needed to evaluate the role of different weld parameters on the
structure and property of the laser weldments.
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THERMOPHYSICAL AND MECHANICAL PROPERTIES OF SiC/SiC
COMPOSITES — S. J. Zinkle and L. L. Snead (Oak Ridge National Laboratory) '

OBJECTIVE

The objective of this report is to summarize the thermophysical and mechanical properties of
SiC/SiC composites in order to provide a reference design basis for the Advanced Power
EXtraction (APEX) project.

SUMMARY

The key thermophysical and mechanical properties for SiC/SiC composites are summarized,
including temperature-dependent tensile properties, elastic constants, thermal conductivity,
thermal expansion, and specific heat. The effects of neutron irradiation on the thermal
conductivity and dimensional stability (volumetric swelling, creep) of SiC is discussed. The
estimated lower and upper temperatures limits for structural applications in high power density
fusion applications are 400 and 1000°C due to thermal conductivity degradation and void swelling
considerations, respectively. Further data are needed {o more accurately determine these
estimated temperature limits.

PROGRESS AND STATUS
Introduction

In order to provide a reference design basis for the Advanced Power EXtraction (APEX) project,
published data on the thermophysical and mechanical propetties of SiC/SiC composites have
been compiled. Property data for SiC/SiC composites are not contained in conventional fusion
materials data bases such as the ITER Materials Properties Handbook (IMPH). The IMPH should
be used as the reference point for design calculations if the full property database is included in a
future version of the Handbook. Several recent publications have reviewed many of the general
considerations associated with fusion engineering designs that incorporate SiC/SiC composites,
and can be consulted for additional information [1-6].

The engineering database for SiC/SiC composites is very limited, since large quantities of high-
quality fibers such as Hi-Nicalon type S (produced by Nippon Carbon) have not been available up
to the present time. Much of the published data has been generated on composites fabricated
with lower-quality fibers such as ceramic grade Nicalon (cg-Nicalon). Table 1 compares some
properties of several commercial SiC-based fibers and bulk SiC. The chemical composition,
density, elastic constants, thermal conductivity, and neutron radiation resistance of cg-Nicalon
(which contains 11.7 wt.% O and has a C/Si atomic ratio of 1.31) [7] is considerably different from
that of bulk crystalline SiC which is present in the matrix. The nonstoichiometric Hi-Nicalon fibers
{containing 0.5 wt.% O and a C/Si atomic ratio of 1.39) [7] are also considerably different from SiC.
Recent fibers such as Hi-Nicalon Type S (0.2 wt.% O and a C/Si atomic ratio of 1.05) [7] and Dow
Sylramic (0.8 wt.% O and a C/Si atomic ratio of 1.0) [8] are expected {o produce improved
composite properties in the unirradiated and irradiated condition compared to cg-Nicalon-and Hi-
Nicalon. '



Table 1. Compatrison of properties of commercial SiC-based fibers and bulk SiC [7-10].

cg- Hi- Hi-Nicalon Dow Bulk SiC
Nicalon Nicalon type S Syiramic

Diameter (um) 14 12-14 12 10 —
Tensile strength (GPa) 2.0-3.0 2.8-3.4 2.6-2.7 2.8-3.4 ~0.1
Elastic modulus (GPa) 170-220 270 420 390-400 460
Density (g/cm”) 2.55 2.74 2.98-3.10 3.0-3.10 3.25
Coefficient of thermal 3.2 3.5 - 5.4 4.0
expansion (10°%/K)
Thermal conductivity at 1.5 4 18 40-45 100-350
20°C (W/m-K)
Oxygen content (wt.%) 11.7 0.5 0.2 0.8 0.0
C/Si atomic ratio 1.31 1.39 1.05 1.0 1.0

Yield and ultimate tensile strength (unirradiated)

Most of the available data on ceramic matrix composites have been generated using flexural bend
strength tests (3- or 4-point bending). Although bend tests are useful for qualitative screening in
order to investigate variations in processing parameters, uniaxial tensile testing is preferred for the
generation of an engineering data base. Ceramic matrix composites are engineered to produce a
moderate amount of fiber pullout during deformation. Extensive fiber pullout produces low
uitimate tensile strengths, whereas limited fiber pullout leads to brittle failure modes similar to
- monolithic ceramics. The optimum tensile toughness generally occurs in ceramic composites with
tensile elongations on the order of ~0.2 to 0.5%. Therefore, the 0.2% “yield" strength, which is
commonly used for tensile testing in metals, is comparable to the composite ultimate tensile
strength. A more appropriate “vield” strength for ceramic matrix composites is the proportional
stress limit (corresponding to the onset of matrix microcracking), although the location of the
proportional limit is subject to relatively large experimental uncertainty.

The ultimate tensile strength of several different grades of SiC/SiC composites containing 40
vol.% fibers (0/90 weave) have been recently measured by tensile testing [2,11]. The UTS
ranged from 200 to 280 MPa at room temperature and from 228 to 254 MPa at 1000°C for two
different types of SiC/SiC composites fabricated with cg-Nicalon fibers. A room temperature UTS
of 217 MPa was measured for a composite fabricated using Hi-Nicalon fibers. The corresponding
proportional stress limits were 55 to 70 MPa for room temperature tests of SiC/SiC composites
fabricated with cg-Nicalon fibers. Tensile data are not yet available for SiC/SiC composites
fabricated with Hi-Nicalon type S or comparable advanced SiC fibers, although composite
strengths comparable to that of present-day SiC/SIC composites are expected from theoretical
considerations. Specifically, the matrix microcracking stress would be expected to be slightly
higher with Hi-Nicalon type S fibers (due to a better match with the elastic modulus of the matrix),
whereas the ultimate tensile strength would be reduced due to the lower fiber strength of
prototype versions of Hi-Nicalon type S (cf. Table 1).

Yield and ultimate strength (irradiated

Neutron irradiation can produce a significant decrease in the flexural strength of SiC/SiC
composites fabricated with cg-Nicalon fibers, due to neutron-induced densification of the fibers
which causes debonding at the matrix/fiber interfaces [5,12]. Strength decreases up to a factor of
two have been observed in some cases. Improved irradiated behavior is predicted for composites
containing SiC-based fibers which have demonstrated better resistance to neutron irradiation,
such as Hi-Nicalon, MER-999, and Dow Corning Sylramic fibers [6,9,13,14]. Experimental studies
on composites fabricated with advanced fibers are need to determine whether there is any
significant degradation of mechanical strength in these materials.
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Elastic _constants

The elastic constants for SiC/SiC composites depend on the details of the fabrication procedure.
Fibers such as cg-Nicalon have elastic constants which are considerably different from crystalline
SiC, and therefore strongly influence the measured elastic constants of the composite. In
addition, matrix porosity (typically ~8 to 10%) also affects the elastic constants of the composite.
The room temperature Young’s moduli of SiC-based fibers range from ~200 GPa for ¢g-Nicalon to
270 GPa for Hi-Nicalon, and 420 GPa and 400 GPa for Hi-Nicalon Type S and Dow Sylramic
[7,8,13]. The corresponding Young’s modulus for bulk crystalline SiC varies from 460 GPa at
room temperature to 435 GPa at 1000°C [15]. Somewhat lower values of 415 GPa (20°C) to 392
GPa (1000°C) have been reported for sintered alpha-SiC [16]. According to measurements
obtained during tensile testing, the Young’s modulus for a given SiC/SiC composite shows a very
slight (5%) increase as the temperature is increased from 20 to 1000°C [11]. The quantitative
values are strongly dependent on the fabrication process, with values for cg-Nicaion fiber-based
composites (40 vol.% fibers) ranging from 141 to 215 GPa at room temperature [11]. The
corresponding Young's modulus for a SiC/SiC composite fabricated with Hi-Nicalon fibers was 270
GPa. Values approaching 400 GPa would be expected for high-quality, low-porosity SiC/SiC
composites fabricated with Sylramic or Hi-Nicalon type S fibers. Matrix microcracking (in
composites subjected to stress above the proportional limit of ~70 MPa) will cause a reduction in
the elastic modulus [17]. The shear modulus for bulk (sintered) alpha-SiC is 179 GPa at room
temperature and 169 GPa at 1000°C [16]. Poisson’s ratio for bulk SiC is ~0.18 between 20 and
1000°C [15,16]. ,

Thermal expansion, specific heat and thermal conductivity

The themophysical properties of SiC/SiC composites (particularly thermal conductivity) are also
dependent on the fabrication procedure. The measured instantaneous coefficient of thermal
expansion {o,) for SiC/SIC composites fabricated with cg-Nicalon fibers (40 vol.% fibers) are 2.5-3
ppm/°C, with no pronounced dependence on temperature between 20 and 1000°C [11,18]. The
lower value refers to through-thickness measurements on 2-D composites, and the higher value
refers to in-plane measurements. The bulk SiC value is 2.2 ppm/°C at room temperature and 5.0
ppm/°C at 1000°C, with an average value between 20 and 1000°C of 4.0 ppm/°C [15,18]. The
specific heat at constant pressure (Cy) varies from 620-640 J/kg-K at 20°C to 1200-1250 J/kg-K at
1000°C for both monolithic SiC and SiC/SiC composites, where the higher values refer to bulk SiC
[2,11,15,16,19]. The most rapid changes in the specific heat occur at temperatures below 200°C,
which corresponds to about one-half of the Debye temperature for SiC {(~800 K). The specific
heat for bulk SiC is 1134 J/kg-K at 500°C and 1189 J/kg-K at 700°C [15,19]. A slightly less
pronounced variation in the temperature-dependent specific heat has been recently presented
for sintered alpha-SiC [16]. The source of the specific heat discrepancy between ref. [16] and
refs. [15,19] is uncertain.

The thermal conductivity of SiC/SiC composites is strongly dependent on the processing
conditions, type of fiber, and fiber architecture. The upper limit for thermal conductivity
corresponds to that obtained in single crystal and high-purity CVD SiC, with maximum values of
~320 W/m-K at room temperature and 78 W/m-K at 1000°C (Fig. 1). The thermal conductivity of
most of the currently-available commercial fibers is significantly lower than that of bulk high-purity
SiC, and therefore the fibers typically do not make a large contribution to the conductivity of the
composite. The thermal conductivity of SiC-based fibers at 20-500°C varies from ~1.5 W/m-K for
cg-Nicalon and ~4 W/m-K for Hi-Nicalon to 18 W/m-K for Hi-Nicalon type S {20]. Room
temperature thermal conductivities for recently developed Sylramic and Tyranno-SA fibers are
~40-45 and 64 W/m-K, respectively [8,21]. The in-plane thermal conductivity for a 2-D (0/90) plain
weave SiC/SIC composite fabricated from cg-Nicalon fibers (40 vol.%) and a CVI matrix (10%
porosity) varies from ~19 W/m-K at 20°C to 8 W/m-K at 1000°C [2,11]. The corresponding
through-thickness conductivities are 9 and 3 W/m-K, respectively. The through-thickness thermal
conductivity for a 2-D (0/90) plain weave SiC/SiC composite fabricated from Hi-Nicalon fibers (40
vol.%) and a CV! matrix (10% porosity) is ~15 W/m-K at 20°C [2,11]. SiC/SiC composites with




transverse thermal conductivities of ~75 W/m-K at room temperature and 30-35 W/m-K at 1000°C
have recently been fabricated using CVR and reaction sintering techniques [22,23].

Unlike the case for metals (where the thermal conductivity is dominated by electron transport),
irradiation can cause a significant reduction in the thermal conductivity of SiC/SiC composites.
The degradation is particularly large at low irradiation temperatures, as shown in Fig. 2. An
approach to saturation occurs at low damage levels during low temperature (<300°C) irradiation.
The fluence dependence of the conductivity degradation has not yet been studied at high
temperatures. The limited existing data base indicates the irradiated thermal conductivity at high

“irradiation temperatures (~1000°C) is about 25 to 50% of the unirradiated value for bulk SiC
irradiated to damage levels greater than 20 dpa [5,24]. The largest relative degradation in thermal
conductivity is observed in materials with the highest initial thermal conductivity, i.e., the irradiated
thermal conductivity in bulk tends to approach a similar value irrespective of the unirradiated
thermal conductivity.

The values shown in Fig. 2 represent the upper limit of expected thermal conductivities for
irradiated SiC/SiC composites, since impurities and porosity introduced during fabrication of
composites (as well as fiber-matrix phonon scattering and the lower conductivity of existing fibers
compared to bulk SiC) would cause a degradation in the conductivity of SiC/SiC composites
compared to monolithic SiC. Due to the poor radiation stability of ¢g-Nicalon, very low irradiated
thermal conductivity data are obtained in composites fabricated with this type of fiber [24]. A more
realistic estimate of the irradiated thermal conductivity of composites with advanced (radiation
resistant) fibers is obtained by using data obtained on composites fabricated with SiC whiskers
(SICyw). The thermal conductivity of a SiC/SiC,, composite irradiated to 43 dpa at 1000°C ranged
from ~12.5 W/m-K at 400°C fo ~10 W/m-K at 1000°C [24]. The effects of fusion-relevant helium
generation rates on the thermal conductivity of irradiated SiC has not been investigated.
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Fig. 1. Comparison of the transverse thermal conductivity of monolithic CVD SiC and two grades
of SiC/SiC composites [15,23].
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Fig. 2. Effect of neutron irradiation on the thermal conductivity of bulk SiC [6,24-26]. The studies
in refs. [24-26] were performed on samples irradiated to 25-43 dpa, whereas the data by Snead et
al. were obtained on samples irradiated to 0.1 dpa.

Irradiation-induced dimensional changes

A summary of the radiation-induced swelling in monolithic SiC as a function of irradiation
temperature is shown in Fig. 3 [6,14,26-29]. Three distinct temperature regimes can be
identified. At low temperatures (<150°C), a crystalline to amorphous phase transition is induced at
relatively low doses (0.1-1 dpa). The amorphous phase has a much lower density compared to
the crystalline phase, which results in ~11% swelling [29]. Bulk SiC exhibits moderate swelling
due to neutron irradiation at temperatures between 150 and 900°C. The swelling in this
temperature range is attributable to small point defect clusters, and is commonly referred to as
“point defect swelling”. The swelling decreases with increasing irradiation temperature, and
reaches an apparent saturation level after relatively low doses. For example, the swelling
observed at 500°C after 25 dpa [26] lies within the data scatter band obtained for ~1 dpa
irradiations. At high irradiation temperatures, void swelling occurs in SiC. The minimum
temperature for significant void swelling in SiC is somewhat uncertain. Early work by Price {28]
indicated that significant void swelling did not occur for irradiation temperatures below ~1100°C.
However, two recent studies have observed high volumetric swelling in SiC irradiated at ~1000°C
[6,14]. Further work is needed to determine the minimum temperature for void swelling in SiC.
The effects of fusion-relevant helium generation on the dimensional stability of SiC has not been
adequately studied.

One important consequence of the large chemical differences between currently available SiC-
based fibers and pure SiC (Table 1) is that the fibers and stoichiometric SiC matrix in the
composite will respond differently to irradiation. Figure 4 shows the effect of neutron irradiation
on the density of SiC and SiC-based fibers at 500-650°C [6,9,26,30]. A moderate amount of
swelling (~1.2%) occurs in pure SiC during irradiation, with an apparent saturation in swelling
observed at doses above ~0.1 displacements per atom (dpa). In contrast, both ceramic grade
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Nicalon and Hi-Nicalon experience significant densification, with the largest densification
observed in the lower-grade cg-Nicalon fibers. The data in Fig. 4 and other studies [9,26,31,32]
indicate that amount of densification in cg-Nicalon increases with increasing irradiation
temperature between 150 and 810°C. The shrinkage of the fibers during irradiation causes
debonding with the matrix, and produces low strength in irradiated composites fabricated using
current grades of SiC-based fibers. The typical decrease in strength observed in irradiated
composites is >20%, depending on the irradiation conditions.[5,6,26] Smaller strength changes
would be expected in irradiated composites containing advanced fibers (due o a better match
with the SiC matrix behavior), but experimental data are not yet available.

Irradiation creep

The magnitude of irradiation creep has not been accurately determined for either monolithic SiC
or SiC/SiC composites. Rough estimates obtained for monolithic SiC suggest that the irradiation
creep constant may be K~10"% (Pa-dpa)’ at 500-1100°C [33], which is lower than the value
observed for some other ceramics [34].
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Fig. 3. Radiation induced swelling in bulk SiC as a function of irradiation temperature [6,14,26-
29].
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Fig. 4. Comparison of the effect of low-dose neutron irradiation at 500-650°C on the densﬁy of
SiC and SiC-based fibers [6,9,26,30].

Recommended reference operating temperature limits

The minimum operating temperature limit will be determined by either the crystaliine to amorphous
transition temperature (~120°C for fusion reactor damage rates) [29], or else radiation-induced
degradation in the thermal conductivity. The thermal conductivity degradation is very severe even
at low doses for low temperature (<300°C) irradiations (cf. Fig. 2). The thermal conductivity
degradation becomes less pronounced with increasing irradiation temperature up to ~1000°C,
due to a decrease in the saturation concentration of point defect clusters. Additional
experimental data at temperatures between 400 and 1000°C are needed to quantify the thermal
conductivity degradation-as a function of dose and temperature. The maximum temperature limit
will likely be determined by void swelling considerations, although there are not sufficient data at
elevated temperatures (900-1400°C) to make a clear determination. The tentative reference
minimum and maximum operating temperature limits for the purposes of the APEX design study
are 400°C (due to thermal conductivity degradation concerns) and 1000°C (due to void swelling
concerns).
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A REVIEW OF JOINING TECHNIQUES FOR SIC//SiC COMPOSITES FOR FIRST WALL
APPLICATIONS - C.A. Lewinsohn and R.H. Jones (Pacific Northwest National Laboratory)*

OBJECTIVE

The objective of this work is to review the methods currently available for joining silicon
carbide composites and to critique their suitability for structural applications in fusion energy
systems.

SUMMARY

Many methods for joining monolithic and composite silicon carbide are available. Three
techniques are candidates for use in fusion energy systems: in-situ displacement reactions,
pre-ceramic polymer adhesives, and reaction bonding. None of the methods are currently
developed enough to satisfy all of the criteria required, i.e., low temperature fabrication, high
strength, and radiation stability.

PROGRESS AND STATUS
Introduction

The development of fusion energy systems places many demanding criteria on the materials
to be used in this application. One criterion, is the need for a hermetic material that can
chemically and mechanically withstand high-temperatures and neutron fluxes as the “first-
wall” material. In addition, the radioactivation of the material to be used as the first wall
shouid be below the limits for a safe and environmentally benign lifecycle. A candidate
material for this application is silicon carbide fiber-reinforced, silicon carbide (SiC/SiC).
SiC/SiC composites possess -desirable thermal, mechanical, and nuclear stability. A
limitation of these materials, however, is that they can only be produced in limited sizes and
shapes. Therefore, to fabricate a complete fusion energy system a method of joining
SiC/SiC components, without compromising the properties that are needed, is required. This
report will review the methods currently available for joining monolithic and composite silicon
carbide and critique their suitability for fusion energy system applications.

Since silicon carbide has many desirable properties for use as a “first-wall” in a fusion energy
system, it is undesirable to use a joining technique that would expose another material at the
inner face of the first wall. In addition, to avoid poisoning the plasma the first wall must be
hermetic. Thus, it is highly likely that a means of joining SiC/SiC components to each other is
required. In addition, the first wall material will have to be supported by another structure,
that may be a metal, which means that joining of SiC/SiC to metals must also be considered.

Joining of ceramics to ceramics or to metals is an area that has been investigated for many
years and, because of its complexity, remains an area of extensive research. This review
will cover both ceramic to ceramic and ceramic to metal joining, since both situations may be
found in fusion energy systems, but it will focus on joining of silicon carbide composites to
themselves. From the limited amount of research performed on joining SiC/SiC to itself and
other materials there is no reason to believe that it does not behave any differently from

*Pacific Northwest National Laboratory (PNNL) is operated for the U.S. Department of
Energy by Battelle Memorial Institute under contract DE-AC06-76RLO-1830.




silicon carbide with respect to joining. Silicon carbide has been successfully joined to itself
via direct diffusion bonding, brazing, codensification of green bodies and binders, reactive
metal bonding, pressurized combustion reactions, in-situ displacement reactions, preceramic
polymer adhesives, glassy interlayers, and reaction bonding. The principles of several joining
techniques will be presented, and advantages and disadvantages, relative to other joining
techniques, will be addressed. In addition, the suitability of each technique for fusion energy
systems, according to current design criteria, will be discussed.

Certain additional issues arise due to the use of composite as opposed to monolithic silicon
carbide. The first of these issues concerns the degradation of fibers at an elevated
temperature determined by each type of fiber. The second issue concerns oxidation of the
fiber to matrix interphase, and the subsequent removal of fiber bridging stresses, above
approximately 500°C in the presence of oxygen. Another issue regards the loss in load
carrying capacity of fiber-reinforced plies that are machined to obtain the desired component
or joint technologies. All of these mechanisms may lead to weak regions in the proximity of

~ the joint. To minimize composite degradation, due to joining, the joining temperature should
be as low as possible and post-densification machining of the composite surfaces should be
avoided.

Literature Review
A. Methods of Joining Ceramics to Ceramics
1. Mechanical interlocking

A relatively simple means of joining components is by mechanical means. Due to the
difficulty of machining dense ceramics and their brittle fracture properties, conventional
fastening techniques that may be used to join metal components, such as nuts and bolts,
screws, rivets, etc., are rarely successful when applied to ceramics, especially at high
temperatures. Other mechanical fastening techniques, however, are feasible. These
techniques include clamping, retaining brackets, and shrink-fit methods. As will be discussed
later, the large mismatch in thermal expansion between metals and ceramics inhibits the use
of metal fasteners.

Clamping components consists of using an intermediate component to apply pressure to the
components to be joined. The current fusion energy systems designs propose toroidal
reactors. To obtain a continuous toroidal shape via clamping smaller components would be
extremely difficult. The first wall material is designed to be subject to a large thermal
gradient, hence large thermal stresses. These stresses are the reason that SiC/SiC, as
opposed to monolithic silicon carbide, is considered as a potential candidate material. Any
type of clamp that is used would also have to be fabricated from SiC/SiC to retain the
desirable thermomechanical and nuclear properties. Clamping, therefore, does not remove
the problem of joining SIC/SiC to itself. Clamping may be a suitable mechanical joining
technique, but it would have to be complemented with another joining method to obtain a
hermetic seal.

In principle, clamping and the use of retaining brackets are similar. These techniques rely on
using another component to apply compressive stress on the components to be joined.
Retaining fasteners are similar to conventional metal nuts and bolts. The fastener passes
through the components fo be joined and an attachment is made at each end to hold the
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components together. A disadvantage of the use of retaining fasteners is the difficulty in
obtaining hermetic seals where the fastener passes through the component. If silicon
carbide retainers are used, to avoid introducing another material at the first wall, the problem
remains of attaching a piece larger than the hole on each end. Obtaining a strong, hermetic
joint in this manner would also be difficult and would rely on some sealant material. Finding a
sealant that can withstand the service conditions and can be fabricated easily may be
difficult. In addition, the existence of a hole in the SiC/SiC component will likely lead to matrix
cracks which could effect the hermetic properties and residual thermomechanical behavior of
the component. As with clamping, the use of retaining fasteners does not eliminate the need
for joining SiC/SIC to itself since fasteners can only provide mechanical attachment of
components without hermetic sealing between the components.

The third method of mechanical interlocking, shrink fitting, may hold some promise for fusion
applications. Shrink-fitting is a very well established method that has been used for centuries
(notably in gun barrels). The technique relies on thermal expansion to temporarily increase
the inner diameter (ID) of an outer component while an inner component is inserted into
position. After the outer component cools, the ID is constrained by the outer diameter of the
inner component. The difference between the original ID and the constrained ID of the outer
piece is called the misfit strain. The misfit strain produces compressive stresses across the
interface that holds the components together. Inversely, the inner component could be
cooled and the same result would be obtained. Although, shrink fitting is commonly used for
cylindrical components, the technique also can be applied to planar geometries.

Although mechanical interlocking methods can be used to achieve strong physical bonding
between SiC/SiC components, the additional requirements of hermetic properties and use of
radiation tolerant materials (i.e., SiC/SiC or silicon carbide) preclude their use as the sole
means to join SiC/SIiC components. Clamping or shrink-fitting methods, however, may be
considered in .combination with other joining techniques.

2. Brazing

Brazing of ceramics involves using a component that forms a liquid phase during joining.
The process uses a braze material that is chemically compatible with both components to be
joined. The braze material forms strong chemical bonds with surfaces to be joined. Since
self diffusion rates in ceramics, especially in non-oxide ceramics, are relatively slow in
comparison to most metals, braze materiais that form strong chemical bonds with ceramics
and have acceptable diffusion rates are used. Two types of brazes are commonly used:
noble metal brazes and reactive metal brazes. Noble metal brazes are typically silver or
platinum alloys and may include copper or nickel. The use of noble metal brazes usually
requires metallization of the ceramic surfaces. Since many metal brazes do not wet ceramic
surfaces, metals that are more thermodynamically reactive than the ceramic cationic species
are often used. The addition of minor amounts of reactive metals (i.e., Ti, Al, etc.) allows
formation of an oxide or carbide layers that are compatible with corresponding ceramic

materials.

Brazing with reactive metals requires processing in vacuum or inert environments to prevent
a reaction between the braze metal and the environment. [f it is not possible to braze under
a vacuum or in an inert atmosphere the ceramic material must be pre-metallized to enhance
bonding between the braze material and the ceramic. A common metallization technique,
useful for oxide ceramics or ceramics with oxide containing grain boundaries, involves




applying a slurry of molybdenum and manganese to the surface of the ceramic and firing
under conditions that oxidize the manganese but not the molybdenum (1). Under the right
conditions, MnO forms a glassy phase bonds with oxide ceramic phases while the
molybdenum forms a porous layer that the MnO glassy phase also infilirates. Often this layer
is then electroplated with nickel to create a good surface for brazing. Another form of
metallization involves coating the ceramic surface with titanium hydride. The material is fired
under reduced pressure under which the hydride decomposes and titanium undergoes a
redox reaction with the ceramic surface to form a strong chemical bond (2). Other
metallization techniques include sputter deposition and physical vapor deposition, however
metallization of SiC has had limited results (3).

Brazing has been used to join silicon nitride (Si;N,) and SiC to themselves using copper-
titanium and nickel-titanium (4-7). A number of braze compositions based on silver-copper
alloys have been found to be successful in joining ceramics to metals and ceramics to
themselves (3,4). Other metals include aluminum (8), silicon (9), and tin (10,11). Since even
those metals developed for brazing do not wet most ceramic surfaces completely, active
metal fillers are often used to promote wetting and to improve the properties of the brazed
joints. Alloys of silver, copper, and more than 10 atomic % titanium have produced extremely
good joints between silicon carbide materials (4, 12-15). A variety of other metals, such as
zirconia, hafnia, nickel, beryllium, chromium, vanadium, indium, and cobalt have also been
used as active metal fillers in brazes for ceramics (16-21).

The low temperature strength of brazed joints between silicon carbide and itself are relatively
high. Naka et al. used an alloy of copper and titanium and were able to obtain maximum
values of the shear strength of 80 MPa (22) . Lemoine et al. obtained vaiues of the shear
strength of single and double lap joints between SiC/SiC and itself, brazed with silicon, of
about 20 MPa, tested in flexure (9). Ferro and Derby obtained typical values of 200-250 MPa
for the tensile strength of aluminum metal brazed joints between reaction-bonded silicon
carbide (8). Iseki reported tensile strengths of as high as 490 MPa for silicon carbide joined
to itself with a complex joint of metal interlayers (23). Nakamura and Shigematsu obtained a
mean strength of 96 MPa, with a Weibull modulus of 3.2, for joints formed by an alloy of
silver, copper, and titanium between silicon carbide composites consisting of hot pressed
fibers (24). Since joints will generally fail under shear stresses (if the structure is designed
correctly), the relevance of a tensile strength for a joint is questionable. Furthermore, it is
difficult to compare strength values from one study to another due to the different test
methodologies used. Nevertheless, it is apparent that a variety of brazing techniques can be
used to obtain reasonably strong joints between monolithic or composite silicon carbide at
room temperature. :

Unfortunately, all of the brazing techniques presented so far suffer from one of two problems
at elevated temperatures: the formation of brittle reaction products, or stresses due to
thermal expansion mismatches. Although attempts have been made to insert diffusion
barrier or compliant interlayers between the braze material and the ceramic to be joined,
these approaches have met with limited success. Thus, it is doubtful that a brazing
technique can be developed to satisfy the requirements of fusion energy systems.

3. Diffusion Bonding

Since there are limited metal systems that wet ceramics and due to the thermal expansion
mismatch stresses present in many brazed joints, solid state diffusion is also used to join
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ceramic materials to each other, or metals, when it is important to preserve the high
temperature properties of the ceramics. Generally a metal that reacts forms
thermodynamically stable chemical bonds with the ceramic materials to be joined is
sandwiched between the surfaces to be joined. The joint forms by diffusion. Variables that
effect the quality of diffusion bonded joints are temperature, metal melting temperature,
applied pressure (25,26). Generally, the temperature used to form the joint affects the
kinetics of the joining reaction. Since diffusion bonding is controlled by diffusion rates it can
be time consuming, hence temperature becomes an important variable. Interdiffusion of the
metal and ceramic will most likely occur by diffusion the metal into the ceramic. In some
cases, however, the phases formed during joining will also vary with the temperature used to
form the joint. It has been found, empirically, that the strength of ceramic to metal joints
increases with increasing melting point of the metal (27).

Bates et al. (28) bonded silicon carbide to itself by placing a slip of SiC powder on the faying
surfaces, cold isostatic pressing (CIP) the pieces together, and sintering the components
(temperature, time, and environment not specified). When tested in flexure, these joints
exhibited strengths of 140 MPa with a Weibull modulus of 17.0 for one composition of
sintered silicon carbide; 351 MPa with a Weibull modulus of 45, for another. The strength of
these joints decreased less than 10% when tested at 1530°C. An approach of this type has
not been attempted for SiC/SiC composites, however the temperatures that would be
required to sinter the silicon carbide slip would be excessively high for SiC/SiC materials.
Silicon carbide is typically sintered at above 1500°C, depending on the amount and type of
sintering aids used, which would be an unfeasible approach for assembling large scale
structures in fusion energy systems. Furthermore, diffusion bonding often requires the
application of external pressure during joining which would also be unfeasible for fusion
energy system construction.

4. Glassy interlayers

An alternate method to join ceramics without requiring excessively high-temperatures is to
use a glassy interlayer between the components to be joined. This method is used
commerciaily to join gas-tight ALO, envelopes to niobium for sodium vapor lamps (29).
Powdered glass or mixtures of glass forming powders can be applied to the surfaces to be
joined and heated to obtain mechanical and chemical bonding. Glasses can be made of
similar compositions to the base ceramic materials. For example, silicon-oxycarbide and
silicon oxy-nitride glasses can be used to bond with silicon carbide and silicon nitride,
respectively (3). The composition of glasses can be tailored, or graded near interfaces, to
minimize thermal expansion mismatches. In addition, glassy materials typically have low
elastic moduli that also reduce residual stresses due to thermal expansion mismatches. A
major drawback of glassy materials is that they soften with increasing temperature. Certain
compositions of glasses, however, can be devitrified to form crystalline materials known as
glass-ceramics. Glass-ceramic materials are typically stronger and tougher, and more heat
resistant, than glasses of similar compositions, but their elastic moduli are concomitantly
higher.

Ferraris et al. fabricated joints between SiC/SiC composites. using borosilicate, boro-
aluminosilicate, and barium containing boro-aluminosilicate glasses (30-32). All of the
glasses wet the composites and formed joints with minimal porosity. The borosilicate joint
was very weak, but the other two glass compositions were reported to be stronger. Ferraris
et al. did not report a value of the strength of the joints. Lemoine, Salvo, Ferraris, et al.




investigated other glass compositions and discovered that a zinc-borate glass, also
containing MgO, SiO,, AlL,O;, and Na,O, wet the surfaces of SiC/SiC readily and penetrated
the intrinsic porosity of the composites (33). Unfortunately, the shear strengths of these
joints, measured by flexural testing of single and double lap joints was extremely low,
approximately 2 MPa. In addition to having poor mechanical properties, boron is not an
attractive element in first wall components from a radiological perspective.

5. Cements

Adhesive ceramic joints are usually formed by cement-mortar materials. These materials are
a mixture of materials that undergo a variety of low temperature reactions (i.e., hydration,
amalgamation, etc.) to form a strongly bonded phase. The suitability of cement type jointing
materials for high temperature applications is limited. Certain air-setting materials, usually
composed of mixtures of magnesium-alumino-silicates, retain their useful properties up to
about 1100°C. These materials are usually supplied in a solvent and cure by evaporation.

Other cement materials are cured by chemical reactions catalyzed by acids or bases.
Phosphate, chloride, and sulfate cement precursors usually cure exothermically, whereas
sodium and potassium silicates are non-exothermic. Cements cured by chemical reaction
usually offer superior properties relative to those that set due to hydration or evaporation.
Cements have been used to join non-oxide ceramics prior to nitride bonding or sinter-
HIPping (3, 34). ’

Recently, amalgams of copper and gallium have been used to join silicon carbide ceramics
(35). The base material consists of a mixture of copper and gallium powders that
spontaneously alloy when mixed. During amalgamation of copper and gallium there is an
increase in volume. To obtain a strong joint with these amalgams it is necessary to utilize
joint geometries that have a constrained gap between the parts to be joined. If the gap is
filled by the volume increase occurring during amalgamation then the joint will be under
residual compression, similar to a joint made by shrink-fitting. The yield strength of the
amalgam was approximately 150 MPa at 900°C. The ability to apply this joining technique
without applied temperature and pressure warrants further investigation for fusion energy
system applications.

6. In-situ Displacement Reactions

A displacement reaction, between a metal and a ceramic material, involves the exchange of
the cation of the ceramic with the metal yielding a new ceramic compound and a metal phase
of the original cation. These reactions occur when the new ceramic phase is
thermodynamically more stable than the original one, although sometimes heat or energy
must be supplied for the reaction to proceed. Not only can novel materials be produced via
displacement reactions, but self-reinforced microstructures may also result (36). 'When the
displacement reaction is performed in the region to be joined it is referred to as in situ. In situ
displacement reactions have been used to join monolithic silicon carbide components with
very good high temperature mechanical properties (37,38).

Rabin joined SiC/SiC to itself using titanium, carbon, and nickel powders applied to the faying
surfaces and subsequently hot-pressing, at 1400°C under 20 to 50 MPa (37). During hot-
pressing, the powders react to form TiC in a Ni matrix. There was evidence of some reaction
between the phases in the joint material and the silicon carbide. Due to the large mismatch




107

in thermal expansion coefficient of the TiC/Ni layer and the SiC/SiC material cracks formed
upon cooling. Rabin also joined sintered silicon carbide to itself using an in situ reaction
method that formed SiC and MoSi, (37). This method required the formation of a porous
carbon framework that obtained by pyrolysis of a furfural alcohol resin. Silicon and silicon
containing 3% molybdenum were used to infiltrate the porous carbon layer created between
the pieces to be joined. Infiltration was conducted at 1400-1460°C. Exiremely dense joints,
with littie free silicon, were obtained. The strength of the joints was 251 + 61 MPa, when
tested in flexure at room temperature.

Henager and Jones have also used in situ displacement reactions to fabricate joints between
silicon carbide and itself (38). Powder mixtures of TiC and Si were made into thin tapes,
approximately 100 m thick, by tape casting. The tape cast layers were placed between
pieces of silicon carbide and heated to either 1200°C or 1400°C under 20 MPa of
compressive stress. The resulting joints consisted of a continuous Ti,;SiC, phase containing
high aspect ratio and equiaxed SiC particles. The interlaminar shear strength was measured
using a modified double edge notched sample in compression. Interlaminar shear stress
values of about 35 MPa, at room temperature, were obtained.

A disadvantage of the in-situ displacement reaction technique is that the current methods
require application of external heat and pressure during joining that would be unfeasible for
large structures. Nevertheless, joints made from in-situ displacement reactions have
exhibited equal to or higher strengths than the monolithic ceramics that they have been used
to join. The possibility of obtaining tough, self-reinforced joints with similar thermomechanical
properties as the materials to be joined warrants further investigation of this approach for
components used in fusion energy systems.

7. Preceramic Polymers

A relatively new technique for joining ceramic material has been the use of preceramic
polymers (39-47). This approach has been applied mainly to joining of non-oxide ceramics,
since many of the traditional methods of ceramic-to-ceramic joining were developed for oxide
ceramics. Preceramic polymers are organometallic materials consisting of polymerized
hydrocarbon compounds containing various metallic elements. These materials ‘can be
readily pyrolized to form ceramic materials when heated to temperatures between 800-
1400°C. Two commonly used polymers are siloxanes and carbosilanes. Both polymers
convert to silicon oxycarbide materials after pyrolysis. The main advantage of using
preceramic polymers is that they can be applied as liquids, slurries, and pastes, and
converted to ceramic materials with similar thermomechanical properties as the materials to
be joined. Furthermore, conversion of preceramic polymers to silicon carbide joints creates a
joint material with the required radiation stability desired in fusion energy system applications.

Colombo obtained joints between pieces of reaction bonded silicon carbide with tensile
strengths, measured in flexure at room temperature, of aimost 220 MPa and interlaminar
shear strengths, also measured at room temperature, of 26.6 MPa (46). These joints were
obtained by pyrolysis of a silicone resin at 1200°C without applied pressure. Pyrolysis of a
polycarbosilane preceramic precursor failed to create satisfactory joints. The joint formed by
pyrolysis of the silicon resin did not react with the reaction bonded silicon carbide and,
therefore, acted as an adhesive layer. Yajima also obtained unsatisfactory joints with
polycarbosilane materials (39). An understanding of the physical mechanisms that occur




during joining with preceramic precursors may provide an explanatlon for these observations
and lead to improvements in this method of joining.

Sherwood et al. (41) have developed a novel method for joining SiC/SiC using hydro-
polycarbosilane resins mixed with chopped fibers and reactive metal filler particles (i.e.,
silicon). The joints were formed by heating at 1000°C for 1 hour. The method involves
cutting the surfaces to be joined so that fibers extend from the surfaces to provide
mechanical interlocking with the joining material. Using this technique, butt joints with
flexural strengths of between 27 and 55 MPa were obtained. Modification of the joint
geometry, by creating an augmented dovetail (with an additional, unimpregnated layer of
Nicalon fiber cloth at each surface to be joined), and incorporation of silicon powder led to an
increase in the strength value to 103-110 MPa. In addition, Sherwood et al. reported
promising preliminary results using a mixture of SiC powders and HPCS to join monolithic
silicon carbide (41). The results described above indicate that the use of preceramic
polymers to form joints between SiC/SiC and itself is relatively poorly understood, yet exhibits
promise for use in fusion energy systems.

8. Reaction Bonding

Another method for obtaining joints consisting of mostly silicon carbide is reaction bonding.
Reaction bonding consists of combining silicon, carbon, and sometimes silicon carbide
precursors, followed by causing a reaction at elevated temperatures, to form silicon carbide.
Since the volume of the products is greater than that of the reactants, the reaction typically
can not proceed to completion and residual silicon or porosity remains. Numerous
investigators, however, have optimized the composition and microstructure of the reactants
to obtain dense silicon carbide products with the least amount of residual silicon (3). In
addition, the silicon carbide formed by reaction bonding often interpenetrates with silicon
carbide components it is used to join. At elevated temperatures, near the melting point of
silicon (1410°C), the silicon can deform plastically. A more severe failure mechanism due to
the presence of the residual silicon is also possible. Since the silicon does not wet silicon
carbide it will gradually “sweat” out of the structure to the surface and form nodules. These
nodules can act as failure origins for brittle fracture. Nevertheless, reaction bonded silicon
carbide is an attractive material for joining applications in fusion energy systems.

Rabin developed a technique for joining sintered silicon carbide to itself using layers of SiC
and C powders applied to the surfaces to be joined (48). Powders of silicon carbide and
carbon were either mixed in a slurry or tape cast. The pieces to be joined were held together
and small amounts of silicon metal were placed near the joints. The specimens were heated
to either 1400°C and 1460°C and the silicon was drawn into the joint by capillary forces
where it reacted to form silicon carbide. The joint material reacted with the silicon carbide
specimens to form continuous grains of silicon carbide across the interface. The tape
casting technique allowed formation of thin joints, however it was difficult to controf the
amount of carbon in the tape cast layer. Joints formed from powder slurries had room
temperature flexural strengths of 166 + 30 MPa, whereas joints formed by using tape cast
layers had strengths ranging from 222 to 376 MPa, at room temperature. If the tape cast
layers were densified, by uniaxial pressing, prior to joining higher strength could be obtained
due to the higher initial density of the carbon in the tapes. If the carbon density is too high
then the volume increase associated with reaction bonding prohibits transport of silicon and
porosity remains. [f the carbon density is too low then the reaction will be incomplete and
residual silicon will remain.
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Anderson et al. modified one of the joining techniques described by Rabin involving pyrolysis

of an organic resin to microporous carbon followed by infiltration of aluminum, silicon, and

boron powders (42). Although this method does not technically involve preceramic polymers

it could be adapted to involve infiltration of a microporous ceramic material formed by

pyrolysis of a preceramic polymer. Anderson et al. fabricated joints with room temperature
strengths of about 90 MPa, and shear strengths of about 50 MPa (42).

Singh has joined reaction bonded, sintered, and composite silicon carbide using a reaction

bonding approach (49-51). Singh’s approach consists of making a paste, slurry, or tape of a

carbonaceous material and ‘applying this to the surfaces to be joined. The carbonaceous

material is cured at 100°C for 15-20 minutes. After curing, the joint is infiltrated with silicon or

silicon alloys at 1425°C for 15 minutes. The tensile strength of the joints, measured in

flexure, was about 190 MPa and was insensitive to temperature up to 1350°C (50, 51).

There was a significant dependency of the joint strength on its thickness. Joints that were

approximately 350 m thick had strength values of 44 + 2 MPa. Joints that were 20-55 m
thick had strength values of about 190 MPa. These results suggest that there are some

residual thermal stresses in the thicker joints that are not present in the thinner joint.

The results described above indicate that reaction bonding is also a promising technique for
joining monolithic and composite silicon carbide. The major drawback to using reaction
bonding to join composites is that the specimen. must be heated above the melting point of
silicon (1410°C). Fortunately, other metals can be combined with silicon to form lower
melting eutectic compounds. Another drawback of reaction bonding, however, is the
potential for forming joints with excess silicon. Silicon may transmute to *Al that has been
predicted to prohibit “hands-on” recycling of SiC/SiC (52). Since, there currently are not any
techniques for recycling unirradiated SiC/SiC, nor are any likely to be developed given the
nature of ceramic materials, this limitation may not be critical.

B. Special Issues Concerning Joining of Silicon Carbide for Fusion Energy Systems

Aside from producing economically viable power, fusion energy systems will be required to
operate in a safe and environmentally benign manner over their lifetimes. Therefore, the
materials used in these systems will be required to have a variety of unique properties.
Consideration of these properties has shown that SiC/SiC composites are extremely
attractive first wall materials (53-56). In addition to radiation resistance, mechanical integrity,
and desirable thermal properties, SiC/SiC is the only low-activation material that has satisfied
design criteria of safety during operation and maintenance, injury due to-accidental release,
and waste management. To preserve the suitability of SiC/SiC for use in fusion energy
systems, the joining method used must also satisfy the conditions of radiation resistance,
mechanical integrity, desirable thermal properties, safety during operation and maintenance,
injury due to accidental release, and waste management.

The requirements of safety, injury, and waste management have been considered from the
perspective of identifying elements that form transmutation products, after exposure to fusion
energy system operating conditions, that exceed the accepted limits (57,58). From this point
of view, several elements that may potentially be attractive for use in joining are excluded.
Nickel, molybdenum, niobium, and cobalt are unacceptable. Since the SiC/SiC materials
that are currently available satisfy the safety, injury, and waste management criteria as well
as the structural and radiation stability criteria it is logical to conclude that the most suitable




joining material should have a composition and microstructure as close as possibie to
SiC/SiC. In addition, thermally-induced and elastically-induced mechanical stresses would
be minimized by use of a joining material with properties similar to that of the material to be
joined.

Since the current designs for fusion energy systems incorporate large SiC/SiC components
the use of externally applied pressure, during joining, is unfeasible. In addition, since joining
will occur at the construction site of a fusion energy system it is preferable that the joining
technique be performed in the ambient environment. The mechanical properties of the
currently available SiC/SiC materials degrade above 1200-1400°C due to microstructural
instabilities in the fibers. Therefore, the temperature used for joining must be below that
which causes degradation of the fibers. In addition, the joining technique must be compatible
with the other materials and processes used during assembly of the fusion energy system.

CONCLUSIONS

Numerous methods exist for joining SiC/SiC materials, but most have drawbacks that render
them unsuitable for use in fusion energy systems. Mechanical joining may be acceptable in
combination with another technique that provides hermetic properties. Brazing is generally
unsuitable for the proposed service temperatures, due to the formation of brittle phases and
thermal expansion mismatch stresses. Direct diffusion bonding is also unsuitable since the
temperatures required to obtain bonding are in excess of those that cause damage to the
fibers in SiC/SIC. Glassy interlayers are in early stages of development, but the preliminary
values of the strength of these joints are disconcerting. [n addition, many of the components
of good glass forming compositions may pose neutron activation problems. In situ
displacement reactions show promise for forming mechanically reliable joints, but methods
must be developed that do not require applied pressure during joining. Preceramic polymers
appear very promising, but very little is known about their behavior during joining. Finally,
reaction bonding is also capable of providing strong joints for SiC/SIC but has two
drawbacks: the use of excessive temperatures, and the presence of residual silicon.

FUTURE WORK

Both from a mechanical and a radiological perspective it is desirable to fabricate joints of
compositions as close to pure silicon carbide as possible. Aside from further investigation of
joining techniques, analysis of optimum joint geometries is required. Furthermore, evaiuation
of valid techniques for measuring irradiated and unirradiated mechanical properties of joints
is also required. Considering the detailed review presented above, polymer precursor
methods are strong candidates for detailed investigation while efforts can be made to remove
the limitations of in situ displacement reaction and reaction bonding joining methods.
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THE HFIR 14J SIC/SIC COMPOSITE AND SIC FIBER COLLABORATION -
G.E. Youngblood and R.H. Jones (Pacific Northwest National Laboratory)*, Akira Kohyama
and Yutai Katoh (Kyoto University), Akira Hasegawa (Tohoku University), Reinhard Scholz
(European Joint Research Commission), and Lance Snead (Oak Ridge National Laboratory)

OBJECTIVE

The objective of this report is to summarize the planned tests of the SiC composite and fiber
specimens selected for the upcoming JUPITER 14J irradiation experiment in the HFIR
reactor.

SUMMARY

A short introduction with references establishes the current status of research and
development of SiC¢/SiC composites for fusion energy systems with respect to several key
issues. The SiC fiber and composite specimen types selected for the JUPITER 14J
irradiation experiment are presented together with the rationale for their selection.

PROGRESS AND STATUS
Introduction

The HFIR/14J neutron irradiation experiment is part of the U.S./Monbusho collaboration.
This report describes the portion of the collaboration that will examine the irradiation behavior
of SiC composites and SiC-based fibers. The HFIR/14J experiment will be the third in a
series of such experiments [1]. The first irradiation in this series was carried out in the EBR-II
reactor during 1993-94 as part of the COBRA 1A2 experiment. In COBRA 1A2, the SiC-type
specimens were irradiated at 800°C to a relatively high dose of 80 dpa-SiC. The just-
completed second irradiation in this series was carried out as part of the HFIR/11J-12J
experiment at 300 and 500°C to a dose of =10 dpa-SiC. PIE tests for the 11J-12J
experiment will be performed during 1999. The HFIR/14J irradiation is scheduled to
commence in January, 1999 and will be carried out at 300, 500 and 800°C to a dose of =10
dpa-SiC, the same dose as for the HFIR/11J-12J experiment.

Results from the COBRA 1A2 SiC experiment are described in detail in previous semiannual
progress reports [2-4]. At the time of this experiment, the most advanced continuous fiber-
reinforced SiC composite (SiC¢SiC) was made by Dupont using the isothermal chemical
vapor infiltration (ICVI) method. This composite was made with ceramic grade (CG) Nicalon™
fiber coated with a 150 nm pyrocarbon (PyC) interface. A 3D surface showing a proposed
strength-irradiation dose-temperature dependence derived from experimental data for this
“reference” material is given in [2]. The topological features of the 3D surface suggested
three degradation mechanisms for the composite, all of which were related to the
thermochemical and structural instability of the Nicalon CG fiber in a neutron irradiation
environment. The approximately 50% strength degradation of the Dupont SiC¢SiC
reference material irradiated at 800°C was related to a mass loss mechanism whereby the
fiber oxygen constituent reacted with carbon, either within the fiber amorphous Si-C-O

* Pacific Northwest National Laboratory is operated for the U.S. department of Energy by
Battelle Memorial Institute under Contract DE-AC06-76RLO 1830.




phase or as the PyC interface, and was exsolved as CO gas [3]. Together with the mass loss
mechanism, Nicalon CG fibers iradiated at temperatures exceeding 800°C exhibited
crystallization and grain growth, which were correlated to observed decreases in fiber tensile
strength [5]. Thus overall, irradiated Nicalon CG fiber loses strength and shrinks, and it
debonds from the CVI matrix in a composite made with this fiber. In other experiments at
lower irradiation temperatures (<500°C), a relatively large differential SiC matrix swelling and
fiber shrinkage also caused fiber/matrix debonding and degradation of the composite
strength [6]. Composite made with Nicalon CG fiber generally is considered unacceptable for
fusion applications. It was suggested that replacing the Nicalon CG with Hi NicalonTMfiber , a
fiber with much reduced oxygen content and temperature stability to about 1200°C, would
alleviate these problems in the composite. In fact, a composite made with Hi Nicalon fiber
irradiated at 385°C to 1.1 dpa-SiC exhibited only a 20% strength degradation [7]. This
SiCy¢/SiC composite was made with a multilayer interface which also probably had a bearing on

its somewhat improved mechanical behavior.

Even better irradiation stability is expected if a composite could be fabricated using more
crystalline, stoichiometric SiC fibers such as Dow Corning SylramicT™™, Nippon Carbon Hi
Nicalon Type STM or Ube Tyranno SATM, in which case composite matrix and fiber propetrties
should be closely matched so that differential swelling or shrinkage would be minimized.
-Preliminary fiber density [8] and length change studies [4] before and after irradiation
indicated expected swelling behavior for the irradiated Sylramic fiber. Unfortunately, the
Sylramic fiber tensile strength decreased 50% after irradiation at 500°C to 2 dpa-SiC. This
observed decrease in strength was related to the approximately 3% TiB2 content of the

Sylramic fiber [8]. Nicalon Type S fiber does not contain boron, however at this time
composites made with Type S fiber have not been available for irradiation testing.

To date, neutron irradiation experiments primarily have emphasized the examination of the
stability and strength degradation of SiC¢SiC composites and SiC fibers [9,10]. Other key
issues and some preliminary performance requirements have been identified for further
examination in reference [11] as well as in the proceedings of the 1st and 2nd IEA-
sponsored SiC/SiC composite workshops for fusion applications [12,13]. Papers reporting
on the key issues of design and specimen testing, component fabrication, joining, thermal
conductivity, irradiation creep, impurities and activation effects also appear in these
proceedings and elsewhere [14-19]. .

Plans

information on the capsule design for 14J is presented in a report by Grossbeck, et al., in this
issue. The actual SiC specimen matrix includes 102 bend bars (described in Tables 1A-1C),
22 fiber tubes (described in Tables 2A-2B), 20 thermal diffusivity discs (described in Table 3),
40 TEM discs (described in Table 4) and 6 fiber creep BSR fixtures (described in Table 5).
Also given in these tables is the primary focus of the study for each of the selected specimen

types.

The new “reference” SiC¢SiC was made by Dupont Lanxide Corp. using a conventional
isothermal chemical vapor infiltration (ICVI) process. The fabric preform made with Hi Nicalon
fiber was CVD-coated with a 150 nm thick PyC interface. The original plate was 2.3 mm thick,
contained six plies of 2D 0-90 weave fabric and had a bulk density of 2.60 = 0.04 g/cc. The
plate was cut into several flexure bars and some thermal diffusivity discs. Room
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Table 1A. Bend bars® (30 x 6.0 x 2.2 mm3) 1o be irradiated at 800°C

Composite Type No | Supplier (Process) Primary Focus
d Hi Nic/150nm PyC/0-90 | 5 | Dupont {(ICVI) “Reference” Composite
| Hi Nic/porous SiC/0-90 |4 | ORNL (FCVI) porous SiC interface
E Hi Nic/multilayer/0-90 5 | Hypertherm (ICVI) mutltilayer interface
Sylramic/multilayer/0-90 | 5 | Hypertherm (ICVI) Stoichiometric fiber/multilayer
MER CVR/CVR/0-90 4 | MER (CVR) Improved thermal conductivity
MER CVR/Ceraset/0-90 | 4 | MER (CVR-CVI) Improved thermal conductivity
Nic CG/PyC/Guipex3D |5 | SEP(ICV)) 3D weave architecture
Ti5SiC,, (monolithic) 5 | Drexel (sintered) irradiation stability
CVD-ESiC (monolithic) |5 | Mitsui {CVD) Dense monolithic SiC reference
Nic S/PyC/0-90 5 | NRIM(ICV]) Stoichiometric SiC fiber
| Nic S/PyC/0-90 5 | ORNL (FCVI) Stoichiometric SiC fiber
Nic S {chopped)/PyC 5 | ORNL (FCVI) Dense, improved T. Cond.
Nic S/PyC/0-90 5§ | Ube (PIP) Stoich. fiber/ stability PIP matrix
Adv. PCS/multilayer/3D | 5 | ? (Hot press) Dense, improved T. Cond.
Other 5 |2 2

Table 1B. Bend bars"* (30 x 6.0 x 2.2 mm?) to be irradiated at 500°C

Composite Type

Supplier/Process

* 37/35 bend bars supplied by U.S./Japan, respectively.

Primary Focus

Hi Nic/150 PyC/0-90

Dupont {ICVI)

1 “Reference” Composite

Nic S/PyC/0-90

ORNL (FCVI)

Stoichiometric SiC fiber

ORNL (FCVI)

Isotropic/hermetic

Nic S (chopped)/PyC

* 3/15 bend bars supplied by U.S./ Japan, respectively.

Ube (PIP

Stoich. fiber/ stability PIP matrix

Table 1C. Bend bars* (30 x 6.0 x 2.2 mm?3) to be irradiated at 300°C

Composite Type No | Supplier/Process Primary Focus

Hi Nic/150 PyC/0-90 3 | Dupont {ICVI) “Reference” Composite

Nic S/PyC/0-90 5 | ORNL (FCVI) Stoichiometric SiC fiber
5 | ORNL {FCV)) Dense, improved T. Cond.

Nic S (chopped)/PyC

* 3/9 bend bars supplied by U.S./ Japan, respectively.

Ube (PIP

Stoich. fiber/ stability PIP matrix




Table 2A. Fiber tubes® (2.0 mm dia x 60 mm) to be irradiated at 800°C

Fiber Type No Supplier Density XRD-gs
| | (g/cc) (nm)

Hi Nicalon 2 Nippon 2.69 4.4

d Hi Nicalon (annealed at 1500°C/1hr) | 2 Nippon 2.81 ?
Hi Nicalon S 2 Nippon 3.08 11

i Tyranno SA 2 Tyranno ? ?

| Syiramic 2 | Dow Coming | 3.0-3.1 80
MER CVR 2 MER 2.8 <5
Other 3

* 15 fiber tubes supplied by U.S. Each fiber bundle is 52.0 mm long.

Table 2B. Fiber tubes* (2.0 mm dia x 60 mm) to be irradiated at 500 and 300°C
Supplier

Nippon

Nippon

Dow Corning
Tyranno SA (300°C oniy) Ube
* 7 fiber tubes supplied by U.S. Each fiber bundle is 52.0 mm long.

Table 3. Diffusivity discs® (10.0 mm dia x 2.0-2.5 mm) irradiated at 800, 500 and 300°C
Nic S- Nic S Nic S-
Mype B-CVD | Hybrid | CVR 2D chopped 2D

(FCVI) (FCVD (PIP)

800°C 2 2 2 3 3 2 14

* 12/8 discs supplied by U.S./Japan, respectively.
Table 4. TEM discs® (3.0 mm dia x 0.20 mm) to be irradiated a 800, 500 and 300°C

Capsule Morton B-CVD Primary Focus
1800°C 20 ~ Examine irradiation defect structure

1500°C 10 plus effects of post-iradiation isochronal
10

annealing on this structure

40 discs supplied by U.S.
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Table 5. Fiber Creep by BSR.* (Two tubes 44.5 mm dia x 11.5 mm) irradiated at 800°C

Fiber Type Characteristic Temperature Characteristic Temperature
for Thermal Creep (1 Hr.) for Thermal Creep (100 Hr.)

Hi Nicalon S 1450°C 1260°C
Syiramic 1420°C 1260°C
Tyranno SA ? ?

Hi Nicalon 1230°C 1080°C

Hi Nicalon (annealed) ? 1230°C H
MER CVR 1550°C ?

* 2 creep tubes each loaded with 3 different fiber types supplied by U.S.

temperature 4-pt bend strength, strain to failure and thermal conductivity values were
measured to be 628 + 22 MPa, 0.90 + 0.03 % and =13 W/mK, respectively. These values
represent a significant improvement over values of similarly processed unirradiated SiC¢/SiC
made with Nicalon CG fiber. As part of this collaborative effort, samples of this material also
will be irradiated in the JMTR reactor at 800 and 1000°C to 0.5 dpa and in the HFR/Petten
reactor at 750°C to 1.2, 2.5 and 5.3 dpa. Other samples will be used in helium implantation
studies [18]. Properties of this new reference SiCySiC before and after irradiation will be
compared to the properties of similarly fabricated SiC¢#/SiC except with a thicker PyC interface
(1000 nm), which currently is being irradiated in HFIR as part of the JUPITER 12J experiment.

In general, the overall dimensional and structural stability after irradiation will be examined for
all the other composite variations. Four point flexure tests on the standard 30 x 6.0 x 2.2
mm3 bars will be carried out at the irradiation temperature to characterize and compare
mechanical property behaviors. Changes in the composite stability and mechanical
propetrties then will be related to the variations of fiber type, interface, architecture and matrix
fabrication among the selected composites. Two monolithic SiC-based materials are
included in the bend bar matrix. The Ti3SiC, material has a graphitic-like structure [20], and
potentially could be used as a CVD-applied fiber coating. The monolithic CVD 8-SiC material
is included to simulate the radiation performance of a composite matrix-like material.

Since the performance of the fiber has such a strong bearing on the overall radiation
performance of the composite, bare fiber tows of each of the fiber types used in the
composites will be irradiated and tested following procedures discussed in [21]. For
irradiation, each fiber type is inserted into a separate protective tube (2.0 mm od by 1.0 mm id
x 60 mm) made from Hexoloy ™™ sintered SiC. The fiber bundles themseives are carefully cut
to a 52.0 mm length which provides sufficient material for length change, tensile strength,
density and XRD analyses.

For several fusion component design options, the thermal conductvity should exceed 10-30
W/mK during irradiation. Therefore, a concerted effort has been carried out to optimize the
thermal conductivity of some types of SiC composites while maintaining acceptable
mechanical properties [12,13, 22]. For these specific types of materials, thermal diffusivity
discs will be included in the matrix. To further analyze the fundamental behavior of phonon
scattering by irradiation induced defects, several TEM discs made from Morton B-SiC will be




inserted at all three of the irradiation temperatures. Post-irradiation annealing of the TEM
discs will allow analysis of the resulting defect structures.

' Finally, irradiation enhanced creep will be examined for the most advanced SiC fiber types
using a bend stress relaxation (BSR) method [23]). These data will be compared to the
irradiation creep data obtained by Scholz using a dynamic torsion method [11,12].

FUTURE WORK

The characterization of the properties for the unirradiated SiC composite and fiber
specimens will be continued through 1999.
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OBJECTIVE

This paper describes the properties of neutron amorphized SiC and an estimate of the critical
temperature for amorphization of SiC under neutron irradiation.

SUMMARY

This paper provides the first known observation of silicon carbide fully amorphized under neutron
irradiation. Both high purity single crystal hcp and high purity, highly faulted (cubic) chemically
vapor degosited (CVD) SiC were irradiated at approximately 60°C to a total fast neutron fluence of
2.6 x 10®° n/m>. Amorphization was seen in both materials, as evidenced by TEM, electron
diffraction, and x-ray diffraction techniques. Physical propetties for the amorphized single crystal
material are reported including large changes in density (-10.8%), elastic modulus as measured
using a nanoindentation technique (-45%), hardness as measured by nancindentation (-45%),
and standard Vickers hardness (-24%). Similar property changes are observed for the
amorphized CVD SiC. Using measured thermal conductivity data for the CVD SiC sample, the
" critical temperature for amorphization at this neutron dose and flux, above which amorphization is
not possible, is estimated to be greater than 130°C.

PROGRESS AND STATUS
Introduction

Amorphization of silicon carbide has been studied in support of fundamental materials science
and in application driven programs for reasons such as the use of SiC for electronic devices and in
nuclear power systems. Several research groups have shown that SiC becomes amorphous
during ion-beam irradiation at temperatures between 77 K and room temperature for damage
levels equivalent to 0.1 to 0.5 displacements per atom (dpa) [1-9]. Most of these studies on SiC
amorphization have used iow-energy (<1 MeV) ion-beams [1,2,4-7], with a few researchers using
high energy electrons [10-13].

Recent interest in SiC amorphization has focused on the temperature dependence of the critical
dose for amorphization. In-situ TEM observation of the critical dose for amorphization as a
function of irradiation temperature has been studied using 2 MeV electrons [11-13] and 360 keV
Ar and 1.5 MeV xenon ions [14-17]. Zinkle and Snead have used 0.56 MeV silicon ions
implanted into samples which were then prepared for TEM observation [8,9,18]. In all these
studies, the threshold for amorphization of single crystal SiC was measured as a function of
temperature. It was observed that there is a temperature-independent amorphization dose at low
temperatures foliowed by a temperature above which the damage level required to amorphize
SiC increases rapidly. In each case an apparent asymptotic increase in the amorphization dose
occurred, yielding a “critical temperature” above which amorphization appears impossible. This
critical temperature has been reported to range between 20°C to 70°C for electrons [11,12,19],
~150°C for Si ions [9,18] and ~220°C for Xe ions [15], all with similar damage rates of ~1 x 1073
dpa/s. ltis noted that both Weber {14,15] and Matsunaga's [10] work did not observe a significant
difference in amorphization threshold between o and B SiC, whereas Inui reported a threshold
temperature ~50°C higher for faulted B-SiC [12].
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While the amorphization has been demonstrated for a number of ceramics using electron and ion
irradiation, there is very little information on neutron-induced ceramic amorphization. There has
been significant work on the microstructural and physical properties of neutron amorphized
quartz [20-22], though the crystai to amorphous transition is due to radiolysis rather than due to
displaced atoms. Other silicates, such as beryl (3Be0-Al,0;-65i0,), garnet (CazAl,Si;0,,), topaz
(A(OH),SiO,) and zircon (ZrSi0,) also amorphize at neutron dose levels equivalent to ~0.6 dpa
[23]. It has also been claimed that graphite amorphizes under neutron irradiation [24,25] at dose
and temperatures < 1 dpa and 200°C, though, as pointed out by Kelly [26], the Raman spectra
used as an indication for amorphization is consistent with the formation of in-plane edge
dislocation dipoles. Another convincing piece of evidence against neutron induced
amorphization of graphite, as quoted by previous authors [24,25] is that the dimensional change
continues to behave anisotropically as the dose is increased above the apparent amorphization
dose [26]. Diamond, however, has been shown to undergo amorphization during neutron
bombardment by several researchers [27-32]. Of interest for diamond and the other amorphized
ceramics is the large associated density change. Specifically, the decrease in density upon
amorphization is 45% for diamond [27-31], ~15% for quartz [20,33], >6.2% for beryl [23], >5.5 for
garnet [23], and >9% for zircon [34]. This swelling can be contrasted with the typical radiation-
induced point defect strain in crystalline ceramics of less than a few percent [20].

Experimental

Samples of Cree Systems, Inc., 6H alpha single crystal SiC and Morton Advanced Materials CVD
SiC were used in this study. The single crystal SiC wafer was purchased with an aluminum doping
level of ~5 wppm. All other impurities for the single crystal material were in the wppb range. The
CVD SiC is characterized as a highly faulted 3C structure with all impurities, as measured by the
manufacturer, in the ppb range with the exception of titanium which is listed as 1.4 wppm. These
materials were irradiated in the HT-3 hydraulic rabbit position of the High Flux Isotope Reactor at
ORNL in perforated aluminum capsules. The samples were irradiated in contact with ~53°C
flowing coolant water at a fast neutron flux of 7.8 x 10'® n/m?-s (E>0.1 MeV) to a total fluence of
2.6 x 10%® n/m? (E>0.1 MeV). This fluence level is equal to a damage level of ~2.6 dpa, assuming
a displacement energy of 40 eV for both the Si and C sublattices. The single crystal material was
irradiated as wafer fragments of 0.34 mm thickness. The CVD SiC was irradiated as a 6 mm
diameter, 10 mm long cylinder. '

Specimen densities were obtained with density gradient columns using mixtures of
tetrabromoethane-methylene iodide or ethylene bromide-bromoform for the unirradiated and
irradiated samples, respectively. The accuracy of the measurement was better than 0.001 g/cc
and was found to be reproducible in repeated measurements and consistent for duplicate
samples. All samples were immersed in hydrofiuoric acid for a period greater than 24 hr to remove
any surface silica prior to measurement. Microindentation hardness and elastic modulus were
determined using a Nanoindentor™-|l with a peak loading of 30 mN and a constant loading rate of
1.5 mN/sec. The CVD SiC sample was polished with 1 mm diamond paste before indentation. A
Buehler Micromet 3 microhardness testing machine was used at 500 g and 1 kg loads {o measure
the Vickers hardness. The two loads gave essentially the same hardness values. Only the 1 kg
load hardness data is reported here. Indentation fracture toughness was found using cracks
produced with the Vickers indentor. TEM microscopy was performed using a Philips CM-12
microscope on samples which were mechanically thinned and ion-milled with argon ions at 6 keV
and an incident angle of 15° using a liquid-nitrogen-cooled stage during milling. After foil
perforation, the specimens were milled at 3 keV and 9° for 10 minutes at ambient temperature to
reduce surface amorphization associated with argon implantation. This procedure has been used
exiensively on ion-implanted SiC and causes minimal surface amorphization.




RESULTS AND DISCUSSION

Amorphization of Neutron Irradiated SiC

As stated in the introduction, there has been no demonstration of neutron-induced
amorphization of SiC. There has been substantial work on the swelling, microstructure and
mechanical properties of neutron irradiated SiC, though the majority of this work has been at
elevated temperatures or at fluences apparently too low to induce amorphization. Primak et al.
[35] reported irradiating single crystal 6H silicon carbide to 3 x 10* n/m? (fast) at ~30°C in the MTR.
The maximum swelling measured using macroscopic means was reported at 1.24%. Pravdyuk et
al [36] measured macroscopic swelling and microscopic lattice expansion of 1.03% following
irradiation to 7.2 x 10% n/m® at ~120°C for an unspecified neutron energy spectrum. Other data
have been generated at 140°C by Corelli et al. [37] to 7.2 x 10% n/m® (E>1 MeV) which showed
approximately 0.5% swelling. It should be noted that Corelli’'s materials were hot pressed and
contained boron and free silicon which affected the rate of swelling as a function of neutron
fluence. Above 200°C there are significant data [35,38-44] to high doses in single crystal and
stoichiometric polycrystal forms of SiC which exhibit iwo general trends. First, the swelling of SiC
in the 200-1000°C range saturates at a fast neutron fluence of approximately 1 x 10 n/m* (E>0.1
MeV). Second, the amount of swelling appears to linearly decrease with increasing irradiation
temperature and approaches zero at 1000°C. :

The materials in this study were taken to approximately an order of magnitude higher dose than
the 30°C irradiated materials of Primak [35]. A volumetric change of 10.8% was found for the
single crystal material, which is substantially higher than expected due to point defect
accumulation. Both single crystal and CVD SiC samples were examined by TEM. The diffraction
patterns of these materials show diffuse rings typical of an amorphous material. There was no
indication of diffraction spots anywhere in the sample and no contrast was found during dark field
imaging. X-ray analysis (performed on the sample prior to sample thinning for TEM) also showed
no evidence of crystallinity. A separate paper analyzes the microstructure of this material and the
recrystallization kinetics determined by in-situ TEM annealing [45].

A substantial radial temperature gradient occurred during irradiation of the 6 mm diameter CVD
SiC cylinder due to the constraint that the nuclear heat generated in the-sample was removed
through the sample periphery. The periphery of the sample was in contact with the ~53°C coolant
water. The effect of this temperature gradient, which will be discussed in some detail in Section
3.3, was to create an amorphous periphery around a crystalline core. TEM examination near the
center of the irradiated CVD sample showed a combination of diffuse rings and weak spots in the
diffraction pattern. Dark field imaging in this area yielded spot-reflections on the order of 10 nm in
size. Near the center of the sample both bright field images and diffraction patterns were
indistinguishable from those of unirradiated material. While this is proof that the sample center
remained crystalline, it is not sufficient evidence to rule out the presence of small amorphous
islands within a crystalline matrix.

Physical Properties of Neutron Amorphized SiC

Physical properties such as density, hardness and elastic modulus of amorphized single and
polycrystalline SiC have been previously estimated from measurements of surface or buried
amorphous layers produced by ion beam irradiation. Specifically, the density has been inferred
by surface step height measurements [46-48], by observing the increase in total range with TEM
[8,9,17,49], or by x-ray techniques [50,51], yielding a density decrease ranging from about -22%
to -15%. The normalized hardness, defined as the ratio of the as-irradiated to unirradiated
hardness, (H/H,), [17.47,48,52] and the normalized modulus (E/E,) [17,52] for ion irradiated
{amorphous) SiC have likewise ranged in the literature from 45%-70% and 70-76%, respectively.
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(A) Swelling

Property measurement of the buik amorphous samples in this study offers several advantages
over measurement on the surface or buried layers associated with ion beam amorphized SiC. For
example, the density (swelling) can be measured with an uncertainty of £0.001 g/cc using the
density gradient column technique. For the 2.6 dpa irradiated 6H single crystal SiC the density
was found to be 2.857 gfce, corresponding to a 10.8% reduction in density from the 3.204 g/cc
unirradiated value. It is interesting to note that Snead [9] previously reported a similar decrease in
density for hot pressed B-SiC (-10.1% or 2.84 g/cc) and gintered «-SiC (-11.8% or 2.79 g/cc)

which were neutron irradiated to a fluence of ~1.5 % 1026 m {E>0.1 MeV) at approximately 70°C.

. However, since the volumetric swelling from ion beam studies was reported to be 15-20%, it was
incorrectly assumed that these neutron irradiated samples were only discontinuously amorphous.
The difference in amorphous density of hot pressed B-SiC and sintered «-SiC materials and the
amorphous density found in this paper for amorphized single crystal «-SiC (2.857 g/cc) is thought
to be due to the presence of sintering aids (Si and B) in the hot pressed and sintered materials.

The density of the CVD SiC sample was measured to be 2.895 g/cc yielding a density decrease
of 9.62% from the unirradiated value (3.203 g/cc.) As discussed in the previous section, the
periphery of this 8 mm sample was amorphous while the center appeared crystalline by TEM. The
measured density is therefore an averaged density of a heterogeneous (crystalline plus
amorphous) sample.

(B) Mechanical Properties

The bulk nature of these specimens also allows measurement of elastic modulus and hardness
without concern for underlying crystalline material influencing the results (i.e. substrate effects).
These substrate effects are a common problem for the measurement of hardness and elastic
modulus from ion beam modified surface or buried layers. While sensitive volume associated with
hardness is defined by the material plastically deformed by the indentor, the elastic modulus as
calculated from a microindentation unloading curve [53] is an average modulus integrated over a
volume much larger than the plastically deformed volume. For a semi-infinite medium Samuels
and Muthearn {54} have shown that the elastic-plastic boundary extends hemispherically
approximately ten times the indent depth. For the 30 mN load used in this study, this gives a
plastically deformed radius for the amorphous SiC {~170 nm contact depth) of approximately
1.7 microns.

The mechanical properties of both unirradiated and irradiated materials are summarized in Table 1.
Using a Nanoindentor-ll, as was used in some of the previous ion beam studies [9,17,46], the
measured hardness of the neutron amorphized 6H-SiC decreased from 38.7+2 to 21.0+1 GPa,
while the elastic modulus decreased from 528+14 to 292+5 GPa. The errors quoted correspond
to = one standard deviation. The normalized hardness (H,,/H,.,) is measured to be 54+4% which
is in approximate agreement with previous estimates [17,47,48,52]. However, the 55+2%
normalized modulus is significantly lower than previous estimates obtained on ion-irradiated
specimens with the exception of one study which used nanoindentation on a 3 MeV carbon ion
irradiated specimen prepared in cross section [55]. This would suggest that substrate effects,
which would be minimized for cross sectional indentation, and eliminated for the bulk amorphous
materials of this study, were affecting previously reported elastic modulus measurements.

At a 1 kg load the Vickers hardness forthe unirradiated single crystal and CVD SiC was measured
to be 2245+107 and 2330480 kg/mm respectively. The hardness of the Morton CVD SiC at
500g loading was 2339 +1 00 kg/mm? Whlch agrees well with the manufacturer’s 500g quoted
hardness of 2500 kg/mm?. For the single crystal and CVD SiC amo thnzed samples the (1 kg)
Vickers hardness was measured to be 1708+35 and 1797+ 75 kg/mm®, respectively. This yields
a normalized residual Vickers hardness of 76+3.8% for the single crystal matetial and 77+4.2% for
the CVD SiC. The indentation fracture toughness was calculated for the unirradiated and




Table 1. Summary of measured properties for unirradiated and 2.6 dpa SiC irradiated at ~70°C

Single Crystal SiC CVD SiC
Unirradiated 38.7+2 36.2+ 13
H (GPa); Nanoindentor 2.6 dpa 21.0+1 234+ 0.6
HiHunirr 54 + 4% 64.6 + 3.8%
Unirradiated 528 + 14 500 + 11
E (GPa); Nanoindentor 2.6 dpa 292 £ 45 291+ 7.5
HyHunier 55 + 2% 58.2 + 1.9
Unirradiated 2245 + 107 2330 + 80
H (Kg/mm2); Vickers 2.6 dpa 1708 + 35 1797 + 75
Hy/Hynirr 76 + 4% 77 £ 4%
Unirradiated 3.204 3.203
. Density (g/cm?) 2.6 dpa 2.857 2.895
HyHuniee 10.8%

Only sample periphery amorphized. Data is not a bulk measurement.

amorphized single crystal SiC sample using the Evans-Davis model [56] at a Vicker's load of 500g.
The average crack length from a series of ten indents was used along with the Vicker's hardness
data and the elastic modulus measured by microindentation (using the Nanoundentor—ll) The
indentation fracture toughness, K., was calculated to increase from 2.5 MPa/m"? for the
unirradiated material to 3.2 MPa/m "2 for the amorphized SiC.

Figures 1 and 2 give the hardness and modulus as measured with the Nanoindentor-Il along the
radius of the 6 mm diameter CVD SiC sample. From Fig. 1 it is seen that the hardness at the
center of the sample (radial distance of zero in Fig.) is somewhat scattered with mean of 36.2+1.2
GPa which is in agreement with measurements taken on unirradiated material. As the indents
move outward radially the hardness falls off rapidly reaching a minimum of 23.4+0.6 GPa, or a
normalized hardness of approximately 64.613.8%. The elastic modulus shows a similar trend
decreasing from 375 + 10.6 GPa to 291+£7.5 GPa. The errors in these cases refer to + 1 standard
deviation at radii of 0-0.25 mm and 2.5-3.0 mm, respectively.

The modulus measured at the center of the sample (Fig. 2) is substantially lower than the 500
GPa modulus measured on an unirradiated sample. Such a decrease in elastic modulus is
expected for neutron irradiated ceramics [20]. Specifically, for the same Morton CVD SiC material
and measurement techmque used in this study, Osborne [57] reported an elastic modulus of
~420 GPa for a 2 x 20%° n/m® (E>0.1 MeV) irradiation at ~150°C. It would be expected that for the
higher dose material in this study the point defect concentration would be increased and the
elastic modulus would be lower. The normalized modulus for the amorphized SiC using the
500+11 GPa unirradiated value is 58.2+1.9%. The scatter associated with the nanoindentation
measurement in Figs. 1 and 2 is due in part to the intrinsic machine error and to sample surface
roughness. The larger scatier towards the center of the specimen may be attributed to either
indent position with respect to crystal grain boundaries or the effect of these grains on the
surface finish. As the plastic depth of the indentor was on the order of 200 nm, the small
crystaliites as discussed in Section 3.1 should not have contributed to the scatter.
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(C) Estimated Critical Amorphization Temperature

As discussed in the introduction the critical temperature above which amorphization does not
occur has been reported to range between 20 and 220°C [8,11,12,15,18,19] for a damage rate
of ~1 x1 0 dpa/s. Below this temperature, the dose required to amorphize SiC appears to
approach a constant, although the amorphization dose may be a function of the PKA energy
transferred. For exampie Inui [11,12] reported a threshold dose of 0.5-1.0 dpa for 2 MeV
electron irradiation whereas Weber [15] reported a threshold dose of 0.2 dpa for 1.5 MeV Xe" ion
irradiation. This can be qualitatively explained if one considers that the amorphization in SiC is
due to free energy increases associated with point defect accumulation and chemical disordering
[58]. Since the amount of chemical disordering per dpa increases with increasing PKA energy,
less displacement damage is required to produce amorphization with heavy ions as compared to
electrons at all temperatures.

An estimate of the critical temperature for amorphization for fission neutrons can be found using
Figs. 1 and 2. From these piots the point at which the material transforms from crystalline to
discontinuously amorghous is at a radius of approximately 1 mm. At 2.6 dpa, for the fast neutron
dose rate of ~ 8 x 10” dpa/s, this measured transition point defines the threshold amorphization
temperature.

The effect of neutron collisions in ceramics is, among other things, to create lattice vacancies that
serve as phonon scattering centers which significantly reduce thermal conductivity [8,9,18,59-
61]. From a companion irradiation experiment under identical conditions [62], it is known that a
damage level of 0.01 dpa at ~70°C does not cause amorphization. However, it reduces the room
temperature thermal conductivity from 2.56 to 0.31 W/cm-K. Irradiation to 0.1 dpa at ~300°C
reduces the thermal conductivity to 0.11 W/em-K [62]. Knowing the thermal conductivity as a
function of fluence, a simple 1-D thermal transport equation can be used with the measured
thermal conductivity data to determine the sample internal temperature as a function of neutron
dose. Measured thermal conductivity data [62] are used to generate the curves of Fig. 3. The
temperature of the periphery of the sample is taken to be 60°C, to account for the 7°C calculated
film temperature drop between the sample edge and the ~53°C coolant. At the beginning of
irradiation the room temperature thermal conductivity (2.56 W/cm-K) is quite high, resulting in a
negligible sample internal temperature gradient as seen in the lower curve of Fig. 3. The
remaining inset thermal conductivity data are calculated from measured thermal diffusivities [62].
Note that at 0.1 dpa the conductivity is assumed to be 0.1 W/cm-K through comparison with a 0.1
dpa irradiation at 300°C which yielded 0.11 W/cm-K. Also note that room temperature thermal
conductivity values are used in Fig. 3. Using these room temperature thermal- conductivity
values, which are slightly greater than the thermal conductivities at temperature, will yield slightly
lower internal temperatures (~4%). Accurate data on thermal conductivity as a function of both
dose and temperature for SiC is not yet available.

As the thermal conductivity of the silicon carbide degrades during the irradiation the sample
internal temperature increases. At some damage level the periphery of the sample becomes
amorphous and the thermal conductivity further decreases to ~0.04 W/cm-K [62]. This
measurement was on the discontinuously amorphized CVD SiC sample and most likely gave a
somewhat higher thermal conductivity than if the sample had been fully amorphous. A future
measurement of a fully amorphous sample would therefore be desirable. Assuming concentric
cylinders with distinct thermal conductivity for the crystalline and amorphous regions, the upper
curve of Fig. 3 defines the temperature profile for the sample at 2.6 dpa. The assumed transition
point from crystalline to discontinuously amo ;)hous material gives an estimate for the
temperature threshold for this 2.6 dpa and ~ 8 x 10™ dpa/s irradiation. This estimate is considered
a lower limit for the threshold amorphization temperature and is somewhat greater than 130°C.

This value for the critical amorphization temperature is in reasonable agreement with the ~150°C
critical amorphization temperature found by Zinkle [9,18] and Snead [3,18] who used energetic
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silicon ions at 1 x 10°° dpa/s and is intermediate between the 20-70°C critical temperature found
using 2 MeV electrons [11,12,19] and ~220°C for 1.5 MeV Xe ions [15] which also used a
displacement rate of 1 x 10° dpa/s. The similarity with the silicon ion and the dissimilarity with the
electron and xenon ion irradiations can be qualitatively explained considering the nature of the
cascades for the various ions. The silicon ion PKA energy is roughly similar with that imparted by
an energetic neutron while the average PKA energies for the xenon ion irradiations is
substantially greater. Conversely, the electron can only impart enough energy in an elastic
collision with the Si or C atoms io create simple Frenkel pairs. However, other explanations exist
for the difference in measured amorphization temperature thresholds. As discussed elsewhere
[8], the Xenon and electron irradiation used the “in-situ” method where the amorphizing sample
was imaged on a thin TEM foil during irradiation. The silicon ion implantations were “ex-situ”
measurements where TEM samples were prepared following irradiation. For both of these
techniques the potential exists for stress fields altering the resuits, while the in-situ measurement
has the added potential complication of the surface acting as a sink for migrating defects.
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CONCLUSIONS

A clear demonstration of the amorphization of silicon carbide caused by the elastic collisions with
fast neutrons has been made. Due to the bulk nature of the amorphized material accurate data
can be obtained on certain mechanical properties and compared with data from previous ion
beam irradiations. While the hardness data generated in this study falls within the somewhat wide
range in hardness vaiues previously reported, both the previously reported density and elastic
modulus of amorphized SiC appear to be substantially different from the actual values. High
purity single crystal alpha SiC and high purity polycrystalline beta SiC irradiated to 2.6 dpa at
~60°C have transformed from the crystalline state with a density of 3.203+0.001 to an amorphous
state with 10.8% lower density. Using a nanoindentation technique the normalized hardness for
the single crystal and polycrystalline material is about 54% and 65% of the unirradiated vaiues,
respectively, while the normalized elastic modulus is about 55% and 58%, respectively. Vickers
normalized hardness was ~76% for amorphous single and polyc%stal material. Anincrease in the
indentation fracture toughness from 2.5 to 3.2 MPa/m'* is also observed upon SiC
amorphization. Using measured values of thermal conductivity for irradiated crystalline SiC and
the amorphized SiC the lower limit for the threshold temperature for amorphization of SiC by
fission neutrons at 2.6 dpa and ~8 x 107 dpa/s was estimated to be 130°C. This estimate is in
reasonable agreement with previous silicon ion irradiations.
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THERMOPHYSICAL AND MECHANICAL PROPERTIES OF Fe-(8-9)%Cr
REDUCED ACTIVATION STEELS — S. J. Zinkle, J. P. Robertson and R. L. Kilueh (Oak
Ridge National Laboratory)

OBJECTIVE

The objective of this report is to summarize the thermophysical and mechanical properties of
8-9%Cr reduced activation ferritic/ martensitic steels in order to provide a reference design basis
for the Advanced Power EXtraction (APEX) project.

SUMMARY

The key thermophysical and mechanical properties for 8-9%Cr reduced activation ferritic/
martensitic steels are summarized, including temperature-dependent tensile properties in the
unirradiated and irradiated conditions, stress-rupture behavior, elastic constants, thermal
conductivity, thermal expansion, specific heat, and ductile-to-brittle transition temperature. The
estimated lower and upper temperatures limits for structural applications are 250 and 550°C due to
radiation hardening/embrittlement and thermal creep considerations, respectively.

PROGRESS AND STATUS

Introduction

In order to provide a reference design basis for the Advanced Power EXtraction (APEX) project,
published data on the thermophysical and mechanical properties for 8-9%Cr reduced activation
ferritic/ martensitic steels have been compiled. Due to the large existing data base on these
steels, a comprehensive evaluation of all published data was not attempted. Only a limited amount
of property data for these steels is contained in the most recent version (Pub. 5) of the ITER
Materials Properties Handbook (IMPH). The IMPH should be used as the reference point for
design calculations if the full property database is included in a future version of the Handbook.

1. Ultimate tensile strength (unirradiated)

The ultimate tensile strength for several heats of Fe-(8-9)%Cr reduced activation steels has been
measured by numerous researchers. The tensile properties have been found to be comparable
to those of conventional Fe-(8-9)%Cr steels. Figure 1 summarizes some of the ultimate tensile
strength (UTS) data obtained in tensile tests on F82H (Fe-8%Cr-2%WVTa) and other heats of 8-
9Cr (conventional and reduced activation) ferritic/martensitic steels [1-6]. The least squares fitted
equation for the ultimate tensile strength over the temperature range of 20-700°C is

outs(MPa)= 682.8 -1.1617°T +0.005472*T° -1.1166e-05"T° +6.2357e-09*T*

where the temperature (T) is in °C. The correlation coefficient for the ploited data using this '
equation is R=0.8955.

2. Yield strength_(unirradiated)

Figure 2 summarizes the yield strength data obtained on several heats of Fe-(8-9)%Cr
conventional and reduced activation steels. The least squares fitted equation for the yield
strength over the temperature range of 20-700°C is

oy(MPa)= 531.4 -0:38794*T +0.001482*T* -2.3965e-06*T° -1.4506e-10*T"

where the temperature (T) is in °C. The correlation coefficient for the plotted data using this
equation is R=0.8835. The corresponding least squares equation fitted only to the yield strength
data of F82H reduced activation Fe-8Cr steel is

oY(MPa)= 544.2 -0.18491*T -0.0003603*T° +2.2141e-06*T° -3.5596e-09*T*
R=0.96242
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Fig. 1. Ultimate tensile strength of unirradiated 8-9%Cr steels [1-6].
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Fig. 2. Yield strength of unirradiated 8-9%Cr steels [1-4,6].
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3. Yield and ultimate strength (irradiated)

Neutron irradiation causes a pronounced increase in the yield and ultimate tensile strength of 8-
9%Cr conventional and reduced activation steels at temperatures below ~400°C, but has little
effect on the strength at higher temperatures. Figure 3 shows a comparison of the unirradiated
and irradiated yield strength for irradiation temperatures between 50 and 600°C. The effects of
fusion-relevant helium generation on the yield and ultimate strength have not been adequately
studied, although only minor changes have been observed in studies performed to date [7-9].
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Fig. 3. Comparison of the yield strength of unirradiated and irradiated 8-9%Cr steels [6].

4. Uniform and Total Elongation (unirradiated and irradiated)

The uniform elongations of unirradiated 8-8%Cr conventional and reduced activation steels
exhibit relatively low values (<5%) at all temperatures from 20 to 700°C [6]. As shown in Fig. 4, the
unirradiated uniform elongation decreases slowly from ~5% to ~1% over this temperature range.
The corresponding total elongations range from ~10 {o 30%. The low uniform elongation is a
typical feature associated with the martensitic structure. Uniform elongations of >5% at
temperatures from 20 to 650°C have been observed in oxide dispersion strengthened ferritic
steel [10,11], which is a promising alternative to ferritic/martensitic steel (see section 8). As shown
in Fig. 5, irradiation causes a decrease in the uniform and total elongations, particularly for
irradiation temperatures below 400°C [1-3,6,9,12]. Data for both reduced-activation and
conventional Fe-(8-9)%Cr steels are plotted in this figure. The uniform elongation is very low
(<3%) at all investigated irradiation temperatures. The total elongation remains above ~7% for all
irradiation conditions investigated to date, and it increases with increasing irradiation temperature
(Fig. 5). The effects of fusion-relevant helium generation on tensile elongation have not been
adequately studied.
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Fig. 4. Uniform and total elongation of unirradiated 8-9%Cr steels [1-3,6].
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5. Reduction in area _ :

The reduction in area (RA) as measured on unirradiated and irradiated 8-9%Cr steel tensile
specimens is shown in Fig. 6 [1,3,5,6]. The unirradiated reduction in area is high (>80%) at all test
temperatures between 20 and 700°C. Irradiation causes a decrease in the RA (particularly at low
irradiation and test temperatures), but the reduction in area remains acceptably high in the limited
number of tensile specimens examined to date. Helium effects have not been adequately
studied.
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Fig. 6. Reduction in area of unirradiated and irradiated 8-9%Cr steels [1,3,5,6].

6. Stress-strain curves

Figure 7 shows representative stress-strain curves obtained on miniature “type SS-3” sheet
tensile specimens (0.76 x 1.52 x 7.6 mm gage dimensions) for F82H steel tensile tested at a
strain rate of 1.1 x 10° s™ following neutron irradiation at 200-600°C [6,9,12]. Pronounced flow
localization is observed for irradiation temperatures below ~400°C, whereas adequate strain
hardening capacity occurs at temperatures >400°C.
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Fig. 7. Load vs. normalized crosshead displacement tensile curves for F82H irradiated to 3-34
dpa at 200-600°C (6,9,12].

7. Elastic constants

The elastic constants for F82H (8Cr-2WVTa) have been measured between 20 and 700°C [3,5],
and Young’s modulus has been measured from -150 to 350°C for several other reduced-
activation steels including Fe-9Cr alloys [13]. The temperature-dependent elastic constants for
F82H exhibit approximately bilinear behavior, which a slope change occurring near 450-500°C.
The change in the temperature dependence of the elastic constants at 450-500°C was attributed
to annealing effects on the martensitic structure at the higher temperatures [3,5]. The following
equations for Young’'s modulus {E,) and the shear modulus (G) are obtained from the F82H
experimental data [3,5] in the temperature interval between 20 and 450°C:

E, (GPa) =233 - 0.0558"T (T in Kelvin)
G (GPa) =90.1 - 0.0209*T (T in Kelvin)

At temperatures above 450°C, Young's modulus for F82H decreases approximately linearly from
E,=193 to 160 GPa as the temperature is increased from 450 to 700°C. The shear modulus
similarly decreases from G= 75 to 60.5 GPa as the temperature is increased from 450 to 700°C.
Poisson’s ratio (v=(E./2G) - 1) is constant up to 500°C with a value of 0.29, and then slowly
increases to 0.31 at 700°C. .

8. Stress-rupture

There have been numerous studies of the creep and stress-rupture behavior of unirradiated and
irradiated 8-9%Cr steels at temperatures up to 650°C (0.5 Ty,) [1,2,5,14]. Good creep resistance
exists for temperatures up to ~550°C (0.45 T,,), but poor creep resistance occurs at 600°C and
above. For example, the 10,000 h creep rupture strength of F82H is 200 MPa at 550°C, 120 MPa
at 600°C and 50 MPa at 650°C [1,5]. Improvements in the thermal creep resistance of reduced-
activation ferritic steels can be achieved with oxide dispersion strengthened (ODS) alloys
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Fig. 8. Creep rupture strength of F82H martensitic steel and ODS ferritic steel [1,5,10,15].

[10,11,15,16}. Figure 8 compares the creep rupture strength at 650°C of F82H ferritic/martensitic
steel and a recently developed ODS ferritic steel (Fe-11.5Cr-2.2W-0.23Ti-0.015C-0.2Y,0;) which
has uniform creep rupture properties in the longitudinal and transverse direction [1,5,10,15).

9. Thermal expansion, specific heat and thermal conductivity

The thermophysical properties for several different heats of F82H (8Cr-2WVTa) have been
measured from room temperature to 700°C [1,3,5]. The mean coefficient of thermal expansion
(o) varied from 10.4 ppm/°C at room temperature to 12.4 ppm/°C at 700°C. The specific heat at
constant pressure (C;) varied from 470 J/kg-K at 20°C to 810 J/kg-K at 700°C. The specific heat
increase was approximately linear with temperature between 20 and 500°C, and was strongly
nonlinear above 500°C. The thermal conductivity at 20-800°C was determined from thermal -
diffusivity measurements using laser flash techniques and was found to be nearly independent of
temperature, with an average value of 33 W/m-K between 20 and 700°C for two different heats of
F82H. ‘

10. Ductile to brittle transition temperature (unirradiated and irradiated)

The measured vaiue of the ductile to brittle transition temperature (DBTT) in body-centered cubic
materials depends on numerous experimental parameters, including the specimen geometry,
strain rate, and the sharpness of the notch where the crack is initiated (notch acuity) [17]. The
measured DBTT in miniature unirradiated F82H machined Charpy vee-notch (MCVN) specimens
ranges from about -60°C to -110°C, where the lower DBTT was obtained using 1.5 mm thick
Charpy impact specimens [2,9,18]. The DBTT for unirradiated F82H measured on precracked
compact tension specimens is near -50°C [19]. Low temperature irradiation causes a moderate
increase in the DBTT (ADBTT~20 to 100°C) of advanced reduced activation 8-9Cr steels for the
damage levels investigated to date [2,9,12,18,20,21]. Very small changes in the DBTT (ADBTT
<50°C) have been observed in 8-9%Cr steels irradiated at temperatures above 400°C. The effect
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of fusion-relevant helium generation rates on the DBTT in irradiated specimens has not been
adequately studied.

11. Magnetic properties

Ferritic steels are ferromagnetic, and could affect the plasma operation by introducing
perturbations in the local magnetic field, depending on the details of the reactor design. The
saturation magnetlc flux density (B,) of unirradiated F82H varies from 1.95 T at room temperature
to 1.75 T at 400°C [5]. The magnetic fleld strength required to produce complete saturation is
approximately 3000 Oersted (2.4 x 10° A/m) for temperatures between 20 and 400°C [5]. The
remanent magnetic flux density (B,) decrease from 0.21 T to 0.17 T over this temperature range.
Changes in coercive force, B,, and permeability may occur under irradiation, whereas changes in
B, are not expected to occur during irradiation unless there is a phase transformation [22].
Ferromagnetic properties of ferritic steels have not been measured following high-dose
irradiation. No measurable radiation-induced changes have been observed at low doses (<<1
dpa) [22].

12. Recommended reference operating temperature limits

The maximum operating temperature limit for 8-9%Cr reduced activation ferritic/martensitic steels
is ~550°C, due to thermal creep considerations. Somewhat higher temperatures could be
tolerated for components exposed to low mechanical stresses. Oxide dispersion strengthened
ferritic alloys under development may be capable of operation up to temperatures of 650°C or
higher [10,11,15,16]. Additional work on irradiated specimens is needed before the minimum
operating temperature limit can be established. The reference minimum operating temperature
limit will be controlled by radiation hardening, which causes loss of ductility and an increase in the
ductile to brittle transition temperature. According to the available irradiation data, the DBTT of 8-
9%Cr steels remains near or below room temperature following neutron irradiation at temperatures
between 200 and 550°C [2,9,12,18,20,21]. There is some limited evidence that fusion-relevant
helium generation rates may cause a further increase in the DBTT beyond that attributable to
matrix hardening (defect cluster) effects [8,9,20]. Further work is needed to determine the effect
of helium on fracture properties. For the purposes of the APEX design study, the proposed
reference minimum operating temperature for 8-9%Cr steels is 250°C.
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ANALYSIS OF STRESS-INDUCED BURGERS VECTOR ANISOTROPY IN PRESSURIZED
TUBE SPECIMENS OF IRRADIATED FERRITIC-MARTENSITIC STEEL: JLF-1 - D. S. Gelles
(Pacific Northwest National Laboratory)” and T. Shibayama (University of Hokkaido, Japan)

OBJECTIVE

The objective of this effort is to provide understanding of microstructural evolution in irradiated
ferritic/martensitic steels for first wall applications in a fusion reactor.

SUMMARY

A procedure for determining the Burgers vector anisotropy in irradiated ferritic steels allowing
identification of all a<100> and all§<111> dislocations in a region of interest is applied to a
pressurized tube specimen of JLF-1 irradiated at 430°C to 14.3 x 10 n/cm? (E > 0.1 MeV) or
61 dpa. Analysis of micrographs indicates large anisotropy in Burgers vector populations
develop during irradiation creep.

PROGRESS AND STATUS

Introduction

In a previous report,' it was shown that irradiation creep induced Burgers vector anisotropy for
perfect dislocations could be determined in pressurized creep tubes of the Japanese duplex
ferritic steel JFMS iradiated in the FFTF/MOTA. The procedure used a process of ellimination
to identify each of the a<100> and3<111> Burgers vector in a field of view.

More recently, pressurized tube specimens of JLF-1 were made available for microstructural
examination and it was possible to again examine Burgers vector anisotropy.? JLF-1 is the first
of a series of low activation Fe-9Cr-2W-0.2V steels which were prepared to exclude nickel and
molybdenum additions. Three sets of up to four tubes were irradiated, three tubes at 430°C,
four tubes at 460°C and four tubes at 520°C. All sets contained unstressed conditions.
Microstructural examination of these pressurized tubes was a part of the Monbusho
experimental objectives.

Experimental Procedure

Pressurized tubes of JLF-1 steel were made from tubing fabricated from rod stock. The
chemical composition of the rod stock is given in Table 1. Tube segments had dimensions of
0.57 mm outside diameter, 0.20 mm wall thickness, and were 19.8 mm in length. Endcaps of
the same material were electron beam welded to both ends of the tubing segments. One
endcap had a small (0.13 mm diameter) hole for pressurization to obtain the desired hoop stress
at the design irradiation temperature. The pressurization gas was helium. Diameter
measurements were made using a non-contacting laser measurement system before and after
irradiation. Three specimens were irradiated in level 2 of FFTF/MOTA 2A in canister 4D-2 and
2B in canister 4D-1 at 430°C for an accumulated exposure time of 503.4 equivalent full power

*Pacific Northwest National Laboratory (PNNL) is operated for the U.S. Department of
Energy by Battelle Memorial Institute under contract DE-AC06-76RLO-1830.
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days, over 12082 h. The estimated accumulated damage in these creep specimens during
irradiation was 14.3 x 10% n/cm? (E > 0.1 MeV) or 61 dpa.?

Table 1. Nominal Composition of JLF-1 (wi%) with balance Fe

Cr l C l Mo l W | Mn I Nb I V l,

9.04 .097 >.01 1.97 0.46

na 0.19
Si l P l S I Ni | N l Ta l Ti I
>0.1 I na I na | na I na l 0.07 ' ' .001 I

na - not available

Following irradiation and diametral measurement, one JLF-1 specimen, comprising the
. maximum stress condition following irradiation at the lowest temperature of 430°C (VAO08), was *
selected for microstructural examination and Burgers vector anisotropy measurement.

The specimen was sectioned with a slow speed saw by first removing the end caps and then
splitting the tube longitudinally. Curved disks 3 mm in diameter were then punched from the
central region of the split tube using a punch designed for tubing specimens. The disks were
mechanically ground flat and then thinned for ransmission electron microscopy using standard
procedures. Examinations were performed using a JEOL 1200EX transmission electron
microscope with a double tilting goniometer stage. Column realignment was found to be
necessary after each change in specimen tilt.

Results

Diameter change and swelling measurements
Diameter change measures for the pressurized tube specimens of JLF-1 from the FFTF/MOTA
are given in Table 2, and the diametral creep strains are plotted using closed diamonds, as a

function of hoop stress in Figure 1, with measurements for HT-9 and JFMS, a duplex steel, for
comparison.®

Table 2. Creep Data on JLF-1 Pressurized Tubes Irradiated in FFTF

iD VAO2 | VA0S | VA0S | VAO1 VAO04 | VAO7 | VA10
Temperature (°C) 430 459
Hoop Stress (MPa) 0 30 60 0 30 60 100
Diametral Strain (%) 0.04 0.13 0.27 | 0.03 0.08 0.16 | 0.23
D VAOO | VAO3 | VAO6 | VAO9
Temperature (°C) 519
Hoop Stress (MPa) 0 30 60 100

Diametral Strain (%) na 0.23 | 0.61 0.60
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Figure 1. Irradiation Creep Response of JFMS and JLF-1 in Comparison with HT-9 as a
Function of Hoop Stress.

From Figure 1, it can be shown that allowing for differences in dose, JLF-1 has creep strengths
similar to HT-9 and JFMS. JLF-1 shows non-linear behavior with greater curvature than that for
HT-9 indicative of complex behavior such as precipitation. A more detailed description of creep
response in ferritic steels has recently been published by Toloczko et al.*

Swelling as determined from density change was measured only for specimens VA02 and VAQO8
of JLF-1. Results are provided in Table 3. Table 3 indicates that swelling was 0.658% for
unstressed JLF-1 irradiated at 430°C to 61 dpa whereas under a hoop stress of 60 MPA the
swelling increased to 0.885%.

Table 3. Swelling in JLF-1 specimens irradiated at 430°C as a function of stress

Specimen 1D Stress Swelling 1]
VAD2 0 MPa 0.658
VA08 60 MPa 0.886

Microstructural examination

Microstructural examination of JLE1 was limited to specimen VAO8 which had been pressurized
to the largest hoop stress of 60 MPa. Furthermore, only dislocation anisotropy was studied in
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detail. However, irradiated was found to have caused no major changes in microstructure; no
void swelling was found and no evidence for further precipitation could be identified. These
findings appear contradictory to swelling measurements given in Table 3. A possible explanation
lies in the anticipated precipitation of tungsten in the form of M,,C,.

An area was selected for analysis of dislocation anisotropy with orientation near (013) and with
the tube length effectively parallel to [011]. A sequence of six micrographs was taken using g
= [200], [011] and 110]. Three of the images are provided in Figure 2 to show the dislocation
structure found within a region bounded by subgrain boundaries. The area shown in Figure 2
has also been analyzed to provide a quantitative estimate for Burgers vector anisotropy. The
foil is again approximately 67 nm thick, but the field of view for measurement is similar to that
shown in order to avoid subgrain boundary effects. From Table 4, it can be shown that
dislocation densities vary between 0.9 and 9.5x10° cm, corresponding to a factor of about ten
variation. Anisotropy develops in both the§<1 11> and a<100> populations.

Figure 2. Weak Beam Dark Field Micrographs of an Area in Specimen VAG8 Arranged for
Comparison of Dislocations using 200 contrast in a), 011 contrast in b), 110 contrast in ¢).

Table 4. Dislocation Density Measurements, Showing Burgers Vector Anisotropy as a function
of Burgers vector for specimen VAQ8 of JLF-1 irradiated at 430°C with a hoop stress of 60 MPa
and compared to Specimen RR03 of JFMS Irradiated at 407°C with a Hoop Stress of 86 MPa.'

Burgers vector 31111 3[311] %[1:11] %[113] a[100] | 2[010] af001]
VAO8 | 9.47 1.38 3.03 2.65 0.89 227 417

10%cm
RR0O3 | 1.94 1.02 0.62 4.50 1.77 4.28 4.72




Discussion

This work has provided an opportunity to extend Burgers vector anisotropy determination in the
ferritic alloy class. Procedures have been tested, and results have been generated showing that
a significant anisotropy can be generated in ferritic/martensitic steels at 400-430°C for stress
levels of 60-86 MPa. This discussion section is intended to cover two topics: limitations of the
procedure and significance of the results.

The analysis given in Table 4 is based on measurements that may not be statistically significant.
The specimen thicknesses were only 67 nm, and only about 40 dislocations were analyzed in
the field of view. Dislocation motion may have occurred in such thin foils, although evidence for
such motion was not observed. Few dislocation nodes could be found in the analyzed regions
to show that the Burgers vector identification did not violated energy balances. Also, dislocation
density measurements have not yet been completed on an unstressed specimen.

The results that anisotropy as large as a factor of 8 in JFMS and 10 in JLF-1 between different
Burgers vector populations is surprising, given the limited amount of total strain found in the
specimens. The strain measured in specimen RR03 was 0.15% and in VAQS, it was 0.27%,
whereas the unstressed specimen RR0O0 deformed 0.11% presumably due to precipitation and
VAQ2 deformed 0.04 despite swelling of 0.658%. Therefore, the strain due to irradiation creep
may have been as low as 0.04% in RR03 but 0.24% possibly influenced by precipitation in VAOS.
In comparison, results on austenitic steels provided similar levels of anisotropy in irradiated
pressurized tubes, with deformations ranging between -0.02 and 1.255%.° The lower value
corresponded to a situation where the perfect dislocation population had only just been
generated, and therefore the average dislocation velocity was very low. Therefore, it appears
that the present results indicate that dislocation motion may have been very limited in the JFMS
specimen for the dose level achieved, about 40 dpa possibly caused by the high precipitate
density found in the specimen.

CONCLUSIONS

Procedures have been developed to determine Burgers vector anisotropy in ferritic/martensitic
steels containing both§<1 11> and a<100> Burgers vectors. The procedures have been tried
on two irradiated pressurized tube specimens of JFMS steel irradiated in the FFTF/MOTA.
Analysis of results for the specimens irradiated at siresses of 60 to 86 MPa indicates differences
in Burgers vector anisotropy as large as a factor of 10.
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Mechanical Properties of Irradiated 9Cr-2WVTa Steel, R. L. Kiueh, D. J. Alexander (Oak
Ridge National Laboratory) and M. Rieth (Forschungszentrum Karisruhe Institut fir
Materialforschung II)

Objective

The goal of this study is to evaluate the impact behavior of irradiated ferritic steels and relate
the changes in properties to the heat treatment of the steel.

SUMMARY

An Fe-8Cr-2W-0.25V-0.07Ta-0.1C (9Cr-2WVTa) steel has excellent strength and impact tough-
ness before and after irradiation in the Fast Flux Test Facility and the High Flux Reactor (HFR).
The ductile-brittle transition temperature (DBTT) increased only 32°C after 28 dpa at 365°C in
FFTF, compared to a shift of ~60°C for a 9Cr-2WV steel—the same as the 9Cr-2WVTa steel
but without tantalum. This difference occurred despite the two steels having similar tensile
properties before and after irradiation. The 9Cr-2WVTa steel has a smaller prior-austenite
grain size, but otherwise microstructures are similar before irradiation and show similar changes
during irradiation. The irradiation behavior of the 9Cr-2WVTa steel differs from the 9Cr-2WV
steel and other similar steels in two ways: (1) the shift in DBTT of the 9Cr-2WVTa steel
irradiated in FFTF does not saturate with fluence by ~28 dpa, whereas for the 9Cr-2WV steel
and most similar steels, saturation occurs at <10 dpa, and (2) the shift in DBTT for 9Cr-2WVTa
steel irradiated in FFTF and HFR increased with irradiation temperature, whereas it decreased
for the 9Cr-2WV steel, as it does for most similar steels. The improved properties of the 9Cr-
2WVTa steel and the differences with other steels were attributed to tantalum in solution.

PROGRESS AND STATUS
Introduction

A nominally Fe-9Cr-2W-0.25V-0.07Ta-0.1C (9Cr-2WVTa) steel (composition in wt %) has been
developed for possible use in fusion power plants [7]. A major problem of ferritic/martensitic
steels for fusion applications involves the embrittlement caused by irradiation hardening. This
embrittlement is measured in a Charpy impact test as a shift in ductile-brittle transition
temperature (DBTT) caused by the iradiation. The 9Cr-2WVTa steel has shown excellent
resistance to such embrittiement after irradiation at 365°C in the Fast Flux Test Facility (FFTF)
[2-5] and the High Flux Reactor (HFR) [6,7].

Several irradiation experiments have been conducted that compared the behavior of the 9Cr-
2W\VTa steel with a 9Cr-2WV steel, which is the same as the 9Cr-2WVTa but without tantalum
[2-5,8]. The steels show similar hardening when irradiated at 365°C, but the 9Cr-2WVTa shows
considerably less embrittlement. There are also other differences in the behavior of this steel
relative to the 9Cr-2WV steel and steels such as 9Cr-1MoVNb (modified 8Cr-1Mo) and 12Cr-
1MoVW (Sandvik HT9).

In this report, observations from irradiation experiments in FFTF and HFR that contained the
9Cr-2WVTa steel will be reviewed, and the combined results will be analyzed to try to under-
stand the behavior of the steel during irradiation and how the properties of this type of steel
might be improved.

Experimental Procedure

The 9Cr-2WV and 9Cr-2WVTa steels are nominally Fe-9Cr-2W-0.25V-0.1C (in wi. %) without
and with 0.07% Ta, respectively. They were prepared as 18 kg ESR heats by Combustion
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Engineering, Inc, Chattanooga, TN. In addition to the nominal compositions of Cr, W, V, C,
and Ta, elements normally found in such steels (e.g., Mn, Si, etc.,) were adjusted to levels
‘typical of commercial steel processing practice. Melt compositions have been published [3].

The steels were normalized and tempered prior to irradiation. Normalizaﬁon involved an
austenitization treatment of 0.5 h at 1050°C in a helium atmosphere, followed by cooling in
flowing helium gas. The steels were tempered 1 h at 750°C.

Tensile specimens were machined from 0.76-mm sheet. The tensile specimens were 25.4 mm long and
had a reduced gage section 7.62 mm long by 1.52 mm wide by 0.76 mm thick. Tensile tests were at
365°C in vacuum on a 120-kN Instron universal test machine at a nominal strain rate of =1 x 103 s

Charpy specimens for the FFTF irradiations were one-third size V-notch specimens measuring
3.3 x 3.3 x 25.4 mm with a 0.51-mm-deep 30° V-notch and a 0.05- to 0.08-mm-root radius were
machined from normalized-and-tempered 15.9-mm plates. Impact specimens for the HFR
irradiations were European subsize standard specimens, 3 x 4 x 27 mm with a notch depth of 1
mm. Specimens were machined along the rolling direction with the notch transverse to the
rolling direction (L-T orientation). The DBTT was determined at an energy level midway
between the upper and lower shelf energies. Details on the test procedure for the subsize
impact specimens have been published [6,8].

Two tensile specimens and six Charpy specimens of each heat were irradiated in the Materials
Open Test Assembly of FFTF over the range 7-28 dpa at 365°C [2-5] and Charpy specimens
were irradiated to ~14 dpa at 393°C [8]. Charpy specimens of the 8Cr-2WVTa steel were also
irradiated in the High Flux Reactor (HFR) in the Netheriands to 0.8 and 2.5 dpa at 250, 300,
350, 400, and 450°C [6,7]. Details on the irradiation conditions were given in the previous
publications [2-8].

Results

Three irradiation experiments will be discussed: (1) irradiation of the 9Cr-2WV and 9Cr-2WVTa
steels in FFTF at 365°C to =7, 14, 21, and 28 dpa [2-5], (2) irradiation of 9Cr-2WV and 9Cr-
2WVTa steels in FFTF at 393°C to =14 dpa [8], and (3) irradiation of 9Cr-2WVTa steel in HFR
t0 0.2, 0.8, and 2.5 dpa at 250, 300, 350, 400, and 450°C [§,7].

Irradiation in FFTF at 365 °C

Tensile tests were conducted on the 9Cr-2WV and 9Cr-2WVTa stecls irradiated to three fluences in
FFTF at 365°C (Table 1). There was little difference in the strength of the two steels, either before
" or after irradiation [Fig. 1(a)]. The strength increase saturated with fluence. Likewise, there
was little difference in the uniform and total elongation out to =15 dpa, although there appeared
to be a slight divergence at the highest fluence, especially for the total elongation [Fig. 1(b)].

Charpy specimens were irradiated in FFTF to four fluences at =365°C (Table 2). The 9Cr-
2WVTa steel has a lower transition temperature prior to irradiation, and it improves that superi-
ority during irradiation by developing a smaller shift in DBTT (ADBTT) (Table 2 and Fig. 2). For
the 9Cr-2WV steel, the DBTT appears to increase to a fairly constant value—it saturates with
fluence. In Fig. 2, the DBTT value for 9Cr-2WV at 16.7 dpa appears spurious, and the other
three values indicate that saturation occurred around 0°C after a ADBTT of =60°C (Table 1).

In contrast to that behavior, the DBTT for 9Cr-2WVTa steel does not appear to saturate (Fig.
2), but rather, it appears to increase continuously with fluence up to 27.6 dpa. However, even
without saturation, the DBTT after 27.6 dpa for the 9Cr-2WVTa is still only -56°C with a ADBTT of

only 32°C.
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TABLE 1. Tensile properties of Cr-W steels irradiated in FFTF at 365°C*

Steel Fluence Strength (MPA) Elongation (%)
(dpa) Yield Ultimate Uniform Total

9Cr-2WV 0 549 659 4.7 12.3
7.7 710 764 35 '10.2

16.7 697 745 23 9.0

276 705 756 23 8.7

9Cr-2WVTa 0 544 652 43 12.3
6.4 669 734 39 11.1

154 699 765 29 9.7

272 710 769 3.5 120

¢ Values are the average of two tests.

Irradiation in FFTF at 393°C

Two sets of Charpy specimens of 9Cr-2WV and 9Cr-2WVTa steels were irradiated to 14 dpa at
393°C in FFTF (Table 2) [8]. Forthe 9Cr-2WYV steel, the DBTT values (-14 and -28°C) at
393°C were lower than the saturation value at 365°C (about 0°C). The saturation at 365°C was
chosen for comparison rather than the value at 16.7 dpa (closer to 14 dpa), because, as

- discussed above, the 16.7 dpa level appears to be in error relative to the other three values,
which were similar and indicative of a saturation with fluence.

800 15.0
750 125
S 700 ® 100 .‘v
2 = . .
@ 850 'ﬁ 7.5 1
g 4
& 800 ® o 9Cr-2wv o 50
B O 9Cr-2WVTa
550 Solid: Yield Stress
Open: Ultimate Tensile Strength 25 1
: ® O 9Cr-2wV Solid: Total Eiongation
500 : : i : ]' 0.0 R O 9Cr-2WVTa Open: Uniform Elongation
" 13 1 t 1] ]
4] 5 10 15 20 25 30 V] 5 10 15 20 25 30

Fluence (dpa) Fluence {dpa)

Figure 1. The (a) yield stress and ultimate tensile strength and (b) the uniform and total
elongation for 9Cr-2WV and 9Cr-2WVTa steels imradiated at 365°C in FFTF.
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Table 2. Charpy impact properties of Cr-W steels irradiated in FFTF at 365°C*

Steel Temp Fluence DBTT ADBTT USE
(°C) - (dpa) (°C) (°C) )

9Cr-2WV Unirr 0 -60 8.4

365 7.7 8 68 6.4

365 16.7 -32 28 6.3

365 239 -8 52 6.3

365 276 1 61 6.6

393 14 -14 46 8.1

393 14 -28 32 8.0

9Cr-2WVTa Unirr 0 -88 11.2

365 6.4 -84 4 8.6

365 154 -74 14 8.5

365 225 -67 21 9.6

365 276 -56 32 8.1

393 14 -53 34 8.4

393 14 -45 43 8.9

SEvaluated at an energy level halfway between the upper and lower shelves.
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Figure 2. The transition temperature as a function of fluence for 9Cr-2WV and 9Cr-2WVTa
steels irradiated at 365°C in the FFTF.

Contrary to the observation on the 9Cr-2WV steel, the DBTT values for the 9Cr-2WVTa steel

after irradiation to 14 dpa at 393°C (-53 and -45°C) were higher than the DBTT observed after

irradiation at 365°C to 15.4 dpa (-74°C). Although the DBTTs for the 9Cr-2WVTa steel were

below those for the 8Cr-2WYV steel after irradiation at 383°C, the ADBTTs for the 9Cr-2WVTa

steel and the 9Cr-2WV steel were quite similar (46 and 32°C for the 9Cr-2WV and 34 and 43°C
- for the 9Cr-2WVTa steel) (Table 2) {8]. _
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Irradiation in the HFR

Rieth et al. irradiated six steels, including the 9Cr-2WVTa steel, in the HFR at 250, 300, 350,
400, and 450°C t0 0.2, 0.8, and 2.4 dpa [6,7]. The steels included two conventional Cr-Mo
steels, MANET-I (nominally Fe-11Cr-0.8Mo-0.2V-0.9Ni-0.16Nb-0.06Zr-0.14C) and MANET-I
(Fe-10Cr-0.6Mo0-0.2V-0.7Ni-0.14Nb-0.42r-0.1C), and four low-activation steels, OPTIFER-la
(Fe-9.3Cr-1W-0.25V-0.07Ta-0.1C), OPTIFER-II (Fe-8.4Cr-1.1Ge-0.3V-0.13C), F82H (Fe-8Cr-
2W-0.2V-0.02Ta-0.1C), and 9Cr-2WVTa. Melt compositions have been published [6].

Figure 3 from Rieth et al. shows the DBTT for the different steels after irradiation to 0.8 dpa [6].
Of interest for this discussion is the superior behavior of the 8Cr-2WVTa steel (labeled ORNL)
between 250 and 400°C. However, between 350 and 450°C, the DBTT of the 9Cr-2WVTa
increases, which is contrary to the of the other five steels.
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Figure 3. Transition temperature as a function of irradiation temperature for six steels
irradiated in the HFR.

Microstructures of 9Cr-2WV and 9Cr-2WVTa Steels

A detailed TEM examination indicated that the microstructures of the 9Cr-2WV and 9Cr-
2WVTa steels were quite similar both before and after irradiation in FFTF at 420°C to ~36 dpa
[70]. Microstructures were typical for tempered martensite. Lath size (width) was estimated to
be ~0.3 pm for both steels before irradiation, and it increased during irradiation to 0.4 and 0.45
pum for the 9Cr-2WV and 9Cr-2WVTa, respectively. The major microstructural difference in the
two steels was the smaller prior-austenite grain size of the 9Cr-2WVTa steel (22 ym) compared
to the 9Cr-2WV steel (32 um) [2].

Although the size and density of the precipitates differed slightly in the two steels, the amounts
were similar before and after irradiation. Most of the precipitate was M,,C, with lesser amounts
of MC (Table 3) [70]. Analysis of the MC by X-ray energy dispersive spectroscopy indicated it
was mainly vanadium rich, but in the 9Cr-2WVTa steel, some of it was tantalum rich. It was
estimated that less than half of the tantalum was present in the MC [70]. Subsequent atom
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probe analysis of the 9Cr-2WVTa indicated that over 90% of the tantalum remained in solution
in the normalized-and-tempered steel [77]). No atom probe studies were conducted on
irradiated specimens. There were only slight differences in the size and number density of
precipitates for 9Cr-2WV and 9Cr-2WVTa (Table 3), but the amounts were similar. A slight
increase in precipitate size and a corresponding reduction in number density occurred for both
steels during irradiation [70].

Table 3. Precipitates in 9Cr-2WV and 9Cr-2WVTa steels before and after irradiation

Steel Before Irradiation After lrradiation
Ppt Density Avg Diam Ppt Density Avg Diam
(m?) (nm) (m®) (nm)
9Cr-2WV M,,C, | 5.9x10" 125 M,C, | 3.2x10% 160
MC 1.2x10" 54 MC 1.1x10%® 60
9Cr-2WVTa M,C, | 4.5x10% 136 My,C, | 4.1x10% 143
MC 7.5x10% 29 MC 5.6x10%* 36

The major microstructural change that occurred during irradiation of the 9Cr-2WV and 9Cr-
2WVTa steels was the formation of dislocation loops. Again there was no difference in the loop
number density and size of the loops for the two steels [70]; loops were estimated to have an
average size of ~50 nm and a number density of ~3x10?' m* for both steels. Total dislocation
line density was estimated at ~5x10' m?for both steels [10].

Discussion

The 9Cr-2WVTa steel has excellent impact toughness, as measured by a low DBTT before
irradiation. It also has excelient resistance to irradiation embrittlement, as demonstrated by a -
small shift in DBTT after irradiation at 250-450°C [2-8]. To try to understand the origin-of the
irradiation resistance of the 9Cr-2WVTa steel and the difference in properties with other similar
steels, the properties of the steel will first be compared with those of the SCr-2WV, which differs
from the 9Cr-2WVTa by not containing 0.07% Ta.

Irradiation hardening, as measured by an increase in yield stress, occurs for martensitic steels,
such as the conventional 8Cr-1MoVNb and 12Cr-1MoVW steels, when irradiated at <425°C
[12,13]. Hardening generally saturates with fluence [12, 73], and the tensile properties of the
9Cr-2WV and 9Cr-2WVTa saturated by 7-10 dpa when irradiated at 365°C in FFTF (Fig. 1) [5].
Irradiation hardening causes the increase in DBTT, and just as hardening saturates with
fluence, the DBTT and ADBTT also saturate for the 8Cr-1MoVNb and 12Cr-1MoVW steels
[12,14]. Saturation in ADBTT occurred for the 9Cr-2WV steel but not for the 9Cr-2W\VTa steel
when irradiated at 365°C in FFTF (Fig. 2) [5].

The observation of similar tensile properties for 9Cr-2WV and 9Cr-2WVTa steels is not unex-
pected based on the similar microstructures [70], although in some previous tests, the 9Cr-
2WVTa steel was 4-10% stronger than the SCr-2WV steel over the range 25 to 600°C (the
smallest difference occuired at the highest test temperatures) [7]. The major microstructural
difference in the two steels appears to be the prior-austenite grain size, which couid account for
part or all of the difference in Charpy impact transition temperature in the normalized-and-
tempered condition. Tantalum, like niobium, is known to inhibit austenite grain growth,
although the effect is usually concluded to be caused by carbides [75]. For SCr-2WVTa steel,
tantalum in solution or a very small amount of TaC must cause the smaller grain size, because
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most of the tantalum was in solution after the normalizing-and-tempering treatment [77]. Grain
size can affect tensile behavior, but it did not appear to do so in this case [Fig. 1(a)].

Aside from some relatively minor changes in the precipitate size and precipitate number
density, which were similar for the 9Cr-2WV and 8Cr-2WVTa steels (Table 3), the major effect
of irradiation on microstructure was the formation of dislocation ioops; the number and size of
loops formed and the final dislocation density in the two steels was the same after irradiation
[70]. Similar microstructural changes resulted in similar changes in tensile properties, as might
be expected (Fig. 1). Thus, the only significant difference in the 9Cr-2WV and 9Cr-2WVTa
steels before and after irradiation was the prior-austenite grain size and the tantalum in solution.

Prior-austenite grain size could explain the difference in the Charpy impact properties of the
‘normalized-and-tempered steels. However, the 9Cr-2WVTa showed two types of behavior that
differed from what was observed for similar steels—either conventional Cr-Mo steels (e.g., 9Cr-
1MoVND and 12Cr-1MoVW) or Cr-W steels (e.g., 9Cr-2WV, F82H, etc.). These differences
were: (1) a continuous, albeit slow, increase in DBTT with increasing fluence (out to =28 dpa at
365°C) for the 9Cr-2W\VTa, compared with a saturation in DBTT with fluence for other steels
and (2) an increase in DBTT with increasing irradiation temperature for the 9Cr-2WVTa
compared with a decrease with irradiation temperature for most other steels [72, 74].

The increase in DBTT with fluence for 9Cr-2WVTa was not large, but it was continuous from =7
to 28 dpa (Fig. 2) (ADBTT increased from 4 to 32°C). This was different from the behavior of
9Cr-2WV steel (Fig. 2). With the exception of the scatter in the SCr-2WV steel data due to the
result at 16.7 dpa, the data gave a clear indication of a saturation of ADBTT with fluence. This
difference in the two steels cannot be explained by the difference in prior-austenite grain size, -
because prior-austenite grain size does not change during irradiation [8]. The lath size
changes, but the change for the two steels was similar (the lath size of 8Cr-2WVTa was even
estimated to be slightly larger than that of the 9Cr-2WV after irradiation) [70]. A possible
explanation is that tantalum in solution causes the superior impact properties of the 9Cr-
2WVTa4, and tantalum is removed from solution during irradiation by precipitation to cause the
deterioration in properties.

Irradiation hardening decreases with increasing temperature, and therefore, the ADBTT should
decrease with increasing irradiation temperature. This is what is observed for most steels
[6,8,12]. At 400-425°C, hardening generally ceases [12,13], and ADBTT decreases to a small
“value or zero [72]. This has been observed for 9Cr-1MoVND and 12Cr-1MoVW [72,13] and
MANET [16] steels and, as seen in Fig. 3 for the 7-10% Cr steels irradiated to 0.8 dpa in HFR,
the DBTT decreased with increasing irradiation temperature for all but the 9Cr-2WVTa steel [6].
Above =400°C where hardening ceases, the DBTT for all but the 9Cr-2WVTa steel appeared to
approach a constant low value, and the ADBTT approached a small value. In contrast to these
observations, the DBTT of the 9Cr-2WVTa at 450°C was larger than at 350 and 450°C.

Contrary to the 9Cr-2WVTa steel, the DBTT of the 9Cr-2WV steel decreased with increasing
temperature for irradiations at 365 and 393°C (Table 2). A similar observation was made for
the following steels irradiated in the same experiment [8]: Fe-2.25Cr-0.25V-0.1C, Fe-2.25Cr-
1W-0.25V-0.1C, Fe-2.25Cr-2W-0.1C, Fe-2.25Cr-2W-0.25V-0.1C, and Fe-12Cr-2W-0.25V-0.1C.

The difference in the effect of temperature on the 9Cr-2WVTa steel and the other steels in HFR
and FFTF, especially the 9Cr-2WV, must again be sought in the tantalum in solution, since this
is the major difference between 9Cr-2WV and 9Cr-2WVTa. The increase in DBTT with increas-
ing irradiation temperature follows if tantalum is precipitating during irradiation. Diffusion
increases with irradiation temperature, and at the higher temperature, diffusion accelerates the
precipitation of tantalum over precipitation at lower temperatures. Likewise, an increase in
fluence (dpa) will allow more irradiation-accelerated diffusion and more tantalum precipitation.
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The ductile-brittle transition is explained by the variation in flow stress with temperature and the
fracture stress for cleavage (Fig. 4) [17]. Flow stress increases with decreasing temperature,
and as temperature decreases, it eventually exceeds the cleavage fracture stress, at which
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Figure 4. ‘Schematic illustration of effect of irradiation on the transition temperature.

temperature a brittle cleavage fracture occurs (the DBTT). Irradiation causes an increase in
flow stress, which causes an increase in DBTT, assuming fracture stress is unchanged (Fig. 4).

No detailed measurements of the flow stress with temperature exist for the unirradiated and
irradiated 9Cr-2WV and 9Cr-2WVTa steels. At 365°C, there was little difference in the tensile
properties of the two steels as normalized and tempered, after thermal aging for up to 20000 h
at 365°C, and after =28 dpa at 365°C in FFTF (Fig. 1) [5§]. That means the observed differ-
ences in transition temperature for the two steels cannot be explained by irradiation hardening.
One explanation is that tantalum in solution increases the fracture stress, and then during
irradiation, precipitation of the tantalum causes the fracture stress to decrease [8].

Assuming the above hypothesis is correct, tantalum should precipitate in the 9Cr-2WVTa until
equilibrium is achieved, after which the change in DBTT should saturate with fluence. This
should also occur forthe other tantalum-containing steels shown in Fig.3, namely, F82H (0.02%
Ta) and OPTIFER la (0.07% Ta). Figure 3 shows data after 0.8 dpa, and no increase in DBTT
at the highest irradiation temperature is observed for these two steels. Rieth et al. [7] recently
published the combined data for the steels irradiated to 0.2, 0.8, and 2.5 dpa in HFR, and Fig. §
shows the results for F82H [Fig. 5(a)], OPTIFER la [Fig. 5(b)] and 9Cr-2WVTa [Fig. 5(c)}—the
tantalum-containing steels. After 2.5 dpa, the DBTT at 450°C for all three steels is higher than
it is at 350 and 400°C. The behavior of the three tantalum-containing steels contrasted with
MANET-I [Fig. 6(a)], MANET-Hl [Fig. 6(b)}], and OPTIFER-Il [Fig. 6(c)}—steels with no tantalum.
With one exception, the steels without tantalum additions do not show a DBTT after 2.5 dpa at
450°C that is above that at 350 and 400°C. The only exception is MANET-|I, where the DBTT
at 450°C is slightly higher than at 400°C, but it is well below that at 350°C.
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Figure 6. Ductile-brittle transition temperature as a function of irradiation temperature for the




It is recognized that Charpy data can contain considerable scatter. Nevertheless, the trend of
these data for the tantalum-containing F82H and OPTIFER-la appear to agree with the
suggestion that tantalum causes the inverse temperature effect for the DBTT of the 9Cr-
2W\VTa steel. A loss of tantalum from solution during the irradiation can explain these results,
- although the actual loss of tantalum needs to be confirmed. Atom probe analysis is probably
the best method to study this given the small amount of tantalum in the steels.

Figures 5 and 6 show some other interesting effects relative to the above discussion. First,
equilibrium was not established for any of the steels at the lowest temperature by 0.8 dpa (the
DBTT subsequently increased during the 2.5 dpa irradiation). Whether saturation was achieved
~ by 2.5 dpa can only be determined by higher dose experiments. Several of the steels give an
indication of saturation at 300°C, and at 350°C, saturation appears to have been reached for
most of the steels by 0.8 dpa. This should be a metastable saturation for tantalum-containing
steels, since with time (fluence), tantalum should precipitate at temperatures below 450°C
(based on the FFTF results) and have the same effect at the lower temperatures as at 450°C.

These results raise the question about the usefulness of tantalum in the 9Cr-2WVTa steel. The
increase in DBTT with fluence should continue until tantalum equilibrium is reached. Kitis
assumed that at equilibrium essentially all of the tantalum is removed from solution, the matrix
of the 9Cr-2WVTa will be similar to that of the 9Cr-2WYV (the only difference will be the few
tantalum-rich precipitates in the 9Cr-2WVTa, which do not appear to affect the strength).
Similar microstructures imply similar ADBTTs. This would seem to indicate that, although the
ADBTT of the 9Cr-2WVTa increases with dose, it should be similar to that of the 9Cr-2WV
when the tantalum in solution reaches equilibrium. This means the 9Cr-2WVTa will still have
an advantage over the 9Cr-2WV, because it had the lowest DBTT in the normalized-and-
tempered condition. That initial advantage could be due to the smaller prior-austenite grain
size of the 9Cr-2WVTa steel.

That this conclusion might be correct is seen from the observations on the 9Cr-2WV and 9Cr-
2WVTa steels after irradiation in FFTF at 393°C (Table 2). At this temperature, the ADBTT
values for the two tests for each steel were respectively 34 and 43°C for 8Cr-2WVTa compared
to 46 and 34°C for 9Cr-2WYV, thus, the large advantage for the 9Cr-2WVTa steel at 365°C is no
longer there at 393°C. With allowances for data scatter, the shifts can be concluded to be
similar. Because of the lower DBTT of the 9Cr-2WVTa before irradiation, this steel still has a
lower DBTT than the 9Cr-2WV after the 393°C irradiation.

If the above analysis is correct, the advantage for the 9Cr-2WVTa steel after precipitation of
the tantalum is attributed to the smaller prior-austenite grain size in the tantalum-containing
steel. Therefore the tantalum addition is beneficial. However, if this analysis is correct, it
should be possible to get similar results in the absence of tantalum if the grain size of the 9Cr-
2WV steel could be reduced, say by an appropriate heat treatment.

‘Summary and Conclusions

An Fe-9Cr-2W-0.25V-0.07Ta-0.1C (9Cr-2WVTa) steel shows excellent resistance to irradiation
embrittlement as manifested by the small shift in DBTT after irradiation to ~7-28 dpa at 365°C
in FFTF. Tantalum plays an important role in the exceptional irradiation resistance of the 9Cr-
2W\VTa, because the ADBTT for the 9Cr-2WVTa steel after =28 dpa at 365°C (32°C) is consid-
erably smaller than for a 9Cr-2WV steel—the same steel but without tantalum—also irradiated
to =28 dpa at 365°C (ADBTT=60 °C). The 9Cr-2WVTa steel also had excellent irradiation
resistance relative to other steels when irradiated in HFR at 250-450°C.

The 9Cr-2WVTa steel displayed differences in behavior from other steels. First, the DBTT of
the 8Cr-2WVTa steel increased continuously with fluence when irradiated at 365°C in FFTF,
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compared to the 9Cr-2WV steel that showed a saturation in ADBTT with fluence. Contrary to
most other steels of this type, the 9Cr-2WVTa steel also showed a larger DBTT and increase in
DBTT at 400-450°C than at the lower irradiation temperatures (250-350°C) in the HFR and
higher values at 393°C than 365°C in FFTF.

The increased resistance to irradiation-induced embrittlement of the 9Cr-2WVTa steel was
attributed to tantalum in solution causing in increase in the fracture stress. A precipitation of
tantalum from solution during irradiation was hypothesized to cause the difference in behavior
of a tantalum-containing steel compared to one without tantalum when fluence or temperature
is increased.
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MICROSTRUCTURAL  ANALYSIS OF FERRITIC-MARTENSITIC STEELS
IRRADIATED AT LOW TEMPERATURE IN HFIR - N. Hashimoto (Oak Ridge National
Laboratory), E. Wakai (Japan Atomic Energy Research Institute), J. P. Robertson (ORNL), and A.
F. Rowcliffe (ORNL)

OBJECTIVE

The purpose of this work is to investigate the microstructural evolution of ferritic/martensitic steel
irradiated at low temperatures to damage leveis of about 3 dpa in order to relate the microstructure
to the mechanical properties, in particular the fracture toughness and the yield strength.

SUMMARY

Disk specimens of ferritic-martensitic steel, HT9 and F82H, irradiated to damage levels of ~3 dpa at
irradiation temperatures of either ~80°C or ~250°C have been investigated by using transmission
electron microscopy. Before irradiation, tempered HT9 contained only M,,C, carbide. lrradiation
at 90°C and 250°C induced a dislocation loop density of 1x102 m™® and 8x10%' m®, respectively. In
the HT9 irradiated at 250°C, a radiation-induced phase, tentatively identified as o, was observed
with a number density of less than 1x10%° m3. On the other hand, the tempered F82H contained
MxCs and a few MC carbides; irradiation at 250°C to 3 dpa caused minor changes in these
precipitates and induced a dislocation loop density of 2x102 m®. Difference in the radiation-
induced phase and the loop microstructure may be related to differences in the post-yield
deformation behavior of the two steels. ‘

PROGRESS AND STATUS
1. Introduction

Ferritic/martensitic steels are aftractive candidate structural first wall materials for fusion reactors
[1]. Neutron irradiation at low temperature can cause an increase in the yield stress and a
decrease in the uniform elongation, as determined by tensile test. Additionally the ductile-brittie
transition temperature (DBTT) may increase and the upper shelf energy may decrease,, as
determined by a Charpy impact test. It was previously reported [2] that irradiation of HT9 to ~3 dpa
in HFIR at 250 °C resulted in an increase in yield stress of about 450 MPa accompanied by a -
reduction in uniform elongation from 12% to 6% when tested at the irradiation temperature.
Although the F82H underwent somewhat less hardening (AYS=350 MPa) at 250°C, the uniform
elongation was reduced to less than 0.5%. In spite of the loss of strain hardening capacity
observed for the F82H, the fracture toughness values of both alloys were similar at 250°C. in
addition, the F82H maintained good toughness at room temperature; on the other hand, the HT9
exhibited lower-shelf brittle behavior at room temperature.

The objective of the this study is to investigate microstructure of ferritic/martensitic steels, HT9
and F82H, irradiated at low temperatures and to damage levels of about 3 dpa in order to relate
the microstructure to the mechanical properties, in particular the fracture toughness and the yield
strength.
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2. Experimental Procedure
HT9 and F82H were included in this experiment; the compdsitions are given in Table 1. Standard

3-mm diameter transmission electron microscopy (TEM) disks were punched from 0.25-mm thick
sheet stock, and then these disk were normalized and tempered as indicated in Table 2.

Table 1. Chemical compositions of F82H and HTS (wt%). (Balance Fe)

Steel Cr Ni Mo Mn Si C N \ w Ta P S

HT2 12.1 051 1.04 057 0.17 0.20 0.027 0.28 0.45 - .016 .003
F82H 7.65 0.05 - 049 0.08 0.093 0.002 0.18 1.98 0.038 .001 .001

Table 2. Normalizing and tempering conditions for F82H and HT9.

Steel Normalizing Tempering
HT9 1.0 hat 1050°C/AC 25hat780°C/AC
F82H 0.5 hat 1040°C/AC 1.5 h at 740°C/ AC

The disks were irradiated in HFIR in the capsules of HFIR-MFE-JP-17 and JP-18 at nominal
irradiation temperatures of either 90°C or 250°C to neutron fluences producing ~3 dpa. The
helium concentration was about 2 and 30 appm in F82H and HT9, respectively.

TEM specimens were thinned using an automatic Tenupol electropolishing unit located in a hot
cell. TEM disks were examined using a JEM-2000FX (LaB,) transmission electron microscope
equipped with a special objective lens polepiece that lowers the magnetic field at the ferro-
magnetic specimen. The foil thicknesses were measured by thickness fringes in order to evaluate
quantitative defect density values.

3. Results

3.1 Microstructure of tempered HT9 and F82H

Figure 1 shows the microstructure of tempered HT9 and F82H. In both of them, dislocations were
observed with a density of about 1x10™ m2. The tempered F82H contained M,C; and a few MC
carbide, while tempered HT9 contained only M,;C, carbides. The summary of the microstructure,
dislocation and precipitates, in HT9 and F82H are given in Table 3. The tempered HT9 contains
M,;C; carbides with a number density of 7.0x10" m®and mean diameter of 310 nm. In F82H, the
number density and mean diameter of M,;Cs carbides are higher and smaller than that of tempered
HT9, as shown in table 3.

Table 3. The summary of microstructure in HT9 and F82H before irradiation.

Steel Dislocation Precipitates
Density (m?) ppt. Mean diameter (nm) Number density (m™®)
HT9 1x10"% M.sCe 310 7.0x10"®
F82H 1x10" M,,Cs 73 6.0x10®

MC 14 <1x10%°
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Fig. 1 Microstructures of HT9 (a) and F82H (b) before irradiation.

3.2. Microstructural evolution of HT9 irradiated to ~3 dpa

Figure 2 shows the dislocation segments and loops, which were obtained in HT9 after. irradiation
at 90°C and 250°C to 3 dpa using the diffraction conditions: B=[001], g= (011), (g, 5g). For HT9,
the irradiation induced dislocation loop densities of 2.5x10*' m® and 1.7x10%2 m® with mean
diameters of 5 nm and 5 nm, respectively. The dislocation loops in the specimen irradiated at
90°C were perfect types of b = a,<100> on {100} , while irradiation at 250°C induced loops of
perfect types of not only b = a,<100> on {100} but also b = (ay,/2)<111> on {111}. The total
dislocation density, which means the total line length of the dislocation loops, irradiated at 250°C
is larger than that at 90°C. Table 4 summarizes the gquantitative results for dislocation loops and
total dislocation density.

Table 4. The disloéation density of HT9 before and after irradiation at 90°C and 250°C o 3 dpa.

Condition Dislocation loop Total

' Number density (m™®) Mean diameter (nm)  Dislocation density {(m®)
Before irradiation - - <Ix10™

ir. at 90°C 2.5x10% 5 4.0x10™

Irr. at 250°C 1.7x10% 5 2.6x10%

3

HTQ contained M,,C, carbide before irradiation, the irradiation at 90°C caused minor changes in
these precipitates, but induced no other carbides. In the HT9 irradiated at 250°C, a radiation-
induced phase, tentatively identified as o/, was observed with a number density of 1x10%° m?®. Fig.
3 shows a microgragh of o precipitates, which was taken by using the 2.5 dimension method on
weak beam dark-field conditions: B=[133], g= (110), (g, 5@). The summary of precipitates before
and after irradiation at 90°C and 250°C to 3 dpa is given in Table 5.



Fig. 2 Microstructures of the dislocation segments and loops in HT9 after irradiation
at 80°C (a) and 250°C (b}, the diffraction conditions: B=[001], g= {011}, {g, 5g).

Fig. 3 A stereo-pair of o precipitates in HT9 irradiated at 250°C to 3 dpa. (a) and (b) are
taken with overfocus and underfocus conditions, respectively, on weak beam dark-field
conditions: B=[133], g= (110), (g, 59).
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Table 5. Precipitate statistics in HT9 before and aifter irradiation at 90°C and 250°C to 3 dpa.

Steel ppt. Before irradiation After irradiation (90°C) After irradiation (250°C)
Mean Number Mean Number Mean Number
diameter density (m®) diameter density (m®) diameter density (m?)
(nm) (nm) (nm)
HT9 MG, 310 7.0x10'® 310 6.8x10'8 313 6.4x10"
o - - - - <4 <1x10%°

3.3. Microstructure of F82H irradiated to ~3 dpa

Figure 4 shows the dislocation segments and loops, which formed on {111} planes with
(a/2)<111> Burgers vectors, in F82H after irradiation at 250°C to 3 dpa. The irradiation at-250°C
induced a higher dislocation loop density of 2x10%2 m*® with a larger mean diameter of 8 nm in
F82H than that in HT-9 (5x10%' m® with 5 nm). Table 6 summarizes the quantitative results of
dislocation loops and total dislocation density.

Table 6. The dislocation density of F82H before and after irradiation at 250°C.

Condition Dislocation loop Total

Number density (m®)  Mean diameter (nm)  Dislocation density (m®)
Before irradiation 1x10%
Irr. at 250°C 2x10% 8 5x10'¢

Fig. 4 Microsgraphs of the dislocation segments and loops in F82H after irradiation at
250°C to 3 dpa. (a) is a bright-field image and (b) is a dark-field image on weak beam
dark-field conditions: B=[133], g= (110}, (g, 3g).
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Before irradiation, the tempered F82H contained M,,C, and a few MC carbides. The irradiation at
250°C to 3 dpa caused minor changes in these precipitates. Table 7 shows summary of
precipitates in F82H before and after irradiation at 250°C to 3 dpa. lrradiation at 250°C to 3 dpa
caused only minor changes in these precipitates.

Table 7. Precipitate statistics in F82H before and after irradiation at 250°C up to 3 dpa.

Before irradiation After irradiation (250°C, 3 dpa)

ppt. Meandiameter Number density ppt. Mean diameter Number density
(nm) (m*®) (nm) (m®)

M..Cs 73 6.0x10"° M,.Cq 73 5.8x10"°

MC 14 <1x10%° MC 13 1x10%°

4. Discussion

It is well known that ferritic steels have excellent swelling resistance among the alloys considered
for fusion structural applications. In this study, the neutron irradiation induced no cavities in both
the HT9 and the F82H because of the low irradiation temperatures and low dose.

Before irradiation, there was a significant difference in the distribution of precipitates between the
HT9 and the F82H. The HT9 contained a larger amount of M,;C, carbides than the F82H, which is
attributed to the HT9 having twice as much carbon. There were no MC carbides in the HT9. The
irradiation caused little change in the M,,C; and the MC carbides in both alloys, while, in the HT9
irradiated at 250°C, a low density of precipitates, tentatively identified of, formed in the matrix.
These small particles were detected by using the 2.5 dimension méthod on weak beam dark-field
conditions. It is generally believed that in high-chromium ferritic steels, there is a possibility to form
aging emblittiement due to the formation of o’-phase through either spinodal decomposition or
nucleation and growth, depending on the aging temperature [3]. Under irradiation, however, the
critical content of chromium necessary to form o’-phase may be lower than that during thermal
aging. Previous studies of irradiated 12Cr steel [4-6] also reported the particles and identified
them as chromium-enriched o’-phase. Mechanical property studies indicate that the HT9 showed
a large shift in ductile-brittle transition temperature (DBTT) and a reductions of fracture toughness
after irradiation to 3 dpa at 250°C. On the other hand, in the F82H irradiated at 250°C to 3 dpa, the
shift of DBTT and the decrease in fracture toughness were less than that in HT9. As discussed in
a previous paper [7], it is believed that this phase formed in HT9 may contribute to the decrease in
toughness.

The irradiation of HT9 at 90°C and 250°C induced dislocation loops which were perfect types of
b= a,<100> on {100} and/or b = (a,/2)<111> on {111}. Total disiocation density irradiated at
250°C is larger than that at 90°C because of the higher number density. On the other hand,
irradiation of F82H at 250°C induced dislocation loops on {111} planes with (ay/2)<111> Burgers
vectors. In Fe-Cr binary alloys, with respect to dislocation evolution in an initially almost
dislocation-free condition, interstitial type dislocation loops with an a,<100> and/or (a,/2)<111>
Burgers vector develop during irradiation [8,9]. According to an investigation of dislocation loop
evolution in ferritic alloys irradiated to high fluence [10,11], the a,<100> type dislocation loops
were sensitive to chromium content and a number of a,<100> type disiocation loops were
present in Fe-12Cr alloy irradiated at 420°C to 140 dpa, while in the Fe-6Cr and Fe-9Cr alloys, their
number density was extremely low. This difference of the nucleation of interstitial loops could be
explained by chromium stabilization of interstitial clusters, and/or o' precipitation promotes the
loop nucleation in Fe-12Cr alioy. On the other hand, according to previous paper which
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investigated a relationship between type of dislocation loop and content of interstitial impurities,
there is a tendency for a,<100> type loop to form in low-purity alloys [12]. The HT9 used in this
study has twice as much carbon and ten times as much nitrogen as the F82H, and there is a
possibility that the difference in impurity content affects loop formation. The growth rate of loops
should be controlled by not only dislocation bias for interstitials and vacancies but also the
stability, i.e., the strain energy, of loops [12], the differences of the growth rate and the number
density between a,<100> and (a/2)<111> type loops at lower temperature - should be
investigated. It is possible that these differences. in evolution of dislocation loops and radiation-
induced phases during irradiation could be related to the different post-yield deformation
behavior observed in the two alloys.

FUTURE WORK

Further analysis will be carried out of the relationships between the microstructural parameters and
the measured flow and fracture properties.
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PROGRESS REPORT ON THE INFLUENCE OF TEST TEMPERATURE AND GRAIN
BOUNDARY CHEMISTRY ON THE FRACTURE BEHAVIOR OF ITER COPPER ALLOYS
— M. Li, J. F. Stubbins (University of lIlmons), D. J. Edwards (Pacific Northwest National
Laboratory)

OBJECTIVE

The objective of this study is to determine the effects of temperature, changes in grain
boundary chemistry and changes in other microstructural features on the tensile and fracture
behavior of GlidCop™ CuAl25, Hycon 3HP CuNiBe, and Elbrodur CuCrZr at elevated
temperatures.

SUMMARY

This collaborative study was initiated to determine mechanical properties at elevated
temperatures of various copper alloys by University of lllinois and Pacific Northwestern
National Lab (PNNL) with support of OMG Americas, Inc. and Brush Wellman, Inc. This
report includes current experimental results on notch tensile tests and pre-cracked bend bar
tests on these materials at room temperature, 200 and 300°C. The elevated temperature
tests were performed in vacuum and indicate that a decrease in fracture resistance with
increasing temperature, as seen in previous investigations. While the causes for the
decreases in fracture resistance are still not clear, the current results indicate that
environmental effects are likely less important in the process than formerly assumed.

PROGRESS AND STATUS
1. Introduction

High strength, high conductivity copper alloys have been considered as candidate materials
for first wall and divertor heat sink applications in the proposed International Thermonuclear
Experimental Reactor (ITER) [1]. Three different copper alloys are under consideration,
namely dispersion-strengthened CuAlI25 alloy, and precipitation- hardened CuNiBe and
CuCrZr alloys. This study focuses on the following copper alloys: Gthop CuAl25, Hycon
3HP CuNiBe, and Elbrodur CuCrZr. Although the processing and microstructures of these
three alloys are quite different, the general trend for each alloy is that the tensile properties
and fracture toughness decrease as temperature increases, and in the case of the CuAl25
and CuNiBe, the fracture toughness drops very rapidly at T >200°C [2]. The toughness
degradation with increasing temperature has been presumed to be related to an
environmental effect and/or an impurity effect. However, no evidence supports the idea that
the environmental effect is the only factor responsible for the poor toughness. Vacuum tests
still showed that the fracture toughness of CuAl25, CuNiBe decreases with increasing
temperature. - This study focused on the effects of temperature and grain boundary
chemistry change on fracture behaviors of three copper alloys.

2. Experimental Procedures

Three copper alloys, GlidCop™ CuAl25, Hycon 3HP CuNiBe, and Elbrodur CuCrZr were
tested at room temperature, 200 and 300°C, and analyzed by optical microscopy, scanning
electron microscopy, and Auger electron microscopy.
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~ The GlidCop™ CuAI25 (Heat #C-8064, ITER grade 0) was supplied by OMG Americas, Inc.
in the form of 1 inch thick plate with a pure copper cladding. It was in the cross-rolled and
annealed condition, and boron deoxidized. The grain size is about 4 um in width and 15 pm
in length [3]. The Hycon 3HP CuNiBe (Heat #46546) was supplied by Brush Wellman, Inc.
in the form of 1.25 inch thick plate. The plates were in the HT temper condition (cold worked
and aged), and then heat-treated again to produce an AT tempered condition (solutionized,
quenched, and aged). It has equiaxed grains of about 40 um [3]. The Elbrodur CuCrZr
(Heat # AN4946) was supplied by S. J. Zinkle in the cold worked and aged condition (F37
temper). This copper alloy has grains 25 um in width and 48 um in length [3]. The chemical
compositions of the three copper alloys are listed in Table 1.

Table 1 Chemical Composition (wt%) of three copper alloys

Materials Chemical Composition (wt%)

GlidCop™ CuAl25 | 0.25 Al | 23ppmFe | 6ppm Pb | ~250ppm B | 10ppm S

Hycon 3HP CuNiBe | 0.35 Be 1.92 Ni <0.01 Co <0.01 Fe <0.03 Cr

Eibrodur CuCrZr 0.65 Cr 0.10 Zr / / /

Fracture toughness tests were performed on an MTS closed-loop servohydraulic test frame
with the test furnace system (Model FR210), which allow elevated temperature fracture
testing in vacuum. The nominal oxygen partial pressure was 2.57x1 07" Torr and the nominal
water partial pressure was 1.23x1 0° Torr. Tungsten mesh heating element and
molybdenum heat shields for operation to 1700°C in vacuum provide the usable work zone
of 89mm in diameter and 127mm in height. Specimen temperatures were monitored and
controlled by two Type K thermocouples attached to the specimen surface. Extensometry
was achieved with a capacitive displacement device (Capacitec, Model 3201-SP ampilifier
and Model HPT-150 probe) which produces a voltage proportional to the gap spacing
between the probe and the grounded plate. MTS 0.2" extensometer was used to calibrate
the Capacitec probe at room temperature for each alloy. Fracture toughness tests over
three temperatures, RT, 200, and 300°C, were conducted with notched tensile specimens
and four-point bending bar specimens. Room temperature tests were performed in air, and
high temperature tests were performed in vacuum. The heating rate was approximately
3.5°C/min for the elevated temperature tests. After reaching the desired temperature, the
specimen was held in vacuum at temperature for approximately 0.5 hour to stabilize the
temperature before loading. All fracture toughness tests were controlled with specialized
LABVIEW software. For both notched tensile fracture tests and four-point bend tests, the
same strain rates were chosen for each alloy considering the strain rate sensitivity of three
copper alloysm. The geometry of notched tensile specimens and four-point bending
specimens is shown in figure 1. The notched tensile specimens were oriented in the L-S
orientation with the notches perpendicular to the rolling direction. These specimens could
not be fatigue-precracked because of relatively small diameter of notched section. A cross-
head speed of 0.006 mm/sec was chosen consistent with ASTM E399. This cross-head
speed corresponds to the strain rate of order of 10 s, which is typically used in static
fracture toughness tests. The four-point bend specimens were oriented in the L-S orientation
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also with the notches perpendicular to the rolling direction. Dimensions of the as-received
materials and the limitation of the vacuum chamber size prevent the use of ASTM standard
size specimens. Efforts were made to satisfy ASTM standard in testing practice as closely
as possible. The fatigue precracking from the notches was performed at room temperature
in air prior to testing. Cyclical loading with the ratio of minimum to maximum load of 0.1 was
chosen for cycles between 10° and 10° depending on the alloy. Sine waveform was used
with the frequency of 3 Hz. In order to monitor the crack growth with microscope, the
specimens were polished with 6 micron diamond polish before precracking. The nominal
crack length (total length of the notch plus the fatigue crack) was about 0.3 to 0.4 of width.
According to ASTM E399, the crosshead speed for fracture testing was chosen as
0.013mm/sec. The crack length measurements were confirmed with traveling microscopes.

A Perkin Elmer Phi 660 Auger microprobe was used to examine the fracture surface
chemistry of the notched tensile specimens. To minimize oxidation of the fracture surfaces,
failed specimens were unloaded and cut into Auger specimens in about haif an hour. They
were then kept under vacuum. Fractographic observations were made with a Hitachi S-800
SEM operated at 10 kV. Typical fracture surfaces are examined to identify the features
relating to the fracture micromechanisms. Optical microscopy was used to examine the
macroscopic characteristics of plastic zones and fracture surfaces of the specimens.

6.0mmé _I__
25.0mm
0.0 Is.smm,,
radius I ¥ Q ¢ 3.0mm ¢ 0.05mm
7.0mm 68.1 }‘ %%s;n\ =
. .Imm \
3.0mm¢ T Rolling direct; musm .
olling direction sgl L& %— ‘:’«'
N i 035 mm
: !‘ 805 mm
66mm i
I Dx‘Z ik
.15 mm

Figure 1. Geometry and size of notched tensile specimen and four-point bending specimen

3. Results

3.1 Fracture behavior of copper alloys

The plastic deformation and fracture behavior were found to be quite different among three
copper alloys. Figure 2 shows load-displacement curves of notched tensile specimens for
the three copper alloys at each of three test temperatures. Displacements were converted
from Capacitec extension data by the calibration of extensometer at room temperature.
GlidCop M CuAl25 shows significant plastic deformation over three temperatures. The
fracture loads decrease as temperature increases. Elbrodur CuCrZr shows larger plastic
deformation compared with GlidCopTM CuAl25. Hycon 3HP CuNiBe shows relatively brittle
behavior at all three temperatures compared with GIidCcpTM CuAl25 and Elbrodur CuCrZr.
Moreover, as temperature increases, brittle fracture in CuNiBe alloy is more evident, and the
fracture loads decrease significantly. In order to compare the fracture behavior of each




copper alloy, fracture energy was obtained by integrating the area under each load-
displacement curve. Figure 3 shows fracture energy versus temperatures of notched tensile
specimens for three copper alloys. Fracture energy of GlidCop™ CuAl25 and Hycon 3HP
CuNiBe decreases rapidly as the test temperature increases. For Elbrodur CuCrZr, the
fracture energy does not show much change at 200°C, but decrease at 300°C. The fracture
energy was also quite different at each test temperature depending on the material.
Comparing these three alloys, fracture energy of CuCrZr is highest, and fracture energy of
CuNiBe is lowest over the three temperatures. Figure 4 shows comparison of fracture
energy with fracture toughness in the range of temperature 20°C to 300°C. The fracture
toughness data were reported by D. J. Alexander [4]. All of these three copper alloys show
similar trends of fracture energy decreases to fracture toughness decreases with increasing
temperature. This comparison suggests that the relative fracture behavior of these copper
alloys can be evaluated by simple tension tests. This is very useful for study of fracture
micromechanism analysis where the exact values of fracture toughness are not critical.

A1: CuAl25 at 20C in Air
A2: CuAl25 at 200C in Vac
A3: CuAl25 at 300C in Vac
B1: CuNiBe at 20C in Air
B2: CuNiBe at 200C in Vac
B3: CuNiBe at 300C in Vac
C1: CuCrZr at 20C in Air
C2: CuCrZr at 200C in Vac
C3: CuCrZr at 300C in Vac
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Figure 2. Load vs. displacement of notched tensile specimens for three copper alloys
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3.2 Fracture surface analysis

The fracture surfaces of the notched tensile specimens were examined by SEM to identify the
significant features relating to the fracture performance.. A macroscopic comparison of room
temperature and 200°C conditions on the fracture surfaces for CuAl25 indicates that the fracture
surfaces of both specimens are reasonably flat. A close examination of failure surfaces shows
that at 20 and 200°C, both specimens have a large amount of plasticity-induced microvoid
formation, which can be seen in figure 5. Figure 6 shows the failure surfaces of CuNiBe tested at
20, 200, and 300°C. All specimens show mixed modes of transgranular fracture and
intergranular fracture; the percentage of intergranular fracture increases as the test temperature
increases. This percentage increase of intergranular fracture corresponds to the fracture energy
change at the different temperatures. Fractographic examinations of CuCrZr alloy over three
temperatures are shown in figure 7. Microvoid coalescence is the main fracture mechanism for
CuCrZr alloy at all test temperatures. The depth and width of the observed dimples are very
similar at all three temperatures. Compared to CuAl25, the dimple size of CuCrZr alloy is larger
than that of CuAl25 alloy. At higher magnification, cracking second-phase particles are visible
inside dimples.

The fracture surface chemistry was thoroughly analyzed by Auger Electron Spectroscopy. Auger
spectra were taken from fracture surfaces of CuAl25 tested at room temperature and 200°C
temperature.  Significant oxygen, carbon and chlorine are presented on fracture surfaces.
Chlorine was probably from lab water vaporization. No aluminum was observed. Chemical
mapping of chlorine and copper on CuAl25 failure surface at 200°C does not provide much
information. Auger spectra were also taken on fracture surfaces on CuNiBe at 300°C
temperature. Both area-analysis and point-analysis show significant amount of oxygen, carbon,
silicon and chlorine. No beryllium segregation near grain boundaries can be detected.
Composition-depth profiles on and adjacent to grain boundaries on the fracture surface of
CuNiBe at 300°C do not show much difference in the distribution of beryllium and nickel. Auger
analysis on the fracture surfaces of CuCrZr alloy tested at 300°C shows similar results. These
results are clouded by the formation of oxides at the free fracture surfaces. Continuing work
aimed at addressing this problem.

20°C 200°C

Figure 5. SEM fractographs of the fracture surfaces of notched tensile
specimens for CuAI25



20 °C

200 °C

300 °C

Figure 6. SEM fractographs of the fracture surfaces of notched tensiie
specimens for CuNiBe
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20 °C

300 °C

Figure 7. SEM fractographs of the fracture surfaces of notched tensile
specimens for CuCrZr




3.3 Fracture behavior analysis on four-point bending specimens

The precracked four-point bend specimens were used for fracture toughness tests to
determine temperature effects. Subsize specimens were intended for J-integral fracture
toughness tests. Limitation in the specimen dimension and the testing machine prevented
valid J-integral fracture tests. Measurements of fracture toughness, Kq, succeeded on
CuNiBe alloy, but faited on CuAl25 and CuCrZr alloys due to rather ductile behavior in these
cases. The Kq measurements for CuNiBe alloy are shown in figure 8. The plot shows that
fracture toughness decreases rapidly as the temperature increases. Compared to the data
from Alexander [4], significant differences exit for the room temperature value (figure 9),
most likely due to constraint considerations at the most ductile condition.
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Figure 8. Fracture toughness vs.
temperature of four-point bending tests for
CuNiBe

Although no valid fracture toughness values were obtained on CuAI25 and CuCrZr alloys,
the macroscopic observations of failed specimens of three copper alloys by optical
microscopy show quite different fracture features, see figure 10. The CuCrZr alioy shows
significant plastic zones at both room temperature and 300°C. There is no visible crack
growth. CuAl25 alloy shows similar plastic zone characteristic o the CuCrZr alloy at room
temperature test. However, the fracture features at markedly different at 300°C.

It is interesting to note that not only a relatively large plastic zone is formed around the initial
crack, but also two cracks extend in opposite directions perpendicular to the initial crack
direction. This indicates the strong preference for crack growth along the rolling directions
instead of the initial crack direction. The CuNiBe specimen shows an initial shear crack
growth mode at room temperature. At 300°C, the crack extends straight along the initial
crack direction.

Discussion

The main purpose of this study was to investigate the effect of temperature on the fracture
behavior and the fracture mechanisms of copper alloys at high temperatures. While it is
most convenient to evaluate the fracture toughness by standard procedures, the limitation in
the dimension of the material and other factors necessitates the development of a non-
standard method, mostly the design of a non-standard specimen geometry. Notch tension
testing is an atiractive method for obtaining a fast inexpensive estimate of a material’s
toughness with reasonable accuracy. Fracture energy of notched tensile specimens for
copper alloys gives the relative accurate evaluation of fracture toughness of materials.
Notch tension testing provides a useful estimation of fracture behavior in case that focus is
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(a) Fracture feature of four-point bending specimen for CuAl25 at
300°C test at low magnification and high magnification

Zmm

20 300°C

(b) Fracture features of four-point bending specimen for CuNiBe at
20 and 300°C tests

Zreavs Zmm

20°C 300°C

(c) Fracture features of four-point bending specimen for CuCrZr at
20and at 300°C tests

Figure 10. Fracture features of four-point bending specimens of
three copper alloys




on the fracture mechanism analysis. Due to the small diameter of notched section, it was
not possible to fatigue-precrack the notched tensile specimens. This might be one of
reasons that fracture testing at elevated temperature results in transgranutar fracture mode
instead of expected intergranular fracture mode. Most of the fracture energy was likely
consumed in the crack initiation processes.

All elevated temperature fracture tests were performed in vacuum. Both notched tensile
fracture tests and four-point bending fracture tests indicate that the fracture behaviors of
three copper alloys degraded as temperature increased, however, CuCrZr shows less
degradation compared to CuAl25 and CuNiBe alloys. The literature suggests that
environmental effects could be a factor responsible for the poor fracture toughness of copper
alloys [4]. This study provides the evidence that an environmental effect can not be the
predominant cause of poor fracture toughness.

The SEM fracture surface morphology reveals that CuNiBe shows mixed intergranular and
transgranular fracture modes. This intergranular fracture can result from a number of
processes. Microvoid nucleation and coalescence at inclusions or second-phase particles
located along grain boundaries, grain boundary crack and cavity formation associated with
elevated temperature stress rupture, decohesion between contiguous grains due to the
presence of brittle elements at grain boundaries, and insufficient number of independent slip
systems to accommodate plastic deformation between contiguous grains could be the cause
of grain boundary separation [3]. Be is believed to be the most critical element concerning
intergranufar fracture of CuNiBe. For CuCrZr alloy, tests at all three temperatures show
similar microvoid coalescence fracture mechanism. Second-phase particle cracking provided
the nucleation sites of microvoids. Compared to CuNiBe and CuCrZr alioys, it is more
complicated to identify the fracture mechanism of CuAl25 alloy. Both notched tensile tests
and four-point bending fracture tests show that fracture behavior degrades relatlvely rapidly
with increasing temperature.
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COMPARISON OF PROPERTIES AND MICROSTRUCTURES OF TREFIMETAUX AND
HYCON 3HP™ AFTER NEUTON IRRADIATION - D.J. Edwards (Pacific Northwest National
Laboratory)’, B.N. Singh, P. Toft and M. Eldrup (Ris@ National Laboratory)

(Summary of a presentation at the 19" International Symposium on the Effects of Radiation
on Materials in Seattle, WA, June. 1998)

EXTENDED ABSTRACT

The precipitation strengthened CuNiBe alloys are among three candidate copper alloys being
evaluated for application in the first wall, divertor, and limiter components of ITER. Generally,
CuNiBe alloys have higher strength but poorer conductivity compared to CuCrZr and Cu-
AlLO; alloys. Brush-Wellman Inc. has manufactured an improved version of their Hycon
CuNiBe alloy that has higher conductivity while maintaining a reasonabie level strength {1,2].
It is of interest, therefore, to investigate the effect of irradiation on the physical and
mechanical properties of this alloy.

In the present work we have investigated the physical and mechanical properties of the
Hycon 3HP™ alloy both before and after neutron irradiation and have compared its
microstructure and properties with the European CuNiBe candidate alloy manufactured by
Tréfimétaux. Tensile specimens of both alloys were irradiated in the DR-3 reactor at Risg to
displacement dose levels up to 0.3 dpa at 100, 250 and 350°C. Both alloys were tensile
tested in the unirradiated and irradiated conditions at 100, 250 and 350°C. Both pre- and
post-irradiation microstructures of the alloys were investigated in detail using transmission
electron microscopy. Fracture surfaces were examined under a scanning electron
microscope. Electrical resistivity measurements were made on tensile specimens before and
after irradiation; all measurements were made at 23°C.

In the unirradiated condition the Tréfimétaux alloy possesses a higher density of smaller
precipitates, producing a lower yield strength and much lower electrical conductivity than in
the case of the Hycon alloy. Both alloys proved to be susceptible to embrittiement when the
test temperature exceeded 250°C, exhibiting a transition from a ductile transgranular failure
mode to a combination of ductile/brittle intergranular failure.

Irradiation clearly alters the microstructure and solute distribution within both alloys.
Changes in the electrical conductivity (Table 1) and the size distributions of the precipitates
(Fig. 1), evolution of the precipitate reflections in the diffraction patterns, as well as
precipitation within the prior denuded zones, indicate that dissolution and reprecipitation
occur at all irradiation temperatures to some extent depending on the irradiation conditions.
The effect of irradiation is also seen in the mechanical properties (Table 2, Figure 2).
Irradiation increases the susceptibility to embrittlement when tested above 250°C, while the
large increases in strength that occur when irradiated and tested at 100°C suggest that
radiation-induced redistribution of the solute is occurring, possibly forming small nanoscale
precipitates that have not yet been observed. Various researchers [3-8] and the evidence
provided in this report suggest that more than one mechanism may be responsible for the
embrittlement that occurs at temperatures > 200°C, mechanisms such as solute segregation
to the grain boundaries and oxygen adsorption. The effect of oxygen and possibly other

* Pacific Northwest National Laboratory (PNNL) is operated for the U.S. Department of
Energy by Battelle Memorial Institute under contract DE-AC06-76RLO-1830.




s needs to be investigated more thoroughly through controlled experiments that
the effects of temperature and strength as well as irradiation.

he Tréfimétaux alloy may simply require different thermomechanical processing to

Ay e its overall behavior, at present the Hycon alloy appears to be the best alloy for lower

\: \1 rature applications, especially considering its higher electrical conductivity and higher

Y th. Careful evaluation of this material to determine the fracture toughness and crack

\)‘. X\ gation characteristics at lower irradiation temperatures over a range of doses would
- useful. ’

N

At this point it seems unlikely that CuNiBe alloys can be recommended for applications in
neutron environments where the irradiation temperature exceeds 200°C. Applications at
temperatures below 200°C might be plausible, but only after careful experiments have
determined the dose dependence of the mechanical properties and the effect of sudden
temperature excursions on the material to establish the limits on the use of the alloy.
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Table 1. Electrical Conductivity of Unirradiated CuNiBe Alloys and Irradiated

to 0.1 and 0.3 dpa at Various Temperatures.

Alloy Irradiation Temperature (°C) Relative Conductivity (%)
Unirradiated 426
Tréfimétaux 100 414
CuNiBe 250 43
350 50.1
Unirradiated 64.6
100 54.9
Hycon 3HP™ 250, 0.1 dpa 59.9
250, 0.3 dpa 53.9
350




Table 2. Tensile Results on Unirradiated CuNiBe Alloys and
Irradiated to 0.1 and 0.3 dpa at Various Temperatures.

Al Irradiation Co2 Omax €, Erotal
oy
Temperature (°C) | (MPa) (MPa) (%) {%)
Unirradiata_ v
585 826 23.8 28.3
22°C
Unirradiated
590 824 214 28.8
100°C
Unirradiated 630 : 825 15.0 19.0
Tréfimét .0 .
réfimétaux 250°C
CuNiBe
Unirradiated
Not specimens tested
350°C
100 885 940 3.3 5.9
250 690 705 0.3 1.5
350 Specimen broke in mount
Unifradiated 22°C | 720 800 72 | 102
Unirradiated 100°C | 720 780 7.2 114
Unirradiated
690 730 3.0 51
250°C
Unirradiated
100 810 840 0.8 4.5
250, 0.1 dpa 670 705 1.0 3.4
250, 0.3 dpa 620 660 1.0 3.1
350 405 Broke prematurely




187

30
— | nirrad
Hycon 3HP — 15‘(‘)‘?
25 | m—— 250C

Frequency (%)

0 5 10 15 20 25 30

Precipitate Diameter (nm)

Figure 1. Size distribution of the y” precipitates in the unirradiated and irradiated Hycon
alloy after irradiation to 0.3 dpa. Note that the size distribution broadens as the
irradiation temperature is increased.
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Yield strength of the irradiated CuNiBe alloys as a function of test temperature.
Note that at T, = 350°C both alloys failed prematurely or during specimen
mounting for testing, evidence of the exireme embrittlement caused by
irradiation.




189

TENSILE AND ELECTRICAL PROPERTIES OF HIGH-STRENGTH HIGH-
CONDUCTIVITY COPPER ALLOYS — S.J. Zinkle and W.S. Eatherly (Oak Ridge National
Laboratory)

OBJECTIVE

The objective of this report is to summarize recent data on the electrical conductivity and tensile
properties of CuCrNb and low-temperature diffusion bonded CuCrZr alloys

SUMMARY

Electrical conductivity and tensile properties have been measured on an extruded and annealed
CuCrNb dispersion strengthened copper alioy which has been developed for demanding
aerospace high heat flux applications. The properties of this alloy are somewhat inferior to
GlidCop dispersion strengthened copper and prime-aged CuCrZr over the temperature range of
20-500°C. However, if the property degradation in CuCrZr due to joining operations and the
anisotropic properties of GlidCop in the short transverse direction are taken into consideration,
CuCrNb may be a suitable alternative material for high heat flux structural applications in fusion
energy devices. The electrical conductivity and tensile properties of CuCrZr that was solution
annealed and then simultaneously aged and diffusion bonded are also summarized. A severe
reduction in tensile elongation is observed in the diffusion bonded joint, particularly if a thin
copper shim is not placed in the diffusion bondline.

PROGRESS AND STATUS
Introduction

High-strength copper alloys are being considered for the divertor structure and first wall heat sink
of the proposed International Thermonuclear Experimental Reacior, as well as the centerpost
magnet in low aspect ratio tokamaks. The unirradiated electrical conductivity and mechanical
properties of several candidate high-strength, high-conductivity copper alloys have been
recently measured, including GlidCop Al25 (IG0) dispersion strengthened copper produced by
OMG Americas, Hycon 3HP CuNiBe produced by Brush-Wellman, and CuCrZr produced by
Kabelmetal and Zollern [1-4]. The effect of various heat treatment cycles including simulation hot
isostatic pressure (HIP) and diffusion bonding treatments with fast or slow cooling have been
investigated to a limited degree [3,4].

In order to provide additional data on high strength, high conductivity copper alioys, eiectrical
conductivity and tensile measurements were initiated on an alternative dispersion strengthened
copper alloy that is being considered for aerospace applications (Cu-8at.%Cr -4at.%Nb). The
CuCrNb alloy contains a moderate density of refractory Cr,Nb precipitates which are resistant to
particle coarsening for heat treatment temperatures approaching the melting point of copper [5-
7]. This alloy has been reported to exhibit superior tensile strengths compared to conventional
copper alloys such as precipitation hardened NARIloy Z, Cu-3%Ag-0.5%Zr [6]. However, there is
very little published information on the electrical or thermal conductivity of CuCrNb, and alsc there
is no known published information on the eifect of specimen orientation (longitudinal vs.
transverse).

The results of tensile tests on CuCrZr which had been solution quenched and simuitaneously
aged and HIP diffusion bonded are also reported in this contribution.




Experimental Procedure

The CuCrNb was extruded at NASA-Lewis and then exposed to a simulated brazing cycle of
925°C for 1 h. Type SS3 sheet tensile specimens and miniature disk compact tension specimens
in both longitudinal and transverse orientations were machined from the 0.71 x 2.8 x 10.7 cm
strip. The 2 cm thick plate of Cu-0.65%Cr-0.10%Zr (Elbrodur G ) obtained by Boeing was
fabricated by KM-Kabelmetal, Osnabriick, Germany as an F37 (solution quenched, cold-worked
.and aged) temper, heat #AN4946. According to the vendor’s specifications, the F37 temper
produced a room temperature yield strength of 363 MPa and an electrical conductivity of 90%
IACS. The CuCrZr plate was subsequently solution annealed for 1 h at 980°C and water
guenched at Boeing, machined, and then HIP diffusion bonded at 500°C for 3 h at a pressure of
207 MPa. The diffusion bonded components were then shipped to ORNL, and miniature type
SS-3 sheet tensile specimens (gage dimensions 7.6 x 1.5 x 0.76 mm) were machined such that
the diffusion bondline was contained in the central portion of the gage region. Since the height
of the diffusion bonded component was approximately 2 cm, the 2.54 cm long SS-3 specimens
were machined at an inclined angle of ~35 degrees.

Four-point probe electrical resistivity measurements were performed at room temperature on a
total of 4 to 6 diiferent SS-3 sheet tensile specimens for each of the thermomechanical
conditions, using procedures summarized elsewhere [1]. The temperature was recorded for
each measurement and the resistivity data were corrected to a reference temperature of 20°C
usmg the copper resistivity temperature coefficient of dp/dT 6.7 x 107" Q-m/K. Nonuniformities
in the width and thickness in the specimen gage region caused the typical experimental
uncertainty of individual resistivity measurements to be +0.5%. The relation 17.241 nQ-m=100%
IACS (international annealed copper standard) was used to convert the resistivity measurements
to electrical conductivity values.

The tensile properties of the 8S-3 sheet tensile specimens were measured at crosshead speeds
of 0.0016 to 0.42 mm/s, which corresponds to initial strain rates of 2.1 x 10 to0 0.056 s in the
gage region, respectively. The room temperature tests were performed in air, and the elevated
temperature tests were performed in vacuum (10 to 10° torr). One specimen was tested in an
Instron servohydraulic machine for each experimental condition. The tensile properties were
determined from graphical analysis of the chart recorder curves. A plastic deformation offset of
0.2% was used for measuring the yield strength.

Results and Discussion

The room temperature electrical conductivities of the Cu-8Cr-4Nb and diffusion bonded CuCrZr
specimens are listed in Table 1. The CuCrZr specimens exhibited high conductivity values. The
CuCrNb specimens had conductivities comparable to that measured in the higher conductivity
heats of Hycon 3HP CuNiBe [1].

Table 1. Room temperature elecirical properties measured in the present study.

Alloy and heat treatment Meas. resistivity at 20°C | Electrical conductivity
Cu-8Cr-4Nb, extruded & annealed
longitudinal 23.50 nQ-m 73.4+0.8% IACS
transverse 23.61 nQ-m 73.0+1.0% IACS
Kabelmetal CuCrZr, diffusion bonded .
with 0.13 mm Cu shim : 19.12 nQ-m 90.1+0.7% IACS
without Cu shim 19.50 nQ-m 88.4+0.3% IACS
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The tensile properties of the Cu-8Cr-4Nb specimens tested at different strain rates are listed in
Table 2. The ultimate strength decreases by about a factor of two between room temperature
and 500°C , with no significant difference between longitudinal and transverse orientations. The
uniform and total elongations were high at all test temperatures up to 500°C. The strength and
elongation generally increased with increasing strain rate, in agreement with previous studies on
copper alloys [2,4]. The measured tensile strengths are rather impressive, considering that the
material was annealed at 925°C for 1 h prior to testing. Such a high temperature annealing would
produce dramatic softening in CuCrZr or CuNiBe precipitation hardened alloys. The yieid and
ultimate strengths of the annealed CuCrNb at test temperatures of 20-500°C are about 10 to 20%
lower than that of CuCrZr in the ITER solutionized and aged condition. The yield and ultimate
strength of the annealed CuCrNb is about 10% larger than for CuCrZr that was given a simulated
diffusion bond heat treatment at ~950°C with a moderate gas quench (~2°C/s) followed by
thermal aging at 475 for 2 h [3].

Table 2. Summary of extruded and high temperature annealed Cu-8Cr-4Nb tensile test results.

Orientation, | Temperature | strain rate Yield Ultimate Uniform Total
ID number (0 s Strength Strength Elongation| Elongation
(MPa) (MPa) (%) (%)
fongitudinal
CNO2 20 1.1x10° 219 397 16.4 22.6
CNO3 200 1.1 x 10 201 308 12.8 22.0
CNO1 ) 300 2.1x 10" 170 238 10.7 18.6
CN04 300 1.1x 107 155 253 12.9 23.0
CNO06 300 0.056 247 280 10.7 22.3
CNO5 500 1.1x10° 147 203 8.5 17.6
transverse
CNO7 20 2.1 x 10% 213 370 16.1 21.7
CNO08 20 1.1 x10° 274 387 16.1 21.9
CNO9 200 1.1 x10” 189 306 14.9 25.0
CN10 300 1.1 x 10” 159 248 12.4 21.4
CN12 300 0.056 199 279 14.3 21.0
CN11 500 1.1 x 10° 146 196 10.4 17.5

The fracture toughness measurements on CuCrNb [8] indicated values of about 55 MPa-m"? for
the T-L orientation and ~65 MPa-m'? for the L-T orientation over the temperature range of 20-
250°C. These values are much lower than the fracture toughness measured for CuCrZr in both
the ITER heat treatment condition (210 MPa-m'? at 20°C and ~145 MPa-m'? at 250 C for both
orientations) and for a simulated gas quench (~2°C/s) and aged condition that is representative of
a divertor module diffusion bond thermai cycle (219 MPa-m'* at 20°C and 152 MPa-m'? at 250°C)
{8]. Therefore, the extruded and annealed CuCrNb base metal does not appear to offer any clear
advantages over the CuCrZr alloy for ITER applications since the tensile properties and the
electrical conductivity are comparabie whereas the fracture toughness is much lower than CuCrZr.
The effects of irradiation on the mechanical properties of CuCrNb are not known.




Table 3 summarizes the tensile property measurements performed on the diffusion bonded
CuCrZr specimens. The tensile strength was considerably lower than that of CuCrZr base metal in
the optimized solution quenched and aged condition [2,3]. This may be due to precipitate
overaging associated with the long aging time and high aging temperature compared to the
strength- and conductivity-optimized condition of 460-480°C for 2 h. Of greater significance is
the low tensile ductility observed at all test conditions. From the near equivalence of the uniform
and total elongations, it can be concluded that the reduction in area is very low (reduction in area
measurements have not yet been performed on these specimens). The specimens which
contained a 0.13 mm pure copper shim in the diffusion bondline exhibited higher ductility
compared to specimens which did not contain a copper shim.

Table 3. Summary of diffusion bonded Cu-Cr-Zr tensile test results.

Orientation, | Temperature| strain rate Yield Ultimate Uniform Total
ID number ('C) (s™ Strength Strength Elongation | Elongation
(MPa) (MPa) (%) (%)
with Cu shimy
67-1 20 1.1x10° 213 298 5.5 5.7
67-3 20 1.1 x 107 225 311 6.9 7.0
67-2 200 1.1 x10” 196 257 - 4.2 4.5
67-4 200 1.1 x10° 198 255 4.2 4.4
w/o Cu shim
77-3 20 1.1x10° 209 209 ~0.1 ~0.1
77-1 200 1.1 x10° 229 235 0.3 0.3
77-2 200 1.1 x 10° 210 210 0.2 0.2
77-4 200 1.1 x 10~ 199 199 ~0.1 ~0.1
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Round Robin Comparison of Tensile Results on GlidCop Al25 — D. J. Edwards
-(Pacific Northwest National Laboratory}, S. J. Zinkle (Oak Ridge National Laboratory),

S. A. Fabritsiev (DV Efremov Institute), and A. S. Pokrovsky (Research Institute of Atomic
Reactors)

SUMMARY

A round robin comparison of the tensile properties of GlidCop™ Al25 oxide dispersion
strengthened copper was initiated between collaborating laboratories to evaluate the test and
analysis procedures used in the irradiation experiments in SRIAR in Dimitrovgrad. The tests were
conducted using the same tensile specimen geometry as used in previous irradiation
experiments, with tests at each laboratory being conducted in air or vacuum at 25, 150, and
300°C at a strain rate of 3 x10-4 s-1. The strength of the GlidCop™ AI25 decreased as a the test
temperature increased, with no observable effect of testing in air versus vacuum on the yield and
ultimate strengths. The uniform elongation decreased by almost a factor of 3 when the test
temperature was raised from room temperature to 300°C, but the total elongation remained
roughly constant over the range of test temperatures. Any effect of testing in air on the ductility
may have been masked by the scatter introduced into the results because each laboratory tested
the specimens in a different grip setup. In light of this, the results of the round robin tests
demonstrated that the test and analysis procedures produced essentially the same values for
tensile yield and ultimate, but significant variability was present in both the uniform and total
elongation measurements due to the gripping technique.

Introduction

A series of irradiation experiments on copper alloys has been conducted in the SM 2-3 reactor in
Dimitrovgrad, Russia [1-5]. These experiments have provided considerable data on the tensile
properties of the various candidate alloys being considered for use in the ITER device. However,
difficulties arose in the testing and analysis that raised questions concerning the accuracy of the
data obtained from the tensile tests. Variables such as microstructural variations within the alioy
plate, dimensional variations introduced during specimen fabrication, and temperature control
during irradiation and testing have all been considered as possible explanations for the apparent
differences. Although some of these concerns have been explained by subsequent testing, a
series of round robin tests using specimens from one source were initiated to ensure that all of
the laboratories involved in the irradiation experiments test the specimens and analyze the data in
a consistent manner. 1t is hoped that these tests will allay any doubts about using the data
generated in the SM2-3 irradiation experiments.

Experimental Procedure

The material used in this comparison was GlidCop™ Al25 (ITER Grade 0) supplied to the Efremov
Institute by OMG Americas. Type STS tensile specimens were machined from the 20 mm plate
and sent to each of the following four laboratories: Pacific Northwest National Laboratory, Oak
Ridge National Laboratory, DV Efremov Institute, St. Petersburg, Russia, and the Scientific
Research Institute of Atomic Reactors (SRIAR) in Dimitrovgrad, Russia, where the irradiation
experiments were conducted. A schematic of the STS tensile geometry is provided in Figure 1.
This geometry was also used in the SM2.1 and SM2.3 irradiation experiments on copper alloys.

The tensile tests were conducted in vacuum at ORNL and SRIAR and in open air at PNNL and
Efremov. The room temperature tensile tests at ORNL were conducted in either vacuum or open
air for purposes of comparison, but all tests at 150 and 300°C were conducted under a vacuum of
less than ~106 torr. A strain rate of ~3 x 10"* "1 was used for the tests at PNNL, ORNL, and the
Efremov Institute, but for the screw driven machines located in the hot cells at SRIAR a slightly
higher strain rate of 4.2 x 104 "1 was used. This slight difference in strain rate is known from
previous work [6,7] to not have any discernible effect on the tensile properties of the Al25.

In the testing performed at PNNL the specimens were held using specially designed grips that
used small pins to align the specimens. The 3.2 mm diameter pinholes were machined into the




specimens after being shipped to PNNL. A face plate screwed onto the front surface of the
specimens provided the clamping force necessary to hold the specimens with some support from
the pins. Because of alignment difficulties it was determined that the screws needed to be
tightened while the entire assembly was under a preload of ~50 Ibs. (well below the vyield),
otherwise a slight misorientation of the specimen or grips would alter the slope of the tensile
curve as the specimen and grips realigned themselves at higher loads. Temperature contro!
during the testing was accomplished using a thermocouple attached directly to the exposed grip
or gage. Since the tests were conducted in open air, the hold time to equalize the temperature
throughout the specimen was only 5 minutes, which also served to minimize the oxidation that
occurred at the higher test temperatures.

The tests at ORNL were performed using a modified type SS3 tensile specimen grip system that
relied on pins to support the entire specimen load during testing. The 2.4 mm diameter pinholes
were machined in the specimens after they were shipped to ORNL. Thermocouples were placed
in contact with the gage surface during the testing, and a hold time of approximately 15 to 30
minutes was used to equilibrate the temperature. Some of the initial ORNL tests were conducted
at slightly lower temperatures than desired due to a unforeseen problem when the temperature
was measured by a single thermocouple placed on the specimen gage region. The grips were
colder than the center of the gage section and completely shielded the shoulder and end tab
regions of the specimen from the clam-shell furnace. This caused the specimen temperature to
be considerably lower than the surrounding furnace temperature even for hold times of more
than 30 minutes. Measurements with a second thermocouple placed on the gage section
indicated that the actual specimen temperature was about ~30°C lower than measured by the
original thermocouple (the. original thermocouple was sensing an average of the "colder"
specimen and surrounding "hotter" furnace environment temperature). After the discrepancy
was found, all subsequent tests were conducted using the temperature reading from the second
thermocouple located on the gage section. The tests at the lower temperatures are also included
in this report. ‘

The testing conducted in the two Russian laboratories used a "shoulder-loaded” gripping system
were 4 pins make contact with the shoulders of the tab end of the specimens, thereby providing
the support during testing. The temperature was controlled by thermocouples placed on the
gage section of the specimens. The tests were performed in vacuum at SRIAR and in open air at
Efremov.

All four laboratories used either a graphical analysis of chart recorder data or data acquired ona
computerized data acquisition system to determine the tensile properties. The crosshead
displacement was used to-measure the actual elongations, not extensometers. The 0.2% yield
strength, ultimate strength, uniform and total elongation are all summarized in this report.

Results and Discussion

The yield strengths as measured at all four laboratories as a function of temperature are
presented in Figure 2. The yield strength of the GlidCop™ AI25 clearly decreases as the test
temperature is increased from 25 to 300°C. The ultimate tensile strength presented in Figure 3
shows basically the same trend, with a scatter band similar to that of the yield strength. The UTS
data from U.S. laboratories was systematically higher than the corresponding UTS data from the
Efremov Institute and SRIAR, but still within an acceptable error of +20 MPa. In general each set
of strength data is indistinguishable from each other within the scatter of the data, indicating that
the yield and ultimate strengths are being consistently and accurately measured in an identical
manner across the different laboratories. The influence of test environment (air vs. vacuum) is not
evident in the strength data, which is in reasonable agreement with earlier results on the strain
rate and temperature dependence of the GlidCop™ alloys [6,7]. The grip systemn also does not
appear to cause any noticeable discrepancies in the measured strength of the specimens.

The measurement of the elongation proved to be a different matter however, as can be seen in
Figures 4 and 5. Both the uniform and total elongation measured at PNNL and ORNL are
consistently higher than that measured by the Efremov Institute, and the uniform elongation is
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typically higher than that measured at SRIAR. Despite this all of the data sets exhibit the same
basic trend for the uniform and total elongation. The uniform elongation monotonically
decreased with increased with increasing test temperature to a level of ~4% at 300°C. The total
elongation was observed to be essentiaily independent of test temperature, although

“ considerable scatter was present between the data sets from the four laboratories.

Some variability in the uniform elongation may be expected since the relatively low strain
hardening capacity of the extruded GlidCop™ plate produces a rather wide plateau in the tensile
curve neat the ultimate stress. Therefore, it is somewhat subjective to determine the precise
location of where the specimen begins to neck. The differences in the total elongation are harder
to explain, even taking into account the large degree of scatter. A pin-loaded grip system might
produce higher elongations than either the clamped or shoulder-loaded grip systems since shear
stresses associated with misalignment are minimized. However, at present the authors have no
explanation for why the Efremov data is consistently lower than that measured at the other three
laboratories. The large scatter in the total elongation indicates that the final failure of the
specimens is subject to some variability, and may in fact be due to some local inhomogeneity in
the microstructure that influences the failure of the specimens. It is interesting to note that the
scatter band for the uniform elongation is only 2%, whereas the data for the total elongation can
vary by as much as a factor of two when comparing the data from different laboratories at the same
test temperature.

Conclusions

Overall the round robin resuits show that the tensile strength is reliable and consistently
measured by each laboratory. Unforeseen problems with the temperature control and other
external variables can of course affect the final results, but if one assumes that those problems do
not exist, then the strength data is consistent between the four laboratories. The differences in
uniform elongation are minor and don't necessarily change the conclusions that would be drawn
from the data, but the large scatter in the total elongation is certainly an issue that needs to be
investigated further.
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The uniform elongation results from Efremov and SRIAR are both lower on

average than the corresponding PNNL and ORNL, but all the data show the
same behavior. The manner in which the uniform elongation is chosen off the
tensile curve could account for the differences, as well as possible differences
introduced by the different gripping systems used. The scatter in the data are
about 4-5% at room temperature and 150°C, with the scatter lower at 300°C.
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The total elongation data proved to exhibit the most scatter of any of the data
sets between the four laboratories. The trend lines are drawn to reflect the
Efremov data set only. It remains uncertain as to why the total elongation
measured by the Efremov Institute exhibits greater scatter and lower values on
average than that measured by the other three laboratories.




200

PROGRESS REPORT ON THE BEHAVIOR AND MODELING OF COPPER
ALLOY TO STAINLESS STEEL JOINTS FOR ITER FIRST WALL
APPLICATIONS ~— J. Min, J. Stubbins, J. Collins (University of lllincis), and A. F. Rowcliffe
(Oak Ridge National Laboratory)

OBJECTIVE

The objective of this study is to understand the stress states that lead to failure of copper
alloy 1o stainless steel joints for ITER first wall, limiter, and divertor applications. Of particular
interest is the behavior of joints between GlidCop™ CuAI25 and 316L SS when loaded such
that the joint is inclined at 45° with respect to the loading direction.

SUMMARY

The stress states that lead to failure of joints between GlidCop™ CuAl25 and 316L SS were
examined using finite element modeling techniques to explain experimental observations of
behavior of those joints. The joints were formed by hot isostatic pressing (HIP) and bend bar
specimens were fabricated with the joint inclined 45° to the major axis of the specimen. The
lower surface of the bend bar was notched in order to help induce a precrack for subsequent
loading in bending. The precrack was intended to localize a high stress concentration in
close proximity to the interface so that its behavior could be examined without complicating
factors from the bulk materials and the specimen configuration. Preparatory work to grow
acceptable precracks caused the specimen to fail prematurely while the precrack was stiil
" progressing into the specimen toward the interface. This prompted the finite element model
calculations to help understand the reasons for this behavior from examination of the stress
states throughout the specimen. An additional benefit sought from the finite element
modeling effort was to understand if the stress states in this non-conventional specimen
were representative of those that might be experienced during operation in ITER.

PROGRESS AND STATUS
1. Background

Specimens of GlidCop™ CuAI25 and 316L SS were taken from hot isostatically pressed
(HIP) plates for testing in the unirradiated and the irradiated states. The HIP conditions were
982°C at 101 MPa for 2 hr. The material compositions and the results of mechanical testing
and microstructural analysis of this and other HIP bonded plates in the unirradiated conditions
were reported previously [1]. For the purposes of deveioping a miniature specimen
configuration for irradiation testing that would provide a reasonably severe loading condition
for the joint, bend bar specimens with the joint inclined 45° to the major axis were fabricated.
The specimen configuration and dimensions are shown in Fig. 1.

The specimen design was selected for its ability to provide a complex state of stress at the
interface. The local stress-state was to be intensified by the presence of a crack tip very close
to the interface. This necessitated the growth of a precrack from the starter notch to a length
nearly half way through the specimen. This was to be accomplished by fatigue loading at
moderate load levels. Specimens with such precracks were to be tested to failure by loading
in three point bending in both the unirradiated and the irradiated state. The bending loads
were to be applied so that the lower side was supported at each end, and the upper side was
loaded just opposite the starter notch in the middle of the upper surface.
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Specimens with a sufficiently long pre-crack were to be loaded monotonically to note their
load-deflection response and to. provide information about the failure mode (e.g.
delamination, plastic bending or brittie failure through the base materials).

12mm

3.3 mm

a
A

Figure 1. Bend bar configuration showing the 45° inclination of the HIP joint to the major
axis of the specimen and the position of the starter notch at the center of the lower surface of
the specimen.

When attempts were made to initiate and grow the precracks, it was found that specimens
either bent prematurely when CuAI25 side was down (i.e. on the right side of the specimen
as shown in figure 1) or specimens delaminated prematurely when the SS side was down.
This frustrated the development of a useful miniature specimen configuration since it was not
possible to grow precracks of appropriate length. it also brought the strength of the joint into
question since it was not anticipated that the joint would fail in such a manner, particuiarly in
the unirradiated, as-fabricated state. This led to a further analysis of the stress states
induced by loading of this specimen configuration.

2. Modeling Approach

To better understand the nature of the stress states and the failure modes, finite element
analysis was performed on the specimen configuration shown in figure 1. Most of the
analysis was done with the commercial FEM software package ANSYS. The model
employed 6-node triangular elements (plane strain), 549 total elements. Loads were applied
in 3-point bending. For consistency, of results were compared for an applied load of 30 MN.
Calculations were carried out for a number of precrack lengths, from 0.3 o 1.3 mm. The
effect of material orientation was also considered such that calculations were performed for
bend specimens with either the CuAl25 on the upper side and 316L SS on the lower side, or
vice versa.

The materials properties for CuAl-25 and 316L SS were taken from those developed to
model the initial plate materials where good agreement was found between experimental
results and other FEM modeling efforts [1]. The tensile behavior was modeled using a
bilinear hardening model where the elastic loading portion is represented by the Young'’s
modulus. The initial plastic, strain hardening behavior was modeled with a yield strength
and a plastic modulus. The values for the two respective materials are shown in table 1.

3. Results and Discussion

The results of the FEM analysis for several loading conditions and crack lengths were
compared. For the purposes of discussion, the von Mises stresses for CuAi25 on 316L SS
and for 316L.SS on CuAl25 are shown in figures 2 and 4 for notch lengths of 0.3 and 1.3 mm,
respectively. The shear stress distributions are shown in figures 3 and §, for notch lengths
of 0.3 and 1.3 mm, respectively, from the same calculations. All plots are for a load of
30MN. Several points of comparison are noteworthy in these plots.
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Table 1. Materials Properties for CuAl25 and 316L SS Used in the FEM Analysis

Material Elastic Yield Plastic Density Poisson's
Modulus Strength Modulus (kg/m®) Ratio
(GPa) (MPa) (GPa)
316L SS 200 207 8.0 7860 0.283
CuAl-25 130 400 11.0 8940 0.343

The first major point of comparison is the relative distribution of stresses around the notch tip
with the notch either in the CuAl25 compared to the notch in 316L. SS. The broader stress
distribution in the CuAl25 indicates that the strain hardening behavior of the 316L SS is more
severe than in CuAl25 despite the high yield strength of the latter material used for modeling.
This results in a more localized crack tip stress field for the 316L SS compared to the
CuAl25 and is consistent with the experimental observation that under fatigue loading a
starter crack could be initiated in the 316L SS when it was on the lower, notched side.
Under similar loading conditions, the bend specimens merely deformed without the initiation
of a starter crack when the CuAl25 side was down.

A broad comparison of the stress states shown in figures 2 through 5 indicates that the initial
concept that the major stress concentrations would occur in the vicinity of the interface at the
center of the specimens is not borne out by the FEM calculations. In fact, the major stress
concentrations are off-center, but do develop along the interface as well as at the notch tip
and the load points. The shear stress values are high along the interface for both specimen
orientations, and are likely the major cause of the delamination as observed during
precracking with the 316L SS on the bottom. The precise nature of the initiating conditions
for failure by delamination is not known. Lap shear measurements on these joints indicated
that they should posses a shear strength in excess of 100 MPa [1]; the calculated values
here are in excess of that level. Nevertheless, some local or microscopic process for
initiating a crack along the interface is required. A mechanism for the development of a
starter crack has not yet been identified. It is also useful to note that the calculated stress
concentrations at the points of intersection of the interface with the upper and lower surfaces
are not especially large. From the calculations, it would appear unlikely that a crack would
first initiate at the intersection with the surface. A second point to note is that the highest
resolved stresses along the interface are in shear. Studies of interfaces in brittle materials
indicate that tensile stresses may dominate the failure process [2]. The stress states leading
to delamination in ductile materials is still not well clarified.

The deformation behavior of the CuAI25, as modeled here, is also important in assessing the
potential modes of failure. Because of its lower plastic modulus, it tends to deform over
larger specimen volumes than does the 316L SS. This tends to cause the shorter wedge of
CuAl25 in the central section of the specimen to deform readily in comparison to the 316L
SS. This leads to the formation of a plastic hinge through the CuAI25 resuiting in an overall
deformation of the specimen. While the conditions for delamination are likely useful as a
guide for limiting stresses for ITER design considerations, the likelihood of plastic hinges
forming through thin sections of CuAl25 is small | practice. - Thus the usefulness the
information regarding the bending of the specimen during precracking with the CuAI25 on
the lower, notched side is of questionable value for design purposes.

The current study was limited to modeling behavior of specimens at room temperature,
taken to be the stress free state. In actuality, residual stresses due to fabrication or due to
exposure at other temperatures should be considered. Mismatches in thermal expansion
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coefficients between the two materials would result in interfacial stresses that are not
considered here. The magnitudes of residual stresses are likely much smalier than those
imposed by the notch and loading conditions considered in these FEM calculations. In fact,
the intended use of a sharp crack tip to concentrate the stresses at the interface in the
current specimen design was to elevate local stresses at the interface. Available elastic
analysis of a crack tip near an interface between dissimilar materials indicates that the
dissimilar metals can either accelerate or retard crack propagation based on the relative
values of the Young's moduli [3]. In the current cases, it was not possible to bring the crack
tip near enough to the interface to examine this possibility.

Further examination of the stress states and failure process in this specimen configuration
should also account for the unique material properties of the interfacial zone. It was found in
this and other experimental work [1] that the interfacial fracture takes place next to the
interface in the diffusion zone of the CuAl25. Because the inter-diffusion zone has a
microstructure that differs from either base material, it is appropriate to consider it as a
separate material. Further modeling should take into account the nature of the precipitate
structure, and possible porosity, in the zone as likely sites for ductile tearing or other crack
initiation processes.

4. Conclusions

Finite element analysis was performed on a miniature bend bar specimen comprised of a
bilayer of CuAl25 and 316L SS. The specimen was designed such that the interface was
inclined at 45° through the specimen. The lower section contained a notch or precrack that
was intended to concentrate a load. on the portion of the interface at the center of the
specimen in order to test its mechanical properties. The FEM analysis indicated that the
copper alloy tended to deform more readily than the stainless steel. This results in the
spreading of the strain over a larger portion of the specimen when the copper alloy is on the
bottom. This leads to the formation of a plastic hinge and the specimen fails by excess
ductile deformation, an unlikely event in component applications. When the stainless steel is
place on the bottom during loading, the stresses are concentrated more locally and this
permits the development of a crack. In both cases, however, the maximum stress
concentrations on the interface are not at the center of the specimen, rather they are shifted
off-center. In addition, the major stress concentrations appear to be dominated by the shear
components and this likely supports the initiation of delamination, as noted in precracking
specimens with 316L. SS on the bottom. The precise mechanism for delamination of the
interface cannot be resolved from the current analysis, but is important for design
considerations.
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LOW-TEMPERATURE LOW-DOSE NEUTRON IRRADIATION EFFECTS ON
BRUSH WELLMAN S65-C AND KAWECKI BERYLCO PO BERYLLIUM —
L. L. Snead (Oak Ridge National Laboratory)

OBJECTIVE

This paper presents a summary of the results studying the effects of neutron irradiation to ITER-
grade Brush Wellman S65-C beryllium and Kawecki Berylco PO beryllium.

SUMMARY

The mechanical property results for two high guality beryllium materials subjected to low
temperature, low dose neutron irradiation in water moderated reactors are presented. Materials
chosen were the S65-C ITER candidate material produced by Brush Wellman, and Kawecki
Berylco Industries PO beryllium. Both materials were processed by vacuum hot pressing. Mini
sheet tensile and thermal diffusivity specimens were irradiated in the temperature range of ~100-
275°C from a fast (E>0.1 MeV) neutron dose of 0.05 to 1.0 x 10°° n/m? in the High Flux Isotope
Reactor (HFIR) at the Oak Ridge National Laboratory and the High Flux Beam Reactor (HFBR) at
the Brookhaven National Laboratory. As expected from earlier work on beryilium, both materials
underwent significant embrittiement with corresponding reduction in ductility and increased
strength. Both thermal diffusivity and volumetric expansion were measured and found to be
negligible in this temperature and fluence range. Of significance from this work is that while both
materials rapidly embrittle at these ITER relevant irradiation conditions, some ductility (>1-2%)
remains, which contrasts with a body of earlier work including recent work on the Brush-Wellman
S65-C material irradiated to slightly higher neutron fluence.

PROGRESS AND STATUS
Introduction

Beryllium has been considered for nuclear fuel cladding, nuclear fuel compacts and as a neutron
moderator for fission power plants dating back to the early 1950’s. Other than the non-structural
application as a core moderator/reflector, this material has found little use in nuclear applications
due to its low ductility. ,

The limited ductility of the various types of beryllium is a function of many factors including
temperature, chemical purity, grain size and to some extent the rate at which the material is
strained. Moreover, the hexagonally close packed beryllium crystal itself is resistant to slip
severely limiting ductility potential of the material. The beryllium hcp crystal has only two
operating slip modes (at least at low temperatures) being basal slip (0001) and prismatic slip
(1010). For a high quality, high purity material, the ductility can be categorized into three
temperature dependent regimes. In the low temperature regime (T<200°C) the shear stress
required to activate prismatic slip is quite high and failure typically occurs by cleavage of the basal
plane. Total elongation in this temperature range for a high quality, vacuum hot pressed material
(specifically Brush Wellman S65-C at 150°C) is ~5% in the direction parallel to the pressing
direction and ~20% in the transverse direction. As the temperature is increased above this lower
temperature regime the critical stress for prismatic slip decreases and both slip modes combine to
yield peak total elongations of about 50% both parallel and transverse to the forming direction. In
this intermediate temperature regime (~200-500) the failure is primarily ductile/fibrous tearing. As
the temperature is further increased intergranular failure begins to occur returning the total
elongation to below 20%.
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Irradiation of beryllium with high energy neutrons has the effect of producing small loops or “black
spots” at low temperatures (<400°C)[1-5] with helium, formed by beryllium interaction with fast
neutrons, forming bubbles from 325-400°C[6,7] and higher. The helium tends to form at grain -
boundaries from 325-600°C{7-15] and is also reported to be on dislocations within grains in the
temperature range of 450-550°C.[7,8] Because the upper temperature of this study is ~50°C less
than the lowest temperature at which helium bubbles have been observed, the helium is thought
to be in solid solution, though it is conceivable that bubbles too small to be easily resolved using
transmission electron microscopy are present.

Both point defect clusters and helium bubbles adversely effect the mechanical properties of
beryllium, regardless of its metallurgical form. Point defect clusters and bubbles tend to block
dislocation motion resulting in a severe reduction in elongation and increased strength [1-3,10-
13,16-21] and hardness [8,9,14,17,20,22]. The irradiation effects database has been reviewed
in the past [7,17] mainly including work conducted prior to 1970.

Materials, Irradiation and Experimental Techniques
Materials

Table 1 lists the mechanical properties and impurity levels in the two materials chosen for this
study. The first materials listed is an ITER first wall candidate beryllium, Brush Wellman S65-C.
This material is vacuum hot pressed from impact ground Be powder (11-45 um) at ~1050-1150°C
followed by a 870°C heat treatment to remove aluminum from solution by forming AlFeBe,
precipitates. The S65-C beryliium was provided by Brush Wellman (BW) and designated as
process Lot 4880 and is a commercially available, high quality structural beryllium. The grain size
of the final product was ~9 um. The second material chosen for this study was manufactured by
the now defunct Kawecki Berylco Industries (KBI) and is designated as PO (P-zero) taken from a
billet No. 040. This material was manufactured (circa 1975) by vacuum hot pressing impact
ground powder (~9 um) at a temperature of 1065°C. The grain size of the final product was
~2.9 um. This was a research grade material processed for reduced impurity content by doubly
electrolytically refining the beryllium powder.

From Table 1 significant difference are seen in both mechanical properties and chemical
composition for the two materials chosen. The strength (at least in the longitudinal direction) is
greater for the KBI-PO material as compared with the BW S65-C, while the fracture elongation is
somewhat higher for the BW-S65-C. It is interesting to note that, while the KBI-PO billets of
material had very good ductility at the time of their manufacture, the elevated amount of BeO as
compared with the BW S65-C (3.36 -vs.- 0.64 w/%), and possible other metallurgical
improvements, yields lower elongation than the present day commercial BW S65-C berylium.

Samples were machined of each material by Speedring, Inc. (Cullman, AL) to Brush Wellman
specifications. Two sample geometries were fabricated: (1) SS-3 mini-sheet tensile specimens
which are pin loaded sheet tensiles, and (2) 6 mm diameter, 4 mm thick cylinders.

Irradiation Exposures

Two water moderated fission reactors were used for the specimen irradiation. The Hydraulic Tube
facility at the High Flux Isotope Reactor (HFIR) at the Oak Ridge National Laboratory was used to
study the effect of fluence range at a constant irradiation temperature. Mini-sheet tensile
specimens and thermal diffusivity (6 mm) discs were loaded inside an aluminum holder which was
welded inside a “rabbit” capsule. The capsules were then baked at 200°C and stored in the
presence of hygroscopic media. The rabbit was welded shut in an ultra high purity (UHP) helium
environment. Each rabbit was radiographed and underwent a QA procedure to ensure air or
water was unable to penetrate the capsule. Sample temperature was achieved by gas-gap
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Table 1. Properties of Beryllium Materials Provided by Manufacturer

Brush Wellman S-65C Kawecki Berylco PO
Yield Stress (MPa) - Long. 257
-Trans. 265 530
Ultimate Stress (MPa) - Long. 381
-Trans. 414 655
Fracture Elongation (%)- Long : 3.5
' -Trans. 6.6 4.9
Density
Impurities : (wt %) BeO - 0.64 3.36
WM%) C 0.038 0.173
(appm) Fe 670 1000
Al 230 120
Si 255 70
Mg 30 40
Zn <10 NA
Ni <20 95
Mn <20 30
Cu 25 15
Ti 65 NA
Co 8 <5
N 120 NA
Cr 50 90

conduction of the nuclear heating between the sample holder and the rabbit body, both made of
Type 6061-T6 aluminum. Rabbits were irradiated in the HT-3 position with a thermal and fast
(E>0.1 MeV) neutron flux of 2.2 x 10" and 7.8 x 10" n/m?, respectively.[23] Fluences of
irradiation were 0.05, 0.2 and 1.0 x 10% n/m® (E>0.1 MeV) at a calculated irradiation temperature
of 300°C. ,

The High Flux Beam Reactor (HFBR) at the Brookhaven National Laboratory was used to study
the effects of varied irradiation temperature at a constant fluence. Two irradiation capsules were
designed for insertion into the V-15 core thimble position. Each capsule consisted of separate
gas-gapped subcapsules containing the samples. Variations in the sample temperature in the
different subcapsules was achieved by varying the gas gap between the subcapsules and the
inside of the external capsule, which was in contact with the core coolant water. The subcapsule
bodies were electro-discharge machined from Type 6061-T6 aluminum. Each subcapsule
typically contained 4 SS-3 tensile specimens. After the samples were loaded, a Type 304
stainless steel roll pin (a spring) was lightly hammered into place to ensure that the specimens
were in good thermal contact with the subcapsule wall. Each subcapsule used one type-K
thermocouple which monitored temperature throughout the irradiation.

All samples and capsule components (for both reactor irradiations) were ultrasonically cleaned in
isopropyl alcohol and acetone prior to capsule assembly. After the HFBR capsule was assembled
and the ~33 meter umbilical Type 8000 aluminum tubing was welded in place, the capsule was
helium leak checked using a helium mass spectrometer. The capsule was then evacuated using
an oil-free turbomolecular pump and back-filled with UHP helium to 15 psig. This procedure was
repeated three times. Between the first and second evacuation cycles the capsule was baked
out to 400°C under vacuum. After the final backfill to 15 psig the pressure was monitored
continuously from time of assembly until the end of the irradiation. At no time did the capsule
pressure reach atmospheric pressure before or during the irradiation. However, a small helium
leak caused the capsule pressure to decrease during irradiation. This was corrected during
irradiation by valving off the irradiation capsules, and then evacuating and back-filling the gas




handling manifolds with helium (which were not removed after capsule construction.) Once the
manifold was purged and backfilled with UHP helium, the capsule was repressurized with helium
to 15 psig.

At the time of these irradiations the HFBR was operating at 30 MW,, power. Recently, Greenwood
[24] has conducted a calculation on a single dosimetry sample near the center of the V-15
thimble. The fast neutron fluence in this case was approximately half the value which he
previously measured. For this paper, the recent flux measurements are used. Also, based on
Monte Carlo calculations it is assumed that the center 40 cm of 55 cm core is fiux-invariant,
therefore no flux gradient along the capsule (hence the samples) is expected. Each of the
capsules were irradiated for an estimated fast (E>0.1 MeV) and thermal fluences of ~520.2 x 10%
n/m? and 2.3 x 10 n/m?, respectively. During irradiation, the temperature of the samples were
recorded continuously. The temperature variation for two HFBR irradiations were always less than
12°C, most of which is accounted for by movement of the capsule to the center of the core during
irradiation. Data presented in the results section represents the mean value with the error bars
representing the range.

Based on calculations made (Gabriel [25]) and the revised spectra of the HFBR provided by
Greenwood [24] the helium concentration and displacements per atom (dpa) for the various
irradiations are listed in Table 2. Note that due to the relatively higher flux at the extreme end of
the neutron spectrum, the HFBR V-15 spectrum produces a slightly higher He/dpa ratio than the
HFIR HT position.

Table 2. Irradiation Conditions

Fast Fluence | Fast Fluence
Thermal Fluence | x10% n/m? x10% n/m? He conc. ;
x10% n/m° (E>0.1MeV)* | (E>1.0MeV) dpa (appm) | He/dpa
HFIR 0.14 0.05 0.026 0.04 10
0.6 0.20 0.11 0.15 37 - 250
2.8 1.0 0.53 0.74 190
HFBR 2.3 5+0.5 2.1+£0.2 0.34 250 824

* energy cut-off is listed as E>0.11 MeV for HFBR resulis[24]

Experimental Techniques

The thermal diffusivity of the samples was measured by a custom built thermal flash (xenon laser)
apparatus. Following the thermal flash on the front surface, the rear surface temperature was
measured by the infrared signal and the diffusivity calculated following Clark and Taylor's
analysis.[26] Density and thickness values corresponding to the unirradiated or irradiated
condition were used for the unirradiated and irradiated measurements, respectively. For the
thermal diffusivity calculations the density was calculated by dry weight and physical dimensions.
The thermal diffusivity of every specimen was measured before and after irradiation.

The room temperature thermal conductivity (K) was calculated using the measured thermal
diffusivity (0t), measured density (p), and the assumed specific heat (Cp) as follows:
K=apCp

The conversion from thermal diffusivity to thermal conductivity used the assumption that the
specific heat remained unchanged with irradiation.

Density was determined for calculation of swelling by using a density gradient column according
to ASTM D1505-85 utilizing chemical mixtures of trichloroethane and ethylene bromlde and
calibrated glass floats [27]. The linear density gradient of the column was 0.35 (mg/cm®)/cm
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yielding an accuracy of relative density change of approximately 0.005%. Prior to dropping the
samples in the density gradient column all specimens were etched in a mixture of hydrofluoric
acid and ethyl aicohol and then dried. Visible etching and etch pits were observed.

Tensile testing was performed in load contro!l digitally recording the cross head displacement.
Elevated temperature testing was performed in static argon with the thermocouple in contact with
the sample grips. Room temperature testing was in air. A temperature saturation of at least
15 minutes was used prior to applying tensile load. In both the unirradiated and irradiated
condition the S65-C specimens were pm -loaded while the irradiated PO specimens had to be
shoulder loaded due to failure at the pin-holes. A cross head displacement rate 0.001 s was
applied for the SS-3 mini-sheet tensile specimens which have a ~0.76 cm gage section. This
displacement rate is approximately the same as that used in the recent European ITER beryllium
irradiation program [28] though is about an order of magnitude higher than the value
recommended by the Materials Advisory Board [29]. The effect of increasing strain rate in
beryllium is to reduce the temperature at which beryllium moves from brittle to ductile failure.
However, this temperature shift is expected to be small for the strain rate differences noted here
[30,31], though the general effect of strain rate on failure mode does need to be further studied,
especially for irradiated material.

A Buehler Micromet 3 microhardness testing machine was used at 500 g and 1 kg loads to
measure the Vickers hardness. The two loads gave essentially the same hardness values and
the 500 g loads are reported here. Specimens were prepared.for hardness testing by wet
sanding the surface (in oil) to a polished finish. Any potential effects of the surface polish
affecting the hardness were dismissed by indenting unprepared and prepared surfaces of
unirradiated material and noting that no difference in hardness was seen over a wide range of
applied load.

Results

Swelling _and Thermal Conductivity

The effect of irradiation to these doses and temperatures had essentially no effect on the thermal
conductivity or density of the materials selected. The density of the S65-C beryllium was
measured to be 1.844 g/cc, or 99.82 percent theoretical density (%td) while the density of the
PO beryllium was 1.849, or 100.05 %td. The higher than theoretical density of the PO material
can be explained by the elevated leve! of BeO (3.36 w/% at ~3.0 g/cc density) in this material, as
seen in Table 1. Upon irradiation, swelling occurred in all materials, though the amount of swelhng
was very small. The largest swelling occurred for the HFIR material irradiated to 1 x 10%° n/m? at
approximately 300°C vyielding +0.027+0.005% for the S$65-C material and 0.038+£0.005% for the
PO material. The swelling of the HFBR materials was less than this (~0.02 %) and no difference
with respect to the irradiation temperature was observed. These swelling levels are consistent
with the work of Gol'tsev and coworkers [7,32]. It is noted that the temperatures at which the
materials were irradiated in this study were substantially below the lowest temperature at which
helium bubbles have been observed [6,7] and is therefore in a region where point defect mobility
and clustering is responsible for swelling.

The thermal conductivity of unirradiated S65-C beryllium was measured to be 180 +~5 W/m-K.
This was found using the measured thermal diffusivity and assumed unirradiated densxty of 1.844
g/cc and specific heat of 1.825 J/g-K. In the case of the material irradiated to 1 x 10% n/m? (E>0.1
MeV) at ~300°C, the thermal conductivity was within the experimental error of the unirradiated
value. A significant reduction in thermal conductivity is not expected unless the material is
irradiated in the temperature and flux range where helium bubble formation and swelling
becomes pronounced.




Hardness

The embrittlement of these beryllium materials as a function of dose and temperature is given in
Figs. 1 and 2, respectively. The elevated level of BeO in the KBI-PO material results in a higher
initial hardness for this material as compared to the S65-C material. Specifically, the room
temperature unirradiated Vickers hardness was measured to be 228+3 Kg/mm? as compared to
181+2 Kzg/mm2 for S65-C. Essentially no increase in hardness was observed a dose of 0.05 x
10%° n/m? (E>0.1 MeV) for the PO material while a marked increase was seen for both materials
following 0.2 x 10%® n/m® (E>0.1 MeV) . As the fiuence was further increased to 1.0 x 10® n/m’
(E>0.1 MeV) the hardness of both materials substantially increased. As seen in Fig. 2, the
dependence of hardness on irradiation temperature is significantly different for the two materials.
The higher BeO content PO material appears to have a weak dependence on irradiation
temperature while the increased hardness (DH) for the S65-C appears to drop off with irradiation
temperature from a DH~44 Kg/mm? following the 110°C irradiation to ~25 Kg/mm? for the 237°C
irradiated material.

Tensile Properties

The effects of the neutron irradiation induced embrittlement on the tensile properties of both
types of beryllium are given in Figs. 3-8. These figures plot the tensile data as a function of
irradiation temperature for a constant HFBR dose and as a function of HFIR dose at a constant
irradiation temperature. The elongation specified is the total (fracture) elongation while the yield
strength is defined at the 0.2% offset yield. Specific dpa and helium concentration limits are
found in Table 2.

As seen in Figs. 3 and 4, the effect of the neutron induced embrittlement of the S65-C to a dose
of 0.2 x 10*® n/m? is to increase the tensile strength and reduce the total elongation. In the
irradiated condition both room temperature and 300°C tensile curves exhibited ductile failure with
~2% and ~5% total elongation at failure (compliance corrected), respectively. For the irradiation
temperature range shown in Fig. 5, the yield strength at room temperature decreases with
increasing irradiation temperature, while the total elongation increases slightly. Figure 6 shows
the same samples as plotted in Fig. 5, though for irradiation temperature tests. The trend toward
increasing total elongation is still apparent, though the tensile strength appears to increase
between the 106°C and 202°C irradiations, and then to fall off slightly. It is noted that the data
points in figs.3-8 represent single sample tests and as seen from the 202°C irradiation of Fig. 6
(and in Figs. 3 and 7), there is a fair scatter in the tensile data (in contrast with the hardness data
(Figs. 1 and 2.) ltis clear the significant increase in hardness from the 0.2 to 1.0 x 10%° n/m? level,
as well as recent tensile and fracture toughness data on $65-C material irradiated to higher
doses[28] that the S65-C material will continue to embrittie as dose is increased and will
eventually become completely brittle.

Figures 7 and 8 gives the tensile properties for the KBI PO material irradiated as a function of
dose in the HFIR. At equivalent doses of 0.2 x 10 n/m?, the PO and S65-C both undergo
approximately 50 MPa increase in room temperature yield strength, though the PO material
appears to lose substantially more ductility to become near completely brittle by a dose of 1.0 x
10% n/m? for both room temperature and irradiation temperature tests. It is noted that the S65-C
material, both at room temperature and 300°C, has substantially higher unirradiated fracture
elongation (Table 1.)
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8.0 RADIATION EFFECTS, MECHANISTIC STUDIES,
AND EXPERIMENTAL METHODS

No contributions.
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NEUTRON DOSIMETRY AND DAMAGE CALCULATIONS FOR THE ATR-A1 IRRADIATION
- L. R. Greenwood and R. T. Ratner (Pacific Northwest National Laboratory)*

OBJECTIVE

| To provide dosimetry and damage analysis for fusion materials irradiation experiments.
SUMMARY

Neutron fluence measurements and radiation damage calculations are reported for the
collaborative U.S./Japan ATR-A1 irradiation in the Advanced Test Reactor (ATR) at Idaho
National Engineering Laboratory (INEL). The maximum total neutron fluence at midplane was
9.4x10% nfem? (5.5x10%' nfcm? above 0.1 MeV), resulting in about 4.6 dpa in vanadium.

PROGRESS AND STATUS

The ATR-A1 experiment was designed to obtain mechanical property data, including in-reactor
creep, on vanadium alloys irradiated at about 200 and 300 °C." The drop-in type capsule was
irradiated from December 2, 1995 to May 5, 1996 for a total of 135.95 effective full power days
at an average power of 25 MW. Each subcapsule contained a gadolinium filter measuring 1.7
mm in thickness to reduce the thermal neutron flux in order to mitigate transmutation effects.

Neutron dosimetry capsules were inserted at five different elevations in the assembly. At two
positions (-2.4 cm and -57.1 cm), six different dosimetry monitors consisting of Fe, Ti, Nb, Cu,
80.2%Mn-Cu, and 0.1%Co-Al were used to determine the neutron energy spectrum. The other
three dosimetry capsules only contained Fe and 0.1% Co-Al to determine the flux gradients.

After irradiation, the gamma activities in each monitor wire were measured and then converted
to activation rates, as listed in Table 1, by correcting for nuclear burnup, gamma self-absorption,
decay during and after irradiation, isotopic abundance, and atomic weight. Bumup corrections
are based on an iterative procedure for the thermal/epithermal monitor reactions. The resulting
estimates of the thermal/epithermal neutron fluences were then used to calculate bumup
corrections for the threshold fast neutron monitor reactions. Thanks to the gadolinium filter,
burnup corrections were quite small averaging 1-3% for the thermai/epithermal reactions and <
1% for the threshold reaction rates. The activation rates listed in Table 1 are normalized to a
reactor power of 25 MW and have a net absolute uncertainty of about 3%. Upon analysis, the
copper dosimeter irradiated at —2.4 cm was found to be an empty capsule so that we couid not
obtain data for this flux monitor.

The activation rates in Table 1 were fit to a polynomial function of form f(x) = f(0) [ 1 —a x -b x*],
where x is the vertical height from reactor centerline in cm, as shown in Figure 1. All of the data
are reasonably well fit by the average polynomial coefficients a =1.39 x 10° and b = 2.16 x 10*.
The ratio of activation rates for the thermal and fast neutron reactions does not change -
appreciably over the height of the irradiation assembly. This suggests that the neutron energy
spectrum remains relatively constant while the absolute flux values decrease about a factor of

* Pacific Northwest National Laboratory (PNNL) is operated for the U.S. Department of
Energy by Battelle memorial Institute under contract DE-AC06-76RLO-1830.




two from midplane to the top or bottom of the assembly. Midplane activation rates were thus
used in the STAY'SL? computer code to adjust the neutron flux spectrum. STAY'SL performs a
generalized least-squares adjustment of all measured and calculated values including the
measured activities, calculated spectra, and neutron cross sections. Neutron cross sections
and their uncertainties were generally taken from the ENDF/B-V° evaluation. The starting
neutron spectrum was determined from an unfitered spectrum calculated by B. Schnitzler?,
using a simple approximation to determine the effect of the gadolinium filter. The adjusted
neutron fluence values are listed in Table 2 and the spectra are shown in Figure 2. As can be
seen in the figure, the shape of the neutron spectrum remains about the same from midplane to
the end of the assembly, except for the very low energy neutrons.

Neutron damage calculations were performed using the SPECTER computer code® at the
midplane position of ATR. Midpiane dpa and helium (appm) values are listed in Table 2. The
measured value of 4.6 dpa for vanadium is very close to the planned exposure of 4.7 dpa. The
fluence and damage values at other experimental positions can be calculated by the gradient
equation given above. Damage parameters for other elements or compounds have been
calculated and are readily available on request.

Due to the presence of the gadolinium filter, the transmutation of vanadium to chromium is only
0.046% at midplane.

FUTURE WORK

Additional experiments are being planned for the ATR.
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Table 1. Activation Rates (at/at-s) ~ ATR-A1 — 25 MW

Position/Monitor |  Ht,cm *Fe(n,p)**Mn #Co(n,y)*Co *Ti(n,p)*°Sc
(E-11) (E-9) (E-12)

AS1 57.3 0.463 0.375

AS-10 24 217 - 2.08 - 2.86

AS-12 -18.2 2.03 1.85

AS-16 -36.8 1.72 1.44

AS-17 -57.1 0.789 0.662 1.01

Position/Monitor Ht,cm 55Mn(n,2n)**Mn “Nb(n,y)*Nb ®Cu(n,o)Co
(E-14) (E-10) (E-14)

AS-1 57.3

AS-10 ' 24

AS-12 -18.2 6.05 2.94

AS-16 -36.8

AS-17 -57.1 228 0.975 494

Table 2. Midplane Fluence and Damage Values for ATR-A1

Neutron Fluence,x10?' n/cm? Element dpa He.appm
Total 9.41 C 39 5.0
Thermal (<.5eV) 0.012 Al 7.1 2.0
05ev-0.11MeV 393 \' 4.6 0.068
>0.11 MeV 546 Cr 42 0.53
>1 MeV , 2.55 Fe 3.8 0.93
NiFast 3.9 146
%N 0.0 06
Total 39 15.2
Cu 438 0.77
316SS 3.9 27

Note: 316SS = Fe(0.645), Ni(0.13), Cr(0.18), Mn(0.019), Mo(0.026)
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A1 assembly. The trendline is a polynomial, as described in the text.
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ANALYSIS AND RECOMMENDATIONS FOR DPA CALCULATIONS IN SiC - H.L.
Heinisch (Pacific Northwest National Laboratory)*

OBJECTIVE

The objective of this work is to recommend a procedure for calculating the radiation dose
parameter displacements per atom (DPA) for SiC that will be accepted for use
throughout the international fusion materials community. '

SUMMARY

Recent modeling resuits, coupled with the implications of available experimental resuits,
provide sufficient information to achieve consensus on the values of threshold
displacement energies to use in DPA calculations. The values recommended here, 20
eV for C and 35 eV for Si, will be presented for adoption by the international fusion
materials community at the next IEA SiC/SiC workshop.

PROGRESS AND STATUS

Displacements per atom(DPA) has become the standard unit for irradiation doses in
structural materials, especially under neutron irradiation, because DPA represents, in a
simple way, not only the amount of radiation received, but also the response of the
material to the irradiation. Damage-based dose parameters are required because
radiation damage in structural materials is studied using a variety of irradiation sources,
which differ in their ability to produce damage depending on the mass and energy of the
irradiating particles. Furthermore, results of these studies must be extrapolated to fusion
irradiation environments that do not yet exist. DPA is a calculated dose parameter that
takes into account the energy lost to the material by the irradiating particles in the form of
energy that is available to cause displacement damage. The “damage energy” is
converted into “displacements” in terms of the threshold displacement energy for the
material. » '

DPA is not generally a measure of the number of stable defects created or remaining in
the material at any time. This is especially true in the case of cascade-producing
irradiation, where a high percentage of displaced atoms recombine immediately within
the cascade volume. The calculated DPA value has, however, become a standard
against which to compare the numbers of stable defects actually produced in cascade-
producing irradiations. Thus, the concept of DPA is important not only as a measure of
radiation dose received, but also in assessing the efficiency of defect production as a
function of cascade energy and irradiating particle type.

DPA is calculated using the measured fluence of irradiating particles, the energy
spectrum of the irradiating particles, the recoil atom energy spectrum for each irradiating
particle, the damage energy of each recoil (the kinetic energy of the recoil less the
energy lost to electronic stopping), and the model for displacements as a function of
recoil damage energy. The displacement model is usually taken to be the NRT model
[1], in which the number of displacements produced by a recoil atom with energy E,
having damage energy Tgm iS

* Pacific Northwest National Laboratory (PNNL) is operated for the U.S. Department of
Energy by Battelle Memorial Institute under contract DE-AC06-76RLO-1830.




n(E) = 0.8Tdam’

2Eq

where Eyis the threshold displacement energy, and Tgam > 2 E4.

The  concept of DPA was first developed for metals, and originally formulated within the
context of pure metals. In alidys, DPA values are commonly determined as the
compositionally weighted sum of DPA caiculated for the individual elements in their pure
metals. In SiC and other non-metallically bonded compounds, the separate elements
have displacement energies unique to the compound and often significantly different
from each other. Calculation of DPA for SiC is straightforward once the threshold
displacement energies are known for Si and C in SiC.

The threshold displacement energy is an experimentally measurable guantity (usually by
determining the threshold electron energy for measurable displacements), but in
multicomponent systems it is often difficult to measure the displacement energy of each
component separately, except for the component with the lowest displacement threshold.
Such is the case with SiC, where the reported measurements of especially the Si
displacement threshold vary widely [2]. Computer simulations indicate that the
displacement energy varies significantly with crystallographic direction, which may
account for some of the variation in measured values. (The two-step electron-C-Si
collision process can also lead to erroneously small electron energy thresholds for Si
displacements [2].)

Since E, is essentially a scaling parameter in the DPA calculation, why is it important to
use the correct, measured displacement threshold energies, as long as everyone agrees
to use the same values? For simply the purpose of damage correlation, it probably does
not matter what values are used as long as they are used universally. On the other
hand, our understanding of the radiation-induced defect structure and microstructural
changes will be greatly enhanced if we use as a reference the DPA values that correctly
reflect the relative numbers of each type of displacement. Furthermore, the
displacement energies will eventually be measured precisely, so it is important for any
values chosen as standards for DPA calculations to be as realistic as possible to avoid
significant reevaluation or possible confusion in the future.

A comprehensive review of experimental measurements and results of molecular
dynamics (MD) simulations of displacement energies in SiC is given in Ref. 2. Since the
publication of Ref. 2, more MD simulations were done in a few selected directions by R.
Devanathan, T. Diaz de la Rubia and W.J. Weber (under DOE/OBES and DOE/OFES
sponsorship) using an improved interatomic potential, as reported in Ref. 3. Even more
recently, Devanathan and Weber (under DOE/OBES) have extended their MD
calculations to include many more directions. Also, MD simulations of the threshold
displacement energies in alpha-SiC have been initiated by H. Serizawa, R. Devanathan,
W.J. Weber and H.L. Heinisch. Publications on the most recent simulations in both
alpha- and beta-SiC are under preparation. Based on these additional MD simulations,
it now appears that sufficient information exists for promoting a consensus on the values
of threshold displacement energies to use in DPA calculations. The values
recommended here are 20 eV for C and 35 eV for Si, Pending publication of the most




recent MD results, a recommendation will be circulated within the fusion SIC community
that these threshold displacement energy values be adopted for DPA calculations.
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IMPACT OF STRUCTURAL DESIGN CRITERIA ON FIRST WALL SURFACE
HEAT FLUX LIMIT" - S. Majumdar (Argonne National Laboratory)

SUMMARY

The irradiation environment experienced by the in-vessel components of fusion reactors
presents structural design challenges not envisioned in the development of existing structural
design criteria such as the ASME Code or RCC-MR. From the standpoint of design criteria, the
most significant issues stem from the itradiation-induced changes in material properties,
specifically the reduction of ductility, strain hardening capability, and fracture toughness with
neutron irradiation. Recently, Draft 7 of the ITER structural design criteria (ISDC), which provide
new rules for guarding against such problems, was released for trial use by the ITER designers.?
The new rules, which were derived from a simple model based on the concept of elastic follow
up factor, provide primary and secondary stress limits as functions of uniform elongation and
ductility. The implication of these rules on the allowable surface heat flux on typical first walls
made of type 316 stainless steel and vanadium alloys are discussed.

PROGRESS AND STATUS
Introduction

Austenitic stainless steels have long been known to be embrittled by fission neutron
environment.2-4 Such effects may be further exacerbated by significant generation of
transmutation products like He under fusion neutron environment. Typical stress-strain curves
for type 316 stainless steel fission reactor irradiated and tested at 250°-270°C are shown in Fig.
1.5 Note the significant hardening accompanied by losses of strain hardening capability, uniform
elongation, and total elongation with fluence. Vanadium alloys (e.g., V-4Cr-4Ti) show similar
embrittlement behavior when irradiated and tested at temperatures < 400°C.6 Traditional design
codes are not intended to be applicable to materials with such tensile properties.

Structural design criteria

The basic structural damages (excluding buckling) have been broadly categorized in the
ISDC as belonging to either M-type (monotonic) damage, .e.g., necking, gross yielding and fast
(brittle) fracture or C-type (cyclic) damage, e.g., ratcheting, fatigue and creep-fatigue, depending
on whether they can potentially cause structural failure during the first application of the loading
or by repeated application of the loading, respectively. In the traditional design codes as well as
1ISDC, M-type damage is guarded against by limiting the primary membrane stress intensity to Sy,
(an allowable stress based on yield and ultimate tensile strengths) and the primary membrane
plus bending stress intensity to kS,, where k is a bending shape factor (k =1.5 for solid
rectangular section). However, ISDC considers three additional- M-type damages that are
generally not considered in the traditional design codes. They are (1) plastic flow localization, (2)
local fracture due to exhaustion of ductility and (3) fast (brittle) fracture, all of which are
attributable to irradiation effects. To provide safety factors against the first two type of damages,
the ISDC includes two new elastic analysis stress limits - S, limit for primary plus secondary

membrane stress intensity and Sy limits for primary plus secondary membrane plus bending

stress intensities, with and without peak stress (stress concentration) effects. Note that in the
traditional design codes, there is generally no limit on the secondary or peak stress due to M-

" Work supported by U.S. Department of Energy, Office of Fusion Energy Research, under Contract W31-109-Eng-38.
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type loading, the assumption being that the material is sufficiently ductile to accommodate these
deformation-controlled stresses by local yielding. For unirradiated annealed austenitic stainiess
steels and vanadium alloys, the numerical values of Sg and Sy are orders of magnitude higher
than typical maximum stresses expected in practice and are never controlling. They may
become controlling oniy when the material is sufficiently embrittied by irradiation so that the
uniform elongation drops below 2%.
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2 400
=
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Strain (AL/L.o), %
Fig. 1 Typical variation of the uniaxial stress-strain curve of Type 316 LN-IG stainless

stee!l with fluence at 250°-270°C.

In the traditional design codes as well as ISDC, one option for guarding against ratcheting
due to C-type loading is the 3S,, limit for primary plus secondary stress intensity. However, the

38y, limit is often unduly conservative, particularly for designs with low primary stress. An
alternative rule that is usually less conservative than the 3S, rule, is based on the Bree diagram
and has been adopted in the 1ISDC.

Implication of ISDC on allowable surface heat flux

To illustrate the implication of the design rules of ISDC on the surface heat flux capability
of irradiated fusion reactor blanket/first wall, we consider a typical first wall geometry, shown in
Fig. 2, subjected to a surface heat flux (Q) and coolant pressure {p). Thus, the temperature
distribution through the structure is bilinear, being constant in the back wall. In most cases, the
boundary condition considered is one of generalized plane strain, i.e., the structure can expand
freely in-plane without bending out-of-plane. In one case, we considered the effects of
complete constraint to expansion and bending. The design rules considered for setting the
surface heat flux limits are (1) the 3S;,, rule for primary plus secondary stresses, (2) the S, limit for
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primary plus secondary membrane stress, (3) the Sy limit for primary plus secondary stress
without peak stress, and (4) ratcheting limit based on Bree diagram rule.! In addition, we also
indicate the limits implied by various maximum material temperature limits. Note that the 3S,
limits can be exceeded provided the Bree diagram rule is satisfied. We have not included limits
based on fast fracture, creep, fatigue or those due to stress concentration effects at the coolant
hole corners. For the design configuration and coolant pressures considered, the primary and
secondary membrane stresses are very low and the permissible surface heat fluxes as
determined by the S, limit are never controlling and therefore not reported except in the case of
a fully constrained blanketfirst wall. Because of the simplicity of the stress analysis model, the
surface heat flux limits reported here should be considered for comparison purposes only and
should not be viewed as absolute limits.

Width First Wall
|

Height

H

AN
Back Wall

Coolant Channel

Fig. 2 Typical first-wall/coolant-channel/back-wall geometry considered.

»

Type 316 stainless steel

“The surface heat flux limits for a low-temperature/low-pressure and high-
temperature/high-pressure designs are shown in Figs. 3a and 3b, respectively. Since the Bree
diagram ratcheting limit falls above the maximum ordinate value shown, the 3Sy, limits for the low

temperature design (Fig. 3a) can be exceeded up to the Tmax=425°C limits. Even in the
jrradiation embrittled condition (g, < 2%), the 3S,, limits can be exceeded significantly. In the

high-temperature/high-pressure design (Fig. 3b), the various allowable surface heat fiux curves
are shifted differently and the irradiation embrittiement (Sg) limit is never controlling unless the

Tmax = 550°C limit can be exceeded significantly. At small first wall thicknesses, the 3Sy, Iimit is

above the Bree limit because a small but finite ratcheting strain will occur only during the first
cycle. The 3Sy, limit can be exceeded up to the Bree limit beyond a first wall thickness of 3.5

mm; however, the Trax = 550°C limit is violated above a thickness of 4 mm.

Vanadium alloy

The surface heat flux limits for a V-4Cr-4Ti blanketffirst wall design are shown for
generalized plane strain and fully constrained conditions in Figs. 4a and 4b, respectively. In
both cases, the allowable surface heat flux can exceed the 3S,, limit up to the Bree limit or the

Tmax limit, whichever is less. For the generalized plane strain case (Fig. 4a), the surface heat flux
limits by irradiation embrittiement (Sq) rule fall below the Bree limits but can exceed the 35, limils
without violating the Tpax = 700°C limits up to a first wall thickness of 4 mm. For first wall
thicknesses = 5 mm, Tyax = 700°C limit is below even the 35S, limit. -For the: fully constrained
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case (Fig. 4b), the 3S, limits, the Sy limits, and the Bree limits are all shifted downwards by about
0.5 MW/m2. Although the surface heat flux limits due to primary plus secondary membrane
stress limits (Sg) fall within the range of the ordinates plotted, they are still much higher than the
Sq limits or the Tynax = 750°C limits.

Conclusions

New rules using the concept of elastic follow up factor (r-factor) have been included in the
ISDC to account for the loss of uniform elongation (strain hardening) and true strain at rupture
due to irradiation. For designs with low primary stress, the primary plus secondary membrane
stress limit (Sg) may never be controlling.
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Fig. 3 Surface heat flux limits as functions of first wall thickness on type 316 stainless
steel blankets with a 5 mm thick back wall for a (@) low temperature, low pressure
design with 8 mm wide 4 mm high coolant channels and (b) high temperature,
high pressure design with 10 mm wide and 20 mm high coolant channels.
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Figure 4 Surface heat flux limits as functions of first wall thickness on V-4Cr-4Ti blankets
with a 5 mm thick back wall, 100 mm wide and 50 mm high coolant channels for
(a) generalized plane strain condition and (b) fully constrained condition.

The maximum surface heat fiux limits by the various design rules considered here for first
wall designs with drilled rectangular coolant channels depend on design variables such as
coolant temperature, coolant pressure, material, first wall thickness, degree and type of
constraint to deformation. In most cases, the 3S, rule provides the most conservative values of

permissible surface heat flux. These limits can be exceeded up to the Bree limits provided the
maximum metal temperature Imits are not exceeded. For the vanadium alloy blanket, the
maximum metal temperature limits can be the controlling criterion for maximum surface heat flux,
particularly for first wall thickness > 4 - 5 mm and if a conservative criterion such as Tnax = 650°C is
imposed. Thus, the maximum heat flux capability of vanadium alloy blankets may be significantly
increased if the maximum temperature criterion can be relaxed. To emphasize, the surface heat
flux limits presented here are not absolute limits, but are used only for comparison purposes.
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ELASTIC-PLASTIC ANALYSIS OF THE SS-3 TENSILE SPECIMEN'
S. Majumdar (Argonne National Laboratory)

SUMMARY

Tensile tests of most irradiated specimens of vanadium alloys are conducted using the
miniature S5-3 specimen which is not ASTM approved. Detailed elastic-plastic finite element
analysis of the specimen was conducted to show that, as long as the ultimate to yield strength
ratio is less than or equal to 1.25 (which is satisfied by many irradiated materials), the stress-
plastic strain curve obtained by using such a specimen is representative of the true material
behavior.

PROGRESS AND STATUS
Introduction

The SS-3 specimen has a much shorter gage length than typical ASTM-standard tensile
specimens. More importantly, the solid area ratio between a section at the hole and that at the
gage center is only 1.9 for the SS-3 specimen compared to 3 for typical ASTM standard
specimens. This large area ratio in the ASTM standard specimen guarantees that there is little
or no yielding in the grip section of the specimen during a tensile test. This is an important
consideration for tests in which strain is not measured directly by an extensometer because
errors will be introduced in the siress-strain curve as obtained from the measured load-
displacement curve if large plastic strains occur outside the gage in the grip section. For this
reason, if the ultimate to yield strength ratio of the test material is 21.8, the SS-3 specimen
cannot be used to obtain the stress-strain curve. Even for materials with the ultimate to yield
strength ratio < 1.9 (e.g., irradiated materials), there is a greater chance for yielding in the grip
section of the S5-3 specimen than in an ASTM standard specimen, principally due to stress
concentration effects. Elastic-plastic finite element analyses were conducted to estimate the
effect of plastic yielding outside the gage section on the measured load-displacement (thus the
stress-strain) curve.

Model for analysis

One quarter of the S8-3 (Fig. 1) specimen was analyzed using the finite element (4100
nodes and 3900 elements) program ANSYS with elastic-plastic material properties of irradiated
(0.4 dpa) V-4Cr-4Ti at 420°C as reported in reference 1 (yield = 340 MPa, ultimate = 430 MPa
and uniform elongation = 8%). The loading pin was assumed to be perfectly rigid and an initial
radial clearance of 0.025 mm was assumed between the hole and the ioading pin. Contact
elements were used for modeling the transmission of load from the pin to the specimen. Thus,
initially there was a line contact and the area of contact increased with increased loading. The
analysis was carried out till 5% piastic strain (420 MPa) at the gage section.

*

" Work supported by U.S. Department of Energy, Office of Fusion Energy Research, under Contract W31-109-Eng-38.
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Fig.1 Geometry of specimen SS-3 (1/4 of specimen shown) with a thickness of 0.76 mm.
Results

A contour plot of tangential plastic strain near the hole at the final loading is shown in Fig. 2.
There is about a 0.5% maximum plastic strain at the edge of the hole at the minimum cross-
section of the specimen and a 1% plastic strain at the point of contact. However, note that the
zones of tensile plastic strain are fully contained within elastic enclaves. The fact that the tensile
plastic zone does not spread to the laterai free surface of the specimen is not surprising because
the ultimate to yield ratio for this material is about 1.25 which is less than the area ratio 1.9.

SMN =-.00136

SMX =.009877

é =-,236E-03
=.002011

C =.004259

D =.006506

E =.008753

Fig. 2 Contours of constant hoop plastic strain near the hole for a gage section plastic

strain of 0.05 (stress = 420 MPa).

Angular variations (angle 0 defined in Fig. 1) of the radial contact stress and radial plastic
strain at the periphery of the hole at various gage section stress levels are shown in Figs. 3a and
3b, respectively. Compressive plastic yielding starts at the contact point from the very beginning
and spreads with increased loading up to 6=40° at the final load level. Significant yielding occurs
near the hole before there is any yielding at the gage section.

Significant yielding in the grip area could introduce nonlinearity in the load-displacement
curve before the onset of yielding in the gage section and thus make the usefuiness of the load-
displacement curve questionable. To check this out, the load-displacement curve from the finite
element analysis was used to derive the stress strain curve assuming that the' displacements in




the finite element analysis was used to derive the stress strain curve assuming that the
displacements in the grip sections were negligible, i.e., the strain was obtained by dividing the
total displacement at the loading pin by the gage length (7.62 mm.). A comparison between the
derived and the input stress-strain curves, shown in Fig. 4a, shows that this assumption is
incorrect because a significant component of the displacement comes from the grip section
outside the gage.

Next, in accordance with usual experimental procedure, the stress-plastic strain curve
was derived from the computed load displacement curve by first subtracting the elastic (initial
linear part) displacement from the total displacement to obtain the plastic displacement and then
attributing the plastic displacement to the uniform gage section only. The resuiting stress-
plastic strain curve is compared with the input stress-plastic strain curve in Fig. 4b. The good
agreement between the two shows that in spite of significant yielding in the grip section, the
stress-plastic strain curve for this material can be obtained from the load-displacement curve
with good accuracy.
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Fig. 3 “Angular variations of radial (a) contact stress and (b) plastic strain at the edge of
the hole for various values of gage section stress.
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derived from load-displacement curve by FEA and (b) input stress-plastic strain
curve and stress-plastic strain curve derived from computed load-displacement
curve by FEA.

Discussions and Conclusions

A detailed elastic-plastic finite element analysis of the SS-3 specimen using stress-strain
curve for irradiated V-4Cr-4Ti at 420°C showed that large compressive plastic strains occurred at
the contact area between the ioading pin and the specimen. Significant tensile yielding also
occurred at the periphery of the hole 90° away from the contact zone due to stress
concentration effects. However for materials with ultimate to yield ratio of 1.25, this plastic zone
was fully contained within an elastic enclave. As a result, the contributions of these plastic
strains to the plastic displacement of the loading pin were small compared to those from the
gage section. Thus, the stress-plastic strain curve for this material can be derived from the load-
displacement curve with good accuracy. However, note that it was assumed that the material at
the contact area continued to camy high compressive stress (ultimate stress) with high
accumulated compressive plastic strain (much greater than uniform elongation) without
cracking. If the compressive ductility (or the crushing strength) of the material is reduced by
irradiation significantly and the contact area experiences cracking, non-linearity in the load-
displacement curve may occur before the gage section reaches yield, thus introducing some
uncertainty in the determination of the yield stress.

The 88-3 specimen is acceptable for irradiated materials for which the ultimate to yield
strength ratio is low (£1.25). However, uniess an extensometer is used to measure the gage
section strain directly, only the stress-plastic strain curve can be obtained - the full stress-strain
curve cannot be obtained.
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STATUS OF LITHIUM-FILLED SPECIMEN SUBCAPSULES FOR THE HFIR-MFE-
RB-10J EXPERIMENT — J. P. Robertson, M. Howell, and K. E. Lenox (Oak Ridge National
Laboratory)

OBJECTIVES

The objective of this research is to irradiate a sufficient variety and number of mechanical
properties specimens of V-4Cr-4Ti at 420 and 480°C in order to study the flow and fracture
behavior and to establish a mechanism-based approach to modeling the effects of external
parameters on fracture.

SUMMARY

The HFIR-MFE-RB-10J experiment will be irradiated in a Removable Beryllium position in the HFIR
for 10 reactor cycles, accumulating approximately 5 dpa in steel. The upper region of the capsule
contains two lithium-filled subcapsules containing vanadium specimens. This report describes
the technigues developed to achieve a satisfactory lithium fill with a specimen occupancy of 26%
in each subcapsule.

PROGRESS AND STATUS

The HFIR-MFE-RB-10J experiment, conducted under the U. S. DOE/Japan Atomic Energy
Research Institute Collaborative Testing Program, will be irradiated in a Removable Beryllium
position in the HFIR for 10 reactor cycles, accumulating approximately 5 dpa in steel. The upper
region of the capsule contains two lithium-filled subcapsules containing vanadium specimens.
One subcapsule will operate at 420°C and one will operate at 480°C. The lower region of the
capsule contains austenitic and ferritic steel specimens operating at 250°C. The capsule will be
surrounded by a EusO43 shield in order to harden the spectrum and prevent unwanted

transmutations.

The vanadium specimens in this experiment were encapsulated in lithium-filled subcapsules to
control the vanadium absorption of the interstitial impurities carbon, mtrogen and oxygen, and to
provide temperature uniformity between specimens.

There were five major issues to be resolved prior to filling the subcapsules with lithium and each of
these is briefly discussed here. A complete report is in progress.

Specimen loading: Each subcapsule was made out of type 316 stainless steel. The interior
diameter was 2.62 cm and the interior height was 9.75 cm. Fifty-one SS-3 type flat tensile
specimens, 23 one-third size pre-cracked Charpy V-notch specimens, six creep tubes, one DC(T)
fracture toughness specimen, and one 1.52 cm-long tube containing 25 TEM disks were put into
each subcapsule.- A loading arrangement had to be devised such that all the specimens fit and
were surrounded by lithium, and that they stayed in place during the various welding and
inspection procedures. The specimens were arranged into three fayers such that the top of the
upper layer was 5.59 cm high in the capsule, leaving a gas gap at the top of the capsule of

4.17 cm. This gas gap was required to be at least 1.45 cm in order to accommodate all of the gas
contained in the pressurized tubes, should they burst. A sleeve of high purity vanadium sheet
metal was fit inside the capsule to minimize the exposure of the lithium to the steel wall and to
serve as a getter material during irradiation. Of the total internal subcapsule volume, including the
necessary gas gap, vanadium specimens occupy 26%. For comparison, the specimen packing
fraction in the EBR-1I X530 experiment ranged from about 11 (for a mixture of SS-3 tensile and
TEM disk specimens) to 33% (for a mixture of DCT-B specimens and 1/3-size Charpy specimens)
for the various subcapsules [1].




handled in a flowing argon glovebox and specimens taken for analyses were triply contained in
glass bottles, plastic zipper bags, and mason jars. After purification, samples were taken by
forcing a small amount of the Li into a "dead-end" tube that was then welded closed. The metals
analyses were performed in the Chemical and Analytical Sciences Division of ORNL. The oxygen
content was analyzed by neutron activation analysis in the Analytical Services Organization (ASO)
at Y-12. The ASO also performed nitrogen analyses using a modified Kjeldahl procedure. Twin
samples were also sent to the Analytical Chemistry Laboratory of Argonne National Laboratory for
analysis via the modified Kjeldaht procedure. In each instance, the receiving laboratory was
notified of the sample shipment and was prepared to take the appropriate actions to maintain the
cleanliness of the sample. The on-site sample shipments were made by special courier and the
shipments to ANL were by overnight express mail.

Lithium source and purification: "High purity” Li-7 was obtained from the Y-12 Plant in Oak Ridge.
This isotope of lithium was chosen in order to reduce the production of tritium by transmutation
reactions in the HFIR. The lithium was 99.99% Li-7. Because of its cost and rarity, extreme care
was used to minimize the volumes left behind as “scrap" in the processing steps. The Li-7 was

provided in the form of irregular chunks, approximately 125 cm3 each. The chunks were melted,
slagged, and then gettered with chromium chips and then zirconium chips and titanium foil. The
as-melted material had a nitrogen content of 540 ug/g (540 wt ppm), an oxygen content of 0.17%,
and only trace amounts of metallic impurities. The lithium was pushed through a 40 um filter to
remove any remaining slag material and the larger oxide particles but no attempt was made to
getter for oxygen. The as-gettered material that went into the experimental capsules had a
nitrogen content of 26 pg/g (26 wt ppm) and an oxygen content of 0.16 wt%.

Capsule filling: The capsuies were filled using a technique known as the "blowback” method. In
this technique, the specimens are placed inside the capsule and the capsule head is welded in
place. This head has two penetrating tubes: lithium flows in one, fills the capsule, and overflows
out the exit tube. After the capsule is completely full, high purity helium is blown back through the
exit tube and the excess Li is blown back through the fili tube to the reservoir. Once the Li level
recedes down to the height of the fill tube, only helium gas flows back up the fill tube and the Li
level is set. For the fill process, the Li was pushed under high purity He gas pressure through
clean stainiess steel tubing. All connections were made with stainless steel swagelock fittings. In
preparation for capsule filling, the lithium temperature was raised to 400°C. This temperature was
a compromise based on two factors: as the temperature increases, lithium is more likely to wet the
steel capsule and the vanadium specimens and the lithium flows easier in the transter tubes.
Above 500°C, however, the lithium begins to leach nickel from the stainless steel. Prior to filling,
the capsule was evacuated to a vacuum on the order of 10-1 torr. A valve on the exit tube was
closed and the Li was forced in from the reservoir; the pressure was gradually increased to 69 kPa.
The lithium was then blown back with both minimum pressure and flow rate. The capsule was then
left to soak at temperature (400°C) and a vibration applied. After a soak/vibration of about

45 minutes, the fill and blowback processes were repeated. After the capsule was filled, the fill
and exit tubes were crimped closed using a specially designed tool to ensure a good seal. The
exterior portion of these tubes were then cut to the design length and welded.

Detection of fill level: The nature of this fill process required the establishment of a non-
destructive technique to measure the lithium fill level. A number of techniques were attempted
but only two proved very useful. Both were performed on the capsules while they were still
attached to the fill system so that, if the fill was not adequate, the capsules could be filled again.
Once the fill tubes are crimped and the capsule removed from the fill system, no more lithium can
be added. Standard x-ray radiographs using a portable x-ray source were taken of the capsules
while they were still attached to the system. The lithium level showed up as a faint contrast
change against the black of the gas gap at the top of the capsule. The steel wall, the steel fill
tubes, and the vanadium specimens appeared very bright and the lithium contrast was not visible
in these regions. The second useful technique was a variation on ultrasonics. Through
experimentation, it was determined that a relationship existed between the presence of Li and the
wall ringing induced by an ultrasonic transducer. Even though several interfaces existed because
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of the capsule liner, the lithium dampened the ringing significantly. This damping was used to
estimate the fill level to within about 0.3 cm. This same method could was aiso used to locate and
size any significant (greater than 1.3 cm diameter) internal voids within the capsule.

CONCLUSIONS

The techniques outlined above resulted in the successful filling of the two subcapsules required
for the HFIR-MFE-RB-10J experiment. The fill level was confirmed by x-ray and by ultrasound and
the fill uniformity was confirmed by ultrasound and by a post-weld weight measurement. The
shape of the lithium meniscus seen in the x-ray implies that the lithium is wetting the vanadium
liner and therefore is also wetting the vanadium specimens .

FUTURE WORK

A complete report detailing all aspects of this project is in progress.
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SPECIMEN LOADING LIST FOR THE VARYING TEMPERATURE EXPERIMENT —
A. L. Qualls and R. G. Sitterson (Oak Ridge National Laboratory)

OBJECTIVE

The objective of this report is to present a detailed summary of the specimen loading for the
DOE/MONBUSHO varying temperature irradiation experiment HFIR-RB-13J.

SUMMARY

The varying temperature experiment HFIR-RB-13J has been assembled and inserted in the
reactor. Approximately 5300 specimens were cleaned, inspected, matched, and loaded into four
specimen holders. A listing of each specimen loaded into the steady temperature holder, its
position in the capsule, and the identification of the corresponding specimen loaded into the
varying temperature holder is presented in this report. -

PROGRESS AND STATUS
Introduction

The varying temperature experiment [1,2] was assembled during the last reporting period.
Approximately 5300 specimens were cleaned, inspected, matched, and loaded into four
specimen hoiders. The purpose of this experiment is to investigate the effects of neutron
fluence on the microstructure and mechanical properties of candidate fusion reactor structural
materials to the effects of receiving 10% of the fluence at reduced temperature.

The specimens were loaded into holders, which were then pumped under high vacuum,
backfilied to a pressure of 1 atmosphere with clean, dry helium (water content < 1 ppm, oxygen
content < 2 ppm) and sealed. The sealed holders were assembled into the experimental region
of the capsule. This loading report documents specimen location within the capsule along with
some details concerning final assembly. Specimen locations are denoted in terms of 1) holder
(350°C or 500°C), 2) hole (B1, B2,...,T4, T5), 3) axial position within hole and, 4) location within
axial position (where applicable). Locations within axial positions are listed differently for different
specimen types. Tensile specimens are listed in order of their position in a stack of 1310 17.
TEMs are listed in order of their insertion into the tube. Bend bar specimens (Bend Bar #7) are
listed according to their position within a stack of 10 specimens placed in the square channel of a
sleeve (top row, side, or bottom). CVN specimens are also listed according to their location in a
stack of 4 specimens placed in an identical sleeve (top, or bottom).

A listing of each specimen icaded into a steady temperature holder, its position (holder, hole,
position in hole, position within position) in the capsule, and the number of the corresponding
specimen loaded into a varying temperature holder is provided in Appendix A of this report. A “b”
or “nm” in the match column indicates that the specimen does not have a match. Some expected
specimens were missing and were not loaded, however the match may be loaded and is listed if
so. Experimenters were notified individually about missing specimens.

Specimen Loading

Loading of the four holders is rather complicated. Matched specimens are located an equal
distance above (steady temperature zones) and below (varying temperature zones) the reactor
mid-plane in order to receive similar neutron fluences. Holders located opposite the reactor mid-
plane see inverted flux gradients, therefore specimens loaded in the top of an upper holder must
have their match located in the bottom of a lower holder to properly match fluences.
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Generally, specimens of a single type supplied by the an experimenter are located at or about the
same elevation within a holder. For example, Dr. Kimura has tensile specimens in three of the
four tensile holes of each holder, His specimens are irradiated at the top of the steady
temperature holders (upper holders) and at the bottom of the varying temperature holders (lower
holders) in order to put them into similar flux regions. Two of the tensile holes load from the top of
the holder and two from the bottom. Therefore Dr. Kimura's tensiles are loaded as the fast group
of the stack into the holes open at the top of the upper holders, as the first group of the stack into
the holes at the bottom of the upper holders, as the first group of the stack into the holes at the
top of the lower holders, and as the last group of the stack into the holes at the bottom of the
lower holders.

The holes are numbered from a Top Dead Center (TDC) mark on the top of the holders counting
in the clockwise direction. T2 and T5 are tensile holes. The holes on the bottom of the holders
are numbered from this same TDC mark as projected onto the bottom surface, counting in the
clockwise direction from the projected mark as you look directly at the bottom surface. The
projected mark passes through a tensile hole numbered B1.

The numbering of positions within specimen stacks is counted from the top of the holders. There
are 5 tensile positions, 4 CVN positions, 8 bar positions, and 2 TEM positions. Again, as an
example, Dr. Kimura’s tensile specimens loaded at the top of the upper holders are in position 1,
whether the hole was loaded from the bottom or top. The matching specimens are loaded into
position 5 of the tensile holes in the lower holders.

When loading the specimens, the following steps were taken:

(1) Specimens were formed into two matching groups.

(2) The groups were formed into stacks and loaded into sleeves.

{3) One end of each sleeve was marked with the desired holder and hole number such that the
orientation of the sleeve could be verified as it was inserted.

As a sleeve was inserted, the hole number was checked against the sleeve number, and
photographs were taken of the identifying marks.

Loading of the Tensile Specimens
(T2,T5,B1,B4)

The tensile specimens were arranged into groups of approximately 15. The groups are held
together using pure tungsten wire shaped in the form of a cotter pin with the bent end twisted 90
degree from the legs. The tensile specimens were stacked face to face and the pins were
inserted through the end tab holes. The looped end of the wire constrains one end specimen
and the two legs are bent to constrain the other end specimen. This was done to assist with
loading and to hold specimens in the proper orientation for heat transfer.

Loading of the CVN specimens
(B3, B5, T3)

The CVN specimens are arranged into groups of 4 and stacked into 4 axial positions within a
sleeve. The sleeve is a cylindrical bar with a machined square channel along its axis and a cap that
covers the specimens in the channel and completes the cylinder. The cap has end tabs which
prevent specimens from sliding out the end of the channel.

Loading of the TEM specimens
(T1, B4, B6)

The TEMs are loaded into tubes. Two of these tubes are inserted into three holes in each holder.
The tubes are labeled as either “holder-hole-A” or “holder-hole-B”, and are marked at the end




into which the specimens were inserted. in other words, the last specimen loaded is directly
under the marked end of the tube. The first specimen loaded into a tube is numbered 1, and the
successive specimens are numbered accordingly. In the top holes of the upper holders, tube B
is inserted first and tube A is loaded on top of it. The marked end of the tube B is near the middle
of the holder and the marked end of tube A is near the top of the holder. For the holes on the
bottom of the upper holders, tube A was inserted in the inverted position (the mark couid not be
seen) and then B was inverted and inserted after A. Again, the marked end of the A tubes are at
the top of the upper holders and the marked end of the B tubes are near the middie of the
holders. Therefore, specimen 1 in tube A is near the center of the holder in all holes. Specimen
1 of tube B is always near the bottom of the steady temperature holders.

The tubes in the lower holders are loaded inverted with respect to those in the upper holders.
For the top holes of the lower holder, tube A was inverted (marks could not be seen) and inserted
and then tube B was inverted and inserted on top of A. The marked end of A was near the
bottom of the lower holders and the marked end of B was near the middle of the lower holders.
Specimen 1 of tube A is near the middle of the holder. Specimen 1 of tube B is near the top of
the lower holders. For the bottom holes of the lower holders, B was inserted first (marked end
near the middle) and A was placed on top of it (marked end near the bottom). Again, specimen 1
of tube A is near the middle of the holder. Specimen 1 of tube B is near the top of the lower
holders. When looking into the holes before sealing them, the marks of the A tubes couid be
seen in the top holes of the upper holders and in the bottom hoies of the lower holders.

The order in which TEMs were loaded in the tube are included in the final loading list. This is
indicative of the numbered location of the specimen in the tube. It does not provide the actual

- location of the specimen, because of variations in the thickness of specimens. Tubes that are not
completely filled by the specimens have Dispal spacers to fill the remainder of the tube. The
lengths of the spacers are recorded, and an estimated location of each specimen will be provided
along with an estimated fluence after irradiation has been completed and the dosimetry analyzed.

Loading of the Bar-7 specimens
(B2)

The Bar-7 specimens are loaded into a sleeve and capped, similar to what was done for the CVN
specimens. There are 10 specimens to a group and eight groups to a stack. There is only one
stack per holder. A Dispal filler piece is inserted into the middle of the groups to complete the
square. All of the specimens are located on the outside layer of the grouping, and at least one
surface of each specimen is in contact with the either the sleeve or the sleeve cap.

Thermometry and Dosimetry

The maijority of the thermometry in the holders are included in three Thermocouple Array Tubes
(TCATS) that extend the entire length of the four stacked holders. The TCATSs are located at
different angular locations at the same radial position within the holders. Each contain seven
thermocouple junctions which are displaced over the length of the four holders so that each
holder has 5 thermocouple junctions, equally spaced in the axial direction, within it.

Each holder contains a hole filled with dosimetry and dummy specimens. The dummy specimens
are intended to provide a measured indication of the temperature difference from the centerline
of specimens to the thermocouple junctions in the TCATS. Initially, two dummy specimen groups
were to be measured in each holder, however, all of the intended measurements are not
included in the final assembly.

A reduced sized tensile specimen sleeve was designed to fit into the smaller dummy specimen
hole, however it could not be inserted unless the number of specimens in it was reduced to the
point that the measurement was no longer valid. Instead of inserting tensile specimens, a solid
cylinder of Dispal was fabricated and inserted in the two locations originally designated for the
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dummy tensile specimens. The outer diameter of the sleeve is identical to that of the sleeves
containing the CVN and BAR7 specimens and the TEM housing tubes. This measurement will
provide an indication of the temperature difference from the holder to a specimen sleeve.

Several thermocouples installed into the upper holders were damaged by the insertion and
pulling of the electric resistance heaters into position. Therefore, some of the dummy specimens
inserted do not have working thermocouples installed and the data is simply lost. The loading of
the dummy specimens is as follows:

Holder Location

LTST Dispal Blank in top dummy specimen location

HTST Tungsten Bar 7 specimens in bottom specimen location
HTST Stainless Steel TEM specimens in top specimen location
HTST . CVN specimens in bottom specimen location

HTVT CVN specimens in bottom specimen location

The capsule contains neutron dosimetry near the top and bottom of the four holders. The
dosimetry capsules were provided by L. R. Greenwood of PNNL and are numbered as follows:

53 Top of LTST holder
56 Bottom of LTST holder
59 Top of HTST hoider
61 Bottom of HTST holder
62 Top of HTVT holder
63 Bottom of HTVT holder
70 Top of LTVT holder
71 Bottom of LTVT holder

The dosimetry will be retrieved and analyzed after irradiation.
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Appendix A -

Listing of the Specimens Loaded into the Varying
Temperature Experiment

1. Low Temperature Steady Temperature and Low
Temperature Variable Temperature Holder

2. High Temperature Steady Temperature and High
Temperature Variable Temperature Holder
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cimen experimenter | type |irr. tormp. | hole | position |poaition(2)| atfation | match 3 imura 350 | b2 s P 3
b 231 1 Kurishita 350 | b2 s lepan
b 2 Lapan k232 Kusishita bas7 350 b2 [Jepan 7
b Kurishita, 350 | b2 3
b Napan 1 Kurishita bar7 50| b2 i
b Mapan _ |k242 bS Kurishita bar? 350 | b2 I
b : 43 kiart kimtsra bar7 350 b2 b L k21
b L i244 =A iimura bar 350 w2 b ) Kk2r2
b Mapan __[ice45 =4 iimura ar? 350 | bz b___L 2
b JJ ic2s1 ic3rd mure 7 350 b2 .S Mapan _Jkera
b L c2s2 ura bar7 350 | b2 s an s
3 1 381 imura 7 350 b2 s [ k251
b 2 Y 254 k3s2 imura 7 350 | b2 s O k2s2
b I icatt k33 imura 7 350 | b2 i 253
b 4 1 ic2t2 k354 iimura bar7 350 | b2 |4
b 5 Y k385 igmura bar7 350 b2 0
b 16 _{us Kurishita bar7 350 b2 b i 6
b 17 __us 2 Kurighita bat7? 350 b2 4 3 i 7
b 1 Ll 3 Kurishita bar? 350 | b2 4 b 1 8
b 2 L) k2 4 Kurishita bar7 350 b2 4 s
b 3 b 2] Kurishita bar? 350 b2 4 s x
b 4 LJapan k4 5 Kurishita bar? 350 b2 4 s W 6
b N 7 Kurishita bar? 350 | b2 4 s 7
b M iid6 Kurishita bar7 350_ | b2 4 i
b i L:1d 9 Kurishita 7 350 b2 4 Japan
b hapan 1538 a Kurishita, 350 b2 4 A
b bdi 1 Kurishita 350 b2 b [ 3
b 0 an Kunshita 77 350 | b2 Y 7
b 3 b ooy Kurishita ber? 350 | b2 b___ b
b 12 Papan Kurishita bar7 350 | b2 s ldapan S
b 3 W Kurishita bar? 350 | b2 s an
b 4 i3] 3 Kurishita bar7 350 b2 s 3
b S a2 2 Kurishita bar7 350 | b2 s [ 7
) 143 Kurishita bar7 350 b2 [
i b0 Kurishita bari 350 1 b2 v
Hapan___ Hfah1 Kurishia basT 350 | b2 X .
Napan __ [f4h2 1 Kurishita B 3
| fahd 2 Kurishita b llapan 7
fahd Kurishita b [
g f4hS Kurishita s [ 9
) tSho 5 Kurishita s an
L3 foh1 71 Kurishita s 76
] 55h2 72 Kusishita s 77
0 73 Kurishita J 78
74 Kurishita L3 79
L ShS 75 Kutishits 0 7a
E M f6h0 1 Kurishita b ;i 3
4__ N 1 Kurishita b__ L 7
b 15 L) Kurishita b L) 8
b 16 __US 4 Kurtshita s L
17___|Us Kurishita 7 s L 2
4 o 601 1 ishi par7 350 | b2 7 s ¢
4 JJ: 2 a2 77 30| b2 7 s 7
4 i 1603 ) 250 b2 7 t T.
4 ¥ l 44 350 | b2 t 1<
4 o 02 45 bar? 3501 bz +__ ldapan r
4 1 703 1 bar7 350 | b2 b D 3
4 b 1801 bar7 350 | b2 b__ P 7
4 ) 1802 bar? 356 | b2 b1 8
4 9 1 bar7 350 b2 3 )
4 Y 1 bar? 350 b2, ) 9 a
4 ! ikl Kurishita ba7 | 350 | b2 s W 6
4 2__ M 12 Kurishita bar? 350 | b2 . 7
4 3__ W il 12 Kurishita bar7 350 | b2 [Japan 8
4 4 U 2 14 Kurishita [aiT 350 | b2 [ E)
A 5 _ 15 Kurishita [bac7 35 | b2 an a
b 4 € 201
b US g T
b! US 53 b U b7
b us 53 b [0
b us b3 L Sics
b us 205 o3 [ Sice
b us 006 b3 b ). hb3
b Us 007 b3 b 3 hbd
b us 008 b t ) hbs
b Us bS t 1 Ihb6
b US b2 b L 2d5
b US 7 b b 1 12¢8
b US b3 t IS i2d7
b 13 us "% t K ihb2
b 4 us 06 b3 b 1291
b 15 Jus b3 | 4 5 [
b 16 us 08 b3 4 t 1 12d3
f b3 4 t_ 1244
b2 b___ [ t
b2 b ! 7 b4 lJapan k2t
b2 b I b4 lJapan
b2 3 L b4 b
b2 3 [Japan bd J:
b2 3 I d5 bd )
b2 3 lJapan d7 bd s ien
b2 t [ =3 2 Kimtra tensile 350 bd b, k2n
b2 t [Japan dd 3 Kinura tonsile 350 b4 lJ: i
b2 t_ Hepan da 3nd Kenura tensile | 350 b4 2 % in
b2 b_ L 2t 5 Kimura toevsile | 350 b4 015 k2
b2 b [apan liow € Kimura tensile | 350 bs l
b2 b, (=== k37 Kimura tensile | 350 b P Y
b2 s___ b k2t kang Knurs onsile | 350 | b4 13 [Jspan




b4 14 J
b4 15 lJspan
b4 Jm_; 1d
b4 J; 1d
b4 1J; 2d
b4 i d
b4 . 12d
b4 s 12d
b4 J: 12d
b4 Japan hd
b4 9 1l hd
b4 Japan hd
b4 M I
b4 lJapan hd
b4 | thd
b4 Ji:
b4 5 (Japan 13
b4 18 Lapan 14
b4 18 M 15
b4 b 16h3
b4 N t6hd
b4 L 7ho
b4 4 i Tt
b4 M 7h2
bd : f8hO
bd LJ: 18hy
b4 ) 8h3
b4 5 b t3h0
. 0 an 3h1
b4 1 h: t3h2
b4 12 J: 13
b4 13 ) t2ht
b4 14 ) 2h2
bd 15 0 foh1
b4 4 2 o 202
b4 lJapan 203
b4 4 4 |Japan 8301
b4 4 1J 1302
b4 4 Wapan
b4 4 LJapan 1401
b4 4 . 1402
b4 4 9 n t403
b4 4 L t501
b4 4 . 1502
b4 2 1l 1503
b4 4 3 I3 2701
bd 14 s 2702
b4 4 15 LJi 711
b4 4 18 8712
b4 4 17 a721
b4 Us
b4 US
b4 Us 7
b4 Us
b4 us 05
b4 us 108
b4 US i07
b4 Us
b4 9 Us 05
b4 ' U [taCB
b4 U [ta07
b4 U
b4 JJ:
b4 15 N
bd 18
i I
A7 Kohne evn 350 b5 b
A Kohno e 350 b5 b
12 Kohno o 350 b5 t
18 Kohno jevn 350 b5 t
Kohno 350 bs -]
{Kohno 350 b5 -]
[Kohno jevny 350 bsS t
b8 Kohno cvn 350 b5 A3
k339 Kimura evn 50 [ b
{al Kohno 350 b5 b
2 Kohno 350 bS 3
<] Kohno jewn 350 bs t
1 Kimura evn 350 | b5 b
332 Kimura jcvn 350 b5 b
k333 Kimura evn 350 b5 1
k334 Kimura levn 350 [X] t
k3n1 iGmura tom 350 bé
iamura tem 350 [13 2
k3n3 iU torn. 360 bB
k3nd IKmura 350 b6 4
ks Kimura tem 350 [X3 5
k3n6 Kimura tem 350 bé €
3n7 omura tam as50 bs 7
k321 Kimura tomn 350 bb 8
k322 Kimurs 350 b6 )
Imurs item 350 bé
k324 Kimura tem 350 bt
k331 Kimura tem 350 b
Kimura tom 350 b
k333 Kimura 350 b8 4

=) Kimura tem | 350 ] b6 [N TN
1 Kimura tem 350__| bs 16 1
k342 Kimura tom 350 bg 7 [Japan 42
k343 Kimura tom 350 b 8 jJapan
k344 [Kmura tom 350 b k] . k2dd
k351 tamura tom 350 b 20 U k251
Kimura torm 350 b 21 1 k252
K353 Kimuta tem 350 b8 2 i k253
k354 Kimura tern 350 __| bt 23 |Japan fk254
k361 Kimuta temn 350 b 25 I k261
362 Kimura teen 350 b 26 J k262
k363 Kimura tom 350 b 27 LJapan k263
k364 Kimura tom 350 [ 28 Mapan 64
37 IKimura tem 350 bé 29 J 271
k372 Kimura tem 350 b 0 Y i272
373 Kimura tom 350 b 31 L) k273
4 Kamura tant 350 b 32 s 74
1 Kimura tom 350 bé 33 L k281
iGmura tom 350 b6 KL Kapan k282
383 Kimura itom 350 b 35 ] k283
Kimura tam 350 [ 36 J: k284
1 Kmura jtem 350 bs 37 hapan k291
kag2 iGmura tom 350 b 38 tJs 292
383 Kimura torn 350 __{ b6 39 =
iamurna tem 350 b6 40 iJapan k294
1 KImura torn 350 b8 41 i k251
[k3s2 Kimura tom 350 b6 42 }: k252
i3s3 Kimura tom 350 b8 43 h k253
k34 Kimura tom 350 bs 44 M k234
k3s5 Kimura [tem 350 bg 45 W k25
k3s6 - |Kenura [tem 350 b8 48 lJapan k206
7 Kimura tom as50 b6 47 epan 257
k3t1 Kimurs tom 350 bE 48 LJapan K21
k32 Kimura. tem 350 b6 48 i
k33 Kimura. tern 350 bé 50 1 23
Kimura tom 350 b6 51 L k2td
Kimura temn 350 b6 52 B k25
= Kimura tem 350 | b6 53 [V 226
Kimura tom as0 [ 54 Hapsn k27
1 Kimura tom 350 bé 55 1] X}
2 Kimura baen 350 b 58 M 2
Kimura barn 350 be 57 s
Kimura tem 350 bé 58 I 4
Kimura tem 350 b 59 N 5
Kimura tem 350 A 60 i
7 Kimura tom 350 bt 61 L 7
1 Kimura tom 350 b 62 M k2% 1
Kimura tem 350 bé 63 I k22
33 Kimura tem 350 bé 64 i 3
4 Kimura tom 350 | b6 €5 i 4
kS mura tom 350 [ 68 e k%S
=1 Kimura jtom 350 bs 67 X! X231
2 IGmura ten 350 b8 68 h: k22
i3 KGmura tem 350 b &9 JJ: 3
=1 Kimura tom 350 b 70 I 4
35 Kimura tam 350 b 71 I: k325
1 KGmura tom 350 b6 72 1: 1
Kmura tem 350 b6 73 I k2m2
kK3m3 Kimura tom 350 [ 74 I k2m3
Kim ra tem 350 [ 75 i 4
k3m5 Kimura tom 350 b6 76 J: kem5
kani Kimura tem 350 b8 7 L 1
2 Kimtara torn 350 b6 78
k3n3 Kimura tom 350 b8 79 k2nd
k3nd Kimura tom 350 b8 80 k2nd
kans Kimura tem 3350 =] 81 Y k2nS
Kimura tom bs 82 bJ i2rt
32 Kimura tam b6 83 LJ
Kimura tom bé 8 )
38 Kimura taen b6 85 fepan 4
Kimura tom [ 86 i k2rs
Kimura tem b6 a7 J k2rs
Kimura tom be ag i 7
iamura tom be 81 ke
1 Kimura tom bt 90 lJspan k2tt
<] Kimura tom b¢ 91 J k22
iimura b6 92 1
IGmurs tom b6 93 i k2td
=3 IKimura tem b6 94 s kS
< [Kinura tem b6 95 JJi k216
I3t7 [iimura tom b6 963
Kimura tem bé 97 X
381 Kimura tom bé 98 ¥ ic2s 1
82 Kimura tam b8 9 X k22
Kimura tom b 00 [Japan k253
54 Kimura tem b 01 J lc2s4.
Kanura tom be 02 [ k285
98 Kimura tom be 103 i K256
7 Kimura jtemn be 104 ) k257
Kimura tem b 05 Y k288
751 Shibayama jtom B6 108 N 51
752 Shibayama tom 107
701 Shibayama jtomn 08 Wi i
702 Shibayama tom 08 i 02
711 ama tem 10 s 11
712 ama [tem 11 J: 12
721 ama tom 12 L 21
722 Shibsyama tem 183 W
731 AN tom 14 an il
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350 | B6 6 b jgand _TKurishite tom 350156 €2 i )
350 B6 17 Napan 3 gn1 ___iKurishin —tem 350 bs £3 lJapan
3501 86 &9 g [Kurishitsa —~_ftem 350 b6 64| 7
356 186 19 1 jgknd __[Kurshita om__| 350 | b6 85
350 [ B6 ; 20 [ g tem 350 b 88 an
950 | 88 21 L 1 Igp7T__liurishita _ ftom 350 | be 67__ s
350 1 66 22U %02 gkp [Korishita _—tem ELT $8__ Hapan z
350 | 86 123 llapan 03 g3 {Kunishita _—__[tem 350 [ [ Y
350__| B8 124 |Jagan a0l gps [Kudishita ____ Jteen 350 | b6 70
350 | B8 125 an___ Jta02 ioka [Kudshita —__ Jtam 350 b8 71l
350_ | 86 126 lapan___ [tk01 ke TKudishita —__Thom 350 1 b6 72__ [apan 7
350 | B6_ 127 |dapen |02 ke TKurishita ——_jtoms 350 | b6 73 liapan
350__ | B6 128 [Japan (W03 jkad _TKurishita ___Tte 350__| b6 74___Dapan
350 e6 138 [J ) jgkei —{Kurishita —__Jiem 350 I b6 s
350 | 86 130 1 aval gz TKurishita ~__[term 350 | b8 76
350 | ©6 EETI ] av80 gl TKurishita — Ttem 350 | b6 77
350__| B6 1821 av81 gkat __TKurishita _ ltem 350__| b8 78\ €
356_ 1 86 133 el a2 Kudshim Tt 3501 66 78 L 7
350 [ BS 38 voa ka3 Tiurishin ~—__ftem 350 | b6 80 [0
350 1 B6 35 2100 ity IKurishita " " Jem 350__| b6 8D
350 3 36 aiot okt [Kurighita — _[tem 350 3 82 [
3501 B6 7L ahao o3 [Kurishita — [fem 350__| b6 83
350_ ] B6 RY ah&1 jots___TKurishita —__|tam 350 | b6 84
350 [ b6 139 L 2803 okl Tkudshita —ftem 350 | b6 Y
356__ | b6 30 L. 4205 gz TKurishia Tt 350 | b6 86 1 7
{350 | b6 a_ L 2208 gu3 "~ TKurishita — __Tter 350 | b6 87
350__| b 2 13 5 jgud___[Kurishita ___Jtem 350 | b6 88 W
350__| bt 4 an50 vt [Kurishita —ltem 350 | b8 89 lapan
350 | b 45 |Japen  Janst (g2 Wurshita — Tiem 3501 b6 0 7
350 b 46 1) an52 jok [Kudohita | 350 _| b6 91 Uapan
360 | b a7 ans3 e TRudshita —_ Tem 350 | bt 2
350 b IR ac10 kwd __TKutishia _Trem 350 be 53l
350 | b6 a5 L act jgowd " Tkurishita  Jtem 3850 bt 54
350 | b6 [ factz gt Kurishita ——__ Jtem 350 [ b %5 |
3501 b6 51 1) 13 glo2 [Kudshita __ ltem 356 __| b8 §6_ [Japan 7
3501 b6 152 1 a3l jPod __Turishita __ftem 350 b8 97__ [apan
3501 b6 183__|3 am31 a803 TOheuid tens 350 186 98 2601
350 6 154 lam32 604 d toen 350 58 99 i 2602
350 b6 185 1J am34 J tern [13 100 Y af11
tom | 550 | b6 . tom b 101 Lk 2812
fon 350 1 b6 v tom b6 103 2622
n tem 350__| b8 tom | 6 104 H
" tom 350 | b6 1 o be 105__ L 632
S a tem 350 b6 [ tem be 06 1
8he Hasopawa iterm 250 3 LS tom bé 07 __ ) 8642
th7 gawa tem 350 3 . 7 tem | b8 08 2801
the Qawa tem 350 { b6 N bE 109 L 2802
o g tom. 350 | b6 6 1 0 |_bs i 2621
A tom 350 | 66 10 Kt b% Hapan __ laB11
n3 gawa tem 350__| b6 11 b b8 Mepan __laB12
4 gawa == 350 3 12 Japan 83 b6 Japan jag22
5 gawa__iom 350 | b6 3 ah %S b6 2832
3 ogawa Y 350 | b6 141 %6 B§ 4 W 4001
{1 ogawa tem 350 b6 15 LJ. 7 Bs 15 W 2002
no ogaWs temn 350 =3 & L) S Bb 18 L, ja01t
= o tem 350__ | b6 18 Ra0 - BE 17 2012
b1 tern. 350 | b8 15 S fat i Bs 18 i 2021
w2 90gIWa tom 350 3 20 1 a2 B5 19 [ 2022
3 oy teen 350__| b6 211 a3 | 88 120 s 2031
s Hasegawa tem 350 | b6 = an___ |fa5 [ 121 an 632
=3 Hasegawa e 350 | b6 23 L 3 | b8 121 _ Wapan a82¢
7 lasegaws tem 350 b6 24 ljapan Ba7 | BS 122 W 41
B8 gawa ten 350__{ b8 25 a8 | 85 123 n042
A0 torm: 350__ [ b6 263 nao 3 123__ i 2831
350 | 56 27 iz B8 1241 2051
toen) 350 | b6 28 an | BS 125 an___ (2052
= 350 1 b6 250 (a4 350 | B6 126 L 0681
tom 350 | bt 30 id5 }.350 |} 85 127 4 8062
temy 350 bE a1 L) Rd6 350 88 128 L 2071
Itom 350 b a2 T 7 i 350 B8 129 L 072
= 350 | bk @ fr10 [ohawd 1 3501 BE 130 i 2083
tem 350 | b8 34 lospan  Jir 2093 TOhnuid__— _Ttem 350 1B6 KETIN T 2091
tom 350__| b6 3 BE a094 __ "Tohnuic —— — htem 350 | B6 1321
tom 350 | be 361 i a104 __Ohnud | 350 B8 133 Dapan__la103
o 350 | bt 37 N fri5
tem, 350 | be 38U irie !
o 350 b 39 [Japan te17 o0 1 ‘atanabe 350 1 ) ygot
350 | b6 40 fr 2 atanabe 350 Hapan ygo2
350 o8 3] 3 fatanabe oo 350 s
350 b6 42 L 7 004 'atanabe tomn 350 4 Jﬁ %
250 bé a3 ). 905 'atanabe torn 350 X yg0s
350 b 44 tispan atanabe ftem 350 Napan _1vg06
350 bt 3 2 7 JWatanabe = 350 i yg07?
3501 b6 461 7 008 Watanabe tom 350 Y lygoe
350 Y 47 1909 'atansbe jtomn 350 T N
356 bt . 7 @10 atanabe tom 350 r 10 Dsoan . |yg10
350 b 48 o1 atanabe torm 350 i 11
350__ | bt 56 Japan 12 atanabe tom 350 12 Lepan_ yot2
350 b Y i7 813 Atanabe ton 350 b lyg13
350 3 52 i 914 ‘atanabe tom 350 R | lyg14
350 b8 53 Wapen 7 E atanabe tem 350 I g
350 L‘,T 56 8 16 atanabe 350 X Jﬂwﬂ g
350 b 55 ) 17 atanabe 350 L: vg
250 b 58 Ay 018 atanabe tom 350 r 18 LJapan yg
350 b6 57 lJagan eid \Watanabe tem 350 T 18 WJapan ygi9
350 b6 58 azan 020 atanabe tern 350 T 20 Mapan Ygeo
350 | b6 59 U 3 o21 atanabe tom 350 17T 21 1
350 | b6 o U > 022 Watansbe 350 3 2 s
350 ] ve 61 1] 8 623 atanasbe 350 7 23] .




24 [Watanabe ! 350 74 Luwpan ytad stanabe e 350 i35
025 [Watanabe ——__tem 350 25 Lapan yt2S _ Wetanabe _— hem 350 X 124_ [apen
o268 [Watanabe ™ ftem 350 P y26 __ [Watanabe —_ ftem 350 r 126 s 26
027 [Watansbe ___ltem 350 27 [Japan yi27 ~_ [Watanabe _ jtem 350 | T 128 |
028 [Watanabe __ ftem 350 28 |Japan I (Watanabe _ Trem 350 127 i 28
) [Watanabe ___ ftem 350 29 [Japan yt29___ IWatanabe —_ Jtem 350 T 128 o
0 [Watanabe __ [tem 350 30 [apan _ygo0 yt30___{Watanabe — [tem 350 |71 29 i 30
1 [watanabe ___ltem 350 31 [apan lygal )y Watanabe __ Ttem 350_ | 1 304 31
032 T 350 32 |dspan _ lyga2 Iyt3 [Watanabe —~— ftem 350 | 3 311 =
633 [Watansbe __(tem 350 33 [Japan _ lygae Iyt3 [Watanabe ___ftem 350 321 3
034 [Watanabe __ Jtam 350 340 Y 3 [Watanabe —  Jtem 350 | 1 N
035 [watansbe __ltem 350 35 lapan __lygds ? |Watanabe ___[tem 350 Z 3 35
636 [Watanabe ___tem 350 %5 lapan oo 136 [Watanabe — hem 360 | 1
637 [Watanabe __ [tem 350 7 P g7 )y [Watanabe _~ ftem 350 3 4 7
038 [Watanabe ____Jtem 350 38 losoan lygas yras _ Watanabe _ftem 350 r an
639 [Watanabe ___tem 350 3 Liapan lyge 39 [Watanabe ___ ltem 350 r [Japan 39
040 [Watanabe __ Htem 350 0 L 40 [Watanaoe om 350 | %u
ei1 |Watanabe ___ Jtem 350 YR 1 ] t41 350 7 8 an
042 jWatanabe ___item 350 42 U 42 350 R 9 L 4
043 [Watanabe ___ item 350 43 tni 350 K [ ) 3
edd [Watansbe __ tem 350 YN 350 i
045 [Watanabe - ltem - 350 45 I3 350 2 )
846 [Watanabe — _Jtem 350 36 o 450 y
047 Watanabe _ jtem 350 47 g 7 350 4 b 123
ed8 [Watanabe ___{tem 350 & 350 [ ] f2cd
049 Watanabe __ftem 350 49 L3 350 16 Lapan t5e3
850 [Watsnabe —__ftem 350 S0 |J 350 17 54
051 iWatanabe it 350 51 ) 1 350 18 b 03
e52 Watanabe It 350 52 1 350 19| fock
053 [Watanabe ____{tem 350 53 D 350 20 L fond
e54 [Watansbe _ftem 350 54 1 350 21 _ Liapan fond.
e55 [Watanabe _ fte 350 55 350 22 |Japen __|t2n3
56 [Watanabe _ite 350 56 L 350 I 23 |Japan tong
[Watanabe 1 350 57 I 350 3 24 [apan _ |fond
€58 Watanabe ___jtem 350 58 [ 350 r 25 13 =1
59 [Watanabe ___ftem 350 58D 350 | T 28 L tim3
060 Watanabe —__ ftem 350 € 1 350 r 27__ B fima
061 Watanabe _ ltem 350 61 i 1 350 T 28 1. tam3
062 [Watanabe ___{tem 350 621 350 |7 29 md_ |
963 [Watanabe _ ftem 355 & U to 350 11 30 _epan _Hiva
[Watsnabe — item 350 R ton 350 31 1vd
fye€S _ [Watanabe  _ ltem 350 [ Y tom 350 32 3
666 IWatanabo __ Jtem 350 66 L tem 350 33 [ t3v4
967 Watansbe __ ltem 350 67__ L tem 350 34 4 3
068 [Watanabe __Jtem as0 [T tem 350 3 35 b 4
069 [Watansbe _ [tem 350 89 tom 350 T 36 L 503
070 [Watansbe ____Ttem 350 70 B 70 tom 350 3 a7 __ L 5nd
671 Watanabe __[tem 350 71 71 tom 50 .38 [Jspan 1n3
72 [Watansbe —_ Ttem 350 72__ |ispan 72 tom 350 3 3 3 1nd
073 [Watanabe _ |tem 350 73 L 78 tom 350 40 L
074 Watansbe ___ ltam 350 Y 74 tom 350 41 |Jspan _ |vona
875 [Watanabe __item 350 75 75 tom 350 42 L iid1
876 [Watanabe _ftem 350 76 76 tern 350 T 43 b iKg2
077 [Watsnabe __ Jtom 350 77 77 tomn 350 3 a4 a3
878 [Watanabe  item 350 78 i 78 tem 350 T 45 I 13
879 [Watanabe  item 350 79 L 79 tem 3s0 T Y a5
880 [Watanabe ___jtem 350 86 1 tem 350 r 47 ks a5
881 [Watanabe __jtem 350 81 1 torn 350 I 48 U 87
682 [Watanabe  jtem 350 82 [J tern 250 - 49 I K8
8 [Watanabe _ ltera 350 83 L [tom 350 I — 50 L% [Z5)
084 [Watanabo ___ item 350 84 an tom 350 T 511 ida
685 [Watanabe __ jtem 350 85 tem: asp T 52} b
086 [Watanabe ___jtem 350 86 an teen 350 7 53 tdd
887 [Watanabs  lte 350 87 tern 350 k 54 fdt
088 [Watanabs ___ ftem 35 88 tor 350 3 55 | i
889 [Watanabe _ftem 354 89 tem 350 56 Hch
850 [Watsnabe ___tom 351 901 o Kohno "~ Jtom 350 57 D odi
o8l [Watsnsbe __ltem 350 91 1 e ohno tom 350 58
052 [Watsnabe _[tem 350 [TEER " ior3 Kobno tom 350 AN b
e = === =
994 [Watanabe __[tem 350 94 ) b Kohno itom 350 81 J; =3
85 Watansbe | 350 95 1I o Kohno " 350 62 [Jwpan __ (bdk
¥ [Watanabe __ftem 350 98 i 350 () bd?
ye87 _ [Watansbe e 350 97 M 7 350 | 1 64 U 11
yess __[Watanabe ___item 350 98 M 350 es I 1a2
(Wetanabe it 350 TR item 350 K 68 Nwen 1d3
yt01 __ [Watanabs ___[tem 350 100 01 ton 350 67 __Mspan 14
102 Watanabe | as0 01 02 tom 350 68 Mapen  l11d5
103 [Watanabe | 350 02 1 03 tem 350 89 __ Nepan __ H1d6
0 Watanabe | 359 03 tom 350 70 a7
0 [Watansbe ___Jtem 350 104 05 teim 350 711 12d1
0 iWatanabe _ [tem 350 105 08 tom 350 72 I i2d2
07 [Watanabe _ [tem 350 [ 07 tom 350 73 243
Y10 Watanabe _ [tem 350 07 W 08 orn 350 748 12¢4
Y109 {Watanabe ___jtem 350 08 |J: h09 tem 350 75 W 1245
? [Watanabe _— Jtom 350 05 Dagan 10 tom 350 76D 1206
juf Watanabe ____Jtem 350 10 L “[yh14 tom 350 77 12d7
Watanabe _ftem 350 13 W 12 tom 280 78 hdt
[Watanabs ___ ltem 350 12 L 13 tem 350 79 b hd?
[Watansbs ___jtem 350 13 L 14 tem 350 80 Hapan had
[Watenabe | 350 14 L 15 tom 350 81 Lyapan had
[Watanabe __ ltem 350 15 16 een 350 82 Japan a5
[Watanabe ___item 350 L 17 tom 350 83 Mapan 3
8 iWatanabe  [tem 350 [J: 18 ftom 350 84 {apan &
yt1s Watsnabe __ Jtem 350 LJ: 18 o 350 85 L hds
y720 —  TWetanabe _ltem 350 B ) Kohng T 550 86 1 g
vt21_ (Watanabe____item 350 120 s 1 [Kohng _— ——[tem 350 Y hde
yre2 _ [Watansbe _ftem 250 121 D Kohno tern 350 38 b =
e [Watanabe ___ ftem 350 122 L] Kohng e, 350 85 b o]
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k321 Kimura tonsiie

b2m7 [Yoshie A5¢ T 90 Mapan bem$ 350 ” 1 Ji k22
b2ms Yoshie A5¢ T 91 [Japan a k322 Kimura tonsile 350 1« 1 2 ) 22
kol Yoshie 351 r 92 ] k323 Kimuyra tersie 35¢ [~ 1 3 Japan k22
Yoshiie 350 r 93 1 331 K ura tensile 35¢ [ Japan 23
FYoshie 350 941U 5040 | 332 Kmura. tonsite 350 C v k23
b03z 'Yoshiie 350 95 Dapan bo&t | 701 Shibsyama tonsile 35¢ [~ Japan 01
X [Yoshie 350 o8 lJapan__ [bisd 702 Shibayums fonsile | 350 [ Hepen
b5z Yoshie as50 7 97 [Japan b 703 Shibayama tonsile 350 k- Lapan 1
b [Yoshie 350 T 98 [Japan b6m 1 ] 704 Shibayama tonsile 350 [> lapan
b6z [Yoshie 350 K $9 N? b6m2 713 Shibayama onsiio 350 - lJapan 11
[Yoshie 350 00 [gm_'bsso 712 Shibaysma tonsile 350 [Z lJapan 12
(Yoshiie tom 350 01 japan be61 713 Shibayama tensile | 350 [7 [Japan 813
[b551 [Yoshite tom 350 02 | bS60 14 Shibayama tensile 350 1 1 14
[Yoshie tem ) :r‘.un—lﬁ_.l—_i 21 Shibayama tensile | 350 [ g 21
zel IYoshie tam 350 04 Jﬁ bzed 72 Shibayama tensile 350 [Z 5 Japan 22
bze2 [Yoshiie tem 350 5 bzed vb02 US tensile 350 [~ 18 usS m
bzed [Yoshie tom 350 06 (jspan __ |baf1 [vpos UsS tonaile | 350 [ 17 _Jus
b [Yoshie tom 350 07 % 151 atanabe tonsile 350 [~ ) IyhS1
baf? [Yoshie taen 350 [Japan bt 152 fatanabe tensile 350 [~ 2 tapan tyh52
b Yoshiie tem 350 ki )¢ 1 53 Watanabe tensile 350 [ 3 |Japan [yh53
Sy Yoshie = 350 T (3 0 atanabe tensile | 350 € 4 apan __lyh5d
bSiz Yoshie tomn - 350 [ Japan ) 55 atanabe tonsile 350 [ i yhss
b1 Yoshie tom 350 Y 1m0 156 Watanabe tensile 350 7 " h56
bilz 'Yoshiie tom 350 13 1 Im1 157 atanabe tensile 350 [7 LS 57
b7 Yoshie [tom 350 4 L Japan b760 158 atanabe tonsile 250 |7 8 M
b75z Yoshie tom 350 T i b761 159 ‘atanabe tonsile 350 [ 5 ] 50
b7y Yoshie = 350 L b7m0 160 ‘atanabe tensite 350 [- 1 60
bz {Yoshie tam 350 b Tmt 161 Watanabe tensile 350 [7 1 61
b85: [Yoshiie torm 350 60 62 atanabe tonsile | 350 [ o 62
b8sz {Yoshie tom 350 S i b861 163 'atanabe tensile 350 L J: [yhes
'Yoshie ten as0 20 L b8m0 €4 'atanabe tonsile 350 k7 4 Jﬂn 64
z [Yoshie tom 350 211 b8 165 atanabe ensile | 350 < E Mepan _ yheS
11 Yoshie tom 350 FFERY bz13 0 atanabe tonsile | 350 [ [Dapan hE0
212 Yoshie tem 350 23 L 4 181 atanabe tensile | 350 & 2 L yhE1
bz17 'Yoshile tam 350 124 bzig | 182 atanabe tonsile 350 [+ 2 I 82
bz18 Yoshiie toen 350 125 atanabe tonsile 350 [- i 83
bz24 fYoshie temn 3506 K 126 |Japan bz26 atanabe tensite 350 [- Lapan B4
bz2s [Yoshiio tom 350 3 27 atanabe tensiie 350 [ 0 85
229 [Yoshie 350 3 28 Japan atansbe tensile 350 b 86
b231 Yoshie tom 350 T 29 bz33 y187 atanabe tensile 350 [Japan 87
b236 (Yoshie 350 T 30 L bz38 y (88 [watanabe tensile 350 88
b237 Yoshile tom 350 3 31 [apan 239 ! [Watanabe tensile | 350 apan h8s
pz43 oshie tem 350 32 L bzds [Watansbe tonsile | 350 | 90
244 Yoshile tem 350 33 a6 atanabe tensile 350 F JJi 91
bz49 Yoshie torn 350 34 1 252 192 atanabe tonzile 350 2 G2
25 Yoshis = A50 3 35 [Fapan 253 4001 de tansile 350 & 4 Us 004
b256 Yoshiis tem 350 36 [ispan 4002 ide tonsile 2350 15 us 4005
bz57 [Yoshie boem 350 137U inide tonsile 350 16 us 4006
63 [Yoshiie jtorn 250 38 Ly b265 la724 ki tonsde 350 4 lJapan 722
bz6a [Yoshie tom 350 r 39U pz68 2733 tensile | 350 I X 731
bz69 [Yoshse tamn 350 X 40 ] bz72 8734 ohnuki tensile 350 4 1 a732
D271 Yoshie teen 350 T 4 L bz73 2743 ohnuis tonsile 350 [~ & 4 1) a741
276 'Yoshie ton a50 T 4 LJ: bz78 a744 chnulki tonsile 350 [ 4 5 Mapan 8742
o277 'Yoshie toem 350 1 43 pz79 2205 Ohnusd 350 [ 4 [: an 2201
bz83 Yoshie to 350 44 [Japan  |oz8S 2206 Obnuid tonsiie | 350 [ 4 7 2202
bz84 [Yoshie fom 350 45 Papan 285 2207 Ohnuks tensite 350 [ 4 8 U 8203
b289 ‘ozhie toer, 350 468 Z92 2208 350 4 9 2204
b291 ‘oshie horm 250 3 1 3 [a224 350 3 [a221
= Mukouda [ 350 48 82 a225 35( 4 N a222
049 [Mukouds tamm 350 T 4 L 63 4226 250 4 2 M
148 Mukouda | 356 3 50 0 164 4243 35¢ 4 240
b Mukouds ton 350 151 Uspan 65 2244 35! 4 Papan  ia241
4d Mukouda tem 350 T 152 ljspan 66 2245 350 < 4 2242
T8l Mskcuds tom 350 | ] 1531 167 Va7 301 o Us
X1 Mskouda tom 350 T 154 [laoan 168 rv38 350 [- 2 us nm
xr4h Mukouda term 350 ki 155 L 69 03 [ Us rv3g
xrdk Mukouda toern 350 k: 156 L 68 02 > 4 US w40
4l Mukouda tem 350 157 | o3 2 us V07
ram [Mukouda torm 350 158 1 rv04 | 2 Us 08
xedy Muiouds torm 350 59 [ V05 350 Us o2
rds Mukouda 350 60 JJapan Va6 350 us v 10
14t [Mukouds tem 350 3 611U dc01 350 8 Us vt
rdx Mkouds 350 62} 3c02 tensile 350 [ us tv32
4 Mskouds teen 350 63 L Japan dc03 ke tonsile 350 1 us jJdc08
151 Mukouda tom 350 64 { dc0d o tonsile | 350 12___jUs 10
152 Mukouda om 350 165 Lo rér dc05 Zinkle tensile 350 13 _us dc 11
653 Mukouda tern 350 T 166 [apan r8s dc06 ke tensile 350 14 US dc12
54 Mukcouda tom A50 k 167 (s Tt t5 1€ Mateul tecisile 350 [~ 15 fJapan 1513
[Mukouda tom 350 T 168 L 155 517 Matsul tonssile 350 [7 16 M 1514
[Musioouda tem 350 165 [§ 156 & Mateui tonsite | 350 [7 17__ [ 5
=3 Mukouda 350 70 L 57
Mulcouda 350 3 71 58
[Mukouia 350 3 72__ | 150 350 K b s 104
Mukouds 350 73 r5a 350 K b tapan 1d5
Mukouds ter 350 74 250 I t [ 106
[Mukcoude 350 76 L 350 T: t i a7
13 vhakouda 350 78__ i el 350 T -3 ) 8
133 [Mukeaxda 350 77 350 T b hJ L
3 Mukouda e 350 78 L 350 kK t v 1t
[Mukouda - 350 79 b 350 1 i
Mukouds tern 350 80 Lk 350 b i3
41 Mukuda 450 181 350 13 b 55
42 Mukouda 350 182 ¥ 3 350 1 T3 [ 0 e
43 [Mukouda 350 183 158 13 t M
4 Mukouda 350 184 ) T3 4 >
A5 [MuAouss 350 k. 185 L) £ 4 b
148 350 186 L 13 ] 4 t
&7 350 187__ | 1 73 4 b
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t Satou tem 350 4 N 350 4 13
Fi Satou tem 350 3 {3 1 350 3 14 b
f Satou tem 350 4 1 350 T4 15
Satou tem 350 T4 [ ¢ 350 T4 18 i tvO1
2 Satew tom 350 4 5 Dapan f 350 4 17 1 o
ta Sateu tom 350 4 6 [apan B 350 4 18 L 502
1an3 Satou torn 350 4 7 Mapan 14n0 350 4 9 i 02
12h4 Satou tom 350 T4 8 ¥ fan1 350 T4 20 12 o3
fans Satou tem 250 4 g 1] tane 350 T4 21 Dapan 404
Satou tem | 350 4 1] 350 T4 23 ljapan 03
Satou tem 350 3 "] 3so0 4 23 r05
= Sateu tem 350 3 F Hapan 350 4 24 [Japan
[Satou tern 350 4 W 350 4 26 I Vo
fl Satou tom 350 T4 13 I 350 4 26 0
Satou tom 350 T4 5 [Japen 350 4 27 0
f5h3 [Satou o 350 T4 36 Mepan 500 350 4 2y VO
f5hs Satou tem T 350 4 17 Wapan t5h1 350 4 2 1 04
6 [Satou 350 4 18 W Sh2 350 4 30 |
Satou tem 350 4 [CEER Y 1 350 4 31 1 ot
Satou tom 350 T4 201 350 Z 32 001
Sateu tem | 350 T4 21__ Lapsp 250 4 38 2
Satou toen - 350 T4 22 [ 350 T4 a1 02
Satou 350 4 23 350 r4 35 | t003
Satoy tem 350 4 P Y 350 4 36 | to04
6h2 Satou tom 350 4 25 810 350 T4 37 o3
Satou tem 350 4 281 f6h1 350 T4 38 Dapan [0S
7oa Satou tem 350 4 27 O f7; 250 4 39 % o1
7. Satos tem 350 T 28 i 71 350 4 40 204
7 Satou tom 350 T4 28 | 7, 350 . a1 U o2
17 Satou ton. 350 T4 30 1 17 250 2 1 e
fTox Satou tem 350 T4 31 350 43 i 05
7 Satou torn 350 4 32 D 350 r4 44 004
f7he Satou tam 350 4 33 T 7h1 torn as0 T4 R Y] 05
s Satou tem 350 2 38 7ha [ts06” " TMatsui tom 350 [ T4 46 L 501
Satou taen 350 T2 3 3 4 47 tm 01
Satou tern: 350 | 14 3% 4 48  lapan  lmo2
B Satou tom 350 4 37U 1 4 48 D ts02
B Satou tom 350 T4 38 L 4 50 3 tm63
Satos tem 350 T 33N T4 51 Ui tm04
Satou tom 350 4 40 I3 4 52 ts03
Satons tem. 350 4 41 L 4 53 tm05
t8hd Satou tem 350 42 L 8h0 4 54 601
Satou tom 350 T4 43 [ B3nt 74 55 1) 04
fehe Satou tem 350 K 44 1 t8h2 T4 S6__ Dapan 1402
Satou toen. 350 174 45 1 r4 57 1) 603
Satou 350 4 48 W 1 T4 R Y 6505
2 Satoy tom 350 T4 FTAR Y 2 4 R 804
Satou tom 350 4 48 | 60 605
7 Satou tem 350 4 49 L 2, 61 Napan 01 -
Satoe tom 350 4 50 [ 234 T4 62 |3 %02
304 Satou tom 350 4 51 an 302 T4 63 % 603
f305 Satou = 350 52 1 303 T4 64 k0%
fa0d Satoy tom 350 r4 53 | tdo2 85 505
1405 Satou temy 350 T4 58 h t403 T4 66 Jupan §01
504 Satou tem 350 4 55 W 1502 T4 67 1 02
505 Satow tom 350 4 56l 503 T4 C T =
Satou tom 350 Z 57 4 6 | j04
Satou torn 350 | 74 58| 4 70 ] 05
Satou torm 350 | T4 59 an 4 71 _ {dspan _ (t01
Satou tem | 350 T €0 10: 72 _ |3 802
1 us tom 350 4 61 UsS [xh03 T4 3P 603
2 US tem 350 4 62 US| 4 T4 78 3 504
71 us tem 350 4 €3 US| 73 75U 505
72 us tom 350 F4 83 Us 74 4 78 Dapan 1
tad2 us tom 350 T €5 Jus tad4 4 77 _ Wepan
tad3 us 350 1 €6 |us 4 78 1
Us tom 350 1 T4 87 __{US = 4 79
US ftom 350 4 68 Us 35 4 [ )
081 UsS tem 350 4 89 s 083 4 81 P 01
052 US tom 350 3 70 Us X884 4 82 5 02
1 us tam 350 71 us 03 r4 83 Dapan  Iwo3
us tom 350 T4 72 uUs 4 84 an o4
ot US tom 350 3 73 US 03 4 85 05
US tom ] 350 z 74 Us 4 8 D tc01
fay1 Us term 350 r4 75 US 3 4 87 U te02
» UsS tom 350 3 7€ US| 4 88 |J tc03
azt Us tom 350 4 77 Us ezl 4 89 13 tc04
a2 us tem 350 78 _|us cz2 4 90 P tc05
1 US tem 350 4 79 US 2 T4 91 L 0
US [tem 350 r4 30 US 7 4 92 an 1207
US tom 350 T4 81 US bno8 4 93 P 203
us tom 350 ¥4 82 US oS 4 94 |J 204
101 s tom 350 3 63 Us nfod 4 9% U 205
A us tem 350 4 84 Us nfos T2 96 D B0
[nf03 US tem 350 T4 85 |us nfo8 T4 97  Mspan @02
Tios1_{US tem 350 4 86 US o33 T4 58— apan {1303
Tz0s1_|US tem. 350 4 87 ___lus T4 %0 D t30
206 [Mates tom 350 4 1 tz01 T4 100 0
207 Mateus tom 350 4 Y tz02 4 01 Lapsn |0
08 Matsal 350 3 D 203 4 102 — Dapan t40
£205 Matsui tem 350 3 4 [ 204 4 03 Napan _ [14Ce
el Matsiy teens 350 4 an__ |05 T4 04 1 t4
Matst 350 4 € i 01 4 05 | 1305
Matsui teems 350 4 02 4 06 |3 50
Matsu tom 350 4 i 3 4 07 [ 1502
0 Mateud 350 4 5 4 08 t503
1 Mateu tem 350 4 4 100 {J t504
o0t Matsui teen 350 £ tc01 4 10| t505
<07 Matsui tem 350 T4 02 4 1B o1
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7 Matsui tem 350 rd F L. 1502
808 Matsui tem 350 T4 |iapan 603
1609 Matsui - Jtem 250 r4 4 i =
1810 Matsul tom 350 4 0 3
t706 Matsui tom 350 r4 3 701
707 Matsui tem 350 4 i 702
708 Matsis tem 350 ra 18 L 703
t709 Matsti tom 350 4 15 1 704
710 Matsul tom 350 | T4 20 1 705
(806 [Matsul tem 350 4 211 801
1507 Matsui tom 350__| T4 122 L 802
t80 Matsul tem 350 | T4 128 803
B0 Matsul tem 350 | T4 1281 804
181 Matsu 350 | T4 125 1 805
| |
go1 Robertson [fonadle {350 Us oy
d [Robertson __ {tensils | 350 US 05
jcio3 _—_ IRobectson _ftensile | 350 3 06

tensile | 350 US 04
si02____ {Robertson___ Ttensile | 350 US 05
tensile | 350 US 06
tonsile | 350 | & b
g [Shibayama __Jtensile { 350 i
tonsile | 350 T
o732 _|Shibayama __ [tensile | 350
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