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APPARENT ACTIVATION ENERGY OF SUBCRITICAL CRACK GROWTH OF SiC/SiC
COMPOSITES AT ELEVATED TEMPERATURES - Y. S. Chou (Associated Western Universities,
NW), M. M. Stackpoole and R. Bordia (University of Washington, Seattle), C. H. Henager, Jr., C. F.
Windisch, Jr., and R. H. Jones (Pacific Northwest Laboratory?).

OBJECTIVE

The purpose of this study is to investigate the environmental effect of oxygen-containing gases on the
subcritical crack growth of continuous fiber (Nicalon "SiC") reinforced ceramic matrix (SiC) composites
at elevated temperatures. This is a continuing project and the primary goal for this time period is to
obtain an apparent activation energy for SiC/SiC materials with two different interfaces: carbon and boron
pitride coatings.

SUMMARY

In the past six months, we have conducted studies of subcritical crack growth on SiC/SiC composite
materials in a corrosive (O2) as well as an inert (Ar) atmosphere for temperatures ranging from 800 to
1100°C. Two materials, one with ~1pum carbon (C) interface and the other with ~0.5 pm boron nitride
(BN), were investigated. Apparent activation energies (Eact) were determined from both the crack velocity
and thermogravimetric analysis. In pure Ar, it was found that the apparent activation energy gradually
increased with time, consistent with the development of steady-state bridging zone. The asymptotic value
for Eact from crack growth data was found to be ~205 kJ/mol and ~234 kJ/mol for BN- and C-interface
materials, respectively, in good agreement with published data (~200 kJ/mol) for creep of Nicalon fibers.
In the presence of oxygen, Eact decreased to ~40-50 kI/mol for C-interface and ~50-68 kJ/mol for BN-
interface. Microstructural characterization of the oxidized samples indicated that the growth rate of the
reaction front for BN-interface materials is an order of magnitude lower than for C-interface ones. At
higher temperatures, a glassy phase was observed to seal off the BN-interface, whereas the C-interface
remained open during all tests.

PROGRESS AND STATUS
Introduction

The brittle nature of monolithic ceramic materials can be greatly improved by incorporating strong
continuous fibers into ceramic matrices [1-6]. By carefully controlling the interface and interphases,
catastrophic failure can be avoided through progressive interfacial debonding, fiber bridging, and fiber
pullout. Fracture toughness values as high as ~30 MPaVm have been reported for continuous fiber
reinforced ceramic composites (CFCC) {5]. This allows the fiber-reinforced ceramic materials to be
considered as a strong candidate for structural applications at elevated temperatures where monolithic
ceramics would not be appropriate.

Recent development of high strength Nicalon (Si-O-C) fibers and Nicalon fiber-reinforced chemical vapor
infiltration (CVI) processed SiC matrix composites have offered a great opportunity for structural
applications at high temperature as well as for fusion reactor applications [7-10], primarily due to their
low activation from irradiation. If, however, CFCCs are to be used in systems where long-term stability
is required, a resistance to time-dependent crack growth (e.g., subcritical crack growth (SCG)) would be
required. For monolithic SiC ceramics, subcritical crack growth has been studied by Tressler et al. [11-
15], Henshall et al. [16], Larsen et al. [17], and Evans and Lange [18). The high-temperature crack
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growth mechanism was suggested to be the viscous separation of an amorphous grain-boundary phase
[11, 18].

For the CFCC materials such as SiC/SiC composites, Henager and Jones [19-21] have identified a K-
independent region for "crack” (damage) propagation at elevated temperatures and attributed this behavior
to the development of steady-state bridging zone [19-21]. It needs to be realized that the SiC/SiC fiber
composites exhibited multiple cracking damage as well as microcrack damage during the SCG tests rather
than the propagation of a single long crack. It would be more appropriate to use the term "damage" in
this context rather than crack. The objective of this six-month work is to continue the study of SCG
behavior by determining the apparent activation energy for damage growth in argon as well as in oxygen
at elevated temperatures. Composites with both 1 pm C- and 0.5 pm BN-interface were examined.

Experimental

Composites consisting of Nicalon fiber cloth (0°/90°) and CVI B-SiC with C- and BN-interfaces were
tested. The composites consist of eight plys and are approximately 4 mm in thickness. Interfaces of
~1.0 pm C or ~0.5 pm BN were deposited before the CVI infiltration process. Single-edge-notched-bend
bars (SENB) with dimensions of 4 mm x 5.5 mm x 50 mm were tested in a fully articulated SiC bend
fixture. .

The SCG studies were performed using constant loading tests for times up to 1 x 10° s, giving the
velocity of the "damage" zone from the notch root through the specimen for long times. The tests were
conducted at temperatures ranging from 800°C to 1100°C in Ar and Ar plus varying O levels. The
specimens were typically loaded at an applied stress intensity of 9 to 10 MPaVm to begin the test.
Activation energy (Eact) was determined from the log-log plot of damage velocity versus 1/T. The details
of the determination of damage velocity are given in Ref. 19. A typical specimen deflection versus time
during one of the SCG tests is shown in Figure 1. The damage velocity at a specific time was
determined by differentiating a third-order polynomial equation fit to the deflection versus time data.

Thermogravimetric analysis (TGA) was also conducted on SiC/SiC materials to determine the kinetics of
interfacial reaction. TGA tests were conducted using approximately 4 mm x 4 mm x 8 mm bars cut from
bend bars with only one exposed surface (area ~0.3 to 0.4 cm?2). Tests were performed at temperatures
ranging from 800 to 1100 °C for times from 3 to 24 hours using a Netzsch Analyzer (STA409) with a
multi-gas controller (MKS 147) and a O3 meter (Thermox). Samples after TGA tests were polished and
characterized the reaction front using optical microscopy. The growth rate of the reaction front was
averaged from the reacted section length divided by the total oxidation time.

Results

Figure 2 shows the apparent activation energy versus time for damage growth in SiC/BN/SiC composites
in pure argon environment (pOj <1 x 10-10 ppm). It is interesting to note that the apparent activation
energy is not a constant but increases with time. Initially, Ezct was about 170 kJ/mol and reached
approximately 205 kJ/mol in 30000 seconds. Similar behavior was also observed for C-interface
composites where Ey¢t was found to be ~234 kI/mol.

In the presence of oxygen, Eact was greatly reduced whereas the damage velocity increased appreciably.
Figures 3 and 4 show the plots of Ez¢t versus time for C-interface materials in Ar. plus 5000 ppm pO2
and for BN-interface materials in Ar plus 20000 ppm pO7 environments, respectively. The apparent
activation energy in oxygen is also not a constant for either interface as in the pure argon environment.
In addition, the apparent activation energy tends to decrease at longer times and this decrease in Ey¢r was
more pronounced for C-interface materials than BN-interface ones. For example, E,¢t almost reached zero
at 8000 s before the sample failed whereas BN-interface materials only dropped from 50 kJ/mol to about
42 kJ/mol before the sample failed.

PRI
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Fig. 1 Typical deflection versus time curve for SiC/SiC composites tested at elevated temperature with
constant loading. Note that the damage velocity at a specific time was determined by differentiating the

third-order polynomial equation fit to the data.

The apparent activation energy for reactions occurring in the presence of oxygen was also estirated from
TGA data for both C- and BN-interface materials. Figures 5 and 6 show a typical plot of weight loss
(normalized with respect to exposed area) as a function of time for BN-interface and C-interface materials
in Ar with 20000 ppm pO; environment, respectively. It is evident that the weight loss is temperature
dependent and increases with time. For BN-interface materials, the weight loss initially increases
approximately linearly with time and then increases parabolically at longer times. A similar trend was
observed for C-interface materials except that the weight loss is more rapid and no distinct parabolic
region was observed. For both materials, as temperature increases, so does the weight loss except for the
BN-interface materials at 1100°C where the weight loss is less than at 1000°C. By obtaining
instantaneous slope (weight loss rate) from Figs. 5 and 6, the apparent activation energy was determined
from plots of the slope versus 1/T at specific times. Figures 7 and 8 show the plot of apparent activation
energy versus oxidation time for C- and BN-interface materials, respectively. For BN-interface materials,
Ejct was determined from 800 to 1000°C data compared to 800 to 1100°C for C-interface materials. The
apparent activation energy versus time from TGA data for both materials exhibited a similar trend as that
obtained from the damage growth data for SiC/BN/SiC composite (Figs. 3 and 4), i.e., there exists a
maximum Eyc; and B, decreases at longer times. It is worth noting that Ea¢ decreases to 2 minimum
value in shorter times at higher oxygen concentrations. Figure 9 shows the average reaction front growth
rate as a function of pOy for C- and BN-interface materials. The growth rate for the C-interface is
approximately an order of magnitude greater than BN-interface.

Discussion

It has been observed by Henager and Jones [19-21] that SiC/SiC composite materials either with a C- or
BN-interface exhibited stage-II V-X curves at elevated temperatures in a pure argon environment, i.e., the
damage velocity, is independent of applied stress intensity. In the presence of oxygen, the damage
velocity increased with increasing oxygen partial pressure, and was attributed to the oxidation of the
interface such that the load carrying ability was reduced. For CFCC materials, weak interfaces such as C
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and BN will lead to debonding as cracks propagate around the fibers leaving behind fibers bridging the
crack, which results in non-catastrophic failure. The development of steady-state bridging zones has been
modeled successfully to demonstrate the development of stage-II V-K curves [20]. The current
measurement of the apparent activation energy of damage velocity for SiC/BN/SiC materials in a pure Ar
environment (Fig. 2) seems to be consistent with the development of steady-state bridging zone, such
that the fibers behind the crack-tip control the SCG behavior. The asymptotic value for Eact in pure Ar
is about 205 kI/mol. Simon and Bunsell [9] have reported an activation energy for Nicalon fibers from
tensile creep tests at 1280 to 1320 °C of 370 kJ/mol and 270 kJ/mol in Ar and in air, respectively.
DiCarlo [22] recently reported a value of 500 % 65 kJ/mol for Nicalon fiber creep activation energy using
data from bend stress relaxation tests and presented a semi-empirical creep equation for larger creep strain
region (€ > 1%) in which an effective activation energy of 200 kJ/mol was obtained. Our data (234
kJ/mol for C- and 205 kJ/mol for BN-interface materials) are in good agreement with the DiCarlo's data
for larger creep strains. It needs to be realized that in addition to fiber creep there are other mechanisms
present during the development of the bridging zone, such as fiber-matrix interface creep, time-dependent
interface debonding, and roughness-induced stick-slip sliding during fiber pullout. All these processes are
expected to play roles in affecting the SCG behavior and need to be further explored. Nevertheless, the
current data of Eg¢t seems to suggest that fiber creep is the dominant mechanism for SCG behavior in

these materials.

In the presence of oxygen, the damage velocities were found to be greater than in the pure Ar environment
for both C- and BN-interface materials. In addition, region Il in the V-K curves spans a smaller range of
stress intensities. The apparent activation energy determined from the measured damage velocity was
much smaller than in pure Ars, i.e., < 50 kJ/mol. The oxidation of carbon in the presence of oxygen
results in the formation of gaseous carbon oxides, with an overall weight loss, according to the following
reactions

C+0y-> COy )
C+%02—> CoO 2)

The activation energy for carbon oxidation varies from 30 to 123 kJ/mol and depends on the way it is
formed. The carbon interface in this study was formed by cracking of CHy and has the typical laminar
microstructure of pyrocarbon [23]). The Eact from this study is in reasonable agreement with the
published data. It is worth noting that at longer times, E,¢; starts to drop abruptly (Fig. 3 for damage
velocity data at pO7 = 5000 ppm) suggesting that the C-interface was severely damaged (oxidized) such
that little load was transferred to the bridging fibers. For very thin C-interfaces, e.g., 0.1 pm, it was
found that the interface channels left after the carbon was oxidized were rapidly sealed off by silicaat T >
1000°C [23]. In this study, however, the thickness of C-interface is ~1.0 pm and Nicalon fibers, which
are not stoichiometric SiC but Si-O-C, are known to release SiO and CO at elevated temperature and
shrink. Therefore the interface channel could be kept open for continued oxygen attack. Similar behavior
was also observed by Filipuzzi et al. [24] in 1-D SiC/C/SiC materials with a 1 pm thick C-interface.
They found that carbon is totally consumed before silica can seal the interface channels. It is interesting
to note that E,¢; obtained from the measured damage velocity is in good agreement.with TGA tests (Fig.
7) although the stress states are different. The decrease of E, at longer times for TGA tests is likely due
to the passive oxidation of SiC matrix and fibers resulting in weight gain, which was attributed to the
pore geometry change as well as the localized high concentration of CO; [23].

As for BN-interface materials, the measured E,; obtained was similar to that of the C-interface materials.
The maximum Ej¢t is about 50 ki/mol from the damage velocity data and about 68 kJ/mol from the
TGA results. The E,¢t from TGA tests was estimated from data taken from 800 to 1000°C. The
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oxidation reaction corresponding to this activation energy remains to be identified. However, there are
three possible oxidation reactions in SiC/BN/SiC materials

JBN +% 03— Np +B503 3)
SiC+20; - CO+5i0; @
SiC + O - CO + SiO )

Equation 3 corresponds to oxidation of the BN interface and results in a glassy phase. Equation 4
corresponds to oxidation of the SiC matrix, and could produce glassy as well as crystalline forms of silica
[25]. Equation 5 illustrates the active oxidation of SiC resulting in gaseous species and can only occur at
low oxygen partial pressures. In addition, Nicalon fibers can also undergo thermal decomposition and
gain or lose weight depending on whether oxidation occurs in a passive or active regime. Oxidation
reactions (Egs. 3 and 4) would result in weight gain whereas weight loss is observed for the active
oxidation of SiC (Eq. 5). The current TGA results, i.e., weight loss in Fig. 5, suggest that either the
SiC matrix undergoes active oxidation or the fibers decompose releasing SiO and CO. It is not clear why
weight loss was observed since SiC would be in the passive regime and Nicalon fibers do not decompose
below ~1250°C and even higher temperatures when embedded within a matrix. Nevertheless, at longer
times and higher temperatures, silica has been observed to séal off the open pores for the BN-interface
materials. The formation of a low viscosity glassy phase as well as the thermal decomposition of the
interface will all reduce the load carrying capability of bridging fibers and led to lower Ea¢t for SCG. In
an inert environment, fiber decomposition only occurs around 1400°C and at higher temperature (1500°C)
when embedded within SiC matrix [23].

CONCLUSIONS

An apparent activation energy was determined from growth of a damage zone during subcritical crack
growth as well as from TGA data for C- and BN-interface materials. In a pure argon environment, the
apparent activation energy from damage growth data is consistent with fiber creep results suggesting that
the SCG behavior is determined by the creep of bridging fibers. In the presence of oxygen, Eact Was
substantially decreased to ~40-50 kJ/mol and ~50-70 kJ/mol for C- and BN-interface materials,
respectively. For C-interface materials, E,ct is consistent with the oxidation reaction of the interface
suggesting the SCG behavior was dominated by the interfacial oxidation reaction. This is unclear for the
BN-interface materials. Optically measured reaction front growth rates indicated that C-interface reacts
much faster than BN-interface. In addition, a glassy phase was identified for BN-interface materials which
sealed off the open pores after long time exposure at elevated temperatures in an oxygen-containing
environment. oy

FUTURE WORK

1. To characterize the BN-interface materials after long time exposure in an oxygen-containing
environment.

2. To fit our TGA and optically measured reaction front growth rate data with the existing 1-D model of
Filipuzzi [25].
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Fig. 2 Activation energy versus time plot for SiC/BN/SiC composites in pure Ar environment.
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Fig. 4 Activation energy ( determined from damage velocity) versus time plot for SiC/BN/SiC
composites in argon with 20000 ppm pO3 environment.
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