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Abstract

In situ X-ray diffraction experiments using synchrotron radiation were performed on Ti–6Al–4V samples to directly observe the� → �
phase transformation during heating. These experiments were conducted at the Advanced Photon Source (APS) using a 30 keV synchrotron
X-ray beam to monitor changes in the� and� phases as a function of heating time under different heating rates. The results were compared to
computational thermodynamic predictions of the phase fractions versus temperature, providing information about the kinetics of the� → �
t echanism,
w
p es during the
t
u 500 and
6 expansion
b
P

K ; La
p

1

c
d
o
t
i
t
c
t
e
p
t

miti-

truc-
b-
ere
ted
flow
spot
n the
e-
ing
and
ted

by a
netic
-

0
d

ransformation in Ti–6Al–4V. The measured transformation rates were shown to be consistent with a diffusion-controlled growth m
hereby diffusion of V in the�-Ti phase controls the rate. Based on the X-ray diffraction data, real time measurements of the� and�
hase lattice parameters were made. Dramatic differences were observed in the changes of the lattice parameters of the two phas

ransformation. These changes are believed to be due to the partitioning of V and its strong effect on the lattice parameter of the� phase. An
nexpected contraction of the lattice parameter of the� phase was further observed during heating in the temperature range between
00◦C. The origin of this contraction is most likely related to the annealing of residual stresses created by the different thermal
ehaviors of the two phases.
ublished by Elsevier B.V.
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. Introduction

Ti–6Al–4V is a titanium alloy with a two phase mi-
rostructure that is thermomechanically processed to create a
esired amount of the� and� phases with a fine grain size for
ptimum mechanical properties. Microstructural characteris-

ics such as grain size,� content, and� distribution influence
ts mechanical properties, which are highly dependant on the
hermo-mechanical processing conditions[1,2]. Thermal cy-
les typical of welding and heat treating will significantly al-
er this carefully-prepared microstructure. Prediction of the
ffects of these thermal cycles on the microstructure is im-
ortant in order to tailor a desired microstructure. In addition,

he effects of less well-controlled welding processes on the
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microstructural evolution can be better understood and
gated.

In order to develop a better understanding of micros
tural evolution during welding, in situ X-ray diffraction o
servations of the phase transformations in Ti–6Al–4V w
recently performed[3,4]. These experiments were conduc
on both moving welds, where quasi-steady state heat
conditions produced relatively low heating rates, and on
welds where the heating and cooling rates were rapid. I
moving weld experiments[3], the effect of welding param
ters on the� → � transformation were investigated, show
the kinetics of this transformation at low heating rates
the extent of the� phase field that forms in the heat affec
zone of the weld. In the spot weld experiments[4], the� → �
transformation kinetics were investigated and modeled
Johnson–Mehl–Avrami approach, to produce a set of ki
parameters for the prediction of the� → � phase transforma
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tion at high heating rates. In addition, the� → � transforma-
tion on cooling was investigated at different weld locations,
showing the effects of the weld location on the formation of
� and�′ martensite on cooling.

In the previous experiments, the temperature cycle
produced by the welding arc was not well-controlled,
and temperatures were not directly measured. To extract
useful kinetic information from these data, the temperatures
experienced during the weld heating and cooling cycles were
calculated using a coupled thermal-fluids numerical code.
This code enabled the temperatures in the weld heat affected
and fusion zones to be calculated, and was accurate enough
to determine heating rates, cooling rates and approximate
temperatures where phase transformations were observed
to initiate. However, some of the finer details of the� → �
phase transformation were not able to be measured with
confidence due to the uncontrolled weld thermal cycle and
some uncertainties about the actual temperature of the weld.
Because of these uncertainties, a new set of experiments
was performed to more closely observe the� → � phase
transformation under more controlled conditions.

In the current experiments, synchrotron-based X-ray
diffraction was again used to directly observe the phase trans-
formations during heating in Ti–6Al–4V, but this time using a
different experimental setup whereby the samples are heated
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2. Experimental procedures

2.1. Materials

A Ti–6Al–4V ELI (extra low interstitials) alloy was ob-
tained in 100 mm diameter bar stock that had been mill an-
nealed at 705◦C for 2 h then air cooled to room temperature.
Chemical analysis showed that the alloy contained 6.0Al,
4.2V, 0.11O, 0.17Fe, 0.0028H, 0.014C, 0.009N, <0.03Si, bal.
Ti, by wt%. Fig. 1 shows the microstructure of the starting
material that was polished and chemically etched using a
modified Kroll’s solution containing 5 mL HF, 10 mL HNO3,
30 mL lactic acid for approximately 30 s. This microstruc-
ture contains approximately 12%� distributed intergranu-
larly around the slightly elongated� grains. The� grains of
the starting material have an aspect ratio of approximately
2:1, with an average grain size of 5.8�m across their small
dimension.

The phase equilibria in Ti–6Al–4V are illustrated in the
pseudobinary phase diagram shown inFig. 2. These calcula-
tions were performed using ThermoCalc® [7] with the Ti-data
data base (distributed by UES Software), and considered the
influence of Ti, V, Al, Fe and O on phase equilibria at the
nominal alloy composition. The vertical dotted line in this
figure indicates the composition of the alloy being investi-
gated, and shows that the amount of� will increase during
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nd cooled at controlled rates. These experiments com
ent the previous in situ welding experiments, and ta

loser look at the lattice parameters and expansion ra
he� and� phases during the phase transformation on h
ng. The results of these experiments provide details abo
ndividual contributions of each phase to the kinetics of
→ � transformation, and show how the lattice expansio

he� phase is strongly affected by the combination of ther
nd chemical effects during the� → � phase transformatio
hese results will aid in the development and verifica
f numerical weld models for the prediction of Ti–6Al–4
icrostructures during both welding and heat treating a

ations.
In situ X-ray diffraction measurements of the phase tr

ormations of Ti–6Al–4V under isothermal conditions h
een performed by other investigators as well[5,6]. Their
esults, however, were limited by an extremely long ac
ition time per diffraction pattern, which ranged from 6
7 min, and the ability to study only a single, slow hea
ate (20 K/min). The phase transformation was almost
ompleted by the time the first diffraction pattern was
uired[5]. Secondly, these experiments used X-rays o
nd 8.9 keV. The X-ray absorption lengths for Ti–6Al–4V

hese energies are 12 and 16�m, respectively. In another ca
6], the researchers sampled a thin oxygen-rich surface
ather than bulk behavior. Surface effects were exacer
y the slow heating rates and data acquisition. This w
ddresses these problems through rapid heating rates
0 K/s), rapid data acquisition (3 s per diffraction patte
nd higher energy with more penetrating X-rays (30 k
28�m absorption length).
eating, completely transforming to� at a temperature o
56◦C. Above this temperature,� is stable up to the solidu

emperature of 1693◦C, and complete melting occurs at
iquidus temperature of 1701◦C. This calculated� transus
emperature is slightly lower than one (975◦C) based on ex
erimental measurements for nominally the same alloy[2].
ven though Ti3Al is predicted in the equilibrium thermod
amic calculations, this phase was not observed in the st
icrostructure.
Microchemical compositions of the starting� and �

hases were determined using microprobe analysis. Th

ig. 1. Microstructure of the mill annealed Ti–6Al–4V base metal
rostructure. The dark etching phase is�.
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Fig. 2. Calculated pseudobinary phase equilibrium showing the influence
of vanadium content on the�-Ti and �-Ti phase. The vertical dashed line
represents the nominal alloy composition.

were collected on a JEOL-8200 microprobe, operating at
15 KV and a beam current of 20 nA. Individual point locations
were inspected using a beam diameter of 1�m, and a “broad
beam” analysis was obtained by rastering 1�m beam over
100�m× 100�m raster. X-ray intensities were calibrated
using Ti, V, Al, Fe and SiO2 for oxygen, and corrected to wt%
using the ZAF corrections. The intensities were also run using
TiO2 and Al2O3 as standards and yielded result within error
of those calibrated using Ti and Al. The results are shown
in Table 1and represent the average of seven measurements
made at different locations for each phase. It is clear from
these results that V and Fe partition to the� phase, while
Al partitions to the� phase. In addition to the microchemi-
cal composition information, backscattered electron images
taken of the polished surface were used to show the initial
area fraction of� in the microstructure to be 12.1%.

ions of ns.

Table 1
Chemical composition of the� and� phases in the base metal as measured
by microprobe analysis

Al V Fe Ti

Nominal
composition

6.2 4.0 0.17 92.5

� Phase 2.92± 0.11 15.43± 0.86 1.32± 0.11 80.7± 0.70
� Phase 6.73± 0.33 1.42± 0.73 0.04± 0.02 91.2± 0.47

Seven points were averaged into each composition and the oneσ value is
given as the estimated error. All values are in wt%.

2.2. In situ X-ray diffraction experiments

The X-ray diffraction measurements were performed on
the UNICAT beam line BM-33-C at APS using a 30 keV X-
ray beam from a ring current of 100 mA. This beam line was
set up with a water-cooled Si(1 1 1) monochromator, and the
beam was focused and sized to dimensions of 1 mm wide by
0.25 mm high using a dynamically bent Si crystal and colli-
mator slits. The X-ray detector was manufactured by Roper
Scientific (A99k401, RS/Photometrics). This CCD X-ray
detector uses 2 in.× 2 in. array of 1024 pixels× 1024 pixels
spaced 60 microns apart to capture the diffraction patterns
produced on a scintillating screen connected to the CCD array
using a fiber optic bundle. The experimental setup is shown
in Fig. 3. Test coupons measuring 100 mm long by 4.75 mm
wide by 2 mm thick were machined from the Ti–6Al–4V
bar in an orientation parallel to the extrusion direction. All
surfaces are milled to a 62 micron rms finish in prepara-
tion for the X-ray diffraction experiments. The coupons were
clamped into a water-cooled copper fixture that allows high
currents to be passed through them. Direct resistance heating
of the coupon was used for rapid heating, while water-cooled
grips allowed the sample to be rapidly cooled. The tempera-
ture of the sample was monitored and recorded using type-S
Fig. 3. Schematic of the X-ray setup used for in situ observat
 phase transformations under controlled heating and cooling conditio
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(Pt/Pt–10%Rh) thermocouples, which are spot welded on the
back side of the sample directly below the X-ray impingement
point. A Eurotherm 818 temperature controller, a Eurotherm
425A power thyristor, and a Trindl RT300 transformer were
used to control the AC current passing through the sample
so that pre-programmed thermal cycles could be followed in
a controlled manner. The entire assembly is covered with a
canister in which high purity helium is introduced to mini-
mize oxidation of the sample during high temperature runs.
The heating power supply is capable of producing 300 A at
6 V and can heat the sample up to temperatures as high as
1400◦C. Heating and cooling rates on the order of 50◦C/s
are possible.

While the sample is being heated, the X-ray beam im-
pinges on the top surface of the sample at a 5◦ angle of
incidence. The 528�m X-ray absorption length provides a
penetration depth of at least 23�m, which can become larger
at higher Bragg angles. The diffracted beams are collected
using a CCD detector that is placed 330 mm behind the sam-
ple. The detector captures the X-ray data by integrating the
diffracted beams over a 1 s exposure. Another 2 s are required
to clear the data from the CCD detector and transfer it to the
computer. Thus, it is possible to capture a complete diffrac-
tion pattern approximately every 3 s. The detector read-out is
accelerated by a 2× 2 binning of the pixels. An advantage of
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Fig. 4. Initial diffraction pattern of the Ti–6Al–4V sample at room temper-
ature. (a) Debye arcs as imaged on the CCD areal X-ray detector and (b)
shows this same data converted into an integrated intensity vs.d-spacing
plot.

FWHM value, and integrated intensity of each peak were de-
termined using an automated curve-fitting routine developed
in Igor Pro®, Version 4.0. In this routine, a sum of one or more
Gaussian peak profile fitting functions is applied to each peak
and the values of these fitted peaks are then reported.

The amount of the� phase was determined by first taking
the ratio of the area of the� phase peaks to the total diffraction
peak area (�/(� + �)). Due to differences in the diffraction
conditions of the two phases this area fraction does not equal
the true� fraction of the alloy. However, since the starting
amount of� in the microstructure is known through metal-
lographic measurements (12.1 vol%), a correction could be
made to convert the X-ray diffraction peak area measure-
ments into volume fraction�. This normalization factor was
he 2D detector is that a larger number of grains satisfy
iffraction condition than do for a conventionalθ/2θ scan, so
tatistically valid diffraction data can be collected for m
oarse-grained samples. One of the initial X-ray diffrac
atterns of the Ti–6Al–4V base metal at room tempera

s shown inFig. 4a. In this figure, the Debye arcs of t
iffracted beam are shown for ad-spacing range from 1.2
.7Å.

To calibrate the X-ray detector, the room-temperature
ice parameters of the base metal at room temperature
rst measured using a conventional Cu K� X-ray diffraction
ystem. A room-temperature pattern is then collected u
he CCD with synchrotron radiation. Five points are sele
long each of 3 Debye arcs. Finally, the sample-detecto

ance, the position of the center of the arcs on the dete
nd the magnitude and orientation of the detector tilt are

ed to minimize the difference between thed-spacing at th
elected points as calculated from these detector pattern
hat calculated from the lattice parameters. Using this
ration, the Debye arcs are converted into a 1-D plot sh

ng diffracted beam intensity versusd-spacing using Fit-2D
oftware[8,9]. This software integrates the diffracted be

ntensity for each arc over the entire 2-D areal array, c
ng the diffraction pattern shown inFig. 4b. Since this allo
ontains approximately 88%�-Ti at room temperature, th
iffraction pattern is dominated by the hcp�-Ti diffraction
eaks. In this diffraction pattern nine�-Ti peaks and two�-Ti
eaks are present.

The amounts of� and� phases present at each time
rement were then calculated using an analysis of the p
resent in each diffraction pattern[10]. The lattice spacing
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then applied to all of the X-ray diffraction patterns obtained
during heating cycle to determine the amount of� as a func-
tion of temperature. The fraction of� was then determined
for each measurement by subtracting the measured� frac-
tion from unity, since only these two phases are present in
the microstructure.

3. Results and discussion

3.1. The� → � phase transformation during heating

Since equilibrium is rarely attained during welding or heat
treating of alloys, the microstructures that form can be con-
siderably different than those expected from the equilibrium
phase diagram, such as the one shown inFig. 2for Ti–6Al–4V.
Therefore, it is generally not possible to predict microstruc-
tural evolution from the phase diagram without knowing
additional information about the kinetics of the phase
transformations taking place. Thermal cycling adds another
level of complexity in predicting microstructural evolution,
since the microstructures that form during heating are subse-
quently altered by the transformations that take place during
cooling. It is thus useful to be able to follow the sequence of
events that lead up to the final microstructure using in situ
experiments.
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Fig. 6. Calculated vanadium content of the� and� phases as a function
of temperature, showing the strong partitioning of vanadium to� as the
temperature decreases. The dashed lines indicate the measured vanadium
content of the� phase in the starting microstructure, and its corresponding
equilibrium temperature.

sented by the dashed line on the plot. These predictions show
the equilibrium condition for this alloy.

Significant differences exist between the measured and
calculated amounts of� as a function of temperature. First,
the� content of the starting base metal is 12.1% instead of
about 4% predicted from equilibrium thermodynamics. This
difference occurs during manufacturing of the Ti–6Al–4V
bar, which was mill annealed at 705◦C then rapidly cooled
to room temperature. Since the� → � phase transformation is
controlled by diffusion, only a small fraction of the� formed
at high temperatures will transform to� during the rapid air
cooling of the initial Ti–6Al–4V ingot[11], resulting in a
higher initial volume fraction� at room temperature than
predicted by thermodynamics.

In addition to the different amount of� phase at room tem-
perature, its composition will be different than that predicted
by thermodynamics. For example, a lower V content than that
predicted by equilibrium thermodynamics will be present in
the� phase of the sample, since the V would not be able to
completely diffuse during the initial cooling of the ingot. The
calculated amount of V in the� phase is shown as the solid
line in Fig. 6. This prediction is compared to the measured
value of V in � at room temperature (dashed line). At low
temperatures, the calculated V content of the� phase should
be in excess of 50%[4]. However, the V content measured in
t ,
w tion
i
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n little
d per-
a
t tem-
p

To better understand the evolution of microstructures
ng heating, in situ X-ray diffraction techniques were u
o directly observe changes in the crystal structure of
i–6Al–4V alloy and to measure the relative amounts of
and� phases under controlled heating conditions.Fig. 5

hows the results from nine different samples heated at
f approximately 30◦C/s to peak temperatures between
nd 1000◦C. The amount of� phase increased with increa

ng peak temperature and each sample followed the
rend during the initial stages of heating. This trend is c
ared to the thermodynamic predictions, which are re

ig. 5. TRXRD measured bcc phase fraction in the HAZ of the Ti–6Al
uring continuous heating (symbols), and thermodynamic pred
dashed line).
he base metal is only 15.4± 0.86 wt% (13.6± 0.76 mol%)
hich would correspond to an equilibrium V concentra

n this alloy at a temperature of approximately 750◦C. This
emperature closely corresponds with the original mill
ealing temperature of this alloy, suggesting that very
iffusion occurred during cooling. Furthermore, this tem
ture should correspond to the temperature where the� → �

ransformation should occur during heating. The exact
erature will depend on the heating rate.
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Another observation regarding the data presented inFig. 5
is that complete transformation to� was not observed at the�
transus temperature. The possible reason for this is related to
two effects. One factor is that oxygen can react with titanium
and titanium alloys at elevated temperatures and stabilize the
� phase[2]. Although the experiments were performed us-
ing an inert gas purge, some discoloration of the samples was
observed after removing them from the experimental appa-
ratus. Although no obvious oxide phases were observed in
the diffraction patterns, diffusion of oxygen into the titanium
likely occurred to some degree and could have contributed
to the presence of� at temperatures above the calculated�
transus[12]. The observed� fraction at 1000◦C corresponds
to 0.4 wt% O[6]. A second factor is that the effect of temper-
ature on the intensity of the diffracted beams was not taken
into account[13]. This effect may result in an underestima-
tion of the measured amount of� phase at high temperatures
[5], due to the fact that� displays a larger lattice expansion
than�, as will be discussed in more detail later.

Metallographic sections were prepared from three of
the samples, heated to peak temperatures of 800, 900 and
1000◦C. These microstructures are compared inFig. 7a–c,
showing the effects of increasing amounts of transforma-
tion on the microstructure as the peak temperature increases.
Fig. 7a shows the microstructure of the sample heated to a
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Fig. 7. Micrographs of the Ti–6Al–4V samples after heating to peak tem-
peratures of (a) 800◦C, (b) 900◦C and (c) 1000◦C. Note the decreased
magnification in (c).

It is clear from the above results that non-equilibrium con-
ditions are affecting the� → � transformation. Additional
experiments were performed to determine the effects of heat-
ing rate on the transformation rate. In these experiments, two
samples were heated at an initial rate of 10◦C/s to 500◦C.
The heating rate on the first sample was then decreased to
eak temperature of 800C, where only a small fraction
he� phase had transformed to�. The dark etching regions
he microstructure correspond to regions where the� phase
as the most concentrated. These regions appear diffu
omparison to the base metal microstructure, indicating
ome transformation and diffusion has taken place.Fig. 7b
hows the microstructure of the sample heated to a peak
erature of 900◦C, where approximately 15% of the� phase
ad transformed to�. In this micrograph, the dark etching�
hase regions of the base metal appear to be gone, indi

ncreased transformation and diffusion at this tempera
he lightest etching regions in this micrograph corresp

o the� phase that was untransformed at the peak tem
ure.Fig. 7c shows the microstructure of the sample he
o a peak temperature of 1000◦C, where complete, or ne
omplete, transformation to the� phase occurred prior
ooling. This microstructure is significantly different that
thers and consists mostly of acicular�. The acicular� phase
as created during cooling from the large grained� struc-

ure formed during heating and is characteristic of the
rostructures that form during rapid cooling from the� phase
eld.

Fig. 5 also showed a significant difference between
easured and calculated amounts of the� phase at eac

emperature, indicating that the� → � transformation re
uires higher temperatures, approximately 50◦C, than thos
redicted by equilibrium thermodynamics for temperat
bove 800◦C. This amount of superheating is required
each a given amount of� phase in the microstructure, a
s related to the kinetics of the� → � transformation, whic
equires a finite amount of time to occur.
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Fig. 8. Measured� phase fraction plotted vs. temperature during heating for
three different heating rates.

2◦C/s, while the other sample continued heating at 10◦C/s
to 1000◦C. The experimentally measured amounts of� as a
function of temperature from these samples were then com-
pared to the data taken at a constant heating rate of 30◦C/s.

Fig. 8compares the amount of� measured in each of the
three heating rate experiments as a function of temperature.
Deviations from the calculated equilibrium values are ob-
served as the heating rate is increased. These deviations are
such that the samples heated at the lower rates show a higher
� fraction than the samples heated at the higher rates. At a
temperature of approximately 925◦C, the measured fractions
of transformed� become equal for the samples heated at rates
of 2–10◦C/s. Based on these results, it appears that the trans-
formation kinetics are limiting the transformation rate for
the sample heated at a rate of 10◦C/s at temperatures below
925◦C. At this temperature, diffusion appears rapid enough
to compensate for the higher heating rate. Even larger devi-
ations are observed in the sample heated at a rate of 30◦C/s,
where a temperature of 1000◦C is required for diffusion to
catch up with the high heating rate.

Diffusion calculations were then performed to estimate the
diffusion distance and amount of transformation expected at
the different heating rates. In these calculations, the diffu-
sion of V in the� phase is used to represent the growth
controlled� → � phase transformation that occurs during
h n
m xpres
s
1
f
r unc-
t ted
f
s e
c
w

Fig. 9. Calculated diffusion distance of V in the� phase at three different
heating rates.

The diffusion distance was then estimated by integrating
X(t) over the heating cycle of the weld, starting at the mill
anneal temperature of 705◦C. Fig. 9plots the results, show-
ing how far V will diffuse as a function of temperature at
the three different heating rates. For each condition, the cal-
culated diffusion distance increases at an increasing rate as
the temperature increases. These calculations show that the
diffusion distance at 1000◦C is about 9�m at 2◦C/s, 4�m
at 10◦C/s and 2.3�m at 30◦C/s. Comparing these data to the
scale of the microstructure gives an indication of how much
transformation can be expected to occur. The average grain
size of the base metal was measured to be 5.8�m across the
small dimension of the grains, and since only one-half of this
distance (2.9�m) is required to transform the microstructure,
it would be expected that the two slower heating rates are ca-
pable of completely transforming the microstructure during
their heating cycle. At the highest heating rate of 30◦C/s,
the diffusion distance is slightly smaller than the microstruc-
tural scale, indicating that a small amount of untransformed
� phase may exist when the sample first reached 1000◦C.
Additional experiments are planned to investigate the effects
of heating rate on the transformation kinetics of Ti–6Al–4V.

3.2. Lattice expansion of the� and� phases

r-
m n
p r-
m eter,
a aks,
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t hese
t each
p e pa-
r
l re for
h

eating[11]. The diffusion coefficient for V in� has bee
easured and can be represented by an Arhennius e

ion [D=Aexp(−Q/RT)] with an activation energy (Q) of
23.9 kJ/mole and a pre-exponential (A) of 1.6× 10−4 cm2/s

or a binary Ti–V alloy containing 10 at.% V[14]. Using this
elationship to represent the diffusion coefficient as a f
ion of temperature (T), the diffusion distance was calcula
rom the relationshipX(t) = 2(Dt)1/2, whereX is the diffu-
ion distance andt is the time[15]. The time is related to th
onstant heating rate by the differential expression dt=RdT,
hereR is the imposed heating rate.
-

The lattice parameter of the� and� phases were dete
ined from the 2θ positions of their respective diffractio
eaks. The lattice parameter,a0, for the� phase was dete
ined from the bcc (1 1 0) peaks, and the lattice param

, for the� phase was determined from the hcp (1 0 1) pe
ssuming thec/a ratio is equal to 1.5963, which correspon

o the value in the base metal at room temperature. T
wo peaks represent the strongest diffraction peaks for
hase, and provided good measurements of the lattic
ameter throughout the entire heating range. InFig. 10, the
attice parameters are plotted as a function of temperatu
eating rates of 2 and10◦C/s.
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Fig. 10. Measured lattice parameters as a function of temperature for both
the (a) bcc and (b) hcp phases as a function of temperature during heating at
two different rates. The indicated coefficients of thermal expansion,�, were
calculated from the slopes of the curves.

Before the� → � transformation begins, the crystal lattice
expands as a result of the thermal expansion effects during
heating. The thermal expansion coefficient for Ti–6Al–4V is
reported to be between 8.5× 10−6 and 10× 10−6/◦C near
room temperature[2,5]. These values correspond very well
with the experimentally measured thermal expansion coef-
ficients for the� (9.7× 10−6/◦C) and � (9.2× 10−6/◦C)
phases shown inFig. 10. Considering the alloy consists
mostly of � near room temperature, the weighted average
lattice expansion of the two phase mixture should be closer
to that of the� phase. As the� → � transformation takes
place, the ratio of� to � increases and the expansion of the
� phase should dominate.

The results presented inFig. 10display a dip in the lattice
parameter of the� phase near the beginning of the� → �
transformation. This dip is followed by a rapid increase in
the rate of change to a value of 5.8× 10−5/◦C, which is ap-
proximately 6× that observed at lower temperatures. During
these significant changes in the� phase lattice expansion, the
� phase undergoes only a slight decrease in the lattice expan-

sion rate, reaching a minimum at 750◦C before increasing
again at higher temperatures. The different behaviors of the
two phases during the� → � transformation are most likely
explained by the diffusion of alloying elements, and can be
understood by comparing the variations in composition of
each phase as a function of temperature.

Thermodynamic calculations of the Al and V content of
each phase show that the Al content of each phase changes
little with temperature. However, the V content, particularly
of the� phase, changes significantly[4]. As shown inFig. 6,
the � phase shows a dramatic variation in V content, from
about 0.95 to 0.04 mol fraction, from room temperature to
the� transus temperature under equilibrium conditions[4].
In addition, it is known that by increasing the V content, the
lattice parameter of the� phase will decrease. For example,
the lattice parameter of� decreases from 3.26 to 3.21 as the
V content increases from 11 to 19 wt%[16]. Therefore, as
the � → � transformation takes place, the V is spread out
over an increasingly larger volume fraction of the� phase,
which reduces the concentration of V in�. This decrease
in V content increases the lattice parameter for the� phase
beyond that caused by thermal effects alone.

While the � phase is undergoing this rapid expansion,
there is a much smaller, but clearly measurable, decrease in
the expansion rate of the� phase between 550 and 750◦C.
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his behavior can also be explained by the partitioning o
ince the V content of the� phase goes through a maximum
bout 700◦C, as indicated inFig. 6, then the X-ray diffractio
esults suggest that increasing the V content of the� phase
ould decrease its lattice parameter. Published data rega

he influence of V on the lattice parameters of� titanium
onfirm a decrease in both theaandc lattice parameters wit
ncreasing V content[17]. Thus, the behaviors of the latti
arameters of both the� and� phases can also be explain
y the partitioning of V to the respective phases, in add

o the thermal effects, as the� → � transformation proceed
The effect of heating rate on the lattice parameters o
and � phases is also shown inFig. 10. With increase

eating rate, the changes in lattice parameter are delay
igher temperatures, but otherwise show similar behav
his correlation is also consistent with the effects of hea
ate on the� phase fraction with temperature. Since hig
emperatures are required to transform a given amount o� at
he higher heating rates, the changes in lattice paramet
hifted to higher temperatures as well. At the higher hea
ate, the dip in the lattice parameter of the phase that o
t about 550◦C is less pronounced, indicating that this
as a rate dependence.

The origin of this dip is not known but is most likely relat
o one of three possible effects. One possibility is the diffu
f V to the� phase at low temperatures in order to compen

or the non-equilibrium starting condition of the base meta
econd possibility is the relaxation of residual stresses th
uilt up in the two phase mixture of the alloy when it is coo
o room temperature during processing. A third possibili
he formation of� phase from the� phase that can occ
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at these temperatures[2,17]. However, no evidence of the�
phase was observed in the X-ray diffraction experiments. The
other two possible effects will be looked at separately.

First, there clearly is a driving force for the transforma-
tion of the non-equilibrium� phase to� during heating at
temperatures less than the mill annealing temperature of the
alloy. This driving force is the difference between the amount
of � in the base metal (12.1%) and that predicted by ther-
modynamics (4%). Thus, with a decrease in the amount of
� phase, there would be a corresponding increase in its V
content and decrease in its lattice parameter. However, diffu-
sion of V to a measurable extent at these heating rates would
be difficult, due to the low diffusivities of V in titanium at
these relatively low temperatures[2,11]. Furthermore based
on the synchrotron results, there appears to be no significant
amount of� → � transformation occurring at these temper-
atures, since the initiation of the dip appears to precede the
observed initiation of the transformation.

The other possible mechanism for the dip is the relaxation
of residual stresses. Differences in the coefficients of thermal
expansion of the� and� phases will create internal stresses
in the multiphase mixture as the alloy cools from its mill an-
nealing temperature. In addition, transformation strains may
be present due to the differences in densities of the� and�
phases[18,19]. It may be possible that these stresses begin to
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Fig. 11. (a) Measured unit cell volume for each phase at the two different
heating rates plotted vs. temperature. (b) Cube root of the unit cell volumes
plotted vs. temperature representing the average linear expansion for the
multi-phase Ti–6Al–4V alloy. The indicated linear expansion coefficients,
�, were calculated from the slopes of the curves, before and during the
transformation.

this point, the expansion rate decreases, due to the dip in the
lattice parameter of the� phase. Once the� → � transforma-
tion begins, the lattice expansion rate increases to an average
value of 12.8× 10−6 ◦C/s, and continues with this expan-
sion rate throughout the� → � transformation temperature
range. The heating rate appears to have only a slight influence
on the average lattice expansion behavior, particularly in the
500–600◦C range, where the higher heating rate provides a
smoother transition between the low temperature and high
temperature expansion rates.

4. Conclusions

(1) In situ X-ray diffraction experiments performed on
Ti–6Al–4V samples heated to different peak tempera-
tures were used to directly observe the� → � phase
transformation. At a heating rate of 30◦C/s, higher tem-
peratures, on the order of 50◦C, were required to produce
the same amount of� phase as that predicted by equilib-
rium thermodynamics.

(2) Controlled heating rate experiments were performed on
samples heated to the� transus temperature at two differ-
ent rates. The measured fraction of� indicated that the
sample heated at 2◦C/s begins to show an increase in�

◦

nneal out in the 500–600C temperature range, just befo
he� → � phase transformation begins to occur, thus c
ng the dip. Additional work is planned to study this effec
uture synchrotron experiments.

The overall expansion of the multi-phase mixture ca
stimated from the lattice expansions of the two individ
hases and their relative fractions in the microstructure.
alculation can be made by first determining the volume o
cp unit cell of the� phase (a2csin(60◦)), and the volum
f the bcc unit cell of the� phase (a0

3) as a function o
emperature. These data are plotted inFig. 11a for the� and
phases at the two heating rates. It is clear that the differ

n unit cell volumes between the two phases decreases
ncreasing temperature since the� phase expands more th
he� phase with increasing temperature. Near the end o
ransformation, the unit cell volumes for the� and� phase
ecome nearly the same. The heating rate, in the 2–10◦C/s
ange, seems to have little effect on the unit cell volume
he two phases as a function of temperature.

The results fromFig. 11a were then used to estimate
verall expansion coefficient of the� + � two phase allo
y multiplying each unit cell volume by its respective v
me fraction in the microstructure at each temperature
um of these two volumes represents the average volu
he� + � multi-phase mixture as a function of temperat
rom this data, the average linear expansion coefficie

he alloy was estimated by taking the cube root of the
me expansion data. These results are shown inFig. 11b

or the two heating rates. In this plot, the average lattice
ansion begins at a rate of 9.5× 10−6 ◦C/s, and continue
t this rate up to a temperature of approximately 500◦C. At
 at lower temperatures than the sample heated at 10C/s.
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Transformation kinetics were shown to limit the trans-
formation rate of the sample heated at 10 and 30◦C/s up
to temperatures of 925 and 1000◦C, respectively. Above
these temperatures, diffusion appeared rapid enough to
compensate for the higher heating rate.

(3) Lattice parameter measurements of the� and� phases
during heating showed the individual contributions of
each phase to the overall lattice expansion of the al-
loy. Before beginning the� → � transformation, the ex-
pansion coefficient of the� phase was slightly larger
than that for the� phase. However, during the� → �
phase transformation, the expansion coefficient of the�
phase increased dramatically to approximately 6× its low
temperature value, while that of the� phase decreased
slightly before passing through a minimum value.

(4) During the transformation, calculations of the average
concentration of V in the� phase show a decrease from
about 15–4%, while that of the� phase was calculated to
go through a maximum of 2.5% at 750◦C. The change
in V content of each phase and its effect on the lattice
parameters can explain the different expansion behaviors
of the two phases during the� → � transformation.

(5) A dip in the lattice parameter of the� phase was ob-
served just prior to the� → � transformation. The origin
of this dip is not known, but is most likely related to the
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